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Advanced composite materials have been developed for several decades whereas the current
rising demand for lightweight and high-performance materials across many engineering fields
is still boosting the global market of these composite materials. A quintessential condition for
the efficient, safe, and durable applications of composite materials is the attainment of high-
fidelity computational models that can capture all the possible effects such as curing process,
manufacturing defects, stacking sequence, structural geometries and sizes, nanomodification,
statistical behavior, multi-axiality ratio, loading type, etc. However, many aspects are still
poorly understood in the community of composite materials in spite of tremendous efforts into
these subjects thus weakening the full exploration of these materials. Towards this direction,
the entire work here is expected to make contributions to the proper understanding of these
aspects and the further development of composite materials.

The initial investigation focused on the effects of local stress state and size scaling on
the plastic deformation and fracturing behavior of thermoset polymers and related fiber-
reinforced composites. It was concluded that the entire local tensorial stress components
and the multi-scale behavior of the materials must be considered into the computational
micro-mechanics otherwise the determination of the damage initiation and the morphologies

of the damage evolution in these materials cannot be computationally reproduced. The latter



aspect further leads to the inspiration of leveraging micro-scale behavior of the materials to
improve the structural capacity via engineered porosity. This approach was shown to make
thermoset polymers as tough as conventional metals.

Further attention was moved to explore the fracturing behavior and size scaling of polymer
nanocomposites. It was found that the investigated graphene nanocomposites and most of
generic nanocomposites in the literature exhibit significant quasi-brittleness both in quasi-
static and fatigue loading conditions due to the non-negligible Fracture Process Zone (FPZ)
in the materials and this important feature cannot be described through the Linear Elastic
Fracture Mechanics (LEFM) which was extensively used in the current literature. The correct
analysis on the polymer composites must leverage quasi-brittle mechanics and high-fidelity
computational models otherwise the characterization of the materials and related structures
by means of LEFM can lead to unacceptable errors.

In addition to the forgoing studies, the mechanical behavior of fiber-reinforced composites
due to the effects of stress multi-axiality ratio, loading type, stacking sequence, and the
structural geometry were also investigated and the detailed damage mechanisms triggering
the foregoing behavior were also clarified. It was most interestingly found that the loading
multi-axiality ratio can significantly affect the fracturing behavior and morphology of fiber-
reinforced composites whereas the loading type can lead to a remarkable difference in the
damage progression of fiber-reinforced composites. These studies are utmost of importance
for the calibration and validation of high-fidelity computational models which enable the

description of all the foregoing aspects with respect to the structural size.
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Chapter 1

INTRODUCTION AND MOTIVATION

The last few decades have seen a tremendous increase in the use of composite materials
in aerospace [1, 2|, automotive [3,4], and civil [5-9] applications as well as wind energy
production [10,11]. While, fostered by the need for lightweight and durable structures, the
market of composites will continuously expand in future years, the widespread use of these
materials is exposing the demand for safe and reliable design rules under the guidance of high-
fidelity computational models that can capture all the possible effects from the manufacturing
to the service. Tremendous efforts on this tough task were dedicated in the past to guarantee
the structural integrity and functional performance of composite structures whereas many
important aspects (e.g. multi-scale analysis, nanomodification, complex loading condition,
etc.) are still elusive in the community of composite materials and the solutions of these
aspects can definitely improve the current design rules for composite structures.

This dissertation aims to make contributions to solving these challenges through size
effect, multi-axial testing and computational modeling on polymer composites and the results

facilitate the proper understanding and the further development of composite materials.

1.1 Multi-scale analysis of composite structures

As illustrated in Figure 1.1, the damage progression of composite structures typically span
multiple scales. The length scale can be in the order of few nano-meters for the cavitation of
molecular structure to millimeter or centimeter for the fracture of multi-directional laminate
and eventually moving to the catastrophic failure of full-scale composite structure with few
meters. On the other hand, the time scale can be lower than millisecond for severe damage

evolution due to high-speed impact loading to slow damage accumulation due to high-cycle



fatigue at least few days. To achieve an accurate description of these aspects, a multi-scale
strategy for the modeling of composites is required but it is still a challenging task in the
composite materials since it was attempted in the past with the undesirable characterization
[12-16] for both micro- and macro-scale mechanical performance of the material. This is

mainly due to the lack of proper understanding on the mechanical behavior of the material

Real Structure

across multiple scales and stress states.

Typical composite structures
span several length scales!

Boeing 787 (Composite)

nm Fiberlatrix Dlamiation
debondi d splitti . . .
o NP Multiscale Modeling of Composites

Figure 1.1: Damage progression at multiple length scales for composite structures. These
multi-scale features must be characterized through multi-scale modeling of composites.

In recent years, several studies focusing on the investigation of thermoset polymer at
various length scales especially for the micro-scale behavior were conducted. One of the
interesting results was provided by Hobbiebrunken et al. [17] who measured the material
strength from sub-micron specimens. It was shown that the material strength of thermoset
polymer at that scale can be several times higher than the macro-scale strength. In addition,
Kaneko et al. [18] conducted fracture tests on the micro-scale specimens showing that the

fracture energy corresponding to the investigated scale is one order of magnitude lower that



the macro-scale fracture energy. On the other hand, the importance of local stress state for
the inelastic and fracturing behavior of thermoset polymer and their fiber-reinforced compos-
ites was also emphasized in the literature [19-24] but mostly overlooked in the community
of composite materials. These outstanding results are extremely insightful for further under-
standing the mechanical behavior of polymer matrix composites and indicate the fact that
the multi-scale modeling of composites must also include the multi-scale material behavior.

However, this important step requires time-consuming procedures for the material prepa-
ration and advanced testing techniques to determine the multi-scale material properties
through multi-scale mechanical tests. More importantly, an accurate fracture energy at the
micro-scale cannot be determined although the material strength and Young’s modulus at
that scale can be obtained [17]. This is due to the fact that the fracture energy must be
determined based on the entire area under a complete load-displacement curve which not
only includes the pre-peak part but also the post-peak behavior. Unfortunately, the micro-
scale specimen only exhibits a dynamic failure after the peak load due to the snap-back
instability [18]. On the other hand, the material behavior at the micro-scale under fatigue
loading condition was even rarely investigated in the open literature and this aspect can be
even challenging with the foregoing considerations. To the best of authors’ knowledge, few
studies [25,26] were conducted on the nano-scale fatigue behavior of polymers by leveraging
molecular dynamics simulations with a significantly high strain rate at least in the order of
about 10® per second. As a consequence, the simulation results were lack of confidence due to
the fact that the mechanical behavior of polymers can be strongly affected by the high strain
rate. An alternative solution for these challenges can be the physical-based scaling meth-
ods obtained from quasi-brittle mechanics and computational modeling and this important

approach must be properly studied with tremendous efforts.
1.2 Composite structures under complex loading conditions

On the other hand, the engineering design of composite structures must also account for other

possible effects such as curing process, manufacturing defects, stacking sequence, structural



geometries, statistical behavior, multi-axiality ratio, loading type, etc. However, some im-
portant aspects particularly for the complex loading conditions (e.g. stress multi-axiality,
fatigue, impact, etc.) on the mechanical behavior of composite materials were rarely investi-
gated in the past decades due to the complexity of the problems and the slow progress in this
topic [27]. The former reason is partially derived from the insufficient understanding of com-
posite materials even in the simple loading conditions thus leading to the weak foundation for
solving this complex situation. The latter one is mainly attributed to the lack of appropriate
experimental methods and efficient multi-scale computational techniques thus leading to the
limited studies and hindering the interest in this complicated research direction. In addition,
the main damage mechanisms in the complex loading conditions as illustrated in Figure 1.2
were also less explored but significantly important since these damage mechanisms strongly
affect the mechanical behavior of composites and lead to important size effects that must be

carefully considered in structural design as emphasized in the previous paragraphs.

Fiber-reinforced
Composite under
Complex Loading

Figure 1.2: Fiber-reinforced composite under complex multi-axial stress state.

In the past decades, limited efforts were dedicated to the investigation on the mechanical



behavior and damage morphologies of fiber-reinforced composites under multi-axial cyclic
loading [28-52] which was considered as one of the complex loading conditions and the ex-
istence of the real engineering scenario. In spite of plentiful experimental studies, it was
still difficult to draw a solid conclusion due to the facts of different geometries, materials
and incomplete loading conditions. This is also one of the reasons for the less contribu-
tions [53] to the development of excellent models for the complex loading conditions. The
current results are still far away from the better understanding of fiber-reinforced composites
under complex loading conditions. The possible solutions of these challenges must leverage
tremendous efforts in providing the comprehensive experimental results for composite ma-
terials under various complex loading conditions (e.g. multi-axial loading, different stress
ratios and frequencies in fatigue, low or high velocity impact, environment degradation, etc.)
and analyzing these scenarios by leveraging multi-scale computational strategy through both

continuum and discrete approaches.
1.3 Effects of modification through nanoparticles

Except for the foregoing challenges, tremendous efforts were also dedicated to the explo-
ration of methods for improving the mechanical behavior of polymers. One of the promising
candidates is the nanomodification through nanoparticles as shown in Figure 1.3 due to
the remarkable physical properties of these materials [54]. This research direction has been
attracting attention in the past decade which paved the way for their broad applications
across many engineering fields. While a large bulk of data on the mechanical properties of
polymer nanocomposites is available already, an aspect often overlooked in the community of
nanocomposites is still the effects of aforementioned size scaling on the fracturing behavior of
these materials. The importance of this aspect was extensively shown in other quasi-brittle
materials (e.g. concrete, ceramics, bone, wood, sea ice, bio-inspired materials, etc.) [55-60)]
but not for the materials with the modification of nanoparticles. The consequence of neglect-
ing this important factor can lead to significant errors for the characterization of mechanical

behavior of nanoparticle-reinforced materials. Understanding the size scaling effects is the



key step for the development of these materials since this aspect can possibly solve the
argument on the applicability of nanoparticles into advanced materials. This argument al-
ready existed in the research community of nanoparticle-reinforced materials for a decade

and partially reduced the research interest toward this promising topic.

Figure 1.3: Polymer composites with the nano-modification of graphene platelets.

On the other hand, the failure behavior and size scaling of nanoparticle-reinforced mate-
rials under complex loading conditions (e.g. fatigue, impact, environment-related conditions,
etc) were less investigated in the literature. This situation also leads to the less exploration
on the associated morphological features and toughening mechanisms of these materials in
the complex scenario despite the fact that enormous morphological studies were well docu-
mented in the literature for polymer nanocomposites under quasi-static loading condition.
Understanding these aspects must leverage multi-scale strategy for computational models
since the global fracturing behavior and the important size effects can be characterized
through large-scale and homogenized models whereas the local morphological features and

toughening mechanisms can be described through small-scale models with multiple phases.



Chapter 2

EFFECTS OF IN-SITU STRESS STATE ON THE
MECHANICAL BEHAVIOR OF THERMOSET POLYMER

In this chapter, the effects of in-situ stress state on the plastic deformation, fracture,
size scaling, and statistical behavior of thermoset polymer was comprehensively investigated
by leveraging uni-axial tensile, three-point bending, Mode I, and Mode IT mechanical tests.
These cases were further computationally modeled by using the Drucker-Prager (DP) plas-
ticity and Crack Band models. The successful characterization of the experimental results
showed that the deformation of polymeric materials can exhibit either brittleness or ductility
depending on the local stress state whereas the fracturing behavior of the materials can be

better described with a bi-linear cohesive law instead of a conventional linear cohesive law.

2.1 DMaterial preparation

The thermoset polymer used in this work was made of an EPIKOTE™ Resin MGS™ and
an EPICURE™ Curing Agent MGS™ RIMH 137 combined in a 100:32 ratio by weight [61].
The manufacturing process started from manually mixing the epoxy and hardener for 10
minutes and followed by degassing the mixture for 20 minutes in a vacuum trap using a
mobile vacuum system [62] in order to remove any air bubbles. The consistent geometry of
the specimens was achieved by pouring the mixture into the silicone mould made of RTV
silicone from TAP Plastics [63]. After the foregoing procedures, the specimens were cured
at room temperature for approximately 48 hours and post-cured in an oven for additional 4
hours at 60°C. With the completion of the cross-linking process, the surface of the specimen
was painted white and then speckled with black paint to allow for Digital Image Correlation

(DIC) analysis. Thanks to DIC, no mechanical device was attached to the specimens during



the experimental tests by using a closed-loop and electro-actuated 5585H Instron machine.

2.2 Specimen preparation and testing methods

2.2.1 Uni-axial tensile and three-point bending tests

Dogbone specimens were used for uni-axial tensile tests and designed following ASTM D638-
02a [64]. As illustrated in Figure 2.1a, the cross section of the specimen has a smooth transi-
tion in the area from the tab to the gauge section for the purpose of avoiding significant stress
concentration leading to the failure close to the tab area. On the other hand, geometrically-
scaled rectangular specimens were prepared for three-point bending tests as illustrated in
Figure 2.1b to provide a significantly different loading condition compared to the foregoing
case. It is worth mentioning here that the thickness of the rectangular specimen does not

participate in the geometrical scaling.

(a) Dogbone Specimen, thickness t = 6 mm 40
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Figure 2.1: (a) Dogbone specimen for uni-axial tensile tests; (b) Geometrically-scaled rect-
angular specimens for three-point bending tests.



2.2.2  Mode I fracture test

In addition to the foregoing tests, geometrically-scaled Single Edge Notch Bending (SENB)
specimens were designed based on ASTM D5045-99 [65] and used for Mode I fracture tests
as illustrated in Figure 2.2a-b. The dimensions, scaled as 1:2:4, are 10x36mm, 20X 72mm,
and 40x144mm, respectively. The thickness of the specimen was not scaled and kept about
12 mm for all the investigated sizes. Both pre-cracked and pre-notched specimens were
investigated in this study to clarify the effects of the notch type and provide different local
stress states. The manufacturing of pre-notched specimens was proceeded by means of
a 0.3mm wide diamond-coated saw leading to a 0.4mm wide notch whereas pre-cracked
specimens were created following a two-stage procedure. The first step consisted in creating
a notch about one quarter of the specimen width leveraging the foregoing saw and followed
by using a sharp razor blade to tap the last portion of the crack. The length of the initial
notch was about 0.5D where D is the width of the specimen but the length of the initial
crack was scaled with the range approximately from 0.35D to 0.55D due to the difficulties

in tapping the consistent crack length.

2.2.3 Mode II fracture test

To further explore the mechanical behavior of thermoset polymers at various stress states
and length scales, mode II fracture tests were conducted on the geometrically-scales End
Notch Flexure (ENF) specimens featuring both crack and notch as illustrated in Figure
2.2c-d. The manufacturing of the crack and notch followed the same procedures as described
for the foregoing SENB specimens. The length of the initial crack was defined as the portion
between two supports and scaled with the range approximately from 0.35L to 0.39L where
L is the span between two supports. On the other hand, the length of the initial notch has
the same definition with the crack and was kept about 0.36L for all the investigated sizes.
The thickness of the specimen was also not scaled and the dimensions were kept the same

as described in the previous section for Mode I fracture tests.
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Figure 2.2: Geometrically-scaled specimens for Mode I and Mode II fracture tests: (a)
SENB specimens featuring cracks; (b) SENB specimens featuring notches; (¢) ENF specimens
featuring cracks; (d) ENF specimens featuring notches.
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2.3 Experimental results and analysis

2.3.1 Uni-axial tensile and bending behavior

The load-displacement curves obtained from uni-axial tensile tests are plotted in Figure 2.3a.
As can be noted from the figure, these curves exhibit a significant non-linearity and start
to deviate from the linear part after about 25% of the total quasi-static life. On the other
hand, an even remarkable ductility in terms of load-displacement curves was observed from
three-point bending specimens featuring different sizes as illustrated in Figure 2.3b. In this
scenario, the load remains a pronounced plateau for about 40% of the entire quasi-static life

after reaching the peak value.

i (a) i (b)
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Figure 2.3: Experimental load-displacement curves obtained from (a) uni-axial tensile tests
on dogbone specimens and (b) three-point bending tests on rectangular specimens with
different sizes.

The foregoing ductility is mainly due to the significant plastic deformation occurring at
the bottom of the specimen which differs from the uni-axial tensile case. This indicates that
the evolution of the plasticity can be sensitively dependent on the global loading condition. It
is worth mentioning here that the average Young’s modulus £ and uni-axial tensile strength

o; obtained from dogbone specimens and the nominal tensile strength oy, measured from



12

three-point bending specimens featuring different sizes are tabulated in Table 2.1. The
nominal tensile strength is defined as oy. = 3P.L/ 2tD? where P, is the critical load, ¢ is the

thickness of the specimen, L is the span between two supports and D is the width of the

specimen.
Testing Configuration Testing Number Material Properties
Uni-axial tension 30 E = 2263, 5, = 60 MPa
Three-point bending (D = 10 mm) 40 one = 108 MPa
Three-point bending (D = 20 mm) 40 one = 103 MPa

Table 2.1: Average mechanical properties of dogbone specimens and rectangular specimens
featuring different sizes under uni-axial tensile and three-point bending tests respectively.

2.3.2  Statistical behavior and failure probability

The statistical behavior of uni-axial tensile and three-point bending tests was further ana-
lyzed and presented in this section. The probability distribution of the nominal strength is
plotted in the Weibull scale and the failure probability was calculated based on the following
method. The strength values are ranked in an ascending order p = 1,2, ....., n, where p is the
rank and ng is the total number of testing specimens. By leveraging the midpoint position
method [66], the strength cumulative density function (cdf) can be calculated as:

p—0.5

Prob(on. < 0,) =
N

(2.1)

where the nominal strength of the dogbone specimen is defined as oy, = 0, = P./tD whereas
the one of the rectangular specimen has the same definition as described in the previous sec-
tion 2.3.1. As illustrated in Figure 2.4, the failure probability of the forgoing specimen
geometries follows the classical two-parameter Weibull distribution. The low Weibull mod-
ulus m = 20 leads to the uni-axial tensile strength of dogbone specimen in the range of

50 MPa to 70 MPa whereas the nominal strength of rectangular specimen is approximately
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about 90 MPa to 117 MPa. More importantly, the nominal strength of rectangular specimen
exhibits a size effect showing a higher average value for the smaller specimen and vice versa.
Although the foregoing size effect is weak and only exhibits the difference in the magnitude of
the nominal strength, the size effect can be significantly magnified at the micro-scale showing

a different failure probability distribution which will be discussed in the next chapter.
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Figure 2.4: Probability distribution measured from dogbone and rectangular specimens.
Note that N represents number of tests.

2.3.8 Mode I fracturing behavior

In contrast to the previous cases, the load-displacement curves for both pre-cracked and
pre-notched SENB specimens are linear up to the peak load and followed by unstable crack
propagation as illustrated in Figure 2.5a-b. The linear pre-peak response is an indication
of pronounced brittle behavior for all the investigated sizes and notch types whereas the

unstable crack propagation after reaching the peak load is due to the snap-back instability
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which leads to the dynamic failure of the specimen. The foregoing brittleness is associated
to the dramatically reduced plastic deformation occurring in front of notch or crack tip for
the specimen under Mode I loading condition compared to the cases described in section
2.3.1. This interesting aspect further implies the importance of considering all the local
stress components for the successful micro-scale modeling of sub-critical damage and their
evolution in polymer matrix composites since the stress state at the micro scale varies with

the evolution of the sub-critical damage and affects the failure behavior of the polymer.
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Figure 2.5: Experimental load-displacement curves obtained from Mode I fracture tests on
geometrically-scaled pre-cracked and pre-notched SENB specimens.

On the other hand, it is clearly shown in Figure 2.5 that the notch type has a remarkable
effect on the failure behavior of the polymer under Mode I loading condition. The critical
load of pre-notched specimens is significantly distinct from the one of pre-cracked specimens
with the difference reaching up to 300% for all the investigated sizes. This difference can
further inherently lead to a completely mismatch in the calculation of Mode I fracture energy
for pre-cracked and pre-notched specimens. To shed more light on this aspect, the Linear

Elastic Fracture Mechanics (LEFM) was adopted for the foregoing calculation by using the
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following expression:

G (o) = 782 g ) (2.2

where ay = ag/D = normalized initial crack length, F* = FE for plane stress and E* =
E/ (1 —v?) for plane strain, v is the Poisson’s ratio, oy. has the same definition as de-
scribed in section 2.3.1, and ¢ (o) = dimensionless energy release rate. The function g(«)
was obtained through the Finite Element Analyses (FEA) in ABAQUS Implicit 2017. 8-
node biquadratic plain strain quadrilateral elements (CPS8) were adopted while the quarter
element technique [67] was used at the crack tip to provide accurate results. The smallest
element size at the tip was about ag - 107° leading to roughly 11000 elements for the whole
model. A linear elastic isotropic constitutive model was used for the simulations and the
J-integral approach [68] was adopted to estimate the energy release rate in the presence of
a concentrated load centered on the top of the SENB specimen. Once the J-integral was
calculated from ABAQUS, the value of g(a) with respect to the crack length can be obtained

through the polynomial fitting in the following expression:
g(a) = 1155.40° — 1896.7a” + 1238.2a° — 383.04a” + 58.55a — 3.0796 (2.3)

As can be noted from Figure 2.6, the calculated Mode I fracture energies are not affected
by the specimen size but the notch type. This consistence in the fracture energy regard-
less of the investigated specimen sizes indicates that not only the plastic deformation in the
Plastic Zone (PZ) but also the non-linear damage in the Fracture Fracture Zone (FPZ) has
a negligible effect on the structural behavior in this case. Thanks to this, the estimation
through the LEFM can provide a first approximation and the average Mode I fracture energy
estimated from pre-cracked specimens is about 0.8 N/mm. However, the higher apparent
fracture energy obtained from pre-notched specimens is not the real Mode I fracture energy
which can be roughly 10 times higher than the one from pre-cracked specimens. This inter-
esting phenomenon will be explained in the next chapter which is related to the exploration

of the micro-scale mechanical behavior of the polymer.
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Figure 2.6: Mode I Fracture energy estimated from Linear Elastic Fracture Mechanics
(LEFM) for geometrically-scaled pre-cracked and pre-notched SENB specimens. Note that
only the value obtained from pre-cracked case is the real fracture energy whereas the one for
pre-notched case is apparent fracture energy.
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Figure 2.7: Experimental load-displacement curves obtained from Mode II fracture tests on
geometrically-scaled pre-cracked and pre-notched ENF specimens.
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Figure 2.8: Comparison between experimental results and linear elastic simulations for the
load-displacement curve of pre-notched ENF specimen featuring 10 mm in width. Note that
the foregoing simulations were conducted with and without the interaction between upper
and lower arms of the specimen and f in the legend represents the friction coefficient.

2.3.4  Global Mode II fracturing behavior

In contrast to the Mode I case, the notch type has negligible effects on the mechanical
behavior of the material under Mode II loading condition. As can be noted from Figure 2.7a-
b, both pre-cracked and pre-notched specimens exhibit similar load-displacement curves for
all the investigated sizes. In comparison with the previous case for Mode I loading scenario,
smaller specimens exhibit significant non-linearity before reaching the peak load whereas
less pronounced non-linear behavior characterizes the largest specimen investigated in this
work. This is mainly due to the significant plastic deformation occurring at the notch tip and
the bottom of the smaller specimens as it will be shown in the following section leveraging
the analyses of the Digital Imaging Correlation (DIC) and Transmission Optical Microscopy
(TOM). The noticeable plasticity in the former location leads to the fact that the crack is

blunted thus behaving equivalent to the notch. This mechanism does not happen in the
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previous Mode I loading condition due to the different local stress state thus further showing

the importance of the stress state on the failure behavior of the polymer.

On the other hand, the slopes of the load-displacement curves for all the investigated
specimens exhibit a noticeable increase at the early stage of the quasi-static loading as
illustrated in Figure 2.7a-b. This can be explained due to the contact between upper and
lower arms of the specimen instead of the effects of the friction as can be noted from Figure
2.8. In this figure, the friction has a negligible effect on the material stiffness based on the
linear elastic simulation whereas the interaction is the key to capture the mechanical behavior
of the material at the early stage. It is worth mentioning here that all the specimens are
characterized by a catastrophic failure after peak load due to the snap-back instability similar

to the mode I fracturing behavior as previously described in section 2.3.3.

----I\.

Original notch | Oridinal.crack . -

\ —04mm’

Figure 2.9: Fracture surfaces for pre-cracked and pre-notched ENF specimens under global
Mode II loading condition. Both cases fractured around 70° respect to the direction of initial
crack or notch.
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2.8.4.1 Morphological characteristics

Regarding to the fracturing morphology of the material under Mode II loading condition,
both pre-notched and pre-cracked specimens fracture at an angle of roughly 70° with respect
to the direction of the initial notch or crack as illustrated in Figure 2.9. This implies that,
in the scenario of global mode II loading condition, thermoset polymers only fracture locally
under mode I loading condition since maximum principle stress happens at the foregoing
angle for the material under Mode II loading condition. This is utmost of importance for
the micro-scale modeling of the sub-critical damage in polymer matrix composites since only

Mode I fracture criterion needs to be included instead of mixed-mode fracture criterion.

Normalized &p

N o —— — ——————— —— - - -

Figure 2.10: Digital Imaging Correlation (DIC) and Transmission Optical Microscopy (TOM)
analyses on the pre-notched ENF specimen at roughly 95% of the critical quasi-static load.
Note that ¢, means the maximum principle strain obtained from DIC.
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In addition to this, Transmission Optical Microscopy (TOM) was used to visualize the
local morphology of the ENF specimen under Mode II loading condition. As illustrated in
Figure 2.10 for the case that the load level approaches about 95% of the critical quasi-static
load, a remarkable plastic zone in the order of at least few millimeters was observed at
the notch tip and bottom of the smallest pre-notched specimen investigated in this work.
This observation is consistent with the DIC results showing the large deformation at the
corresponding locations. It is interesting to notice that the foregoing plastic zone is mainly
formed by the significant shear bands as shown in Figure 2.10 which are the most important
features needed to be captured through the computational modeling as it will be shown in

the next section.

2.8.4.2 Calculation of apparent local Mode I fracture energy

The foregoing non-negligible plastic deformation strongly overestimates the calculation of the
real local Mode I fracture energy based on the Linear Elastic Fracture Mechanics (LEFM).
As can be noted from Figure 2.11, the local Mode I fracture energy for all the investigated
ENF specimens is significantly higher than the one previously calculated from pre-cracked
SENB specimens. In addition to this, the local Mode I fracture energy is severely affected
by the specimen size showing the evolution of the plastic deformation with increasing the
specimen size. It is worth mentioning here that the foregoing fracture energy was calculated
by using Eq.(2.2) and the value of g(«) was obtained through the same method as discussed
in the previous section 2.3.3.

In this scenario, the size scaling on the Mode II failure behavior of the polymer cannot be
predicted either from Quasi-Brittle or Elastic-Plastic Fracture Mechanics without considering
the growing plastic zone corresponding to the specimen size. This leads to the requirement of
a computational modeling to understand the foregoing behavior of the polymer with various
sizes which will be described in the next section. On the other hand, it is worth mentioning
here that the foregoing local Mode I or global Mode II fracture energy can also be close

to the one obtained from pre-cracked SENB specimens depending on the brittleness of the
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polymer which was reported by several authors in the literature [69-73].

— 30 - O Pre-cracked

E o5 (A Pre-notched

2

LL20 n

S C

— 15

I X

§ 10 F Apparent G

T, |

o 5t

— C
O_||||I||||I||||I||||I||||

0 10 20 30 40 50

Specimen Size [mm]

Figure 2.11: Local Mode I fracture energy estimated from LEFM for pre-cracked and pre-
notched ENF specimens with different sizes. Note that all the values obtained from ENF
specimen are not real but apparent fracture energies.

2.4 Computational modeling of thermoset polymer

2.4.1 Computational description

To have a further understanding of the sensitive plastic and fracture behavior of thermoset
polymer due to the size scaling and stress state, a computational analysis within the frame-
work of Drucker-Prager (DP) plasticity was conducted for all the investigated specimens.
The choice of the Drucker-Prager model is due to the fact that the hydrostatic stress plays a
pivotal role in the failure behavior of polymer matrix composites [19-21] which is not consid-
ered in other plasticity models (e.g. Von-Mises, Hill, etc). In addition to this, the validation
of the Drucker-Prager model for describing the mechanical behavior of all the investigated

cases can lead to a further decision if a brand-new model for polymeric materials needs to
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be developed or not. According to the Drucker-Prager plasticity, the yielding criterion can

be written in the following expression and illustrated in Figure 2.12 :
t—pxtan(f)—d=0 (2.4)

where (3 is the friction angle and d = [1/k + tan(f3)/3] o; is the cohesion for uni-axial ten-
sile case corresponding to the slope and intersection of the yielding surface in t — p co-
ordinate respectively, p = — (o1 + 02 + 03) /3 is the equivalent pressure stress and t =
0.5¢[1+1/k — (1 —1/k)(r/q)?] is related to equivalent Von-Mises stress. In these param-
eters, k = 0yit/0wi. is the flow stress ratio of yielding stress in tri-axial tension to the
one in tri-axial compression, ¢ = [(01 — 02)? + (02 — 03)2 + (03 — 01)%]"" is the equivalent

Von-Mises stress, and r is the third invariant of deviatoric stress.

L4

v

Figure 2.12: Schematic illustration for the Drucker-Prager model in t — p plane.

In addition to the yielding criterion, plastic flow potential G is defined in the following:
G=1t—pxtany (2.5)

where v is the dilation angle which describes the direction of the plastic strain increment

with respect to the ¢ axis in ¢ — p plane. In the case of v # [, the plastic flow of the
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material is recognized as non-associated flow which turned out to be the case of investigated
thermoset polymer as it will be presented in the following sections. It is worth mentioning
here that, while the foregoing Drucker-Prager plasticity was used for the characterization
of pre-peak behavior of thermoset polymer, the critical strain corresponding to the damage
initiation is not included in the Drucker-Prager model. Considering the significant differences
in plasticity as experimentally shown for the foregoing investigated cases, it is not surprising
that an unique value of the critical strain is impossibly able to capture all the loading

scenarios and this aspect was computationally confirmed in the next section.
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Figure 2.13: Simulation results vs. experimental data for all the different geometries, speci-
men sizes, and loading conditions. This figure does not include the specimen under Mode I
loading condition and rectangular specimen with engineered holes under three-point bending
condition. Note that different critical strains were used in the simulations for these cases to
trigger the damage evolution.
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2.4.2  Computational results
2.4.2.1 Plastic behavior of thermoset polymer

By leveraging the foregoing model, an excellent agreement with the experimental load-
displacement curves was achieved for all the different geometries, specimen sizes, and loading
conditions as illustrated in Figure 2.13. This figure does not include the successful character-
ization of the specimen under Mode I loading condition which will be discussed in the next
section and chapter. In addition to this, the morphological characteristics in the simulation
were also consistent with the experimental observation as shown in Figure 2.14 by taking the
most representative example for pre-notched specimen under mode II loading condition. In
this figure, a huge plastic zone was generated at the notch tip with remarkable shear bands
due to the deviatoric stresses. It is worth mentioning here that the simulation for the Mode
IT case also predicted the fracturing angle about 70° with respect to the direction of the
initial notch thus further confirming the local mode I fracture for the specimen under global

Mode II loading condition.

Testing Configurations Uni-axial Tensile Strength Critical Cumulative Plastic Strain Other Properties

Dogbone 55 MPa 0.04
3PB 60.7 MPa 0.24
8 — 40°
3PB (holes) 64.7 MPa 0.8
P = 20°
ENF (notch) 64.3 MPa 0.7 N
:=1.0
ENF (crack) 64.3 MPa 0.7
Gr = 0.8 N/mm
SENB (notch) 220 to 300 MPa 0.01 to 0.1
SENB (crack)* 55 to 300 MPa 0 to 0.01

Table 2.2: Material parameters used in the simulations with Drucker-Prager plasticity for all
the investigated cases. Same parameters were used for geometrically scaled specimens. Note
that the detailed material parameters used for the simulations of pre-cracked and pre-notched
SENB specimens can be referred to Figure 3.12.

These successful results can only be obtained through the simulations with the same

material parameters in the DP plasticity as summarized in Table 2.2 but different critical
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Figure 2.14: Experimental morphology vs. simulation result for Mode II case. Note that the
experimental images were obtained through the Transmission Optical Microscopy (TOM)
under polarized light and ¢,, denotes the maximum principle plastic strain.
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Figure 2.15: Equivalent uni-axial tensile hardening behavior and damage evolution used

in the simulations for all the investigated cases excluding Mode I scenario.

Note that the

simulation results for these cases were less affected by the damage evolution part thus the
use of a bi-linear softening law with the same fracture energy as it will be presented in the
next section leading to the similar results.
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equivalent plastic strains in the equivalent uni-axial tensile hardening type as plotted in Fig-
ure 2.15. In this figure, the cumulative (equivalent) plastic strain is defined as fg \/ 2€Ph: érldt
where €7 is the plastic strain increment tensor. It is interesting to notice from the foregoing
figure that the stress-strain behavior actually follows the classical Ramberg-Osgood relation

as written in the following expression:

gleg =0 /og+ v (0/0o0)" (2.6)

where 0y = 40 MPa is the yielding stress, £g = 0o/ E is the elastic strain, and v = 0.005 and
n = 19 are the material constants describing the calibrated hardening curve as plotted in
Figure 2.15. It is worth mentioning here that the calibrated mechanical behavior includes the
results for rectangular specimen with engineered holes under three-point bending condition
which will be discussed in chapter 4 whereas the case for the specimen under Mode I loading
condition is not included here but it will be presented in the next section and chapter.

The remarkable difference in the critical strain to trigger the damage evolution is definitely
not the statistical behavior. In fact, this is attributed to the variety of the local stress states
affecting the mechanical behavior of the foregoing testing configurations. By taking the
most representative example of pre-notched ENF specimen under Mode II loading condition,
the material at the notch tip experiences significant deviatoric stresses thus activating the
ductility of the material with the critical strain for damage initiation about 0.7. However,
this is not the case for doghone specimen showing the critical strain being one order of
magnitude lower than the aforementioned case since the material is mainly subjected to the
uni-axial normal stress parallel to the global loading direction with negligible shear stresses.
This interesting phenomenon is similar to the experimental and computational studies in
the literature showing the significant effects of the deviatoric stresses on the ductile behavior
of thermoset polymers [74,75]. On the other hand, the brittle behavior of the material can
be awoken depending on the level of hydrostatic stresses. In the case for pre-cracked SENB
specimen under Mode I loading condition, the material at the crack tip experiences highly

tri-axial stress state without shear stresses acting on it. As a consequence, the material at
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the crack tip exhibits pronounced brittle behavior compared to other investigated cases. This
aspect was also extensively reported in the literature showing the brittleness of the material
due to the constraint of tri-axial stress components [19-21].

The foregoing description clearly shows the fact that deviatoric and hydrostatic stresses
are the major factors governing the mechanical behavior of thermoset polymers exhibiting
either brittleness or ductility. However, to the best of author’s knowledge, no unified model
in the literature can automatically provide an accurate prediction on the critical strain for
damage initiation due to the local stress state and the significant size effect as it will be
discussed in the next chapter. This is considered as the future work aiming to propose a

physical-based model accounting for all the foregoing aspects.

2.4.2.2  Bi-linear cohesive behavior of thermoset polymer

On the other hand, the simulation results with the hardening behavior as shown in Figure 2.13
were less affected by using different fracture energies indicating the fact that, while the pre-
peak behavior of the polymer can be characterized through the foregoing tests, the features of
the cohesive behavior must be uniquely determined by leveraging the Mode I fracture tests.
To this end, the characteristics of the cohesive behavior for pre-cracked and geometrically-
scaled SENB specimens made of thermoset polymer were studied. Both linear and bi-linear
cohesive laws with the same fracture energy are used to match the load-displacement curves
obtained from experimental fracture tests. As illustrated in Figure 2.16, a linear cohesive law
can be described through two parameters: (a) tensile strength, f; and (b) fracture energy,
G, which represents the area under the linear cohesive law. On the other hand, a bi-linear
cohesive law requires four parameters: (a) tensile strength f;, (b) initial fracture energy, Gy,
which represents the area under the initial segment of the bi-linear cohesive law; (c) total
fracture energy, G, which is the total area under the bi-linear cohesive law; (d) change-of-
slope stress, oy, which is the value of stress at the intersection of the initial and tail segments.
It is worth mentioning here that, for the bi-linear cohesive law, different intersection points

were investigated in order to match the experimental load-displacement curves.
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Figure 2.16: Cohesive laws used in this study: (a) Linear Cohesive Law (LCL); (b) Bi-linear
Cohesive Law (BCL).

Figure 2.17 shows a comparison between the experimental load-displacement curves and
simulation through a Cohesive Zone Model (CZM) featuring a linear and bi-linear cohesive
law respectively. It can be noted that, while the bi-linear cohesive law successfully matches
experimental curves of specimens with different sizes, this is not the case for the linear cohe-
sive law, with a significant overestimation of the experimental curves. This result suggests
that a bi-linear cohesive law may be better suited for the description of the cohesive fracture
behavior of thermoset polymer, although a linear cohesive law may still provide reasonable
results and can be used for a preliminary, course, approximation. A comparison between
the calibrated linear and bi-linear cohesive laws for pre-cracked SENB specimens made of

thermoset polymer is shown in Figures 2.17.

However, notwithstanding the excellent agreement with the data on pre-cracked speci-
mens, it is impossible to match the experimental results on the pre-notched specimens by

means of the foregoing cohesive law. A relatively good agreement cannot be even achieved
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Figure 2.17: (a) Calibrated bi-linear cohesive law vs. linear cohesive law with the same total
fracture energy. (b,c) Load-displacement curves vs. cohesive zone model featuring a linear
or bi-linear cohesive Law for different specimen sizes.

with the consideration of the plastic pre-peak behavior which will be shown in the next
chapter. One of the possibilities for a decent agreement can be made by increasing the to-
tal fracture energy to Gp = 7.2 N/mm, the value corresponding to the energy estimated
by LEFM. However, this value would lead to a significant over-prediction of the structural
strength of the pre-cracked specimens. Considering that the cohesive law should be a mate-
rial property, the discrepancy between the results for pre-cracked and pre-notched specimens

must be explained using the same cohesive law. A possible solution is presented in the next
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chapter related to the exploration of the micro-scale behavior of the polymer.
2.5 Conclusions

1. The investigated thermoset polymer exhibits pronounced brittle behavior in Mode I
fracture tests and relatively less plasticity for uni-axial tension whereas a remarkable
ductility characterizes the material under three-point bending and Mode II loading

conditions;

2. The foregoing phenomenon is related to the variety of local stress states in the investi-
gated specimens and can be explained due to the fact that the deviatoric stresses can
activate the ductile behavior of the material whereas the brittleness of the material
can be awoken leveraging a high level of hydrostatic stresses (e.g. the material at the

crack tip under Mode I loading condition);

3. The global load-displacement curves and local morphological features for all the dif-
ferent geometries, specimen sizes, and loading conditions can only be computationally
characterized by leveraging the Drucker-Prager plasticity model with the same flow
stress ratio k = 1.0, dilation angle 1) = 20° and friction angle § = 40° but completely
different critical strain in the equivalent uni-axial tensile hardening type for damage

initiation due to various local stress states;

4. The foregoing calibrated equivalent uni-axial hardening type in the DP plasticity model
can be described by the classical Ramberg-Osgood stress-strain relationship with the

yielding stress oy about 40 MPa and material constants v = 0.005 and n = 19;

5. The inequality for the calibrated dilation and friction angles indicates that the local
plastic behavior of the investigated thermoset polymer can be better described by a
non-associated plastic flow rule which was consistent with the extensive studies for

thermoset polymers in the literature;

6. The meaningless and higher local Mode I apparent fracture energy of ENF specimens
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in Mode II scenario is due to the significant plastic deformation occurring at crack or
notch tip. The blunted crack or notch tip for the ENF specimen in global Mode II
scenario eventually leads to the catastrophic failure happening at an angle of roughly
70° with respect to the initial crack or notch direction. This angle indicates the fact
that the polymer locally fractures in Mode I scenario under global Mode II loading
condition which simplifies the failure criteria for the micro-scale modeling of polymer

matrix composites under complex multi-axial stress states;

. The foregoing successful simulations for all the investigated cases excluding Mode I
scenario were less sensitive to the damage evolution part (i.e. the shape and area of
the softening law) thus strongly suggesting the fact that the accurate features of the
softening law can only be determined through Mode I fracture tests instead of other

investigated cases only for a better description of pre-peak behavior;

. By conducting a cohesive zone modeling for the pre-cracked specimens with all the sizes
under Mode I loading condition, it is concluded that, in general, a bi-linear cohesive
law provides a very accurate description of fracture tests with errors on the structural
strength less than 7%. A reasonable agreement is also found leveraging a linear cohesive

law, with errors on structural strength no larger than 30%.
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Chapter 3

MICRO-SCALE STRENGTH AND COHESIVE BEHAVIOR OF
THERMOSET POLYMER

In this chapter, an interesting study for investigating the effects of size scaling on the
fracturing behavior of the same thermoset polymer was presented and discussed in the fol-
lowing sections. By leveraging the comprehensive experimental and computational analyses
on both pre-cracked and pre-notched SENB specimens with various sizes, it was concluded
that the material strength and the fracture energy of the investigated thermoset polymer
at the micro-scale can be remarkably different from the conventional behavior usually mea-
sured from the macro-scale laboratory tests. In fact, the material strength of the investigated
thermoset polymer at the micro-scale can be four to six times higher than the macro-scale
value whereas the fracture energy at the micro-scale can be as least forty times lower. This
was further computationally confirmed through the excellent match with the experimental

results obtained from the micro-scale fracture tests.

3.1 Past and current work on the micro-scale behavior

Over the past decade, it was shown that materials exhibit higher strength as structure
size decreases due to the energetic-statistical size effect of the materials [76-80]. Although
this phenomenon was discovered in many engineering materials (e.g. concrete, ceramics,
sandstone, metal, etc.), it was rarely studied for the thermoset polymer which is the key
component of polymer matrix composites. To the best of author’s knowledge, a direct in-
situ measurement of the micro-scale polymer strength and fracture energy has rarely been
accomplished and reported in the open literature. This is mainly due to the evident challenges

deriving from the micro- or nano-scale experimental tests.
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However, some researchers attempted to estimate the material strength through various
methods. In 2007, Hobbiebrunken et al. [17] proposed an experimental approach for the
investigation of the micro-scale strength in epoxy polymers. With the inherent assumption
that the source of size effect on the strength is mainly statistical-energetic (Type I), they
manufactured epoxy fibers featuring diameters from 22 to 50 micron and various gauge
volumes and then tested them under uni-axial tension. Their results showed a significant size

3 compared

effect, the tensile strength reaching 166 MPa for a gauge volume of 1.5x1073 mm
to a strength of 92 MPa estimated from tensile tests on traditional dogbone specimens (gauge
volume about 66 mm?). Although the gauge volume for the micro-scale tests was still not
small enough, the authors concluded from the reported size effect that the inherent strength
of epoxy at the micro-scale can be close to its theoretical value, estimated as 275 MPa in
their work. Although the thermoset system investigated in Hobbiebrunken et al. [17] is not

the same as the one characterized in this work, it clearly showed the scaling effects on the

material strength of thermoset polymers.

Another indirect approach was proposed in 2016 by Zike et al. [81] who investigated
the strain deformation close to the tip of a blunt notch in Double Cantilever Beam (DCB)
specimens made of epoxy. The 2 mm-deep specimens had a length of approximately 70 mm, a
width of 10 mm and featured a 0.7 mm wide notch. The specimens were speckled for Digital
Image Correlation (DIC) and tested in an Environmental Scanning Electron Microscope
(ESEM). Leveraging the strain field measured from DIC and the load captured by the load-
cell, the authors were able to estimate the non-linear stress-strain response of the polymer by
estimating the J-integral from DIC for different sub-critical load levels. They concluded that
the strength of the polymer they investigated must be within 220 to 300 MPa. Although it
can be argued that the specimens were not micro-metric, it should be noted that the estimate
of the constitutive behavior was conducted using in-situ strains. This work also implied the

possibility of a significantly higher strength of thermoset polymers at the micro-scale.

In a recent publication [82], Di Luzio and Cusatis investigated the Mode I fracturing

behavior of quasi-brittle materials featuring blunt notches and characterized by materials



34

exhibiting a linear cohesive law. In their numerical study, they found that when the notch
tip radius is approximately equal to the Irwin’s characteristic length I, = E*G;/f? the
failure occurs when the maximum stress at the notch approximately reaches the material
strength, i.e. oy. = f;/k with k = stress concentration factor. On the other hand, for
sufficiently sharp notches, the fracture is driven by the formation of a Fracture Process Zone
(FPZ) in front of the notch which ultimately propagates and leads to the final failure.
Based on the foregoing considerations, the micro-scale strength of thermoset polymer
can be indirectly explored by leveraging the Mode I fracture tests on the SENB specimens
in presence of blunt notches which will be presented in the following sections. It is worth
mentioning here that this method can only be used to investigate the micro-scale strength
corresponding to a specific micro-scale size but this size must be determined through a
comprehensive study on the statistical behavior of pre-notched specimens with various notch

sizes which will be partially discussed later.
3.2 [Experimental results and analysis

The manufacturing of the thermoset polymer in this work followed the same procedure
as presented in the previous chapter. Geometrically scaled pre-notched specimens of four
different sizes were prepared and the dimensions, scaled as 1 : 2 : 4 : 8, were 10 x 36 mm,
20 x 72 mm, 40 x 144 mm and 80 x 288 mm as similarly illustrated in Figure 2.2. It is
worth mentioning that the width of the notch was kept the same for all the investigated
sizes. Accordingly, the ratio between the depth and the radius of the notch, ag/b, was 25,
50, 100, and 200 respectively. The notch length was always half of the width of the specimen
and a magnification of the notch tip by means of Scanning Electron Microscopy (SEM) was
shown in Figure 3.1.

As can be noted from Figure 2.5 in the previous chapter, the stiffness of the specimens
is not affected by the sharpness of the notch which is not surprising given the significantly
large aspect ratios. In contrast, the peak load of pre-notched specimens is approximately

3 times higher that the one of pre-cracked specimens as shown in the previous chapter for
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all the investigated sizes. This difference agrees with the previous investigations [83-87]
which will be discussed later. The crack or notch length, peak load, and nominal strength
one = 3P.L/2tD? for all the geometrically scaled, pre-notched specimens tested in this work
are tabulated in Table 3.1.

SEl 10kV  WD13mmSS30 x150 100pum —
Sample Nov 29, 2018

Figure 3.1: Notch tip geometry from Scanning Electron Microscopy (SEM).

On the other hand, several investigations [88-93] showed that, when the notch radius is
sufficiently smaller than the Irwin’s characteristic length, the notch has the same effects on
the ultimate failure load as a crack of the same length. In this study, the notch radius b
= 0.2 mm is significantly smaller than the Irwin’s characteristic length I, = E*Gp/f? ~
0.75 mm. In this context, pre-notched specimens were analyzed by means of LEFM which
provided a very accurate description of the fracturing scaling in epoxy for previous pre-
cracked specimens. As can be noted from Figure 2.6 in the previous chapter regarding to the
calculation of the Mode I fracture energy for different specimen sizes and notch types, the
results showed a very significant effect of the notch type, the fracture energy of pre-notched

specimens being approximately 10 times higher than the one of pre-cracked specimens. This
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result, abundantly confirmed in the literature [83-87], cannot be explained by LEFM since,
according to this theory, the notched specimens investigated in this work should fail at the
same load as the cracked ones and the fracture energy should be a material property not

affected by any geometrical feature.

Specimen type Specimen width (mm) Crack or notch length (mm) Max load (N) Nominal strength (MPa)

Pre-notched D=10 5.00 647.01 28.12
Pre-notched D=10 5.00 543.07 23.60
Pre-notched D=10 5.00 613.01 26.65
Pre-notched D=10 5.00 654.10 28.40
Pre-notched D=10 5.00 561.12 24.39
Pre-notched D=10 5.00 537.22 23.34
Pre-notched D=10 5.00 553.40 24.03
Pre-notched D=10 5.00 630.18 27.38
Pre-notched D=20 10.00 800.66 17.49
Pre-notched D=20 10.00 758.70 16.57
Pre-notched D=20 10.00 742.83 16.22
Pre-notched D=20 10.00 779.50 17.02
Pre-notched D=20 10.00 693.15 15.14
Pre-notched D=20 10.00 731.95 15.99
Pre-notched D=20 10.00 814.50 17.79
Pre-notched D=20 10.00 774.82 16.92
Pre-notched D=40 20.00 1100.05 12.04
Pre-notched D=40 20.00 1077.89 11.80
Pre-notched D=40 20.00 1108.72 12.14
Pre-notched D=80 40.00 1580.11 8.66

Pre-notched D=80 40.00 1542.20 8.45

Pre-notched D=80 40.00 1653.11 9.06

Pre-notched D=80 40.00 1532.03 8.40

Pre-notched D=80 40.00 1455.30 7.97

Pre-notched D=80 40.00 1755.01 9.62

Table 3.1: Max load and nominal strength of pre-notched specimens at different sizes.
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It was proposed that residual plastic stresses induced by the manufacturing of the notch
may lead to very high values of apparent fracture toughness of the polymer. However, a
direct validation of this statement was never provided. The following section focuses on
this particular aspect and shows that these hypothetical residual stresses should not be the
solution since it must be unrealistically high to justify the difference in the fracture energy

reported in the present work and in the literature.
3.3 Disproof of hypothetical residual stresses

To check the possibility that the higher apparent fracture energy of pre-notched specimens
is related to the presence of residual stresses as generally accepted in the literature, a simple
analysis can be conducted within the framework of the Linear Elastic Fracture Mechanics
(LEFM). Taking advantage the superposition principle, the total mode I Stress Intensity
Factor (SIF) can be calculated summing the effects of the applied load P and the residual

stress distribution ahead of the crack tip:
Ky + Kr2) = Kr tota (3.1)

where, as illustrated in Figure 3.2, Kj() refers to the SIF associated to the concentrated
load on the middle top of the specimen without the effect of residual stresses while K7p)
refers only to compressive stresses acting on the equivalent Fracture Process Zone of length
cr [88,94-103],. The length cf is proportional to the Irwin’s characteristic length [, and it
is defined as an additional equivalent crack length required to capture the nonlinear effects
of the FPZ.

The stress intensity factor Kj(;) can be expressed as VE*G for a plane strain condition
whereas K7y has the following expression [104]:

10T 209(2) fa D)

w Vs (- B (2R

where oy(z) is the magnitude of the compressive stresses applied on the equivalent FPZ,

KI(Q) - — dz (32)

f(EB) = 0(B) + 202(B) — ()95 + (£)%94(F) is a dimensionless geometry function,
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Figure 3.2: Schematic description of the boundary conditions used for the estimation of the
residual stresses by the superposition principle.

and x is the distance from the bottom surface of the SENB specimen as shown in Figure
3.2. The value of the constants g; with ¢ = 1...4 can be found in [104]. At incipient crack
onset, the stress intensity factor K7 uq is ought to be equal to the fracture toughness of the
pre-cracked specimens measured from the experiments. Accordingly, with the assumption
that ag/D ~ 0.5, ¢; ~ 0.5l ~ 0.4 mm [88,100], and the residual stresses are uniformly
distributed, the magnitude can be estimated. As illustrated in Figure 3.3, the residual stress
for the pre-notched specimens investigated in this work is higher than 100 MPa which seems
unrealistically high to be created by sawing during the pre-notching process. It is worth
mentioning that Eq.(3.2) is obtained by superimposing the Stress Intensity Factors (SIFs)
induced by a uniform distribution of infinitesimal forces, dP = oydx, acting on the equivalent

crack faces, = € [ag, ap + cf].

The choice of the equivalent crack length cf ~ 0.5 [, is based on the assumption that,
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in first approximation, the traction-separation law can be considered as a linear function.
As it was discussed in the previous chapter, this hypothesis was validated by the previous
size effect tests on cracked Single Edge Notch Bending Specimens (SENB) made of the
same thermoset polymer investigated in this work to provide a course approximation of the
fracturing behavior. Once it is agreed that the cohesive law can be approximated by a linear
function, a parametric study on the relation between the Irwin’s characteristic length and
the effective FPZ size is not necessary. In fact, it should be noted that the effective FPZ
size (cy) is always equal to 0.44 [, provided that the cohesive law is linear, regardless of the
mechanical properties of the material or the geometry of the specimen. This was proven via

an extensive computational study by Cusatis and Schauffert [88].
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Figure 3.3: The residual stress estimated from equivalent linear elastic fracture mechanics
as shown in Eq.(3.1).

In the foregoing analysis, the Fracture Process Zone (FPZ) at the notch tip was assumed
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to be fully developed and the residual stresses were considered to act on the effective crack
length. Although it is very unlikely that due to the sawing process the FPZ propagates
sub-critically to form a longer crack, an additional computational study was conducted to
investigate the effects of the size of the FPZ on the magnitude of the residual stresses required
to match the experiments. For the analysis, a finite element model of the SENB specimen
of width D = 20 mm was constructed. The mesh was created using 4-node iso-parametric
quadrilateral elements for a total number of degrees of freedom of 35452. Thanks to the
fine mesh, more than 100 elements were located along the FPZ. The crack was simulated
via the cohesive interaction algorithm available in ABAQUS /Implicit with a linear traction-
separation law featuring a strength of 55 MPa and a fracture energy of 0.8 N/mm. These
values were obtained from previous tests on cracked specimens. An uniform pressure repre-
senting the residual stresses was applied on the left and right faces with cohesive interaction,
from the initial crack tip to a distance [ from the tip. A schematic of the geometry of the
problem and related boundary conditions is provided in Figure 3.4. For every length [, the
residual stresses were adjusted so that the peak load applied to the specimen matched the
experimental value from the tests. This way, a more thorough analysis of the effects of the
residual stresses on the development of the cohesive zone ahead of the notch was possible.
Figure 3.4 shows the evolution of the residual stresses as a function of the extent of the plastic
stress region normalized by the Irwin’s characteristic length /.. As can be noted, the relation
is highly nonlinear, the residual stresses increasing significantly with decreasing values of [.
It is remarkable that, for a plastic stress region close to 0.4 [, the residual stresses required
to match the experiments are in the order of 500 MPa. On the other hand, for plastic regions
exceeding a length of 0.5 [, the stresses decrease at a very low rate, reaching about 90 MPa
for a plastic region as large as the Irwin’s characteristic length. For the residual stresses to
be within a realistic range, the plastic zone size should be more than 30% larger than Irwin’s

characteristic length. This is considered by the authors as a very unlikely event.

To shed more light on the possible effects of residual stresses on the fracturing behavior,

additional tests on pre-notched specimens were conducted. However, this time, a sharp razor
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blade was pre-inserted into the specimens during the manufacturing process and eventually
removed after the curing of the epoxy resin to create the notch. Thanks to this procedure,
notch tip radii similar to the ones of the sawed specimens were obtained without the possible
emergence of plastic residual stresses. Figure 3.5 compares the load displacement curves for
specimens with pre-cracks made by tapping, with pre-notches made by sawing, and with
pre-notches made by pre-inserting a razor blade. As can be noted, all the notched specimens
exhibit a significantly larger peak load compared to cracked specimens. More importantly,
the mechanical behavior of specimens with notches made by pre-inserting a razor blade is
basically identical to the one reported for the case of sawed notches. Considering that the
former cannot feature any residual stress, it is concluded that plastic residual stresses are not

likely the dominant reason of the higher apparent fracture energy of pre-notched specimens.
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Figure 3.4: The evolution of residual stresses with the extent of the plastic region, [, through
cohesive zone modeling (D = 20 mm).

To further prove this statement, we took advantage of the transparency of epoxy and

investigated the region close to the notch tip via Transmission Optical Microscopy (TOM)
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with cross-polarized light. In this technology, cross-polarized light is transmitted through the
specimen enabling the visualization of permanent deformation by the analysis of the fringe
patterns. This is now an established approach to visualize crazing and plastic deformation at
the crack tip in thermoset polymers (see, among others, [105-107]). Figures 3.6a-c summarize
the results of the analysis for cracked and notched specimens. These Figures show three
cases: (a) a pre-cracked specimen before applying any load, (b) a pre-notched specimen
before applying any load, and (c) a pre-notched specimen after applying a load equal to 80%
of the failure load and unloading. Micrographs taken using bright field and cross-polarized
light are shown for comparison. As can be noted from Figure 3.6d, the pre-cracked specimens
exhibited a damage zone prior the application of any mechanical load. This damage took
the form of micro-crazing as the typical fringes in the insert show. A similar morphology

was reported for other thermoset systems in [105-107].
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Figure 3.5: (a) Experimental load-displacement curves for pre-cracked and pre-notched spec-
imens, and specimens with the notch made by a pre-inserted razor blade; (b) silicone molds
for the manufacturing of the specimens with the pre-inserted razor blade; (c) typical speci-
mens with the pre-inserted razor blade right after curing. Note that the blade was removed
before the tests.
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Not surprisingly, the micrographs on the pre-crack tip confirmed that tapping indeed
leads to the formation of an FPZ before the application of any mechanical load. What
was unexpected is that, as clearly shown in Figure 3.6e, the notch tip of the pre-notched
specimens did not exhibit significant permanent deformations. To further corroborate this
observation, the specimens were loaded up to 80% of the failure load and unloaded. Then,
TOM pictures of the notch tip were taken for comparison. As can be noted from Figure
3.6f, in this case the stress concentration at the notch indeed led to plasticity as confirmed
by the very visible fringes ahead of the tip. This provides further evidence that if a region
of pre-existing plastic residual stresses exists, either it is significantly smaller than the notch
width or the residual stresses are almost negligible. In this context, it is not surprising that
the specimens featuring notches made by pre-inserting a razor blade exhibited the same
failure loads as the one made by sawing. In both cases the plastic residual stresses were
negligible. A possible explanation of the true cause is presented next leveraging cohesive

fracture mechanics.
3.4 Two-scale cohesive behavior of thermoset polymer

In this section a two-scale cohesive zone model [108] is proposed to capture the fracturing
behavior of both pre-cracked and pre-notched specimens seamlessly. The main observations
that led to the development of the model are described next along with the comparison with
the experimental data. Based on the foregoing considerations, a cohesive zone model should
be able to capture the behavior of notched and cracked specimens seamlessly provided that
some particular features are added to the cohesive law. In this work, it is assumed that
the cohesive behavior can be described by a two-scale cohesive law as represented in Figure
3.7a. As shown in the figure, f}' represents the initial strength whereas G’Jﬁ is the initial
fracture energy or, in other words, the area under the first linear branch of the curve. The
rest of the curve is identical to the cohesive law identified by fracture tests on geometrically-
scaled SENB specimens as discussed in the previous chapter and is characterized by f; =

macroscopic strength, o, = stress at the third change of slope, Gy = initial macroscopic
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Pre-cracked Specimen (pristine) Pre-notched Specimen (pristine) Pre-notched Specimen (post-load)

= 100 um — 100 um = 100 um
Bright Field Bright Field Bright Field

= 100 um — 100 um — 100 um
Cross-polarized Cross-polarized Cross-polarized

Figure 3.6: Transmission Optical Microscopy (TOM) micrographs of specimens under: (a-c)
bright field and (d-f) cross-polarized light. Note that figures (a-e) are the specimens before
applying any load whereas figures (c and f) are the specimens after applying a load equal to
80% of the failure load and unloading.

fracture energy (area AOBDE), and the total fracture energy Gp (area AOBCDE).

The proposed cohesive law must differ from the linear one investigated in [82] to capture
the peculiar cohesive behavior of thermoset polymers. Until the crack opening displace-
ments are in the sub-micron regime, the resulting cohesive stresses are equivalent to the ones
predicted by a linear cohesive law of strength f/ and total energy G’;. For larger opening
displacements, the cohesive law becomes equivalent to the bi-linear law that provided an
excellent agreement with the experimental data on pre-cracked specimens. Since the first
portion of the cohesive law describes the cohesive stresses at the microscale while the rest
of the cohesive curve captures the behavior for larger displacements, the proposed cohesive
law is characterized by two very distinct length scales. For this reason, in this and in future

contributions the model will be referred to as a two-scale cohesive model.
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In this work, it is assumed that for sub-micron crack opening displacements the cohesive
strength f}' is about 300 MPa and the cohesive stresses decrease linearly and very steeply
with increasing crack openings. This captures the fact that, due to statistical size effect, the
microscopic strength of the polymer can be several times higher than the one measured from
macroscopic tests [17,81,109]. At the same time, the steep initial part of the cohesive curve,
leading to an initial fracture energy of only about 2.5% of the total one, captures the lower

energy dissipation occurring at the sub-micron scale.

o1 (a)

fi'|A G.=Area AOBCDE

Two-scale Cohesive Law I/
/

Gt ~25% Gp

Figure 3.7: (a) Schematic of the two-scale cohesive law proposed in this study describing
the cohesive stresses associated to micro to macro crack opening displacements; (b) Bi-linear
portion describing the fracturing for large crack opening displacements.

The value of about 300 MPa is estimated from the failure loads of the pre-notched spec-
imens. In fact, since the initial fracture energy G’Jf is only a fraction of the total energy
dissipated and the initial strength ff is significantly larger than in macroscopic tests, the
Irwin’s characteristic length 17}, = E*G'/ (f{ )? related to the initial formation of the FPZ is
significantly smaller than the width of the notches investigated in this work. Accordingly,

following [82] the fracturing behavior of the notched specimens must depart from the one of
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the cracked specimens and the nominal stress at failure is determined by the elastic limit
condition oy. = f'/k. It is worth mentioning here that, thanks to the foregoing consider-
ations, the initial strength can be determined very precisely. Small variations on the value

proposed in this work would lead to significant changes on the predicted structural strength.

Having clarified the reason for the very high strength at the micro-scale, another question
needs to be answered: why do the cohesive stresses of the initial portion of the cohesive
curve decrease so steeply? The reason is that, if the initial slope of the cohesive curve were
milder, it would not be possible to capture the size effect data on pre-cracked specimens.
In the presence of a crack or a sufficiently sharp notch, the stress intensity at the tip at
incipient failure would always lead to elastic stresses that are greater than the micro-scale
strength. Accordingly, since the cohesive stresses decrease very quickly in the initial part
of the cohesive curve, a cohesive FPZ can emerge and develop up to the second portion of
the two-scale cohesive curve. The cohesive law becomes equivalent to the bi-linear law of
strength f; and total fracture energy G%. since the initial energy G? is only about 2.5% of
Gr or, in other words, G ~ G% ~ 0.80 N/mm. Thanks to the foregoing considerations it is
possible to estimate the initial slope of the two-scale cohesive model very precisely by testing
notched specimens of various notch tip radii and matching the experimental data by means
of the two-scale cohesive model. Such a comprehensive experimental campaign is beyond the
scope of the present work and will be the subject of future contributions. In this study, the
initial fracture energy was calibrated against one notch tip radius only, leading to the initial
fracture energy G’ =0.02 N/mm.

Finally, one last question remains: why was not the foregoing cohesive behavior found
before from tests on pre-cracked specimens? The answer lies in the particular shape of
the cohesive curve. Since the initial fracture energy is only a negligible portion of the
total fracture energy and, in laboratory-scale cracked specimens the cohesive stresses always
overcome the initial portion of the cohesive law, it is not possible to characterize ff' and
G’; unless micro-metric specimens are tested. In fact, any tests on large specimens would

provide an estimate of G which takes approximately the same value as G%. It is worth
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mentioning here that micro-tests are very challenging and are generally affected by significant
uncertainties. However, based on the results of this work, a valid alternative is to test
both cracked and pre-notched specimens and use the results on the latter configuration to
characterize f}'.

To verify the foregoing assumptions, both pre-cracked and pre-notched specimens were
simulated in ABAQUS/Explicit 2017. The models combined 4-node bi-linear plain strain
quadrilateral elements (CPE4R) with a linear elastic isotropic behavior and 4-node two-
dimensional cohesive elements (COH2D4) with the traction-separation law shown in Figure
3.8 to model the crack. To guarantee an accurate characterization of the cohesive behavior,
20 elements were assigned in the micro-scale FPZ leading to 600 elements for the total FPZ.
The width of the cohesive band was 0.1 ym and the stable time increment was about 10~
s. The parameters of the two-scale cohesive model that provided the best matching with the
experimental data are given in Table 3.2.

Figure 3.8 shows a comparison between the experimental load-displacement curves and
simulations by the two-scale cohesive model. As can be noted the model successfully matches
the experimental curves of both the pre-notched and pre-cracked specimens of different sizes.
The most remarkable aspect related to these results is that the excellent matching was
possible leveraging the same cohesive law which can now be treated as a material property.

It is interesting to plot the structural strength oy, as a function of the structure size D
in double-logarithmic scale. As can be noted from Figure 3.9a, the computational model is
in excellent agreement with the experimental data for all the sizes and types of notch. In
case of cracked specimens the radius at the crack tip is extremely small, approximately zero.
For sufficiently large specimens, the FPZ size is negligible compared to the structure size
and, as predicted by LEFM, the structural strength scales with D~'/2. For decreasing sizes,
the fraction of the structure occupied by the nonlinear FPZ becomes larger and larger thus
affecting the fracturing behavior. The structural strength departs from the values predicted
by the LEFM which is a linear theory and, inherently, ignores the cohesive stresses in the

FPZ. For sufficiently small geometrically-scaled structures the nominal strength tends to the



48

plastic limit.

For the cases shown in Figure 3.9a for pre-notched specimens, all the geometrical features
of the structure are geometrically-scaled except for the thickness and notch tip radius, b.
Accordingly, the aspect ratio of the notch ag/b increases along with the structure size, D.
As can be noted, for sufficiently large specimens with the investigated aspect ratios, the
structural strength coincides with the elastic limit. For decreasing sizes with the same
aspect ratios, the specimens tend to be similar to the cracked specimens and eventually
converge to the performance of cracked specimens when the specimen size is sufficiently
small. It is worth mentioning here that the elastic limit can also be obtained without using
any cohesive models. As shown in Figure 3.9b, the smooth curve represents the elastic
limit calculated numerically in ABAQUS/Implicit for various specimen sizes whereas the
diamond symbols represent the elastic limit for all the investigated specimen sizes obtained
from the experiments. The computational model featured 8-node bi-quadratic plane strain
quadrilateral elements (CPS8) with a linear elastic isotropic behavior. The smallest mesh
size at the notch tip was about 0.1 um leading to 20 elements in the microscopic FPZ and
600 elements for the total FPZ. In the expression of elastic limit ¢ (b, D) = f{'/k (b, D), the
stress concentration factor is a function of D since the notch tip radius is not geometrically
scaled. As can be noted in Figure 3.9b, the function 1 (b, D) agrees very well with the
experimental data. This confirms that, for the notched specimens investigated in this work,

all the failures happened by approximately reaching the elastic limit of the structure.

Cohesive Law Gy (N/mm) G (N/mm) Gf (N/mm) Gy (N/mm) G4 (N/mm) f, (MPa) f{ (MPa) o (MPa)

Two-scale 0.8 / / 0.645 / 55 300 5
Bi-linear / 0.78 / / 0.625 55 / 5
Linear / / 0.78 / / 55 / /

Table 3.2: Calibrated cohesive parameters for linear, bi-linear and two-scale cohesive laws.

On the other hand, it is also interesting to have a comparison between the simulations by

the two-scale cohesive model and the generalized cohesive crack size effect curves proposed
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by [82]. As shown in Figure 3.9b, the generalized CCSECs are plotted by using the initial
fracture energy for pre-notched specimens while both initial and total fracture energy are
used for pre-cracked specimens. As can be noted, for the smallest aspect ratio investigated
(ap/b = 25), the simulation results exactly follow the generalized CCSEC. This indicates that,
for decreasing the specimen size, the cohesive stress only develops into the first portion of the
two-scale cohesive law since the generalized CCSEC is based on the assumption of a linear
cohesive law and the initial fracture energy is used for these curves. However, for increasing
the aspect ratio, the simulation results start to depart from the generalized CCSEC. This is
not surprising since the cohesive stress in these cases develops into the remaining portion of
the two-scale cohesive law. For the sufficiently large aspect ratio (ag/b = 00), the simulation
results are located between the two asymptotes, the generalized CCSEC by using initial
fracture energy and total fracture energy. These two asymptotes successfully capture the
simulation results for sufficiently small and large specimens. This indicates that the cohesive
stress completely develops for sufficiently large specimens thus the shape of the cohesive law
does not affect the results. However, for decreasing the specimen size, the cohesive stress
only partially develops thus the shape of the cohesive law plays an important role as shown

in the figure.

Finally, it is interesting to compare the cohesive stresses at the condition of incipient
failure for the case of the specimens weakened by cracks and notches of equal depth considered
in this work. As shown in Figures 3.10a,b, the cohesive stresses in these two cases differ
significantly, in accordance with the observations that motivated the proposed two-scale
cohesive model. For notches, the FPZ is developed only partially, with the minimum cohesive
stress being significantly larger than f;. This means that, in agreement with the theory, only
the initial part of the two-scale cohesive model governs the behavior of the notched structures
investigated in this work. In contrast, in case of pre-cracked specimens, the FPZ is far more
developed and the minimum cohesive stress at the tip is generally much lower than f;. This
means that the second part of the cohesive law is entered and the cohesive behavior is

equivalent to a bi-linear cohesive law of total fracture energy G% ~ Gp. All the foregoing
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observations confirm firmly the validity of the two-scale cohesive model and the following
information provides a significant insight on the main damage mechanisms associated with

the two-scale cohesive model.

In a recent publication, Yang and Qu [110] used a course grained molecular dynamics
model to investigate the tensile behavior of thermoset polymers. In contrast to other MD
simulations, their approach enabled the analysis of one of the largest volumes ever simulated
by MD (85 x 85 x 85 nm). Thanks to this, it was possible to capture phenomena such as
void formation and coalescence which occur at a length scale that is typically one or two
orders of magnitude larger than the length of a polymer chain. The result of the simulation is
shown in Figures 3.11a-e which were re-adapted from [110] and show the typical deformation
occurring during a tensile test. In the figures, the volumes colored in yellow represent regions
of high-densely packed polymer chains. In grey are the volumes of low density featuring
voids and particles with very low coordination numbers. According to [110] the material
reaches its yield strength of 298 MPa at about 7% strain. As reported by [110], this happens
by micro-crazing and stretching of the densely packed regions with cavity nucleation and
coalescence in the remaining portion of the domain (note that a similar mechanism was
observed experimentally in [105-107]). The opening displacement required to stretch and
re-align the short polymer chains in the densely packed regions are low, in the order of
several nanometers. After that, cavity nucleation and coalescence as shown in Figures 3.11b-
e leads to a sudden drop of the tensile stress. As shown in Figures 3.11b-e, cavities grow
both longitudinally and laterally. The scenario presented by the foregoing MD analysis is in
perfect agreement with the two-scale cohesive law proposed in this study. In fact, the first
steep decrease of the cohesive stresses in the proposed traction-separation law captures the
sudden drop of the stress due to the cavity initiation and coalescence occurring at sub-micron
opening displacements. The second branch of the cohesive curve captures the later stages of
the fracturing process occurring at significantly lower stresses by re-alignment of the polymer
chains in the less densely packed regions. This happens with a very mild decrease of the

cohesive stresses.



In(oyw)

25
2
1.5
1
0.5
0

1 '\ N A Experimental Results (Pre-cracked)
O Experimental Results (Pre-notched)
N .
\— Two-scale Cohesive Law
N

w
N O

Pre-notched Specimen

N
@ o

< Experiment
— Simulation \
I S A T S I B B A S \
g 0 20 40 60 80

g Specimen Size, D [mm] (a)

T T T T T

o

Elastic Limit, 1 [MPa]
N

PR

FO Simulation (Two-scale) ( N
F/\ Simulation (Two-scale) (a/b=50)
FCI Simulation (Two-scale) (a/b=100)
F>< Simulation (Two-scale) (a/b=200)
F>X Simulation (Two-scale) (a/b=co)
F— Generalized CCSEC (Initial G*) (alb=25)
E— Generalized CCSEC (Initial Gf”) (a/b=50)
F— Generalized CCSEC (Initial G*) (a/b=100)
[— Generalized CCSEC (Initial Gf*) (a/b=200)

(

(

alb=25)

F— Generalized CCSEC (Initial G') (alb=00)
- Gonerazed CCSEC (Totl G (b=

9 7 53 A 1 3 5
In(D)

<
% (0

Lol N

o2

Figure 3.9: Size effect on the notched and cracked specimens investigated in this work: (a)
nominal strength predicted by the two-scale cohesive model as a function of the specimen
size. Note the excellent agreement with the experimental data for both cracked and notched
specimens; (b) comparison on the elastic limit between simulations without any cohesive
model and experimental data for notched specimens; (¢) comparison between the two-scale
cohesive model and the Generalized Cohesive Crack Size Effect Curves using the initial and

total fracture energy.
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Figure 3.10: FE models and cohesive stresses at the condition of incipient failure for (a)
pre-cracked specimen and (b) pre-notched specimen.

Furthermore, based on the two-scale model proposed in this work, some considerations
on the applicability of LEFM for a course estimate of the failure load can be made. In case of
pre-cracked specimens, LEFM can only be applied when the FPZ size is negligible compared
to the structure size. If this condition is met for micro-metric structures, then the fracture
energy to be used in the calculations is G’;. This means that to predict e.g. the onset
of a microcrack in a polymer matrix composite by LEFM, one has to first verify that the
micro Irwin’s characteristic length [/, is significantly smaller than the smallest geometrical
features (e.g. fiber diameter, inter-fiber distance, etc.). On the other hand, if the condition
of negligible FPZ size is met for structures of size D > I, = E*Gr/f?, the total fracture
energy G should be used in the calculations. In case of pre-notched specimens, LEFM can

only be applied when the notch tip radius is extremely small, smaller than the micro Irwin’s
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characteristic length. If this condition is met, then the same observations on the applicability

of LEFM to pre-cracked structures hold.
O 4
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Figure 3.11: Two-scale cohesive law with related main damage mechanisms. The pictures are
the MD simulation results of the deformation of a thermoset polymer. Pictures reproduced
from Yang and Qu 2014 [110].

It is worth mentioning that thermosets are inherently less viscous compared to other
polymers such as e.g. thermoplastics thanks to the very short polymer chains and strong
covalent bonds between particles. Yet, as shown for concrete and other quasi-brittle materials
(111, 112], thermosets do exhibit strain rate dependence and increase of brittleness as the
loading rate becomes slower. To reduce the foregoing effects on the size effect data, the
applied displacement was scaled with the specimen size so to keep the same nominal strain
rate as mentioned in the previous chapter. While this approach limited strain-rate-dependent
shifts of the size effect curve, it could not prevent the fact that the two-scale cohesive model

we are proposing holds for the given strain-rate applied during the tests. Although the
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authors think that the traction-separation law would change significantly only for extremely
large rates, a study on the rate effect would be needed to validate this statement. This is

beyond the scope of this work and will be subject of future investigations.
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Figure 3.12: Two-scale equivalent uni-axial tensile hardening behavior and damage evolution
used in the simulations for Mode I scenario. Note that any possible pre-peak behaviors in
the hardening region highlighted in purple were used for the modeling of both pre-cracked
and pre-notched SENB specimens with various sizes.

3.4.1 Consideration of plasticity in the non-linear pre-peak behavior

The foregoing cohesive simulations only consider a linear elastic pre-peak behavior. However,
due to the fact that a small area of plastic deformation occurring in front of the notch was
observed by using TOM under polarized light, the hardening behavior of the material was
further considered to better capture the morphological feature as illustrated in Figure 3.6f.
In this direction, as plotted in Figure 3.12, the proposed pre-peak behavior can have a
possible hardening region which is characterized by a small non-linearity before reaching the

high strength (f{' ~ 200 to 300 MPa) and followed by a steep softening initially (G ~ 0.02
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N/mm) and a mild softening (G’ ~ 0.78 N/mm) accordingly. The foregoing micro-scale pre-
peak behavior also follows the classical Ramberg-Osgood relation with the same parameter
~v = 0.005 but a different exponent n in the range from 2.4 to 4.8. It is worth pointing
out here that this is actually similar to the previous two-scale cohesive law except for the
hardening region. In the case of a negligible hardening part, it noticeably becomes equivalent
to the previous two-scale cohesive law. Thanks to this non-linear pre-peak behavior in the
DP plasticity model, an excellent match with the micro-scale morphology and the load-
displacement curves for both pre-cracked and pre-notched specimens with various sizes was
also successfully achieved as illustrated in Figure 3.13. It is worth mentioning here that the
parameters (i.e. friction angle, dilation angle, and flow stress ratio) in the DP plasticity

model were kept the same as the ones presented in the previous chapter.

To support the foregoing statement, the equivalent uni-axial tensile hardening behavior
calibrated from dogbone specimen was used for the modeling of pre-notched specimens with
different sizes under Mode I loading condition. As can be noted from Figure 3.14a, an
unacceptable mismatch on the critical load between simulation and experiment was observed
for all the investigated sizes. In addition to this fact, the computational load-displacement
curves exhibit small non-linearity close to the critical load due to the slow crack propagation
and this aspect further contradicts the experimental results showing almost linear load-

displacement response and fast crack propagation at the failure.

On the other hand, an acceptable agreement between simulation and experiment cannot
be achieved by increasing the critical strain for damage initiation since this can lead to more
pronounced non-linearity for the computational load-displacement curves thus noticeably
deviating from the experimental results as shown in Figure 3.14b. The situation can be
even worse by considering even larger critical strain for damage initiation in the same model.
Thanks to this investigation, the foregoing mismatch confirms the fact that the mechanical
behavior of pre-notched specimen in Mode I case cannot be successfully captured with the
macro-scale constitute law featuring low strength and mild softening or the consideration of

large plastic strain. It is worth mentioning here that the same fracture energy was adopted
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Figure 3.13: Experimental and numerical load-displacement curves for both pre-cracked and
pre-notched SENB specimens with various sizes. This figure also compares experimental
morphology vs. simulation result for pre-notched specimen in Mode I case.

in this simulation and the foregoing one considering the micro-scale material properties.

3.4.2  Validation for micro-scale thermoset polymer specimen

The outstanding micro-scale cohesive behavior was further computationally validated through

the Mode I fracture tests on the micro-scale Single Edge Notch Tension (SENT) specimen

made of thermoset polymer provided by Kaneko et al. [18]. Thanks to the Focused Ion

Beam (FIB) milling technique and the outstanding pre-cracking method, the micro-scale

specimen was manufactured with the dimension of about 5.7 x 5.2 x 2 ym and the sharp
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Figure 3.14: Mismatch between experiment and simulation for load-displacement curves
of pre-notched SENB specimens with different sizes. The material properties used in the
simulations including: (a) calibrated dogbone specimens; (b) equivalent plastic strain e., =
0.16 for damage initiation.

crack featuring about 2.7 pum in length was created by pre-applying the moment on the
specimen before conducting the fracture tests as illustrated in Figure 3.15. By utilizing the
foregoing two-scale softening law to predict the load-displacement curve of the micro-scale
SENT specimen, as illustrated in Figure 3.16, simulation result has an excellent agreement
with the experimental data but this is not the case for the simulation with lower material

strength and mild softening showing a remarkable mismatch.

The recipe for the foregoing success mainly lies on the initial segment of the two-scale
softening law instead of the microscale strength since the strong stress intensity at the tip
would always lead to elastic stresses greater than the microscale strength. This initial seg-
ment of the two-scale softening law corresponds to the initial fracture energy (G’Jﬁ ~ 0.02
N/mm) which is almost equivalent to the one (G ~ 0.012 N/m) experimentally estimated
from the micro-scale Mode I fracture tests. This difference is mainly due to the fact that the

reported micro-scale fracture energy was calculated by LEFM which neglects the effects of



59

~2.T um

s

Pre-crack

Crack

Thickness = 2.0 um
/ Fixed \

Figure 3.15: Dimensions and mechanical test set-up for micro-scale SENT specimen. Note
that these images were obtained from [18§]
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the FPZ thus leading to the underestimation. The importance of the non-linear FPZ size on
the structural behavior and the calculation of the fracture energy will be discussed in the fol-
lowing chapters. This example clearly shows the consequence to characterize the fracturing
behavior of micro-scale specimen using inappropriate material properties from conventional
laboratory tests and provides a solid confirmation for the extremely different mechanical

behavior of thermoset polymer at the micro scale compared to the one at the large scale.
3.5 Statistical behavior of thermoset polymer at the micro-scale

A statistical study on pre-notched SENB specimens was conducted and presented in this
section since it was shown in the previous sections that the micro-scale strength can be
measured by leveraging this method. The purpose of this investigation is due to fact that
the statistical behavior of thermoset polymer at the micro-scale possibly plays a role in
better modeling of transverse matrix cracks in fiber-reinforced polymer composites. In fact,

it has been shown that the crack propagation after the damage initiation at the fiber/matrix
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Figure 3.16: Simulation results vs. experimental data for Mode I fracture tests on micro-
scale SENT specimen obtained from the outstanding work by kaneko et al. [18]. Note that
the same total fracture energy was adopted for the foregoing simulations with and without
considering micro-scale properties.

interface can be governed by the lower material strength rather than the mean value [13].

As illustrated in Figure 3.17, the probability distribution of the micro-scale strength is
plotted in the Weibull scale and the failure probability was calculated based on the method
as described in the previous chapter. It is interesting to notice from the figure that, while the
probability distribution of macroscopic strength obtained from uni-axial tensile tests follows
Weibull distribution, this is no the case for the micro-scale strength since its histogram is
composed of two segments separated by a kink point. The lower portion follows Weibull
distribution (i.e. straight line) whereas the upper part is curved following Gaussian dis-
tribution. The foregoing phenomenon indicates that the probability transits from Weibull
to Gaussian-Weibull distribution as specimen size decreases. This is consistent with the

observations for many quasi-brittle materials [113-117].



61

3 r
2 f
- 2\
— 1 - | (& Gaussian
Qs 0 |
| 1 E
NIV
R
3 F
LI W
=4
6 L
3.5 6.5

Figure 3.17: Probability distribution measured from dogbone and pre-notched SENB speci-
mens. Note that N represents number of tests.

With knowing the micro-scale strength histogram, a finite weakest link model can be used
to determine the equivalent RVE size since the structure can be modeled as a chain of finite
RVEs. According to the joint probability theorem, the failure probability of the structure

Py can be calculated as:
N

1—P(o) =[JI1 - Pu(o)] (3.3)

i=1
where P, = failure probability of one RVE and N = number of RVEs in the structure. It

was shown recently that the strength cdf of one RVE can be approximately expressed as

Gaussian core grafted with Weibull tail [118]:
Pi(o) =1 — e/ = (0/50)™ (0 <oy) (3.4)

e TP (e (0> 0y) (3.5)

r
Pl(a)ngr_i_ﬁ
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where m = Weibull modulus, sq = scaling parameter of the Weibull tail, ¢ and pg are
the standard deviation and mean of the Gaussian core, o, = grafting stress, and ry is the
scaling parameter required to normalize the grafted cdf such that Pj(co) = 1. In these
parameters, sp can be obtained from the macro-scale strength histogram for un-axial tensile
tests and m approximately equals to 20 based on the results as show in Figure 3.17. By
fitting the micro-scale strength histogram leveraging Eqgs. (3.3) to (3.5), it was found that
the maximum RVE length is about 1.6 ym and the length can be smaller than this value.
It is worth mentioning here that the micro-scale strength histogram was obtained assuming
negligible plasticity of the material and three-dimensional scaling. The more accurate results
about the RVE length can be determined by testing pre-notched SENB specimens featuring
different notch radii and considering the material plasticity. The foregoing determination of
one RVE length of the material is extremely important since this is the key information for

a stochastic modeling of progressive damage and its scaling of thermoset polymer.

3.6 Conclusions

1. The fracturing behavior of thermoset polymer structures featuring cracks is distinc-
tively different than the one of structures weakened by U-notches. Although this result
is not surprising for blunt notches with large tip radii, it was not expected for the
notches investigated in this work which featured a tip radius significantly smaller than

the Irwin’s characteristic length of the material,

2. In contrast to what has been proposed in the literature, plastic residual stresses in-
duced by the manufacturing of the notch cannot be the dominant cause of such a high
apparent fracture toughness. In fact, the residual stresses that would be required to
justify such a high toughness are larger than 100 MPa and it seems unlikely that they
can be generated by the sawing procedure. This statement is supported by additional
tests on specimens with notches created by pre-inserting a sharp razor blade. Even if

in such case plastic stresses cannot be induced, the failure loads were similar to those
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of the other notched specimens. A further confirmation for this statement is provided
by the results from Transmission Optical Microscopy (TOM) with cross-polarized light

showing almost negligible residual stresses due to the pre-notching process;

. To capture the behavior of both the cracked and notched specimens, a two-scale co-
hesive model is proposed. For sub-micron crack opening displacements, the cohesive
strength is about 300 MPa and the cohesive stresses decrease linearly and very steeply
with increasing crack openings. When the cohesive stresses reach the strength esti-
mated from typical laboratory-scale specimens (about 55 MPa) and the opening dis-
placements are beyond the sub-micron range, the slope of the cohesive law becomes
milder. Finally, the cohesive law ends with another linear branch starting when the
stresses reach 5 MPa. This last part of the cohesive law is characterized by a very slow

decay of the cohesive stresses;

. The proposed two-scale cohesive model captures the fact that, due to energetic-statistical
size effect [76-80], the microscopic strength of the polymer can be several times higher
than the one measured from macroscopic tests [17,81,110]. At the same time, the
steep initial part of the cohesive curve, leading to an initial fracture energy of only
about 2.5% of the total one, captures the lower energy dissipation occurring at the

sub-micron scale;

. Thanks to the foregoing model the different behavior of polymer structures featuring
cracks and sharp U-notches can be easily explained. Since the initial fracture energy G’;
is only a fraction of the total energy dissipated and the initial strength f/* is significantly
larger than in macroscopic tests, the Irwin’s characteristic length I}, = E*G";/ ( 2 =
0.54 pm related to the initial formation of the FPZ is significantly smaller than the
width of the notches investigated in this work. Accordingly, the fracturing behavior

of the notched specimens must depart from the one of cracked specimens and the

nominal stress at failure is determined by the elastic limit condition, i.e. oy, = fI'/k
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with k = stress concentration factor. On the other hand, in laboratory-scaled cracked
specimens the cohesive stresses in the FPZ at incipient failure always reach the second
portion of the cohesive curve. In such a case, the Irwin’s characteristic length [,
describing the FPZ is significantly larger since it depends on the total fracture energy
Gr ~ 40G? and a significantly lower strength f; ~ f{'/6. Accordingly, the failure
behavior of macroscopic cracked specimens depends only on the total fracture energy

and macroscopic strength;

. The higher fracture energy of pre-notched specimens has not meaning since the inves-
tigated specimens fail at the elastic limit. This indicates that LEFM cannot be applied
to the calculation of the fracture energy for pre-notched specimens in general, unless
the width is sufficiently lower than the Irwin’s characteristic length associated to the

initial part of the traction-separation law;

. Since the initial fracture energy is only a negligible portion of the total fracture energy
and, in laboratory-scale cracked specimens the cohesive stresses always overcome the
initial portion of the cohesive law, it is not possible to characterize ff' and G? unless
micro-metric specimens are tested. These tests are very challenging and are generally
affected by significant uncertainties. Based on the results of this work, a valid alter-
native is to test both cracked and pre-notched specimens and use the results on the

latter configuration to characterize f}";

. The foregoing considerations are further supported by the excellent agreement be-
tween the numerical predictions through the plasticity and crack band models and
the experimental data on geometrically-scaled Single Edge Notch Bending (SENB)
and micro-scale Single Edge Notch Tension (SENB) specimens. By considering the
hardening behavior of the material in the Drucker-Prager (DP) plasticity model, the
proposed two-scale constitute model is similar to the previous two-scale cohesive zone

model without including plasticity and able to capture not only the macro-scale load-
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displacement curves but also the micro-scale morphological features;

. The foregoing results are of utmost importance for the design of microelectronic devices
or polymer matrix composites. In fact, in these systems, the main damage mechanisms
belong to the sub-micron scale and the fracturing behavior is dominated by the initial
portion of the cohesive law since the opening displacements are not large enough to
reach the second portion of the curve. The two-scale model proposed in this work
and the related testing protocol, represent a first step towards the accurate yet simple

simulation of thermoset polymers at the micro-scale;.
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Chapter 4

MAKING THERMOSET POLYMER AS TOUGH AS METAL
VIA ENGINEERED POROSITY DUE TO THE ACTIVATION
OF MICRO-SCALE BEHAVIOR

The previous chapters described the strategies to characterize the superior plastic defor-
mation and micro-scale behavior of thermoset polymer. Thanks to the inspiration from these
excellent studies, this chapter focused on improving the structural performance of thermoset
polymer through engineered porosity which successfully utilized the micro-scale strength of
the material. It was concluded that the presence of engineered porosity can effectively im-
pede the fast propagation of the cracks in the material thus leading to the apparent fracture
energy comparable to the ones of conventional metals. Moreover, the residual behavior of the
polymeric structure in presence of pre-defects can also be significantly improved after cyclic
load by leveraging the porosity. The foregoing improvements were further computationally

confirmed by considering the micro-scale behavior of thermoset polymer in the simulations.

4.1 Specimen preparation and testing description

The investigated thermoset polymer and the corresponding manufacturing procedures in this
work were exactly the same as described in the foregoing chapters. To study the feasibility
of leveraging porosity to improve the structural performance of polymeric materials, various
testing geometries featuring cylindrical holes were prepared as illustrated in Figure 4.1. The
effects of hole arrangements were also considered in this work by investigating both square
and triangular patterns of cylindrical holes manufactured by using a tungsten carbide drill
bit. On the other hand, the effects of loading conditions were also considered by conducting

the quasi-static tests on all the investigated geometries and the fatigue tests on only U- an
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V-notched specimens. The quasi-static tests were performed under the displacement control
with a displacement rate of 0.01 mm/s by leveraging electro-actuated Psylotech meso-scale
machine coupled with a BXFM Olympus Microscope [119, 120] whereas fatigue tests were
conducted under load control with a stress ratio of R = 0.1 and a low frequency of f =5
Hz by using servo-hydraulic 8511 Instron machine. The detailed information for each testing

geometry is described in the following sections.

4.1.1 SENB specimen with sharp crack and cylindrical holes

The effects of porosity on the crack propagation of the material were initially investigated as
illustrated in Figure 4.1a by leveraging the Mode I fracture tests on the Single Edge Notch
Bending (SENB) specimens featuring a sharp crack but different patterns of cylindrical holes
in front of that crack. The crack length is about 0.35D where D is the width of the specimen.
It is worth mentioning here that the sharp crack was manufactured by tapping using a razor
blade after the initial sawing using a diamond-coated saw and the detailed procedures can
be found in [94,108]. On the other hand, the distance between the edges of cylindrical holes
S = 2mm was kept the same whereas four different radii of cylindrical holes R = 0, 0.2,
0.5 and Imm were considered in this work as illustrated in Figure 4.1a. As a consequence,
the investigated specimens comprise different volume fractions of cylindrical holes Vy = 0%,
2.2%, 8.7% and 19.6% for both square and triangular patterns since the volume fraction is
defined as V; = V,,/V, = 7(S/R + 2)~2 where V}, is the volume of the cylindrical holes in
the Representative Volume Element (RVE) and V; is the total volume of the RVE as shown
in Figure 4.1c. In the case of volume fraction V; = 0%, this situation corresponds to the

reference material representing the specimen without cylindrical holes.

4.1.2  U- and V-notched specimens with cylindrical holes

Except for the fracture tests focusing on the sharp crack, different types of notches were
also investigated as shown in Figure 4.1b for the specimens featuring triangular pattern

of cylindrical holes ahead of V- and U-notches under three-point bending condition. In
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addition, the residual structural performance of these materials was further evaluated by
conducting the quasi-static bending tests on the specimens which already experienced cyclic
load up to about 93% of total fatigue lifetime in average. The exactly same cyclic load was
applied on the pre-notched specimens with and without cylindrical holes in order to provide
a fair condition for the following measurement of the residual structural performance of the
foregoing specimens. The maximum load in the applied cyclic load was about 350N for V-
notched geometries and 275N for U-notched geometries which all corresponds to about 30%
of the critical quasi-static load for the specimen in presence of cylindrical holes but about
26% of the one for the specimen without cylindrical holes.

On the other hand, while these notches have the same length as the crack one for the
critical comparison, the notch geometries are significantly different from the sharp crack
since the investigated V-notch features right triangle with 90° angle inward the specimen
and U-notch has a width about 0.4mm leading to the radius of the notch tip about 0.2mm.
It is worth mentioning here that the manufactured V-notch does not have an ideal sharp
tip but features a finite radius of about 0.25mm. The purpose of this investigation is to
have a comprehensive understanding for the effects of porosity on the mechanical behavior
of polymeric structures in presence of various pre-defects. On the other hand, both V- and
U-notched specimens without cylindrical holes were also tested for the reference materials
and only one radius of the cylindrical hole (R = 0.5mm for V-notch and R = Imm for

U-notch) was selected for each notch type.

4.1.83  Rectangular specimen with cylindrical holes

Rectangular specimens only with cylindrical holes were further prepared for the three-point
bending tests as illustrated in Figure 4.1c to study the effects of porosity on the possible
structural degradation of intact polymeric materials. This investigation is definitely crucial
for designing the optimized size range and pattern of porosity for the overall structural im-
provement of polymeric materials and the importance of this aspect will be shown throughout

the following sections. As illustrated in Figure 4.1c, four different sets of hole arrangements
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Figure 4.1: (a) Pre-cracked SENB specimens with different patterns and sizes of cylindrical
holes for Mode I fracture tests; (b) V- and U-notched specimens with triangular pattern of
cylindrical holes for Mode I fracture tests; (c) Rectangular specimens with different patterns
and sizes of cylindrical holes for three-point bending tests.
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(X, R) were selected in this work and they were (0,0), (1.4,0.2), (2,0.5) and (3,1) leading
to different volume fractions for each investigated pattern exactly the same as the ones de-
scribed in the foregoing Mode I fracture tests. It is worth mentioning here that the symbol
X represents the edge distance as shown in Figure 4.1¢ and the set (X = 0, R = 0) is the

reference material representing the specimen without cylindrical holes.
4.2 Experimental results

4.2.1 Effects of porosity on the fracturing behavior of sharp crack
4.2.1.1 Global structural performance and damage characteristics

The load-displacement curves obtained from the Mode I fracture tests on pre-cracked SENB
specimens with different sizes and patterns of cylindrical holes are plotted in Figure 4.2. As
can be noted from the highlighted regions in the figure, the existence of cylindrical holes
can successfully hinder the crack propagation in the material since the load on the specimen
exhibits a sudden drop due to the initial crack propagation but does not further decrease
leading to the catastrophic failure of the specimen. Thanks to this crack pinning process,
the structure can be further loaded and the critical load can be improved up to about 300%
for both investigated patterns with the volume fraction V; = 2.2% compared to the one of
the reference material without cylindrical holes.

On the other hand, it is also interesting to notice from the figure that, while the me-
chanical behavior for most investigated specimens is almost linear up to the critical load
exhibiting pronounced brittle behavior, a remarkable pre-peak non-linearity and stable post-
peak softening was observed with increasing the volume fraction up to Vy = 19.63% for
the one with triangular pattern of cylindrical holes. This can be partially explained that
the crack propagation is not always hindered by the center of the cylindrical hole due to
the manufacturing misalignment as shown in Figure 4.3a. As a consequence, the following
damage was formed by the crack deflection between adjacent holes and the further crack

propagation features tortuous path between cylindrical holes as illustrated in Figure 4.3b.
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Figure 4.2: Experimental load-displacement curves for pre-cracked SENB specimens featur-
ing different volume fractions of cylindrical holes for both square and triangular patterns.
Note that the highlighted region in the plot represents the situation that the crack propagates
and stops by the cylindrical hole.
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Figure 4.3: Representative fracture sequences for pre-cracked SENB specimen with triangular
pattern of cylindrical holes (R = Imm) under Mode I loading condition: (a) crack pinning
due to the nearest cylindrical hole; (b) crack deflection between cylindrical holes. Note that
these images were taken at 70% of the critical load and the final fracture respectively.
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These damage characteristics lead to larger fracture region in the material thus dissipating
more energy which contributes to the forgoing non-linearity in the load-displacement curves
and this aspect is completely different from the case with lower volume fraction of cylindrical
holes which shows rapid crack propagation separating the entire specimen after the initial

crack pinning stage.

4.2.1.2  Apparent fracture energy: polymers with porosity vs. conventional metals

To shed more light on the previous structural improvement by means of porosity, the apparent
Mode I fracture energy estimated from the final peak load of the specimen was used to have
a critical comparison with the one obtained from the conventional SENB specimen without
cylindrical holes. The calculation of the fracture energy was based on the Linear Elastic
Fracture Mechanics (LEFM) which was expressed in the previous chapters and ¢ («og) =
dimensionless energy release rate which must be calculated for each pattern and volume
fraction of cylindrical holes as illustrated in Figure 4.4b.

It is worth pointing out here that the calculated fracture energy for the specimen only
featuring a sharp crack represents the real Mode I fracture energy of the material which
cannot be appropriately estimated by using the initial peak load of the specimen with larger
volume fraction of cylindrical holes. This aspect can be clearly seen from Figure 4.4a that,
while the estimated fracture energy corresponding to the lower volume fraction (2.2%) of
cylindrical holes has acceptable difference compared to the one of the conventional SENB
specimen without cylindrical holes, the larger volume fraction (19.63%) of counterparts can
lead to more than 50% underestimation of the real Mode I fracture energy. The consistent
results are regardless of hole arrangements and can be explained due to fact that the stress
field at the crack tip is significantly affected by the existence of larger cylindrical holes thus
violating the application of LEFM for the calculation of the fracture energy.

Moving back to the discussion on the aforementioned comparison, the fracture energy
required for the catastrophic failure of the structure can be significantly increased by lever-

aging cylindrical holes compared to the one obtained from the conventional SENB specimen
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Figure 4.4: (a) Mode I fracture energy estimated from the initial peak load of experimental
load-displacement curves for pre-cracked SENB specimens with different patterns and sizes
of cylindrical holes; (b) Dimensionless energy release rate with respect to normalized crack
length for all the investigated patterns and sizes of cylindrical holes.

for all the investigated hole arrangements as illustrated in Figure 4.5. In this figure, it is
interesting to notice that the possible quantity of improved fracture energy is characterized
by three different regions depending on the volume fraction of cylindrical holes. In region
one as highlighted in green in the figure, the initial crack propagation may not be success-
fully hindered by the small size of the front cylindrical hole due to the possible misaligned
locations between hole and crack. As the size of the cylindrical hole increases, the fractur-
ing behavior of the structure enters region two as highlighted in red in the figure. In this
region, the initial crack propagation can be hindered by the cylindrical hole at the second
row even if the front cylindrical hole fails to impede the foregoing crack propagation. The
last region as highlighted in blue in the figure represents the case for the largest investigated
size of the cylindrical hole which always successfully stops the initial crack propagation. It is
worth mentioning here that the crack propagation is supposed to be ideally hindered by the
smallest investigated size of the nearest cylindrical hole if the crack is located at the center

of the cylindrical hole. But this is not always the truth for the real engineering applications
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since the initiation location of the sharp crack in the material under complex service load

can be randomly emerged.
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Figure 4.5: Mode I fracture energy estimated from the final peak load of experimental
load-displacement curves for pre-cracked SENB specimens with different patterns and sizes
of cylindrical holes. Note that the initial crack length was used for the estimation of the
foregoing fracture energy.

It is surprising that the most improvement on the fracture energy can reach up to 1000%
compared to the one obtained from the reference material. This superior improvement with
one order of magnitude was never reported in the literature and can further leads to the
high apparent fracture energy about 10 N/mm which is equivalent or even higher than the
conventional metals (e.g. aluminum, steel, etc) as illustrated in Figure 4.5. Despite the
fact that some similar toughening methods were reported in the literature showing great
structural improvement but less than this work, the most important toughening mechanism
was not properly understood or different from other metallic materials and this aspect will be
well explained in the later sections which was inspired from the previous chapter regarding

to the micro-scale behavior of thermoset polymers.
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4.2.2  FEffects of porosity on the fracturing behavior of V- and U-notches
4.2.2.1 Quasi-static structural performance

The load-displacement curves obtained from the Mode I fracture tests on V- and U-notched
specimens with the investigated sizes of cylindrical holes arranged in triangular pattern are
plotted in Figure 4.6. In contrast to the previous mechanical behavior of the specimen
featuring sharp crack and cylindrical holes, the load-displacement curves in this case are
almost linear up to the peak value without exhibiting further structural improvement since
the ultimate failure of V- or U-notched specimen with cylindrical holes is only triggered by
the catastrophic fracture at the notch tip and the front cylindrical hole does not contribute to
the hindering of crack propagation from the notch tip. This phenomenon is mainly attributed
to the finite radius of V- or U-notch tip for the pre-activation of the toughening mechanism
before leveraging the cylindrical holes ahead of these notch types which is substantially
different from the situation for the specimen with the sharp crack and cylindrical holes.
This aforementioned toughening mechanism is also related to the micro-scale strength of

thermoset polymers and the detailed explanation will be discussed in the later sections.

The results obtained from these tests clearly indicate the importance of the overall de-
sign for the structural improvement through the optimized geometries of engineered porosity
which must find the best compromise among all the possible scenarios otherwise the ex-
pected improvement may not be achieved through the engineered porosity but the structural
strength and stiffness of the original material can be degraded as exemplified in Figure 4.6.
On the other hand, it is worth mentioning here that the engineered porosity does not always
have negative effects on the structural performance of polymeric materials in presence of
blunt notches under other loading conditions (e.g. fatigue, quasi-static after fatigue, etc)
and this aspect further leads to the following study by investigating the effects of porosity on
the residual structural performance of U- or V-notched polymeric materials which already
experienced cyclic load. In this scenario, the residual structural behavior may be improved in

the consideration of the possible crack initiation at the notch tip and the interesting results
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Figure 4.6: Experimental load-displacement curves for U- and V-notched specimens featuring
the investigated volume fractions of cylindrical holes arranged in triangular pattern.

are presented in the next section.

4.2.2.2  Residual structural performance after cyclic load

The residual structural performance of V- and U-notched polymeric materials with the in-
vestigated cylindrical holes was further evaluated as just mentioned in the previous section
and the corresponding results in terms of load-displacement curves are plotted in Figures 4.7
and 4.8. As can be noted from the figures for both pre-notched specimens without cylindrical
holes, the global residual stiffness of the materials generally does not deteriorate after about
93% of total fatigue lifetime whereas the residual loading capacity exhibits a dramatic degra-
dation more than 50% of the value measured from the original quasi-static tests. Surprisingly,
this does not happen for both pre-notched specimens with the investigated cylindrical holes
under a similar loading history as illustrated in Figures 4.7b and 4.8b since only the residual
critical load of the material features a less degradation with about 20% decrease in maximum

compared to the measurement from the original quasi-static tests. On the other hand, it was
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observed that some of the pre-notched specimens with the investigated cylindrical holes have
stable post-peak stage in the quasi-static tests after cyclic load as shown in Figures 4.7b and
4.8b and this aspect is also due to the tortuous crack propagation between cylindrical holes
in the materials as similarly described in the previous section for the specimen featuring the

sharp crack and cylindrical holes.
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Figure 4.7: Experimental load-displacement curves for V-notched specimens (a) without
cylindrical holes and (b) with triangular pattern of cylindrical holes. These plots compare
the results for quasi-static load only and quasi-static load after cyclic load up to 90% of the
total fatigue lifetime.

The foregoing results provide a positive example for leveraging the porosity to improve
the structural performance of polymeric materials which must contain notches for certain
engineering purpose under complex loading scenario and further emphansize the importance
of the optimized design for this method. However, the possible reasons for the foregoing
observation can be more complicated and associated to the local evolution of the stress
and stiffness around the notch tip of the material under cyclic load and the boundary of
the fatigue cohesive law. This aspect is undergoing and will not be covered here since the

investigation is beyond the scope of this study and will be conducted in the future.
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Figure 4.8: Experimental load-displacement curves for U-notched specimens (a) without
cylindrical holes and (b) with triangular pattern of cylindrical holes. These plots compare
the results for quasi-static load only and quasi-static load after cyclic load up to 90% of the
total fatigue lifetime.

4.2.83  Effects of porosity on the structural performance of intact materials

It is convinced from the foregoing results that the porosity can be used through the proper
design for the retardation of crack propagation thus guaranteeing the application of this
method for the structural improvement of polymeric materials with pre-defects for certain
engineering purpose. However, the negative aspect of using this method was also shown in
the previous section for the structural degradation of pre-notched polymeric materials un-
der quasi-static loading condition and this aspect can also be the truth for the polymeric
structures without featuring defects or potentially having defects in the future. In this con-
sideration, the effects of porosity on the structural performance of intact polymeric materials
must also be investigated to provide the useful information for the reliable design of porous
polymeric structures.

As can be noted from Figure 4.9, the specimens with the investigated volume fractions

of cylindrical holes exhibit negligible reduction on the structural stiffness but features a re-
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Figure 4.9: Experimental load-displacement curves for rectangular specimens with different
volume fractions of cylindrical holes. Both square and triangular patterns were investigated
in this work.
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markable reduction of the structural toughness more than about 70% for both investigated
patterns compared to the reference one almost featuring a pronounced plateau after reach-
ing the critical load. Such a noticeable degradation reflects in both critical displacement
and structural strength and features different rates with respect to the volume fraction as
illustrated in Figure 4.10. The definition of the structural strength in this case has the same
expression as written in section 2.3.1. As can be noted from the figure that, while the rapid
degradation on both critical displacement and structural strength happens approximately
lower than only 2.2% volume fraction of cylindrical holes for both investigated patterns in
the experiment, a mild degradation on these aspects was observed up to the maximum inves-
tigated volume fraction of cylindrical holes. The foregoing volume fraction is actually only
related to the ratio of the cylindrical hole radius R to the edge distance between adjacent
cylindrical holes S as shown in Figure 4.10. By knowing the evolution of the structural
strength with this ratio R/S is quintessential since it is possible to leverage the small size
of porosity to not only prevent the further crack propagation in polymeric materials thus
enhancing the structural capability but also have less structural degradation of polymeric
materials. This interesting aspect is associated to the optimized design of porosity for the

structural performance of polymeric materials which is beyond the purpose of this work.

4.3 Computational Analysis and Discussion

4.3.1 Computational modeling strategy

To have a computational characterization for the plastic deformation and fracture behavior of
all the investigated polymeric geometries in this study, the Drucker-Prager (DP) plasticity
model was used in the simulations to account the pressure-dependent plastic behavior of
thermoset polymers [121-124] whereas the following damage evolution was modeled in the
framework of Crack Band model to include all the stress components in the material which
was shown to play a significant role in the prediction of the fracture initiation for various

materials [22,125,126]. This computational strategy is exactly the same as the one described
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in chapter 2 which leads to an excellent agreement with the experimental results of thermoset

polymers under various loading conditions.

4.3.2  Toughening mechanisms and characteristics of porosity for crack pinning

By leveraging the foregoing computational strategy, it is curious to initially study why can the
porosity impede the crack propagation in the polymeric materials? To answer this question,
the conventional material properties of thermoset polymers obtained from the experimental
mechanical tests and related computational validations as reported in the literature [22,94,
108] were used in the simulations as a first attempt to capture the experimental results of
pre-cracked specimens featuring different patterns of sub-micron cylindrical holes. Before
moving to the insightful discussion on the simulation results, it is worth clarifying what
are the conventional material properties of thermoset polymers? By taking a representative
example as shown in Figure 4.12a for the dogbone specimen under uni-axial tension, the
conventional material strength can be about 55MPa at the critical strain of roughly 7% and
the corresponding pre-peak behavior can be described by the same macro-scale Ramberg-
Osgood relation as mentioned in chapter 2. On the other hand, the conventional fracture
energy of the investigated thermoset polymer can be directly measured from the rectangular
specimen only features a sharp edge crack which leads to about 0.8 N/mm as reported in the
previous studies [22,94,108] whereas the conventional fracturing evolution can follow either a
linear softening behavior for an approximation or a bi-linear one for a better description [96]
as highlighted in black curves in Figure 4.12b.

However, the foregoing simulations lead to a miserable underestimation with the experi-
mental results as exemplified in Figure 4.11 for the pre-cracked specimens with 2.2% volume
fraction of cylindrical holes arranged in both square and triangular patterns. In other words,
the simulations with the conventional material properties of thermoset polymers can only
capture the sudden drop of the load due to the initial crack propagation as clearly shown in
this figure but fail to further reproduce the crack pinning process induced by the sub-micron

cylindrical holes ahead of that initial crack. This unacceptable mismatch clearly shows the
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inadequate ability of using conventional material properties of thermoset polymers to char-
acterize the mechanical behavior of the material at the edge tip of the foregoing sub-micron
cylindrical holes and further implies a different material behavior at that location which
can possibly be the micro-scale behavior of thermoset polymers as recently reported in the

literature [17,22,81,108].
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Figure 4.11: Critical comparison between simulation and experiment for the load-
displacement curves of pre-cracked specimens featuring both square and triangular patterns
of cylindrical holes. Note that two different material behaviors were used in the simulations
to illustrate the fact that the experimental results cannot be characterized by using the
conventional material properties as typically reported in the literature showing miserable
underestimation but an excellent agreement for both cases can be achieved by considering
the micro-scale behavior of the material.

Following this direction, the simulations with the same parameters in the DP model
(i.e. k=1.0, 1 =20° and S = 40°) but a different constitutive law were conducted on the
specimens featuring a sharp crack and cylindrical holes. As can be noted from Figure 4.11, the
simulation results can have an excellent agreement with the experimental load-displacement
curves for both investigated hole arrangements and such a great success is indeed due to the

consideration for the micro-scale behavior of thermoset polymers into the constitutive law
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in the simulations as plotted in Figure 4.12. In this figure, the non-linear pre-peak behavior
can have a possible region for the best match with the experimental results which leads to
the micro-scale material strength in the range from about 200 to 300 MPa. This is followed
by a steep initial softening with the micro-scale fracture energy about 0.02 N/mm and a
mild softening featuring the foregoing conventional material strength and fracture energy.
This peculiar behavior is considered as a two-scale constitutive law since the high strength
and low fracture energy describe the micro-scale material behavior whereas the low strength
and high fracture energy captures the behavior for larger crack opening displacements. It is
worth mentioning here that the micro-scale pre-peak behavior of the investigated thermoset
polymer also follows the classical Ramberg-Osgood relation with the same parameter v =

0.005 but a different exponent n in the range from 2.4 to 4.8.
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Figure 4.12: Comparison between two-scale and macro-scale (conventional) equivalent uni-
axial tensile hardening behavior and damage evolution used in the simulations. Note that
both pre-cracked and pre-notched specimens with the sub-micron size of cylindrical holes
can only be captured by using two-scale behavior whereas the dogbone specimens and the
porous rectangular specimens can only be characterized by using macro-scale (conventional)
behavior.

Having illustrated the capability of using the proposed two-scale constitutive law in the
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Figure 4.13: Illustration of dominant toughening mechanism of sub-micron porosity for the
material with (a-b) sharp crack or (c-d) blunt notch. This mechanism is mainly associated
with the activation of micro-scale behavior of thermoset polymers featuring higher material
strength. Note that the symbol €., represents the equivalent plastic strain.

simulations to mimic the entire fracturing evolution including both initial crack propaga-
tion and the following crack arresting due to the sub-micron cylindrical holes, the dominant
mechanisms behind this toughening phenomenon can be further clarified as schematically
shown in Figures 4.13a-b. In the case of the porous polymeric structure featuring a sharp
crack under the Mode I loading condition, the material at the crack tip enters the softening
region rapidly due to strong stress intensity at that location thus triggering the fast initial
crack propagation as highlighted in red in Figure 4.13a. This propagating crack is imme-
diately hindered by the nearest cylindrical hole mainly due to the activation of the forging
micro-scale material strength (200 to 300 MPa) at the edge tip of that hole as illustrated in
Figure 4.13a otherwise the crack must penetrate this cylindrical hole since the stress con-
centration can always lead to the local stress near the edge tip of that hole higher than the

conventional material strength of thermoset polymers (50 to 70 MPa) thus leading to the
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catastrophic failure of the entire polymeric structure as shown in Figure 4.11. In addition to
the contribution of the micro-scale material strength for the crack pinning process, the plas-
ticity of the investigated thermoset polymer also plays a role in arresting the foregoing initial
crack propagation as illustrated in Figure 4.13b showing the representative equivalent plastic
strain accumulated at the edge tip of the cylindrical hole right before the dramatic failure of
the structure. It is definitely worth pointing out here that the plasticity is commonly consid-
ered as the main contribution to the crack blunting in the literature for the studies focusing
on the polymer toughening [89,127-129]. However, all the foregoing results show that the
higher material strength of thermoset polymers at the micro-scale is the leading factor for
hindering the crack propagation through the sub-micron porosity. It is worth mentioning
here that the toughening mechanism can be switched to mainly reply on the plasticity of the
material if the porosity radius is sufficiently large and this aspect can be considered in the

future studies.

Finally, the even smaller sizes of porosity for the crack pinning process can be alter-
natively investigated through the simulations with the foregoing two-scale constitutive law
considering the experimental difficulties in the manufacturing of the cylindrical holes with
that sizes. As illustrated in Figure 4.14, the complete evolution of the normalized structural
behavior of pre-cracked specimens with the geometries of cylindrical holes (R/S) was plot-
ted through the results from both experiment and simulation. In this figure, the predicted
normalized structural stiffness for the porosity with smaller sizes is not noticeably reduced
but the normalized structural strength for these cases show a great improvement up to 300%
compared to the original pre-cracked specimen without cylindrical holes. This predicted part
basically represents the transition from energy-driven to stress-driven failure for the material
at the edge tip of the cylindrical hole as reported in the previous work [108] showing the
effects of the aspect ratio ag/R on the fracturing behavior of pre-notched specimens. It is
worth mentioning here that all the foregoing predictions are based on the assumption that
the material at the edge tip of the cylindrical hole with even smaller sizes has a similar

micro-scale behavior. However, the different material behavior at that location of the poros-
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ity with different radii can also be possible considering the statistical-energetic size effect of
the material and this aspect can also play a role in the foregoing predictions for the smaller
sizes of the porosity. But this possibility is definitely positive in the consideration of the
higher material strength at lower length scale thus leading to the scenario that the normal-
ized structural strength can be even higher than the computational predictions as plotted in

Figure 4.14 for the extremely small sizes of the porosity.
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Figure 4.14: Evolution of the following normalized structural behavior for pre-cracked spec-
imens with cylindrical holes constructed by both experimental and computational results:
(a) structural strength and (b) structural stiffness. Note that the symbol a, stands for the
initial crack length.

4.3.3  Geometries of cylindrical holes for pre-notched materials

Having computationally shown the impossibility of leveraging conventional material behavior
of thermoset polymers to explain the toughening phenomenon of sub-micron porosity for
hindering the crack propagation as discussed in section 4.3.2, similar concept can also be
used to clarify the failure behavior of polymeric structures in presence of blunt notches with

sub-micron radius of curvature investigated in this work. As illustrated in Figure 4.15, the
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experimental results of both V- and U-notched specimens with and without cylindrical holes
can only be computationally characterized by considering the micro-scale behavior of the
material since the use of the macro-scale material behavior as plotted in Figure 4.12 in
the simulations can lead to a significant overestimation for pre-notched specimens without
cylindrical holes in spite of the excellent agreement with the experimental results for the same
geometry but featuring 19.64% volume fraction of cylindrical holes arranged in triangular
pattern. This comparison confirms the previous discussion in section 4.2.2.1 that the micro-
scale behavior of the material was pre-activated at the sub-micron notch tip before leveraging

the following cylindrical holes as schematically shown in Figure 4.13c.
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Figure 4.15: Critical comparison between simulation and experiment for the load-
displacement curves of (a) U-notched specimens and (b) V-notched specimens. Note that
two different material behaviors were used in the simulations to illustrate the fact that the
material behavior in this scenario must be different from the previous one used for porous
rectangular specimens as shown in Fig.4.12 in order to have an excellent agreement for both
pre-notched specimens with and without cylindrical holes.

In the light of the successful characterization with the experimental results, the evolution
of the normalized structural strength and stiffness of both V- and U-notched specimens

with the geometries of cylindrical holes (R/S) can also be further computationally obtained
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as plotted in Figure 4.16. In this figure, the structural strength and stiffness exhibit a
gradual degradation for both notch types which differs from the forgoing results for the intact
polymeric structures with cylindrical holes showing a severe degradation for the existence of
the sub-micron porosity. This difference indicates that the structural performance of pre-
notched specimens is mainly dependent on the volume of the material located at the notch
tip as long as the radius of the porosity is not sufficiently large and this aspect corresponds to
the micro-scale behavior of the material due to the sufficiently small volume of the material

at the notch tip for the participation of the deformation.
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Figure 4.16: Simulation vs. experiment for the following normalized structural behavior of
both V- and U-notched specimens with square and triangular patterns of cylindrical holes
under three-point bending condition: (a) structural strength and (b) structural stiffness.

4.3.4  Characteristics of intact materials with cylindrical hole

The extremely small size of porosity for the less structural degradation of intact polymeric
materials can also be alternatively investigated through the computational analysis. To
reach this goal, the plastic deformation and fracture behavior of the material only with

cylindrical holes under three-point bending condition must be initially calibrated from the
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experimentally investigated specimens. As illustrated in Figure 4.17, the excellent agreement
with the experimental load-displacement curves for all the investigated cases can be better
achieved by leveraging the Drucker-Prager plasticity model with the same parameters (i.e.
k = 1.0, v = 20° and g = 40°) and the constitutive behavior of the material as shown in
Figure 4.12 which differs from the foregoing micro-scale constitute behavior of the material.
In this figure, the uni-axial pre-peak behavior of the material follows exactly the same macro-
scale Ramberg-Osgood relation as mentioned in chapter 2 but the calibrated critical strain
for damage initiation being one order of magnitude larger than the previous conventional

value (7%) obtained form the uni-axial tensile tests on dogbone specimens.
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Figure 4.17: Simulation vs. experiment for the load-displacement curves of rectangular
specimens with different patterns and volume fractions of cylindrical holes.

Such a remarkable difference mainly depends on the local stress state in the specimen
which was reported for various materials in the literature 22,125,126, 130]. Thanks to the
introduction of cylindrical holes in the material, the larger critical strain can be activated due
to the local deviatoric stresses in the material and this aspect actually can be indicated from

the critical comparison on the morphological features between experiment and simulation as
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exemplified in Figure 4.18 showing a pronounced pattern of shear bands between cylindrical
holes in the rectangular specimen under three-point bending condition. It is worth mention-
ing here that the simulation results for these cases were less affected by the damage evolution
part as plotted in dashed black curves in Figure 4.12b thus the use of a linear softening law

with the same fracture energy leading to the similar results.

. ——

Figure 4.18: Experimental morphology vs. simulation result for the rectangular specimen
with triangular pattern of 8.73% volume fraction of cylindrical holes under three point bend-
ing condition at 95% of total quasi-static life. Note that e., represents the equivalent plastic
strain.

By leveraging the foregoing model, the structural behavior of the same material with
other geometries of cylindrical holes which was not experimentally investigated in this work
can be further computationally predicted. Thanks to this aspect, the complete evolution
of the normalized structural strength with the geometries of cylindrical holes (R/S) can be
successfully achieved as illustrated in Figure 4.19a. It was observed from this figure that
the severe degradation region for the structural strength of intact polymeric materials under

three-point bending condition was further reduced to the ratio about R/S = 0.025 which
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corresponds to 0.18% volume fraction of cylindrical holes. The foregoing results were further
confirmed through the additional computational tests on the specimens with different radii
and spacing of cylindrical holes as exemplified in Figure 4.19b which shows minor difference
on the normalized structural strength of these cases as long as the same ratio of the hole

radius R to the edge distance S between holes was considered.
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Figure 4.19: Simulation vs. experiment for the normalized structural strength of porous
rectangular specimen under three-point bending condition. This figure compares and predicts
the following cases: (a) different patterns and volume fractions of cylindrical holes but the
same spacing S = 2mm between adjacent cylindrical holes ; (b) square pattern of cylindrical
holes with different radii and spacing.

4.4 Conclusions

1. Crack propagation in the investigated thermoset polymer can be effectively hindered
through the porosity and the extent of the corresponding structural improvement de-

pends on the geometries of the porosity and the initial crack length;

2. By leveraging both experimental and numerical analyses, the best structural capacity

(i.e. critical load of the structure) can be maximized up to three times through the
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porosity leading to about ten times improvement on the apparent Mode I fracture
energy (Gy ~ 10N/mm) which is comparable to the related value measured from

conventional metals (G ~ 5 ~ 15N/mm);

. The foregoing excellent toughening behavior cannot be computationally explained by
using conventional material properties of thermoset polymers in the literature (mate-
rial strength f; ~ 50 ~ 70MPa and fracture energy Gy ~ 0.1 ~ 1.0N/mm) and the
underlying reason is attributed to the distinct mechanical behavior of thermoset poly-
mers at small length scale featuring higher material strength (f/* ~ 200 ~ 300MPa)
and lower fracture energy (G’ ~ 0.01 ~ 0.02N/mm);

. This interesting aspect, to the best of authors’ knowledge, was never reported in the
literature for studying the toughening mechanisms of polymers through various meth-
ods [122,127-129] since the plastic deformation of the material induced by the foregoing
methods was always considered as the main mechanism for blunting the crack thus im-

proving the structural behavior of polymeric materials;

. On the other hand, the porosity cannot further improve but can reduce the critical load
of polymeric structures without the initiation of the sharp crack and this unsatisfactory
aspect can be seen from the results for both porous rectangular specimens with and

without pre-existing notches under three-point bending condition;

. The reasons for the worse performance of the foregoing cases are intrinsically different
since the porous rectangular specimens with the investigated notches already activate
the higher material strength at the small notch tip whereas a remarkable plasticity
formed by shear bands at the bottom of the same specimens without any notches does

not activate the foregoing exceptional behavior of the material;

. Regarding the difference between square and triangular patterns of the porosity, the
latter case can possibly deflect the path of the crack propagation depending on the

geometries of the porosity and the orientation of the arrested crack as shown in the
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results for the porous rectangular specimens featuring a sharp edge crack. In this
consideration, the triangular pattern of the porosity can be a better candidate in the
real engineering applications due to the random direction of the crack initiation in the

polymeric structures under complex service load;

. In order to achieve an even comprehensive and accurate design, the following aspects
can be taken into further consideration: (a) the structural size of polymeric materials;
(b) the initial crack length versus the radius of the porosity; (c) the possible different
material strength and inelastic behavior evolving with the notch radius. These are

considered as the future publications.
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Chapter 5

THERMOSET POLYMER NANO-MODIFIED BY GRAPHENE
NANOPLATELETS

In this chapter, the mechanical and thermal behavior of thermoset polymer with the
addition of different contents of graphene nanoplatelets were further experimentally and
computationally studied. It was shown that the graphene nanocomposites with the inves-
tigated sizes exhibit strong quasi-brittle fracturing behavior due to the complex damage
mechanisms dissipating the energy which cannot be simply characterized by leveraging the
Linear Elastic Fracture Mechanics showing significant errors. By further conducting the
cohesive zone modeling analysis, it was confirmed that the foregoing non-linear fracturing
behavior of graphene nanocomposites can also be better described with a bi-linear cohesive
law rather than a traditional linear one. More importantly, the initial part of that cohesive
law representing the initial fracture energy was shown almost no improvement with increasing
the graphene content whereas the total area under the bi-linear cohesive law representing the

total fracture energy was remarkably improved with the addition of graphene nanoplatelets.

5.1 Materials and preparation

Thermoset polymer used in this work was exactly the same as described in the foregoing
chapters. The nanofiller was A-12 Graphene Nanoplatelet (Graphene Supermarket [131])
with an average flake thickness of greater than 3 nm (between 3-8 graphene monolayers) and
lateral dimensions of approximately 2-8 microns.

For the preparation of the epoxy/graphene specimens, the desired amount of epoxy and
graphene was mixed for 10 minutes and then high shear mixed at 1500 rpm for 20 minutes

by means of an electrically activated high shear mixer with a 48 mm impeller (Mixer Direct
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[132]). To promote platelet exfoliation, shear mixing was followed by sonication using a
Hielscher UP200S sonicator [133] with a 7 mm sonotrode for 20 minutes at 70% amplitude
and a duty cycle of 0.5 (it is worth noting here that a similar procedure was successfully
adopted by the authors for the exfoliation of nanoclays in thermoset polymers [72,134,135]).
The high shear mixing and sonication processes are shown in Figures 5.1a and 5.1b. After
that, the following procedures are the same as the manufacturing of pure thermoset polymer

as described in the previous chapters.

Figure 5.1: Graphene specimen preparation equipment: a) high shear mixer; b) sonicator.

5.2 Experimental results

To study the effect of graphene nanoplatelets on the mechanical behavior of thermoset poly-
mer (e.g. Young’s modulus, ultimate strength, ductility, etc.), four material configurations
characterized by different graphene weight contents were prepared for uni-axial tensile tests,

namely: pure epoxy, 0.3 wt%, 0.9 wt%, and 1.6 wt%. On the other hand, fracturing behavior
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due to the addition of graphene nanoplatelets were studied by leveraging three-point bending
tests on the SENB specimens with the same graphene weight contents as aforementioned for
uni-axial tests. It was mentioning here that the dimensions for uni-axial tensile and fracture

tests were exactly the same as the foregoing studies on the pure thermoset polymer.

5.2.1 Uni-axial tensile tests

The true stress and strain curves obtained from uni-axial tensile tests are plotted in Figure
5.2 for doghone specimens of different graphene concentrations. As can be noted from the
figure, all the tests were characterized by a significant non-linear behavior which becomes
less and less significant with increasing graphene content.

This can be due to a higher presence of voids or defects with higher amounts of graphene
which may lead to localization and failures during the non-linear deformation. On the other
hand, the Young’s modulus and ultimate tensile strength are plotted in Figure 5.3. As can be
noted, the addition of graphene did not significantly affect the elastic behavior and strength

of the investigated material.

5.2.2 Mode I fracture tests

The load-displacement curves of fracture tests are plotted in Figure 5.4 for different graphene
concentrations. It is worth noting that, for the pure epoxy specimens, the mechanical be-
havior is linear up to the peak load which is followed by unstable crack propagation. With
the addition of graphene, differences in the behavior of small specimens with respect to large
specimens become visible, this effect being more pronounced for higher graphene contents.
In fact, while large specimens show a very linear response up to failure, a significant
non-linear segment before the peak load characterizes the smaller sizes. This latter aspect
indicates hardening inelastic behavior and reduced brittleness (or higher ductility) for the
smallest specimen sizes. After reaching the peak load, the specimens exhibited snap-back

instability for all the investigated sizes and graphene concentrations. As a consequence, the
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Figure 5.2: True stress vs strain measured from tensile tests on dogbone specimens with
different graphene contents.

failures were catastrophic and occurred shortly after the peak load. The crack length, max-
imum load, and nominal strength for geometrically scaled specimens of different Graphene

Concentrations (GC) are tabulated in Table 5.1.

5.2.8 Mode II fracture tests

The Mode II fracturing behavior of graphene nanocomposites was further studied in this
section. The load-displacement curves of fracture tests on both pre-cracked and pre-notched
ENF specimens with the addition of 1.6 wt% graphene nanoplatelets and different sizes are
plotted in Figure 5.5. As can be noted from the figure, the mechanical behavior of the

specimen is characterized by a significantly reduced non-linearity before reaching the critical
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Figure 5.3: Young’s modulus and ultimate strength as a function of graphene content.

load compared to the case of pure epoxy under the same loading condition as shown in Figure
2.7. This is mainly attributed to the effects of the graphene nanoplatelets on the reduction
of the plastic deformation occurring in front of notch or crack tip and the bottom of the
specimen. In addition to this, the critical load of pre-cracked ENF specimen nano-modified
by 1.6 wt% graphene nanoplatelets exhibits relatively scattered behavior compared to the
one of pure epoxy since the critical load of larger specimen is not always higher than the one

of smaller specimen as illustrated in Figure 5.5.

This scattered behavior can also be observed in the calculation of apparent local Mode
I fracture energy as illustrated in Figure 5.6. It is worth mentioning here that the fracture
energy was calculated by using Eq.(2.2) and the value of g(a) was obtained through the
same method as discussed in the previous section 2.3.3. As can be noted from the figure, the
apparent local mode I fracture energy of pre-cracked 1.6 wt% graphene nanocomposite tends
to exhibit significantly scatted behavior as the specimen size decreases. This is probably due
to the fact that the global Mode II fracturing behavior of ENF specimen highly depends on
the local dispersion of graphene nanoplatelets as decreasing the specimen size. On the other
hand, a scatter of apparent local Mode I fracture energies is in the range from 2 N/mm to 12

N/mm depending on the specimen size. This scattered range is higher than the average Mode
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Figure 5.4: Load-displacement curves for different graphene concentrations and specimen
sizes.

I fracture energy measured from the corresponding pre-cracked SENB specimen as it will be
shown in the following sections. In this consideration, the estimated local Mode I fracture
energy was considered as the apparent value, similar to the Mode II case of pure epoxy
as described in chapter 2, despite the fact that less plasticity in the investigated graphene
nanocomposite affects the calculation of local Mode I fracture energy through pre-cracked
and pre-notched ENF specimens by leveraging LEFM.

It is interesting to investigate the fracturing morphology of the specimen with the addi-
tion of 1.6wt% graphene nanoplatelets under global Mode II loading condition. As illustrated
in Figure 5.7, both pre-notched and pre-cracked specimens fracture at an angle of roughly

70° with respect to the direction of the initial notch or crack which is consistent with the
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one for the pure epoxy under the same loading condition. This is another confirmation of
the local Mode 1 fracturing behavior of the specimen under global Mode II loading condi-
tion. It is worth mentioning here that, for pre-cracked 1.6wt% graphene nanocomposite, the
catastrophic failure does not always happen at the crack tip and may eventually happen at

a distance away from the crack tip as shown in Figure 5.7.

- . —— i’
Original notch- Original crack

\Pre-nOtcHéd -~ A\ Pre-cracked

Figure 5.7: Fracture surfaces for pre-cracked and pre-notched ENF specimens with the addi-
tion of 1.6wt% graphene nanoplatelets under global Mode II loading condition. Both cases
fractured around 70° respect to the direction of initial crack or notch.

5.2.4  SEM analysis

In order to investigate the main nanoscale mechanisms of damage that can lead to an in-
crease in mode I fracture energy of graphene nanocomposites, the SENB specimens were
cut and the fracture surfaces were gold-coated in order to be used for Scanning Electron
Microscopy (SEM) by a JSM-6010PLUS/LA Electron Microscope [136]. The SEM images

of some samples are showed in Figure 5.8 highlighting the differences between each graphene
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concentration. As can be noted, the fracture surface of the pure epoxy specimen was very
smooth (Figure 5.8a) whereas the surface becomes rougher in texture as the graphene con-

centration increases (Figure 5.8b-d).

GC (wt%)  Specimen width (mm) Crack length (mm) Max load (N) Nominal strength (MPa)

0.3 D=10 5.01 155.00 7.35
0.3 D=10 4.04 212.84 10.38
0.3 D=10 3.39 284.40 13.45
0.3 D=20 7.03 353.95 9.04
0.3 D=20 4.88 538.00 12.48
0.3 D=20 7.67 302.23 7.78
0.3 D=40 13.84 539.04 6.61
0.3 D=40 13.13 558.68 7.12
0.9 D=10 4.62 179.58 8.39
0.9 D=10 5.19 157.52 6.87
0.9 D=10 5.21 172.87 7.36
0.9 D=20 8.46 292.67 7.10
0.9 D=20 9.86 261.56 5.94
0.9 D=40 15.86 503.51 6.04
0.9 D=40 16.93 469.50 5.52
0.9 D=40 17.68 457.80 5.15
1.6 D=10 5.69 150.36 6.51
1.6 D=10 5.54 171.04 7.49
1.6 D=10 6.02 126.40 5.61
1.6 D=20 9.27 348.10 7.76
1.6 D=20 9.04 348.27 7.92
1.6 D=20 10.35 294.07 6.56
1.6 D=40 13.80 717.68 8.41
1.6 D=40 13.53 769.07 8.73

Table 5.1: Max load and nominal strength of specimens at different graphene concentrations.

Higher magnification images in the propagation region are shown in Figures 5.9a-c for 0.9
wt% and 1.6 wt% graphene concentrations. Based on the pictures, the damage mechanisms

are shown to be the following: a) microcrack deflection; b) microcrack pinning; and c)
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separation between graphene layers. As Figure 5.9a shows, crack deflection occurs when
the crack front meets the surface of the graphene sheets and the crack is deflected leading
to crack propagation around the graphene sheet into another plane. On the other hand,
Figure 5.9b shows that when the crack front meets the surface of the graphene sheets, it
becomes pinned and splits into two cracks. Finally, as shown in Figure 5.9¢, when the crack
front meets the edge of the graphene sheets, the crack continues to propagate in between the
layers, splitting the agglomerate in two.

These damage mechanisms, schematically illustrated in Figure 5.10, cause the crack to
take a more torturous path thus requiring more energy to be released during the crack
propagation. It is worth mentioning that similar damage mechanisms were reported by
Chandrasekaran et al. [137,138] for graphene nanocomposites and by Quaresimin et al. [134]

and Zappalorto et al. [72,135] for nanofillers of similar morphology.

SEl 10kV WD12mmSS50 20pm  — SEI 7kV  WD10mmSS20 —
Sample Oct 28,2016 | Sample Sep 29, 2016

! ‘Crack'?rén{. oy

SEI 10kV  WD35mmSS30 500pum  —
Sample Aug 31, 2016 Aug 30, 2016

Figure 5.8: Fracture surfaces of specimens at different graphene concentrations: a) Pure
epoxy; b) 0.3 wt%; ¢) 0.9 wt%; d) 1.6 wt%.
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Figure 5.9: Damage mechanisms of graphene nanocomposites: a) crack deflection (1.6 wt%
graphene concentration); b) crack pinning/bifurcation (0.9 wt% graphene concentration); c)
separation between graphene layers (1.6 wt% graphene concentration).

5.3 Analysis and discussion

The size of the non-linear Fracture Process Zone (FPZ) occurring in the presence of a large
stress-free crack is generally not negligible. The stress field along the FPZ is nonuniform and
decreases with crack opening, due to discontinuous cracking, micro-crack deflection, micro-
crack pinning and graphene layer separations [137,138]. As a consequence, the fracturing
behavior and, most importantly, the energetic size effect associated with the given struc-
tural geometry, cannot be described by means of classical Linear Elastic Fracture Mechanics
(LEFM). To capture the effects of a finite, non-negligible FPZ, the introduction of a charac-
teristic (finite) length scale related to the fracture energy and the strength of the material is

necessary [101-103,139, 140].
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Figure 5.10: Schematic damage mechanisms of graphene nanocomposites: a) crack deflection;
b) crack bifurcation/pinning; ¢) separation between graphene layers.

5.3.1 Analysis of Mode I fracture tests by Size Effect Law (SEL)
5.8.1.1 Size effect law for graphene nanocomposites

The fracture tests can be analyzed leveraging on an equivalent linear elastic fracture mechan-
ics approach to account for the presence of a FPZ of finite size as shown in Figure 5.11. To
this end, an effective crack length a = ao+cy with ag = initial crack length and c; = effective

FPZ length is considered. Following LEFM, the failure condition can now be written as

2

D
G (a0 +¢7/D) = =g (a0 + ¢/ D) = Gy (5.1)

where G ¢ is the mode I fracture energy of the material and cy is the effective FPZ length, both

assumed to be material properties. It should be remarked that this equation characterizes

the peak load conditions if ¢'(a) > 0, i.e. only if the structure has positive geometry [102].
By approximating ¢ (o) with its Taylor series expansion at o and retaining only up to

the linear term of the expansion, one obtains:

2
onD c

Gr= b g(o) + Bfgl(ao)] (5.2)
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which can be rearranged as follows [102]:

S E*Gf
e \/Dg(ao) +crg' () (5:3)

where ¢' (o) = dg (ap) /da.
This equation relates the nominal strength of geometrically scaled structures to a char-

acteristic size, D and it can be rewritten in the following form:

One = ——8 (5.4)

V14 D/D,

where op = (E*Gy/crg'(a0))™” and Dy = crg'(an)/g(c) = constant, depending on both
FPZ size and specimen geometry. Contrary to classical LEFM, Eq. (5.4) is endowed with a
characteristic length scale Dy. This is key to describe the transition from ductile to brittle

behavior with increasing structure size reported in the fracture tests.
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Figure 5.11: Fracture Process Zone (FPZ) for quasi-brittle materials.

5.3.1.2 Fitting of experimental data by SEL

The values of Gy and ¢y can be determined by regression analysis of the experimental data.

Assuming geometrically scaled structures, Bazant et al. [102] proposed to define the following:

X=D, Y=oy (5.5)
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thanks to this, Eq. (5.4) can now be expressed in the following linear form:
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Figure 5.12: Estimation of fracture parameters Gy and ¢y by fitting experimental data using

Eq. (5.9).

Eq. (5.7) can be used to perform a linear regression analysis of the size effect data

provided that all the specimens are scaled exactly (i.e. g(ap) and ¢'(ag) take the same

values for all the tests). This implies that all the specimens of different sizes have the same

normalized crack lengths.

However, since the initial cracks for the nanocomposites were

created by tapping, a perfect scaling could not be guaranteed. To overcome this issue, in

this study, Eq. (5.7) was rearranged as follows:

1  glao)

D+ Y

g (ao)oy. g () E*Gy ExGy

(5.8)
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Y =BX+M (5.9)

where now X = g(ag)D/g' (o), Y = (¢'(w)o%,) ", B = (E*G;)~", and M = ¢;/E*Gy.
Following Eq. (5.9), a linear regression analysis was conducted for all the graphene concen-
trations as represented in Figure 5.12 and the parameters B and M, reported in Figures
5.12a-d, could be estimated for all the graphene concentrations.

It is interesting to note that the slope B of the regression curve decreases significantly with
increasing concentrations of graphene whereas the intercept M shows an opposite trend. As
can be noted from the expressions of B and M, a milder slope denotes a higher mode I fracture
energy thus confirming a toughening effect of the graphene nanoplatelets. Conversely, for
increasing fracture energies, a higher value of the intercept indicates an increasing size of the
effective Fracture Process Zone (it is worth mentioning here that the case of a material with
negligible FPZ, as assumed by LEFM, corresponds to regression lines passing through the
origin). This suggests an increasing ductility of the material system with increasing graphene

content.

5.3.2  Estimation of Mode I fracture properties by SEL

The parameters of the size effect law, B and M, can be directly related to the mode I fracture

energy of the material, Gy and the effective F'PZ size, c; as follows:

1 M

provided that the functions g () and ¢’ (o) = dg («) /da and the elastic modulus E* are
known. The function g(«) was obtained through the same method as described in the
previous chapter and the expression is written in Eq. (2.3). To determine the function ¢'(«),
various normalized crack lengths close to the selected value of a were considered in order
to calculate the tangent slope of g(«) through linear interpolation. Based on the numerical

analysis, the following polynomial fitting, plotted in Figure 5.13, was obtained:

g (o) = 18909a” — 31733a* + 207880° — 6461.50° + 955.06c — 50.88 (5.11)
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Figure 5.13: Dimensionless energy release rate g(«) and its first derivative ¢’(«) as a function
of normalized crack length o = a/D. The functions are calculated by means of FEA.

Graphene concentration (wt%) Fracture energy Gy (N/mm) ¢y (mm)

0 0.880 0.283
0.3 0.911 0.546
0.9 1.059 1.096
1.6 1.693 1.587

Table 5.2: Experimental Gy and c; values for different graphene concentrations.

The mode I fracture energy Gy and the effective FPZ length c; estimated by means of
Eq. (5.10) are tabulated in Table 5.2. It is worth noting here that, indeed, the addition of
graphene led to an enhancement of the mode I fracture energy which increased from 0.880
N/mm for the pure epoxy case to 1.693 N/mm for the 1.6 wt% case, a 92.4% improvement.
On the other hand, the addition of graphene caused a larger FPZ size which changed from 283
pm to 1587 pum. This latter aspect is of utmost importance: while the inherent assumption
of LEFM of a negligible FPZ seems reasonable for the pure epoxy case, this is not true
for graphene-modified specimens which show a FPZ about one order of magnitude larger

and not negligible compared to e.g. the specimen width. This is in agreement with the
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results obtained by Salviato et al. for other nanocomposite systems by means of multi-scale
analytical models [141-149]. The importance of the finiteness of the FPZ for the estimation
of nanocomposite fracture energy and its consequences on the structural scaling will be

discussed in the following sections.

5.3.83 Size effect analysis

To investigate the scaling behavior of structural strength, it is interesting to analyze perfectly
geometrically scaled specimens of different sizes. Now that the fracture properties of the
various material systems are known, it is possible to estimate the structural strength for a
given normalized crack length starting from the experimental data. In fact, let us consider
a crack length of 0.5D for all the specimen sizes. One can relate the experimental results,
calculated for crack lengths close to 0.5D but not exactly 0.5D, to the desired case by

imposing that the energy release rate at failure is Gy in both cases:

2
JNc,expD

2
c O Ne,desire D c
0 (@) + o0 (@0a) | = = [9(0.5) + L/ (0.5) (5.12)

D E* D

This leads to the following expression for the adjusted nominal strength:

Dyg(ao.eap) + c19'(q0,ex
UNc,desired:UNc,exp\/ g( % p) fg( 0 p) (513)

Dg(0.5) + ¢4’ (0.5)
The experimental data adjusted according to Eq. (5.13) and the fitting by SEL are shown
in Figures 5.14a-d where the structural strength oy, is plotted as a function of the structure
size D in double logarithmic scale. In such a graph, the structural scaling predicted by
LEFM is represented by a line of slope —1/2 whereas the case of no scaling, as predicted
by stress-based failure criteria, is represented by a horizontal line. The intersection between
the LEFM asymptote, typical of brittle behavior, and the plastic asymptote, typical of
ductile behavior, corresponds to D = Dy, called the transitional size [102]. As can be
noted from Figure 5.14a, the experimental data related to the pure epoxy system all lie very
close to the LEFM asymptote showing that, for the range of sizes investigated in this work

(or larger sizes), linear elastic fracture mechanics provides a very accurate description of
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fracture scaling. This confirms that, for the pure epoxy and sufficiently large specimens, the
FPZ size has a negligible effect and LEFM can be applied, as suggested by ASTM D5045-
99. However, this is not the case for graphene nanocomposites which, as Figures 5.14b-d
show, are characterized by a significant deviation from LEFM, the deviation being more
pronounced for smaller sizes and higher graphene concentrations. In particular, the figures
show a transition of the experimental data from stress-driven failure, characterized by the

horizontal asymptote, to energy driven fracture characterized by the —1/2 asymptote.

- 14 ¢
14 [

t ___Strength Criterion | 12 : Strength Criterion
12 : S B it itttk ittt

““\ ) /D=10 mm

= 1
D=10 mm D=20 mm

D=20 mm

08 [

0.8 /D=40 mm F
06 | 06 F
0.4 ‘ O Experimental Data 04 E O Experimental Data
02 F Size Effect Curve 02 F — Size Effect Curve
— 0 £ Pure Epoxy 0 F 0.3 wt % Graphene Concentration
O NN T T T T T T ST T YT T N T T S N N S S T TS T S ST TS S S YT T I N T
z
) 0 0.5 1 1.5 2 25 3 0 0.5 1 15 2 25 3
S 14 ¢ 14
k=) . c) i d)
12 ¢ 12 ¢ Strength Criterion

__________________________________________________

1 D=20 mm

F D=20 mm F o -
r E R D=40 mm
08 F 08 | ./
05 D=10 mm 06 _ D=10 mm
04 E O Experimental Data 04 e Experimental Data
0o | — SizeEffect Curve 02 [ - SizeEffect Curve
F09ow% Graphene Concentration E 16w % Graphene Concentration
0"“‘|““|““|“‘|““|““ 0"“‘|““|““|““|“‘|““
0 0.5 1 1.5 2 25 3 0 05 1 15 2 25 3
log(D)

Figure 5.14: Size effect curves for different graphene concentrations.

This phenomenon can be ascribed to the increased size of the FPZ compared to the
structure size which makes the non-linear effects caused by micro-damage in front of the

crack tip not negligible. For sufficiently small specimens, the FPZ affects the structural
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behavior and causes a significant deviation from the scaling predicted by LEFM with a much
milder effect of the size on the structural strength. On the other hand, for increasing sizes,
the effects of the FPZ become less and less significant thus leading to a stronger size effect
closely captured by LEFM. Further, comparing the size effect plots of nanocomposites with
different graphene concentrations, it can be noted a gradual shift towards the ductile region
thus showing that not only the addition of graphene leads to a higher fracture toughness but

also to a gradually more ductile structural behavior for a given size.

5.3.4  FEstimation of Mode I fracture properties of nanocomposites : LEFM vs SEL

Having discussed the scaling of the fracturing behavior and having shown that, for graphene
nanocomposites, the FPZ is not negligible for the range of specimen sizes investigated, it is
interesting to check how the mode I fracture energy calculated through SEL compares to the
estimation from LEFM for the various sizes and graphene contents.

The fracture energy can be calculated by means of LEFM which does not account for
the FPZ length. Figures 5.15a-c show a comparison between the fracture energy estimated
by SEL and by LEFM for different specimen sizes and graphene concentrations. As can be
noted, for a given size, the difference between SEL and LEFM increases with the amount
of graphene with LEFM underestimating Gy. The difference increases with the addition
of graphene since, as shown in previous sections, the FPZ size increases monotonically and
thus the cardinal assumption of LEFM becomes less and less accurate. The underestimation
caused by LEFM can be very significant if one considers that the maximum difference,
occurring at 1.6 wt% for all sizes, is 20.9%, 49.2% and even 113.3% for the large, medium
and small sizes respectively. More importantly, a serious issue about using LEFM when the
specimen sizes belong to the transitional region is that the estimate is not objective, i.e. it
does depend on the size of the specimen tested. This can be noted from Figures 5.15a-c
which show that, for a given graphene content, the fracture energy estimated by LEFM is
size dependent, being lower for smaller sizes. It is interesting to note that, for example,

the calculations based on LEFM for 1.6 wt% nanocomposites show basically no increment
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in the fracture energy for the small size specimen while, for the large size, the increment is
about 50%. Conversely, thanks to the characteristic length scale associated with the FPZ
size, SEL provides the same estimate of the fracture energy for all the sizes. Of course,
the size dependence of the fracture energy estimated by LEFM and its difference from SEL
depends on the range of sizes investigated: for sufficiently large specimens, both the theories
provide the same, size independent, fracture energy. This may explain why the range of
fracture energy increments obtained by nanomodification reported in the literature is so large:
neglecting the effects of the non-linear FPZ lead to fracture energy estimates which were size
dependent and consistently underestimating, the underestimation being more significant for

larger nanofiller concentrations and smaller specimen sizes.
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Figure 5.15: Fracture energy estimated from LEFM and SEL for several specimen sizes and
graphene contents.
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5.8.5  Study on the applicability of LEFM to polymer nanocomposites

The ASTM D5045-99 provides a lower limit for (D —a) to guarantee a plane strain condition.
According to the standard:

(D —a) > 25(K;c/o,)? (5.14)

where D is the specimen width, a is the crack length, K¢ is the fracture toughness, and o,
is the yielding stress. Even if this limit is suggested for a different purpose, it is interesting
to check if it would be enough to guarantee the use of LEFM to estimate the fracture energy
of the material for the graphene nanocomposites investigated in this work. To this end,
Eq. (5.14) is compared to the width D., which would be required to guarantee a difference
between the nominal strength predicted by LEFM and SEL lower than 10%. Accordingly,

the lower limit of D can be calculated as follows:

\/ EG; _ g9, ECr (5.15)

Derg(on) + crg' () D.rg(c)

Finally, rearranging Eq. (5.15), the lower bound D, can be expressed in the following general

form:

iléz;))) ¢ (5.16)

A comparison between the standard ASTM D5045-99 and SEL for the case in which the

D, =4.263

crack length is half the width D of the specimen is reported in Table 5.3 by using an average

Poisson’s ratio of 0.4 for all the graphene concentrations.

Graphene concentration (wt%) ASTM D5045-99 (mm) Size effect curve (mm)

0 D > 4.45 D> 1770
0.3 D > 4.60 D > 14.80
0.9 D > 5.62 D >29.71
1.6 D >9.97 D > 43.04

Table 5.3: ASTM D5045-99 and SEL for the limitations of size criteria on SENB specimens.
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According to Table 5.3, the difference between ASTM D5045-99 and size effect curve can
be significant depending on the graphene content. For the highest graphene content and the
geometry investigated in this study, D.. (the width providing a difference between LEFM
and SEL of 10% only) would be in the order of 40 mm. This limit is significantly reduced
for the pure epoxy, with LEFM being valid for widths larger than approximately 7 mm. For

both cases, the value calculated from the standard is always lower with D.. = 9.97 mm and

4.45 mm for the 1.6 wt% and pure epoxy specimens respectively.
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Figure 5.16: Load-displacement curves vs. cohesive zone model featuring a Linear Cohesive
Law (LCL) for different graphene contents and specimen sizes. Experimental data taken
from [94].



500

400

300

200

500

Load, P [N]

400

300

200

100 |

100

600
Pure Epoxy [ 0.3 wt % Graphene Concentration
i D=40mm 500 | D=40 mm
i 400 | !
S oy | i
[ 300 !
L : .
D=20 mm 200 -
/ F ' D=20 mm
- D=10mm  _ Bijinear CohesiveLaw | 100 [ # D=tomm _ Bi-linear Cohesive Law
--- Experimental Result L --- Experimental Resul
P T S R PR 0 7. P R
0 0.2 04 0.6 0.8 0 0.2 04 0.6
[ 800
[ 0.9 wt % Graphene Concentration | 700 F 1.6 wt % Graphene Concentration
- b=40mm /= g p=40mm 7 |
| 600 ~ l
(o ™| |
[ 400 F |
L AN F /o |
= 300 F A)
7 b=20 mm g & ™ D=20 mm I
/ 200 F
D=10mm  — Bidinear Cohesive Law | 4qq E A — Bi-linear Cohesive Law
--- Experimental Result F D=10 mm --- Experimental Result
1 IR IS T T SN SN N TN T ST SO SN SO S S O « L .
0 0.2 04 0.6 0.8 0 0.2 0.4 0.6 0.8

Displacement, u [mm]

116

Figure 5.17: Load-displacement curves vs. cohesive zone model featuring a Bi-linear Cohesive
Law (BCL) for different graphene contents and specimen sizes. Experimental data taken

from [94].

5.4 Cohesive zone modeling: linear vs. bi-linear

Thanks to the comprehensive investigation on the size effect in graphene nanocomposites

as discussed in the previous sections, the characteristics of the cohesive crack law can be

studied. With knowing the fact that pure thermoset polymer is better described by a bi-

linear cohesive law as shown in the previous chapter, it is interesting to check that this is also

valid for graphene nanocomposites or not. To this end, both linear and bi-linear cohesive

laws with the same fracture energy were used to match load-displacement curves obtained

from experimental fracture tests on geometrically scaled Single Edge Notch Bending (SENB)
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specimens with various contents of graphene. The description on the features of linear and
bi-linear cohesive laws was presented in the previous chapter. It is worth mentioning here
again that, for the bi-linear cohesive law, different intersection points were investigated in

order to match experimental load-displacement curves.
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Figure 5.18: Calibrated bi-linear cohesive law vs. linear cohesive law with the same total
fracture energy.

Figures 5.16-5.17 show a comparison between the experimental load defection curves and
simulation through a Cohesive Zone Model (CZM) featuring a linear and bi-linear cohesive
law respectively. It can be noted that specimens with different sizes and graphene concen-
trations are also better described by a bi-linear cohesive law instead of a linear cohesive law.
In fact, the bi-linear cohesive law provides a very accurate description of the fracture tests

with errors on the structural strength less than 7% whereas the linear cohesive law shows a
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maximum deviation from the tests of 30%. A comparison between the calibrated linear and

bi-linear cohesive laws for the various graphene contents is shown in Figures 5.18a-d.
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Figure 5.19: Evolution of the initial and total fracture energy of the calibrated bi-linear
cohesive law as a function of the graphene content. As can be noted, the addition of graphene
nanoplatelets increased the total fracture energy but did not improve the initial fracture
energy.

Figure 5.19 shows the initial, G ¢, and total, G, fracture energy as a function of graphene
platelet content. It is interesting to note that the initial fracture energy does not increase
significantly as a function of graphene content. The increasing total fracture energy for higher
graphene contents can all be ascribed to the change in slope of the second part of the curve.
This is the indication that, for crack opening displacements lower than about 20um, which is
e.g. the case of a crack propagating between micrometer fibers in a unidirectional composite
(Figure 5.20), the effects of nanomodification may be negligible. In fact, as schematically
explained in inserts (b) to (e) of Figure 5.20, in such a case only the initial part of the
bi-linear cohesive law is developed and drives the fracturing behavior. This may explain why

the use of nanomodification to improve the fracturing behavior of the polymer matrix in fiber
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composites has met with changing fortunes. Even if increments of the total fracture energy
by nanomodification can be observed from tests on laboratory-scale specimens, this does not
guarantee that the initial portion of the cohesive curve, which drives the microcracking in

composites, has improved. This latter aspect can be clarified only by size effect testing and

cohesive zone modeling, as clearly shown in this work.
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Figure 5.20: Schematic representation of a micro-crack propagating in a composite: (a) and
(b) Cohesive crack formation; (c) cohesive stresses bridging the crack faces; (d) distribution of
crack opening displacement and (e) corresponding stresses and displacements in the cohesive

law. Note that, for a micro-crack, the cohesive stresses do not enter the second arm of the
bi-linear cohesive law (0, = 0(0) > oy).
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5.5 Experimental characterization of thermal properties

5.5.1 Materials and testing methods
5.5.1.1 FExothermic cross-linking process

Thermal behavior of the foregoing graphene nanocomposites was further characterized by
leveraging the Differential Scanning Calorimetry (DSC) tests in order to computationally
understand the coupled mechanical and thermal behavior of the material during the cross-
linking process as it will be discussed in the future work. The effects of temperature and
graphene nanoplatelets on the cross-linking process of polymers were initially investigated
by conducting the thermal tests at three different isothermal conditions (80°C, 100°C and
120°C) using a Mettler Toledo DSC device [150]. The nano-modified specimen was placed
in an aluminum crucible and the heat generation of the material was directly measured by
the DSC sensor. To ensure that the material was mainly cured at the isothermal condition,
the ramping temperature at the beginning of the thermal test was set up about 20°C/min

in order to reach the investigated temperatures in few minutes.

5.5.1.2 Measurement of thermal conductivity

In addition to the studies of cross-linking process, the effects of graphene nanoplatelets
on the thermal conductivity of polymers were further evaluated by using the simple DSC
measurements. The detailed procedures were based on an interesting method proposed by
Hakvoort and Van Regien [151]. As illustrated in Figure 5.21 for this study, an aluminum
crucible with the Gallium was placed on the upper surface of the cylindrical specimen and
the heat flowing into the specimen was measured after the melting point of the metal was
reached. It is worth mentioning here that the melting temperature of the Gallium is about
30°C indicating that the measured thermal conductivity only corresponds to this investigated
temperature. However, thermoset polymers can possibly exhibit different thermal conductive

behavior at different temperatures and degrees of cross-linking process and this aspect can
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be further studied in the future by leveraging a comprehensive set of thermal tests.

3D Printed Molds for Silicone Molds

Gallium

Aluminum coa d
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Figure 5.21: (a) Experimental setup for measuring the thermal conductivity of the material;
(b) 3D printed plastic molds for the silicone molds; (¢) Cylindrical pure epoxy specimens.

5.5.2  Fxperimental results and analysis
5.5.2.1 Degree of cross-linking process

To have a quantitative characterization on the cross-linking process, the heat generation due
to the exothermic reaction of the material can be used to define the degree of curing as shown
in the following expression:

(5.17)

where ¢(t) is the degree of curing, H(t) is the heat generated in the cross-linking process of
the polymer at the time t and H, is the total heat generation for the exothermic reaction.
In this definition, the degree of curing equals to 0 representing the uncured polymer whereas
the fully cross-linked polymer leads to the degree of curing equivalent to 1. It is interesting to
plot how the degree of curing evolves with the curing time for all the investigated graphene

nanocomposites at various isothermal conditions. As can be noted from Figure 5.22, the
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rate of the cross-linking process strongly depends on the curing temperature for all the

investigated graphene contents since the curing time is significantly faster for the material

cross-linked at higher temperature.
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Figure 5.22: Comparison between degree of curing and time for all the investigated graphene

nanocomposites cross-linked at various isothermal conditions.

However, the addition of graphene nanoplatelets does not significantly affect the cross-

linking process for all the investigated materials exhibiting similar tendency for the degree of

curing. This is mainly due to the small volume of the material in the crucible experimentally

measured through the DSC tests. In fact, the kinetics of the cross-linking process for the

polymer was subtly affected by the investigated contents of graphene nanoplatelets as it
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will be shown in the next paragraph. It is worth mentioning here that larger volume of
the specimen should be used to to investigate the effects of graphene content on the cross-

linking process of the polymer by leveraging a coupled thermal and mechanical computational

modeling in the future work.
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Figure 5.23: Best fitting of the experimental curves representing the degree of curing for all
the investigated graphene contents at various curing temperatures by using Kamal’s equation.



On the other hand, the heat generation of the material can be

following kinetic equation proposed by Kamal [152]:

i _

g = (0:0) = (D) + ka(T)6™)(1 — )"
AF,
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AFE,

TR

ka(T) = Ay - exp(—

ko (T) = Ay - exp(—
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characterized by the

(5.18a)
(5.18b)

(5.18c¢)

where m and n are constants, k1 (7") and ko(7T') are the Arrhenius equations describing chemi-

cal reactions, A; and A, are the frequency-related constants, 7' is the temperature in Kelvin,

R is the gas constant, and AF, and AFE, are the activation energies. As illustrated in Fig-

ure 5.23, the experimental curves for the degree of curing with respect to the time can be

successfully described by the foregoing kinetic equation based on the Levenberg—Marquardt

algorithm for all the investigated graphene nanocomposites at various isothermal conditions.
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Figure 5.24: Calibrated parameters for Kamal’s equation describing the kinetics of the cross-

linking process for all the investigated graphene contents.

By leveraging this successful characterization, the effects of graphene content on the

cross-linking process of the polymer can be indirectly investigated through the calibrated

parameters in the foregoing kinetic equations. As illustrated in Figure 5.24, the activation
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energy AFE; does not significantly change with increasing the graphene content whereas the
constant A; is remarkably affected exhibiting a soaring trend as increasing the graphene
content. The weak effect on the increasing activation energy indicates that the investigated
graphene nanoplatelets can increase the energy barrier for the cross-linking reaction of the
polymer. However, the strong effect on the increasing factor A; implies that the cross-linking
process of the polymer is intensified with the modification of graphene nanoplatelets thus

leading to the higher heat generation as long as the chemical reaction is proceeded.
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Figure 5.25: Heat flow rate vs. temperature obtained from the representative experimental
tests for the purpose of measuring the thermal conductivity of the cylindrical pure epoxy
with different heights.

5.5.2.2 Thermal conductive behavior

The thermal conductive behavior of the investigated graphene nanocomposites was further
measured by leveraging the foregoing method as mentioned in the previous section 5.5.1.2

and the following description for the detailed analysis. The heat flow rate () in a cylindrical
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specimen can be expressed by Q = AANAT /L where L and A are the length and cross-sectional
area of the cylindrical specimen and A is the thermal conductivity of the material. In this
definition, the thermal resistance of the material can be further obtained in the expression
R = AT/Q = L/(AX). Thanks to this relation, the total thermal resistance of the system

can be written in the following form:

AT L
N T a1 Rs—s Rs—m 5.19
o At + (5.19)
where R,_, is the thermal resistance between specimen and sensor and R,_,, is the thermal

resistance between specimen and metal.
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Figure 5.26: Linear regression fitting of the experimental tests for geometrically-scaled
graphene nanocomposites. These figures plot the thermal resistance vs. the ratio of the
length L to the cross-sectional area A.
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Figure 5.27: Evolution of the thermal conductivity with the investigated graphene content.

To obtain the thermal conductivity of the material by leveraging the foregoing expression,
geometrically-scaled cylindrical specimens with the same cross-sectional area (17.5mm?) but
different heights (2.05 mm, 3.32mm and 5.1mm) are required for the thermal tests as illus-
trated in Figure 5.21c. On the other hand, the ratio of the temperature increment AT to
the total heat flow rate can be measured from the experimental curves obtained from the
DSC tests as shown in Figure 5.25. In this figure, the forgoing ratio can be directly esti-
mated based on the slope of the curve after reaching the melting temperature of the Gallium.
Thanks to this approach, the inverse of the thermal conductivity for the specimens with all
the investigated graphene contents can be obtained by using a linear regression fitting as
shown in Figure 5.26. As can be noted from the figure, the slope of the curve exhibits a
decreasing trend as the graphene content increases. This clearly shows that the addition of
graphene nanoplatelets improves the thermal conductive behavior of the polymer as illus-
trated in Figure 5.27 and the highest improvement can reach about 84% with the addition
of 1.6% graphene nanoplatelets.
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5.6 Conclusions

1. For all the investigated contents, the addition of graphene nanoplatelets to the resin
did not provide a significant effect on the elastic properties and strength whereas an
outstanding enhancement of mode I fracture energy was reported. A weight fraction of
1.6% of graphene resulted in an increase of the fracture energy of about 92.4% compared
to the pure resin, this result making graphene-modified resins ideal candidates for the

development of tougher and more ductile composite structures;

2. The fracture tests on geometrically-scaled SENB specimens confirmed a remarkable
size effect. The analysis of the experimental data showed that the fracture scaling of
the pure epoxy is captured accurately by Linear Elastic Fracture Mechanics (LEFM).
However, this was not the case for graphene nanocomposites which exhibited a more
complicated scaling. The double logarithmic plots of the nominal stress as a function
of the characteristic size of the specimens showed that the fracturing behavior evolves
from ductile to brittle with increasing sizes. For sufficiently large specimens, the data
tend to the classical —1/2 asymptote predicted by LEFM. However, for smaller sizes,
a significant deviation from LEFM was reported with data exhibiting a milder scaling,
a behavior associated to a more pronounced ductility. This trend was more and more

pronounced for increasing graphene contents;

3. The deviation from LEFM reported in the experiments is related to the size of the Frac-
ture Process Zone (FPZ) for increasing contents of graphene. In the pure epoxy the
damage/fracture zone close to the crack tip, characterized by significant non-linearity
due to sub-critical damaging, was generally very small compared to the specimen sizes
investigated. This was in agreement with the inherent assumption of LEFM of negligi-
ble non-linear effects during the fracturing process. However, the addition of graphene
nanoplatelets with the various additional damage mechanisms that come with it (such

as e.g. platelet/matrix delamination, nano-crack deflection and plastic yielding), re-
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sulted in larger and larger FPZs. For sufficiently small specimens, the size of the highly
non-linear FPZ was not negligible compared to the specimen characteristic size thus
highly affecting the fracturing behavior, this resulting into a significant deviation from

LEFM;

. Capturing the correct scaling of the fracturing behavior is of utmost importance for
structural design. Further, it is quintessential to correctly measure important material
properties such as the fracture energy. The analysis of the results reported in this study
shows that using LEFM to calculate the mode I fracture energy from the experiments
leads to a size dependent Gy. Taking the specimens with 1.6% wt of graphene as
an example, the fracture energy according to LEFM was 0.8 N/mm, 1.0 N/mm and
1.25 N/mm for the small, medium and large sizes respectively. The reason for this
discrepancy is that LEFM lacks intrinsically of a characteristic length and thus cannot

capture the effects of the FPZ size;

. Following Bazant et al. [101,102], an Equivalent Fracture Mechanics approach was used
to introduce a characteristic length, cy, into the formulation. This length is related to
the FPZ size and it is considered a material property as well as Gy. The resulting scaling
equation, known as Bazant’s Size Effect Law (SEL), depends not only on G but also
on the FPZ size. An excellent agreement with experimental data is shown, with SEL
capturing the transition from quasi-ductile to brittle behavior with increasing sizes.
The fracture energy for the specimens with 1.6% wt of graphene, finally a material

property independent of the specimen size, was 1.69 N/mm whereas ¢; = 1.59 mm;

. The difference between the fracture energy predicted by LEFM and SEL depends on
the FPZ size compared to the specimen size, with LEFM underestimating G y compared
to SEL. For the specimens with 1.6% wt of graphene and the sizes considered in this
work, LEFM predictions were about 113.3%, 49.2% and 20.9% lower compared to

SEL for the small, medium and large sizes respectively. The difference decreases with
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increasing specimen sizes and tends to zero for sufficiently large specimens as the FPZ

becomes negligible compared to the specimen size;

. The foregoing evidences show that particular care should be devoted to the under-
standing of the scaling of the fracture behavior of nanocomposites. In particular, the
fracture tests carried out to characterize e.g. the fracture energy should guarantee
objective results. Size effect testing on geometrically scaled specimens is a simple and
effective approach to provide objective data. Alternatively, LEFM could be used pro-
vided that the specimen size is large enough. The size limit depends on the size of the
FPZ and the geometry of the tested specimen. For the SENB specimens investigated,
a difference lower than 10% between the nominal strength predicted by LEFM and
SEL can be guaranteed if D > 4.263¢'(cw)cs/g(cp). This limit is generally higher than

the one suggested by ASTM D5045-99 to guarantee a plane strain condition;

. To get a deeper understanding on the foregoing results, fracture tests on thermosets
reinforced by graphene nanoplatelets were re-analyzed via a cohesive modeling for all
the sizes and graphene contents considered. It is concluded that, in general, a bi-linear
cohesive law provides a very accurate description of fracture tests with errors on the
structural strength less than 7%. A reasonable agreement is also found leveraging a

linear cohesive law, with errors on structural strength no larger than 30%;

. The analysis via the bi-linear cohesive law provided unprecedented insights on the in-
fluence of graphene nanoplatelets on the cohesive stresses. It is found that, for the
size range investigated, the initial part of the cohesive law is unaffected by nanomod-
ification. The increasing total fracture energy for higher graphene contents can all be
ascribed to the change in slope of the second part of the cohesive law. Two main con-
siderations can be made from this result: (a) the toughening by graphene nanoplatelets
requires sufficiently large crack opening displacement (larger than about 20um for the

system investigated in this work), confirming that mechanisms such as crack deflection
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and splitting are the main sources of energy dissipation; (b) for very small crack opening
displacements, such as for the case of a crack propagating between micrometer fibers
in a composite, the effect of nanomodification may be negligible, since no change in
the cohesive behavior is induced by graphene nanoplatelets in that regime. Of course,
different nanoparticles and manufacturing processes may affect the initial portion of
the cohesive law differently. Future work will focus on understanding the physical re-
lation between the characteristics of the cohesive law and the nano/microstructure of

the material.
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Chapter 6

QUASI-BRITTLE BEHAVIOR OF GENERIC POLYMER
NANOCOMPOSITES

The previous chapter discussed the remarkable effects of the Fracture Process Zone (FPZ)
on the fracturing and size scaling behavior of graphene nanocomposites. This chapter focuses
on investigating the fracturing behavior of generic polymer nanocomposites inspired from
the aforementioned interesting phenomenon. Towards this goal, a large bulk of data in the
literature on the fracturing behavior of nanocomposites (nanomodification includes nanoclay,
rubber and silica nanoparticles, carbon-based nano-fillers, etc) was critically re-analyzed by
employing the expression derived from the Bazant Size Effect Law. The re-analyzed results
show that most of generic nanocomposites are located in the quasi-brittle region which cannot
be analyzed through the Linear Elastic Fracture Mechanics showing highest underestimation
more than 150%. The correctness of the re-analyses was further confirmed through the

computational studies by means of cohesive zone modeling with a linear softening law.

6.1 Fracture scaling of generic nanocomposites

To investigate the effects of the non-linear FPZ, the fracture tests on the thermoset polymer
reinforced by nanoparticles in the literature were analyzed and discussed. Figure 6.1 shows
the normalized structural strength oy./0¢ of the literature data as a function of the normal-
ized structure size D /Dy in double logarithmic scale. The solid line represents the fitting by
SEL. In such a graph, the structural scaling predicted by LEFM is represented by a dashed
line of slope —1/2 whereas the case of no scaling, as predicted by stress-based failure criteria,
is represented by a horizontal line. The intersection between the LEFM asymptote, typical of

brittle behavior, and the pseudo-plastic asymptote, typical of ductile behavior, corresponds
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to D = Dy, called the transitional size [102].

As can be noted from Figure 6.1, the experimental data are in excellent agreement
with SEL, which inherently captures the transition from strength-dominated to toughness-
dominated fracture. More importantly, the figure shows that although some fracture tests re-
ported in the literature were conducted under LEFM conditions (assumed by ASTM D5045-

99), most of the data are located in the transitional region.
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Figure 6.1: Size effect in polymer nanocomposites: data taken from the literature [138,153—
162].

Accordingly, the experimental data show that LEFM does not always provide an accurate
method to extrapolate the structural strength of larger structures from lab tests on small-
scale specimens, especially if the size of the specimens belonged to the transitional zone. In
fact, the use of LEFM in such cases may lead to a significant underestimation of structural
strength, thus hindering the full exploitation of graphene nanocomposite fracture proper-

ties. This is a severe limitation in several engineering applications such as e.g. aerospace or
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aeronautics for which structural performance optimization is of utmost importance. On the
other hand, LEFM always overestimates significantly the strength when used to predict the
structural performance at smaller length-scales. This is a serious issue for the design of e.g.
graphene-based MEMS and small electronic components or nano-modified carbon fiber com-
posites in which the inter-fiber distance occupied by the resin is only a few micrometers and
it is comparable to the FPZ size. In such cases, SEL or other material models characterized

by a characteristic length scale ought to be used.
6.2 Effects of the FPZ on the calculation of the Mode I fracture energy

Notwithstanding the importance of understanding the scaling of the fracturing behavior,
the tests conducted by Mefford et al. [94] as discussed in the previous chapter represent, to
the best of the author’s knowledge, the only comprehensive investigation on the size effect
in nanocomposites available to date. All the fracture tests reported in the literature were
conducted on one size and analyzed by means of LEFM. Considering the remarkable effects
of the nonlinear FPZ on the fracturing behavior documented in the foregoing section, it is
interesting to critically re-analyze the fracture tests available in the literature by means of
SEL. This formulation is endowed with a characteristic length related to the FPZ size and,
different from LEFM, it has been shown to accurately capture the transition from brittle to

quasi-ductile behavior of nanocomposites.

6.2.1 Application of SEL to generic polymer nanocomposites

To understand if the quasi-brittle behavior reported in previous tests [94] is a salient feature
of graphene nanocomposites only or if it characterizes other nanocomposites, a large bulk of
literature data were re-analyzed by using Size Effet Law (SEL) in order to study the effects
of the FPZ. In this analysis, in the absence of data on the effective FPZ length, ¢, from the
literature, it is assumed that ¢; = 0.44., which, according to Cusatis et al. [82], corresponds
to the assumption of a linear cohesive law. In this expression, I, = E*G/f? is the Irwin’s

characteristic length which depends on the Young’s modulus £*, the mode I fracture energy
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G and the ultimate strength of the material f;. Substituting this expression into SEL and
rearranging one gets the following expression which relates the fracture energy calculated

according to SEL to the fracture energy calculated by LEFM:

c _ Gy LeEFM
fSEL = 1 _ 044E"g'(a0)Gy.rerm
D fZg(a0)

(6.1)

where Gy rpry = 0%.Dg(ag)/E* represents the fracture energy which can be estimated by
analyzing the fracture tests by LEFM.

It can be observed from Eq.(6.1) that the correct fracture energy in the literature can
be calculated by knowing three key parameters in addition to g(ap) and ¢'(ap): (1) the
fracture energy through the use of LEFM; (2) the Young’s modulus of the specimens at
different nanoparticle concentrations; and (3) the ultimate strength of the specimens at
different nanoparticle concentrations. For the few cases in which those parameters were not
provided by the authors, the ultimate strength, Young’s modulus, and Poisson’s ratio of
nanocomposites were reasonably assumed to be 50 MPa, 3000 MPa, and 0.35 respectively.

The calculation of g(a) and ¢'(«) for SENB specimens can be done according to the
procedure described in the previous chapter. In the case of CT specimens, the values for
g(a) and ¢'(«) can be determined leveraging the equations provided by the ASTM D5045-99.
Following the standard, the mode I Stress Intensity Factor (SIF), K, can be written as:

P
tvD

where o = a/D and D is the distance between the center of the hole to the end of the

K () (6.2)

specimen as defined in ASTM D5045-99. The nominal stress oy for CT specimens can be

defined as:
P

- = (6.3)

ON

The mode I Stress Intensity Factor can be rewritten as follows by combining Eq. (6.2) and
Eq. (6.3):

K; =VDoyf(a) (6.4)
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By considering the relationship between energy release rate and stress intensity factor for a

plane strain condition, the mode I energy release rate results into the following expression:

D 2
G = g*Ng(oz) (6.5)

where g(a) = f%(a), and f(«) is a dimensionless function accounting for geometrical effects
and the finiteness of the structure. Once g(«) is derived, the expression of ¢'(a) can be
obtained by differentiation leading to the following polynomial expressions for g(a) and

g'(a) respectively:
g(a) = 333250° — 52330 + 32016a° — 9019.1a” + 1230.1a — 51.944 (6.6)

¢ (a) = 555868a° — 895197 4 5540470 — 15915302 + 210350 — 917.3 (6.7)

6.2.2 Mode I fracture energy of thermoset nanocomposites

Several types of nanofillers were investigated in this re-analysis including carbon-based nano-
fillers (such as carbon black, graphene oxide, graphene nanoplatelets, and multi-wall carbon
nanotubes), rubber and silica nanoparticles, and nanoclay. The fracture energy estimated
from LEFM compared to the calculation through SEL, Eq. (6.1), for nanomodified SENB
and CT specimens are plotted in Figures 6.2-6.6 along with the highest difference.

Figure 6.2 shows the data elaborated from Carolan et al. [155] who conducted fracture
tests on SENB specimens nano-modified by six different combinations of nanofillers. As can
be noted, while for the pure polymer the difference between LEFM and SEL is negligible,
this is not the case for the nanomodified polymers, the difference increasing with increasing
nanofiller content. The difference varies based on the type of nanofiller used, with the greatest
value being 42.6% for the addition of 8 wt% core shell rubber mixed with 25% diluent and
8% silica. This confirms that for the SENB specimens tested in [155] the nonlinear behavior
of the FPZ is not negligible, leading to a more pseudo-ductile behavior compared to the pure

polymer.
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Figure 6.2: Mode I fracture energy estimated by Linear Elastic Fracture Mechanics (LEFM)
and Size Effect Law (SEL), Eq. (6.1). The latter formulation accounts for the finite size of
the nonlinear Fracture Process Zone (FPZ) in thermoset nanocomposites. Data re-analyzed
from [155].
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Figure 6.3: Mode I fracture energy estimated by Linear Elastic Fracture Mechanics (LEFM)
and Size Effect Law (SEL), Eq. (6.1). The latter formulation accounts for the finite size of
the nonlinear Fracture Process Zone (FPZ) in thermoset nanocomposites. Data re-analyzed
from [153] and [156].
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Figure 6.4: Mode I fracture energy estimated by Linear Elastic Fracture Mechanics (LEFM)
and Size Effect Law (SEL), Eq. (6.1). The latter formulation accounts for the finite size of
the nonlinear Fracture Process Zone (FPZ) in thermoset nanocomposites. Data re-analyzed
from [138] and [154].
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Figure 6.5: Mode I fracture energy estimated by Linear Elastic Fracture Mechanics (LEFM)
and Size Effect Law (SEL), Eq. (6.1). The latter formulation accounts for the finite size of
the nonlinear Fracture Process Zone (FPZ) in thermoset nanocomposites. Data re-analyzed
from [157], [158] and [159].
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Similar conclusions can be drawn based on Figures 6.3a-f which report the analysis of
the fracture tests conducted by Zamanian et al. [156] and Jiang et al. [153] on polymers
reinforced by silica nanoparticles and silica nanoparticle+graphene oxide respectively. For
the data in [156], the greatest percent difference of the fracture energy between LEFM and
SEL decreased as the size of silica nanoparticle increased, with the greatest difference being
28% for the addition of 6 wt% 12 nm silica nanoparticles. For all the systems investigated,
the maximum deviation from LEFM is for the largest amount of nanofiller, confirming that
nanomodification lead to larger FPZ sizes and more pronounced pseduo-ductility. On the
other hand, the data by Jiang et al. [153] exhibit an even larger effect of the FPZ with
the greatest difference in fracture energy between LEFM and SEL reaching up to 51.8% for
silica nanoparticle attached to graphene oxide. A milder effect of the FPZ can be inferred
from the data by Chandrasekaran et al. [138] who investigated three types of carbon-based
nano-fillers (Figure 6.4): (1) thermally reduced graphene oxide; (2) graphene nanoplatelets;
and (3) multi-wall carbon nanotubes. In these cases, the difference between SEL and LEFM
ranges from 4.9% to 8.8%, the lowest difference among all the data analyzed in this study.
For these systems, the specimen size compared to the size of the nonlinear FPZ is large
enough to justify the use of LEFM which provided accurate and objective results. On the
other hand, a more significant effect of the FPZ can be inferred from the data reported by
Konnola et al. [154] who studied three different types of functionalized and nonfunctionalized
nano-fillers. In this case, the greatest difference in fracture energy ranges between 15.2% to

20.3%.

SENB specimens nano-modified by nanoclay and carbon black respectively were tested by
Kim et al. [157]. As Figure 6.5 shows, in this case, the specimen size is enough to justify the
use of LEFM as confirmed by the low difference with SEL (11.2% for nanoclay and 7.3% for
carbon black). Similar conclusions can be drawn on the silica nanoparticles investigated by
Vaziri et al. [158]. However, for the three different sizes of silica nanoparticles investigated by
Dittanet et al. [159], a significant difference between LEFM and SEL is observed, confirming

that these specimens belonged to the transition zone between pseudo-ductile and brittle
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behavior where the effects of the nonlinear FPZ cannot be neglected.

Figure 6.6 shows a re-analysis of the data reported by Liu et al. [160] who tested CT
specimens nano-modified by four different combinations of silica nanoparticle and rubber.
As can be noted, in this case, the FPZ indeed affects the fracturing behavior significantly.
Adopting LEFM, which assumes the size of the FPZ to be negligible, for the estimation of
Gy would lead to an underestimation of up to 156.8% for the case of polymer reinforced
by 15 wt% rubber only. This tremendous difference, the largest found in the present study,
gives a tangible idea of the importance of accounting for the nonlinear damage phenomena
occurring in nanocomposites which can lead to a significant deviation from the typical brittle

behavior of thermoset polymers.
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Figure 6.6: Mode I fracture energy estimated by Linear Elastic Fracture Mechanics (LEFM)
and Size Effect Law (SEL), Eq. (6.1). The latter formulation accounts for the finite size of
the nonlinear Fracture Process Zone (FPZ) in thermoset nanocomposites. Data re-analyzed
from [160].
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6.3 Cohesive zone modeling of thermoset polymer nanocomposites

To have a deeper understanding of the fracturing behavior of nanocomposites, a computa-
tional investigation is conducted leveraging a cohesive zone model featuring a Linear Co-
hesive Law (LCL) in ABAQUS Explicit 2017. To this end, a Single Edge Notch Bending
(SENB) specimen is simulated by 4-node two-dimensional cohesive elements (COH2D4) with
a traction-separation law to model the crack and 4-node bi-linear plain strain quadrilateral
elements (CPE4R) with a linear elastic isotropic behavior to model the rest of the specimen.

To corroborate the results discussed in the forgoing sections, the analysis by means of a
cohesive zone model is carried out using the fracture energy estimated via LEFM, G¥#FM,
and the one calculated through Eq.(6.1), G?EL. As can be noted from Figures 6.7-6.10, the
cohesive zone model using G?EL as input shows an excellent agreement with the experimental
data in the literature. However, this is not the case if Gy by LEFM is used. In fact, this is
a further confirmation that Size Effect Law (SEL) can be adapted to re-analyze the fracture
tests available in the literature.

By leveraging a linear cohesive crack model with the corrected G'¢, the fracturing behavior
on the scaling of nanocomposites can be predicted without additional tests in the lab. As
Figures 6.11-6.14 show, experimental data in the literature and simulation results using a
linear cohesive crack law are plotted along with the analytical expression for Cohesive Size
Effect Curves (CSEC) proposed by Cusatis et al. [88]. In these Figures, it can be noted that,
for large specimen sizes, the prediction on the peak load of the investigated nanocomposites
by using LEFM G leads to a significant underestimation. It is worth mentioning here
that this analysis is on the assumption that the nanocomposites in the literature follow a
linear cohesive law. The excellent agreement reported between simulations and experiments

strongly supports this assumption.
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Figure 6.7: Load-displacement curves obtained by using a linear cohesive crack law with
both LEFM and corrected Gy on the re-analysis of data from [155].
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Figure 6.8: Load-displacement curves obtained by using a linear cohesive crack law with
both LEFM and corrected Gy on the re-analysis of data from [153], [156].
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Figure 6.9: Load-displacement curves obtained by using a linear cohesive crack law with
both LEFM and corrected Gy on the re-analysis of data from [138,157-159].
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Figure 6.11: Comparison between LCL results and experimental data [155].
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Figure 6.12: Comparison between LCL results and experimental data [153], [155], [156].
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6.4 Conclusions

1. The double logarithmic plots of the normalized structural strength as a function of
the normalized characteristic size of geometrically-scaled SENB specimens show that
the experimental data on generic nanocomposites available in the literature are in
excellent agreement with Size Effect Law (SEL). Most of nanocomposites are located

in the transitional range in which the fracturing behavior cannot be characterized by

Linear Elastic Fracture Mechanics (LEFM);

2. Size Effect Law and Cohesive Zone Modeling show that for most of the fracture tests on
generic polymer nanocomposites investigated in this work, the effects of the nonlinear
FPZ are not negligible. As the data indicate, this aspect needs to be taken into serious
consideration since the use of LEFM to estimate the mode I fracture energy can lead to
an error as high as 156% depending on the specimen size and nanofiller content. This
deviation is due to the larger formation of FPZ compared to the specimen characteristic

size thus strongly affecting the fracturing behavior.
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Chapter 7

SIZE EFFECT IN FATIGUE BEHAVIOR OF
POLYMER-GRAPHENE NANOCOMPOSITES AND OTHER
QUASI-BRITTLE MATERIALS

Having discussed the mechanical behavior of thermoset polymers and related nanomod-
ification at various length scales and stress states under quasi-static loading condition. This
chapter focuses on the fatigue failure behavior and size scaling of thermoset polymers and
graphene nanocomposites. It was shown that the investigated nanocomposites exhibit great
quasi-brittle fracturing behavior leading to even stronger size effects under fatigue loading
condition compared to the previous investigation on the same materials under quasi-static
scenario. This size scaling aspect cannot be simply described through the Linear Elastic Frac-
ture Mechanics and even analyzed by leveraging the Quasi-brittle Fracture Mechanics due to
the evolution of the damage zone. By conducting the computational analysis, it was found
that the crack propagation in the fatigue scenario features two damage zones constituting the
entire fatigue damage zone which is even complicated compared to the quasi-static scenario
with the damage zone mainly driven by the energy. This study is extremely insightful for

understanding the general fatigue behavior of other quasi-brittle materials.

7.1 Fatigue failure behavior of thermoset polymer

7.1.1  Direct measurement of fatigue crack growth

Geometrically-scaled SENB specimens made of thermoset polymer were manufactured and
prepared following the same procedure as described in the previous chapters. Fatigue fracture
tests on these specimens were performed on a servo-hydraulic 8511 Instron machine. The

loading conditions are the followings: (1) a sinusoidal ramp load; (2) load ratio of R = 0.1;
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(3) load frequencies were 5 Hz, 7.4 Hz and 11 Hz for D = 10 mm, 20 mm and 40 mm

respectively in order to have the roughly same strain rate for specimens with different sizes.
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Figure 7.1: Direct measurement of crack length for pure epoxy: normalized crack length vs.
fatigue life for pre-cracked SENB specimens.

Thanks to the transparency of pure epoxy, the evolution of crack growth of specimens

during fatigue tests can be monitored by a digital microscope. Based on this direct measure-

ment of crack length, the growth of normalized crack length with respect to number of cycles

can be plotted in a semi-logarithmic coordinate as shown in Figure 7.1. The normalized crack

length was defined as « = a/D where a is the crack length. As can be noted from the figure

for different specimen sizes, crack grows slowly at the early stage of the fatigue life whereas

it propagates rapidly as the structure approaches its catastrophic failure. In addition to this,
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specimens featuring different sizes do not exhibit a similar fatigue life since it has significant
reduction as structural size increases as illustrated in Figure 7.2. This phenomenon needs to
be further studied by leveraging a computational model which will be discussed later.

It is worth mentioning here that the crack propagation of pure epoxy under fatigue
loading condition has the following three stages: (1) uneven crack front due to the tapping
propagates into an even crack front; (2) even crack front propagates into a parabolic shape of
crack front; (3) stable propagation of the crack with almost the same parabolic shape. The
chord length of the parabolic shape crack is about 0.8 mm, 0.9 mm and 1.1 mm for D = 10

mm, 20 mm and 40 mm respectively.
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Figure 7.2: Fatigue life vs. specimen size for pre-cracked specimens of pure epoxy.

7.1.2  Paris-Erdogan curves: direct measurement of crack growth

Before analyzing the fatigue fracture tests by means of a well-known Paris-Erdogan law [163],
the fatigue crack growth rate as a function of Stress Intensity Factor (SIF) amplitude, it is

worth mentioning here that this law is based on the Linear Elastic Fracture Mechanics
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(LEFM) which neglects the effects of the Fracture Process Zone (FPZ) and treats it to be
a mathematical point. With knowing the fact that the effects of the FPZ on the quasi-
static fracturing behavior of pure epoxy are negligible as shown in the previous chapters,
it is interesting to confirm that this conclusion can be applied into the fatigue case or it
has remarkable effects on the fatigue crack growth as reported by several authors on other
qusi-brittle materials [164,165] . This aspect is never confirmed for thermoset polymers in

the literature and will be discussed throughout this chapter.
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Figure 7.3: Direct measurement of crack length: crack growth rate vs. SIF amplitude.

Following the Linear Elastic Fracture Mechanics (LEFM), the Mode I Stress Intensity

Factor K has the following form:
K =+/G(a)E* (7.1)

where the parameters have the same definitions as described in the previous chapters. With
knowing the growth of the crack length, the relationship between crack growth rate (da/dN)
and mode I Stress Intensity Factor (SIF) amplitude (AK = (1— R)K) for all the investigated
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specimen sizes can be plotted in a double logarithmic coordinate which is usually referred to

the following well-known equation (Paris-Erdogan law):
da/dN = C(AK)™ (7.2)

In the case of the crack length obtained from a direct measurement as mentioned in the fore-
going section, experimental results analyzed through Eq. (7.2) are plotted in Figure 7.3. As
it can be noted from this figure that the investigated sizes of the specimens have remarkable
effects on the aforementioned Paris-Erdogan curves showing pronounced differences mainly
on the parameter C' for different structural sizes. This is an indication of a larger FPZ in
the fatigue condition thus affecting the fatigue failure behavior of the investigatd pure epoxy

which is not the truth for the quasi-static condition.

7.1.83  Analysis and discussion

According to the previous studies on the scaling of fatigue crack growth in sandstone with a
theoretical model describing the experimentally observed size effect in Paris-Erdogan curves
[166,167], it is considered that during each load cycle the energy dissipation associated with
the growth of the macrocrack is equal to the sum of the energy dissipations associated with
the propagation of all the active nano-scale cracks inside the cyclic FPZ. This can be written

in the following:

Usooda/dN = Uyda;/dN (7.3)
=1

where U, o, = critical energy dissipation per unit growth of the macrocrack in an infinitely
large specimen, U, = critical energy dissipation associated with the breakage of one atomic
bond. a; = length of 7th nano-scale crack and n, = number of active nano-scale cracks in
the cyclic FPZ.

By considering a well-established transition state theory from Kramers [168], the fatigue

growth rate of a crack at the nano-scale can be obtained in the following:

da;/dN = v;e” /T AK? (7.4)
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where v; = constant determined by the geometry of the nano-scale element, ()g = dominant
free activation energy barrier, £ = Boltzmann constant, T" = absolute temperature and AK;
is the SIF amplitude of the nano-scale element.

With the assumption on the average energy dissipation associated with the nanocrack
growth and dimensional analysis on the number of active nano-scale cracks in the cyclic
FPZ, the fatigue growth rate of a macrocrack in a finite specimen size can be written in the

following form:

AAK?

da/dN = ®(AK?/EU,) (7.5)

[

where A = w?U,v,e~?/FT U, = critical energy dissipation per unit growth of the macrocrack
in a finite specimen and AK = SIF amplitude of a macrocrack. By borrowing the ideal
on the Size Effect Law (SEL) of quasi-static loading to the cyclic loading scenario: U, =
Ucoo|D/(D + Dy.)] where Dy. can be considered as transitional size for cyclic loading, the

following equation can be obtained:

AAK?

c,00

da/dN = ®(AK3/EU, ) (7.6)

If it is assumed that function @ is self-similar which means that ®(AK?%/EU. ) equals
to AKf)q/Equw. By leveraging this, Eq.(7.6) can be further written as the following form:

da/dN = CAKD (7.7)

where C = AE*"2U; 2% m = 2+ 2¢, AKp = (1 4 Do./D)*SAK = size adjusted SIF
amplitude.

After implementing Eq.(7.7) into the experimental data obtained from fatigue fracture
tests, as illustrated in Figure 7.4, size effect on the fatigue threshold (K3,) and critical stress
intensity factor amplitude AK,. are removed. To achieve this, cyclic FPZ size is about 1 mm,
3 times larger than the monotonic FPZ found by Mefford et al. [94]. However, size effect on

the slope and initial crack growth rate still exist in the adjusted Paris-Erdogan curves.
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Figure 7.4: Size-adjusted Paris-Erdogan curves for pure epoxy.

7.1.4 Compliance method for fatigue crack growth and Paris-Erdogan curves

The foregoing method does not always provide an accurate measurement on the fatigue crack
growth since the crack opening at the tip is typically in the magnitude of micron meter which
can not be clearly captured by using a digital microscope. As a consequence, the measured
crack length is possibly shorter than its real one which leads to an error for the calculation
of crack growth rate and SIF amplitude. In this context, an indirect measurement was used
to estimate fatigue crack growth. This is based on the compliance of the specimen since
it is a function of the crack length. With knowing the evolution of the compliance of the
specimen during the fatigue loading, crack length can be obtained through the compliance
function with respect to the crack length which can be calculated either from the finite
element analysis or analytical approach leveraging the LEFM as written in the following

form:

9L3 « L3
C_—ZtD2E/O g(a)da+48EI (7.8)
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where [ is the second moment of area and other symbols have the same definitions as de-
scribed in the previous chapters. As can be noted from Figure 7.5, the evolution of normalized
crack length with number of cycles based on the compliance method is different from the
previous one obtained through a direct measurement. This is due to the fact that compli-
ance method is based on the LEFM framework. As a consequence, to capture the fracturing
behavior of the specimen during the fatigue loading, crack length must include an effective
FPZ size which is not accounted into the crack length observed from a digital microscope. In
this consideration, crack length estimated by means of the compliance method is considered

as an equivalent crack length which includes the effects of the FPZ.
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Figure 7.5: Compliance method: normalized equivalent crack length vs. number of cycles
for pre-cracked SENB specimens of pure epoxy.
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It is interesting to construct Paris-Erdogan curves based on the equivalent crack length
to have a comparison with the foregoing curves by leveraging a different method for crack
measurement. As illustrated in Figure 7.6, the curves for pure epoxy exhibit significantly
larger slopes for all the investigated specimen sizes which are definitely different from the
previous ones plotted in Figures 7.3-7.4 by leveraging a direct measurement of crack length.
This aspect is due to the consideration for the cyclic evolution of the FPZ in the compli-
ance method. The average slope (m) of the investigated pure epoxy with various sizes is
approximately equal to 11 although the best fitting of these curves leads to the less signif-
icant differences on the slopes for different specimen sizes. Further computational studies
are required to provide detailed information on the scaling of fatigue behavior which will be

conducted in the following sections.
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Figure 7.6: Paris-Erdogan curves of pure epoxy based on the compliance method.
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7.1.5 Morphology of fatigue fracture

A further morphological study was conducted to investigate the main mechanisms of fatigue
crack growth in the scaling of pure epoxy. To this end, the specimens were cut and the
fracture surfaces were gold-coated in order to be used for Scanning Electron Microscopy
(SEM) by a JSM-6010PLUS/LA Electron Microscope [136]. The SEM images of several

samples with different sizes are showed in Figure 7.7.
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Figure 7.7: Fracture surfaces of specimens: (a) D = 10 mm; (b) D = 40 mm.

As can be noted from Figure 7.7, river marks parallel to the crack propagation direc-
tion were observed for all the investigated specimen sizes which contradicts the fact that
beach marks perpendicular to the crack propagation direction features the fatigue fracture
morphology in metals. This phenomenon can be explained by the fact that crack front prop-
agates on the different planes in polymeric materials. In addition to this, river marks are

more pronounced for large specimen while small specimen has less remarkable river marks.

7.1.6 Degradation of material strength at multiple length scales

Having discussed the effects of a non-linear FPZ size on the fatigue scaling of a thermoset

polymer-based structure, this section focuses on studying the evolution of the material



163

strength throughout entire fatigue life. It is worth mentioning that the stress ratio of R
= 0.1 and a low frequency of f = 5 Hz were selected for all the fatigue tests in this section.
Before investigating the foregoing aspect, peak stress in the cyclic loading as a function of
number of cycles (i.e. S-N curve) was obtained by conducting fatigue tests on dogbone spec-
imens. The dimensions of the specimens are exactly the same as described in the previous

chapters.
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Figure 7.8: S-N curve for dogbone specimens of pure epoxy under tensile fatigue loading.

As can be noted in Figure 7.8, the S-N curve is characterized by three parts: (1) the initial
part representing the low-cycle fatigue regime; (2) the second part describing the high-cycle
fatigue regime which features larger slope compared to the initial part; (3) the last part
referred as endurance limit representing no failure of the material below this threshold. The
endurance limit was considered as one million cycles and found to be about 30% of the
critical quasi-static load.

With knowing the S-N curve of the material, the evolution of the material strength with
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Figure 7.9: Evolution of residual strength at different scales throughout entire fatigue life.

respect to its fatigue life was investigated for the case that maximum applied cyclic load
is about 50% of the critical quasi-static load. By conducting the quasi-static tests after
the aforementioned fatigue fracture tests, the foregoing aspect was obtained as illustrated
in Figure 7.9. It is interesting to notice from the figure that the material almost has no
degradation on the macro-scale strength before about 90% of the entire fatigue life but it
tends to exhibit degradation near the end of the entire fatigue life. On the other hand, with
knowing the fact that pre-notched SENB specimens can be used to measure the micro-scale
strength as discussed and analyzed in the previous chapters, the degradation of the material
strength at the micro scale was investigated following the same procedure as described in
the foregoing paragraph. The maximum applied cyclic load for this study is about 25% of
the critical quasi-static load which is lower than the one used for doghone specimens. This
is due to the fact that high-cycle fatigue regime for pre-notched specimens happens at lower

stress level. By testing the residual strength of the material as illustrated in Figure 7.9,
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the material strength at the micro scale has significant degradation throughout the fatigue
life and eventually tends to the evolution of macro-scale material strength. It is worth
mentioning here that the calculation of the micro-scale strength does not take plasticity into

the consideration. This interesting phenomenon requires further computational studies.
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Figure 7.10: Compliance method: normalized equivalent crack length vs. number of cycles
for geometrically scaled specimens featuring various graphene concentrations.
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Figure 7.11: Paris-Erdogan curves for different graphene concentrations and specimen sizes.

7.2 Fatigue failure behavior of graphene nanocomposites

7.2.1

Compliance method for fatigue crack growth

The effects of a finite FPZ size on the fatigue behavior of thermoset polymer nano-modified

by graphene nanoplatelets was further investigated. Two different contents of graphene

nanoplatelets (0.9% and 1.6%) were selected for geometrically scaled specimens under fatigue

loading condition. The dimensions of the specimens and loading conditions are exactly the

same as described in the previous sections for fatigue fracture tests on pure specimens.

By using the compliance method for the determination of the fatigue crack growth as
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described in the previous sections, the evolution of normalized equivalent crack length with
number of cycles for geometrically-scaled specimens with various graphene contents is plotted
in Figure 7.10. As can be noted from the figure, smaller specimens also feature higher number
of cycles whereas lower fatigue life characterizes larger specimens which was also observed

for the specimens without nanomodification.
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Figure 7.12: The slopes of Paris-Erdogan curves for the geometrically-scaled specimens with
1.6% graphene concentration.

7.2.2  Paris-Erdogan curves: compliance method for crack growth

With knowing the growth of the equivalent crack length, Paris-Erdogan curves for these cases
can be plotted as illustrated in Figure 7.11, it is worth noticing from the figure that the fatigue
threshold and critical SIF amplitude exhibit pronounced differences for geometrically-scaled
specimens as graphene content increases. This is an indication that the fatigue crack growth
is strongly affected by the evolution of the FPZ size. More interestingly, the Paris-Erdogan
curves for higher graphene concentration exhibit more remarkable difference in the slopes

and this aspect can be related to the function of the specimen size as shown in Figure 7.12.
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This aspect is also attributed to the different evolution of the FPZ size for different specimen
sizes which requires a further study by leveraging a computational modeling as it will be

discussed in the following sections.

7.3 Past and current work in fatigue cohesive zone modeling

Fatigue crack growth of engineered materials via cohesive zone modeling is mainly categorized
into Paris-Erdogan-law-based [169-172] and Non-Paris-Erdogan-law-based models [173-179].
The former one leverages on the experimental Paris-Erdogan curves to establish the formu-
lation of the material degradation law. However, the experimental Paris-Erdogan curve is
usually constructed by having a direct measurement of the crack growth in the material
leveraging a traditional camera. As a consequence, this approach cannot determine the ac-
curate location of the crack tip since the crack opening displacement close to the crack tip
is in the order of few microns. This inappropriate method leads to the important fact that
the non-linear Fracture Process Zone (FPZ) cannot be taken into the consideration but it
was shown to be quintessential to characterize the failure behavior of polymeric materials
depending on the structure size. In this context, Turon et al. [172] proposed the following

degradation law by accounting for the length of the FPZ:

ad [0/(1 — d) + &'d]" da

1
ON 1. 575 ON

(7.9)

where 9d/ON is the damage degradation rate per cycle, [, is the length of the FPZ, ¢
is the displacement for damage initiation, §/ is the displacement of failure and da/ON is
the crack propagation rate expressed by the experimental Paris-Erdogan curves. It is worth
mentioning here that the length of the FPZ used in the model is calculated under the critical
quasi-static condition which leads to a constant length of the FPZ throughout the fatigue
life. However, the evolution of the FPZ in the fatigue case must be included if the material
degradation law is formulated with the consideration of the FPZ.

On the other hand, the Non-Paris-Erdogan-law-based models leverage on the assumption

of damage kinematics laws to consider the degradation of the material strength and stiffness.
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One of the outstanding examples is provided by Nguyen et al. [174] who introduced one
parameter to govern the degradation of the material stiffness in the reloading scenario and
assumed no plastic deformation in the unloading condition. Thanks to this, the degradation
of the material stiffness for each loading cycle leads to an energy hysteresis loop representing
the energy dissipation due to the microscopic damage in the material. This model was
shown to successfully characterize the fatigue crack propagation in metals by matching the
slopes of experimental Paris-Erdogan curves. Notwithstanding this success, the prediction
for polymeric materials cannot be achieved since these materials typically exhibit steeper
slopes of Paris-Erdogan curves. Towards this direction, Maiti et al. [180] introduced the
following two-parameter power-law relation to govern the degradation of the cohesive stress

in the reloading condition:

g—‘; — aéN‘ﬂ (7.10)
where o and 3 are the material parameters describing the material degradation in the reload-
ing condition. This relation becomes equivalent to the foregoing one-parameter degradation
law in the case of f = 0, The additional parameter () is related to the number of cycles
experienced by the material after damage initiation. Thanks to this consideration, the ma-
terial is characterized by a different degradation rate for each loading cycle compared to the
foregoing model assuming the same degradation rate. This modified model was shown to
successfully capture the higher slope of Paris-Erdogan curve for pure epoxy experimentally

obtained by Brown et al. [181].

While the foregoing models made remarkable contribution to the understanding on the
fatigue crack propagation in polymer matrix composites, an extremely important aspect for
fatigue crack initiation has never been clearly stated in the open literature. The lack of infor-
mation on the crack initiation in the foregoing models leads to the failure for characterizing
the fatigue behavior of a notch-free structure. In this consideration, an outstanding study

was provided by Davila et al. [182] who proposed a fatigue cohesive zone model with the
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following material degradation law:

I o

ON (1-D)
where v and (3 are the material parameters calibrated from the experimental S-N curves, 7,4
is the maximum cohesive stress in the reloading condition and o, is the material strength.
This model is on the assumption that both crack initiation and propagation can be sufficiently
characterized by this unified degradation law. It was shown that this model successfully
captured S-N curves and partially matched Paris-Erdogan curves. On the other hand, an
interesting study was provided by Nojavan et al. [183] who introduced completely different
degradation laws for crack initiation and propagation. In this model, the damage zone related
to crack initiation is named as the critically stressed zone in which the material strength
reduces without the degradation of the material stiffness. Two parameters are involved in
this degradation law which can be calibrated from the experimental S-N curves for notch-free
specimens. The transition from crack initiation to propagation is achieved by an immediate
reduction of the material stiffness corresponding to the residual strength. The latter stage is
named as fatigue cohesive zone in which the damage accumulation is controlled by different
degradation laws depending on the relationship between the status of the cohesive stress and
the boundary of the quasi-static cohesive law. In this case, additional two parameters are

required by matching the experimental Paris-Erdogan curves.

The foregoing models with the consideration of both crack initiation and propagation
leads to a further step towards understanding the fatigue behavior of polymer matrix com-
posites. However, one important aspect often overlooked is the boundary of the quasi-static
cohesive law which was shown to play a pivotal role in capturing the failure behavior of poly-
mer matrix composites under quasi-static loading condition. In addition to this, the fatigue
cohesive zone models in the open literature are never validated through the specimens with
different sizes for polymeric materials. The goal of this study is to investigate the effects of

the foregoing gaps on the fatigue characteristics of polymer matrix composites.
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Figure 7.13: Fitting of experimental S-N curves obtained from uni-axial tensile tests on
dog-bone specimens using the damage accumulation function as written in Eq.(7.12).

7.4 Selection of fatigue damage functions in computational study

7.4.1 Fatigue damage accumulation function: first expression

A possible material degradation law was initially selected to validate its fidelity through the
comparison with the experimental Paris-Erdogan curves for geometrically-scaled thermoset

polymer. This proposed damage accumulation function has the following expression:

g_]z\)] - [(li’”—D”)a} ’ (7.12)

which is composed of a different pre-factor compared to the one proposed by Davila et
al. [182] as shown in the foregoing section. The modification of the pre-factor is due to the
fact that, while a straight line of a S-N curve can be well described by the degradation law
proposed in Dévila’s model, an acceptable description for a S-N curve with two remarkable
segments representing low-cycle and high-cycle fatigue regimes cannot be achieved. Thanks

to the investigated expression as written in Eq. (7.12), two regimes of the experimental S-N
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curves of pure epoxy obtained from uni-axial tensile tests can be seamlessly characterized as

shown in Figure 7.13 and the calibrated parameters v and g are 0.001 and 7.9 respectively.
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Figure 7.14: Fitting of experimental S-N curves obtained from uni-axial tensile tests on
dog-bone specimens using the damage accumulation function as written in Eq.(7.13).

Parameters v I6] o

Low /high-cycle regime 0.012 7.

9 2.15

Table 7.1: A set of parameters in the fatigue damage accumulation function (Eq.7.13) for

the fitting of the experimental S-N curve.

7.4.2  Fatigue damage accumulation function: second expres

sion

The selection of the damage accumulation functions on the computational results was further

studied. Another possible function to describe the experimental S-N curves has the following
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expression:

oD o Omazx g

where «, v and ( are the material parameters which can be determined by matching the
experimental S-N curves of pure epoxy as shown in Figure 7.14 and the corresponding values
used in the simulation are tabulated in Table 7.1. It is worth mentioning here that the
foregoing parameters are not the unique solution for the fitting of the experimental S-N

curves. This aspect will be further discussed in the next section.
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Figure 7.15: (a) Partial combinations of the parameters (n, v, ) in the damage function
(Eq.(7.14)) for the match of the experimental S-N curve of pure epoxy; (b) the evolution of
the damage increment per cycle with the damage variable for the case of 0,4, /0. =0.5. This
figure compares the evolution for different combinations of the parameters.

7.4.3 Fatigue damage accumulation function: general expression

The forgoing expressions can be considered as the special cases of the damage accumulation

function as described in following expression:

oD " N O maz p
N = (D" +7) [—(1 — D)UJ (7.14)
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where n is an additional material parameter compared to the second expression of the pro-
posed damage accumulation function in the previous section. The fitting of the experimental
S-N curve can be achieved by infinite combinations of the parameters n, v and « while the
parameter (3 is typically in the range from 7 to 8 for pure epoxy which describes the slope of
the S-N curve in the high-cycle fatigue region. The forgoing parameters to describe the ex-
perimental S-N curve of pure epoxy are partially plotted in Figure 7.15a showing the typical
distribution of the combinations. In this figure, each set of the parameters n, v and o gener-
ally leads to the different evolution of the damage as show in Figure 7.15b exemplifying the
damage increment per cycle with respect to the damage variable for the case of 0,4, /0. =0.5.

The computational consequence of this aspect will be discussed in the following sections.

7.5 Boundary of fatigue cohesive zone model

On the other hand, both linear and bi-linear cohesive laws were used as the boundary of the
fatigue cohesive zone model for the critical comparison. It is worth mentioning here that
the damage variable has a different expression for a bi-linear cohesive law compared to the
conventional one for a linear cohesive law. The expression for a bi-linear cohesive law is

described in the following:

O. — Ok € 1
D= . . 1
(Ek—€c) (Uc E),se[e x| (7.15)

O Ef — €
D=1- 1
(5f _5k> ( p > L€ € [k, e7] (7.16)

where o, is the material strength, e. is the critical strain for damage initiation, e; is the

final strain for failure, oy is the stress at the kink point of a bi-linear cohesive law and ¢, is
the strain related to the aforementioned stress. The specific values of these material proper-
ties were determined through the experimental and numerical characterization of graphene

nanocomposites for quasi-static scenario as discussed in the previous chapters.
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7.6 Validation of fatigue uni-axial tensile tests for pure epoxy

The computational validation on unnotched specimens was initially conducted before moving
to the investigation on the fatigue crack growth of pre-cracked specimens. As illustrated in
Figure 7.16, the fatigue behavior of unnotched specimens can be accurately captured by
utilizing the foregoing damage accumulation functions since the predicted fatigue life is
consistent with the experimental results. On the other hand, the simulations results are not
significantly affected by the cohesive shape since the use of linear or bi-linear cohesive law
leads to similar fatigue lifetime. The explanation will be discussed in the following sections.
It is worth mentioning here that only the case for the stress level lower than 70% of the
critical stress was validated due to the plastic deformation for even higher stress level. This
aspect does not affect the computational modeling of fatigue Mode I fracture tests since the
material at the crack tip is subjected to tri-axial stress state thus leading to brittle behavior

with negligible plastic deformation as discussed in the previous chapters.
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Figure 7.16: Comparison between the experimental S-N curve and the simulation results
using damage accumulation functions as expressed in Eq. (7.12) and Eq. (7.13).
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On the other hand, it is worth pointing out that the most degradation of the material in
the simulation always happens in the region where the non-prismatic geometry transits into
prismatic one. Eventually, the damage localizes in that region leading to the catastrophic
failure of the specimen as shown in Figure 7.17. This is due to the fact that the statistical
strength of the material and the defects are not considered in the simulation and this aspect

can be included in the future work.

Damage at 20% 20% of Fatigue Life Damage at 98%
0.0021 0.1672
0.0019 0.1533
0.0017 0.1394
0.0015 0.1254
0.0014 0.1115
0.0012 0.0975
0.0010 0.0836
0.0008 0.0697
0.0007 0.0558
0.0005 0.0418
0.0003 0.0278
0.0001 Pure Epoxy . 0.0139
0.0000 0.0000

Figure 7.17: Damage region in the doghone specimen under fatigue uni-axial tension with
the maximum load about 50% of the quasi-static critical load. This figure compares the
damage region at 20% and 98% of the total fatigue life.

7.7 Validation of fatigue Mode I fracture tests for pure epoxy

7.7.1 FEvaluation of fatigue damage functions: Eqs.(7.12 and 7.13)

The fatigue damage accumulation functions (Eq.(7.12) and Eq.(7.13)) with the same cali-
brated parameters for unnotched specimens were further examined for the Mode I fatigue
fracture tests. As illustrated in Figure 7.18, the numerical evolution of the compliance with
the fatigue lifetime was plotted for the pre-cracked SENB specimen (D=10 mm) together

with the corresponding experimental results. Both linear and bi-linear cohesive laws with
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the same fracture energy estimated from the quasi-static fracture tests in the previous chap-
ters was used as the boundary of the cyclic cohesive stress. The simulations were conducted
by using an uniform cyclic jump after the initial 1000 cycles for the consideration of the
computational efficiency and the results with the jumps of 200 to 500 cycles are consistent

showing negligible differences in terms of the entire fatigue lifetime.
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Figure 7.18: Comparison between the experimental data and the simulation results: (a)
different fatigue damage accumulation functions (Eq.(7.12) and Eq.(7.13)) with the same
linear cohesive law; (b) different cohesive laws with the same fatigue damage accumulation
function (Eq.(7.12)).

As can be noted from Figure 7.18a , the predicted fatigue life of the specimen obtained
by leveraging a linear cohesive law and Eq.(7.12) as the damage accumulation function is sig-
nificantly overestimated compared to the experimental data. In contrast, the computational
results by leveraging the same cohesive law but Eq.(7.13) exhibit a remarkable underestima-
tion for the fatigue life. It is interesting to notice that the experimental data lies between
the computational results. On the other hand, the simulation results for pre-cracked speci-
mens are definitely affected by the cohesive shape as illustrated in Figure 7.18b showing the
non-negligible difference on the fatigue lifetime by using linear and bi-linear fatigue cohesive

laws. These results clearly showed that, while the fatigue behavior of unnotched specimens
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can be successfully characterized by using the investigated fatigue damage functions, the
Mode I fatigue fracture tests cannot be always captured with the same damage function and

cohesive law.
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Figure 7.19: Evolution of damage increment rate with damage variable obtained by using
the fatigue damage accumulation functions Eq.(7.12) and Eq.(7.13). Note that this plot only
represents the case of 0,4, /0.=0.5.

This phenomenon is actually due to the different damage evolution in unnotched and pre-
cracked specimens under fatigue loading condition. As shown in Figure 7.19, the damage
increment rate in unnotched specimens is typically slow leading to the lower damage values
as highlighted in purple region before the catastrophic failure of the structure. In this region,
all the investigated fatigue damage accumulation functions lead to similar damage evolution
in the material and this is the main reason for the insensitivity on the simulation results
for unnotched specimens by leveraging various fatigue damage accumulation functions and
cohesive laws. However, this is not the truth anymore for pre-cracked specimens since the

damage in front of the crack tip can enter the green region featuring higher damage values.
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Accordingly, the investigated fatigue damage accumulation functions can generate completely
different damage evolution in that region which substantially affects the simulation results
for pre-cracked specimens as clearly shown in Figure 7.18. These results further confirm
the insufficiency of only calibrating the model for unnotched specimens to characterize the
fatigue fracturing behavior of pre-cracked specimens. To achieve the characterization for both
unnotched and pre-cracked specimens under quasi-static and fatigue loading conditions, the
correct boundary of cohesive law must be calibrated from quasi-static size effect tests on pre-
cracked specimens as discussed in the previous chapters whereas the correct fatigue damage
accumulation function must also be calibrated from fatigue size effect tests on pre-cracked
specimens together with unnotched specimens under fatigue scenario.

On the other hand, it is worth mentioning here that the experimental compliance of the
specimen close to the catastrophic failure is typically lower than the one of the specimen in
the simulations as shown in Figure 7.18. This can be explained that the specimen has an
unstable crack propagation close to the final failure due to the instability issue caused by

the compliance of the testing system as similarly observed in the quasi-static fracture tests.

7.7.2  Evaluation of fatigue damage function: Eq.(7.14)
7.7.2.1 Ezperiment vs. simulation for size effect tests

The general expression of the fatigue damage accumulation function Eq.(7.14) was further
investigated in the simulations to match the experimental data for both fatigue uni-axial
tensile tests on unnotched specimens and Mode I fatigue fracture tests on pre-cracked SENB
specimens with various sizes. As illustrated in Figure 7.20, the experimental fatigue lifetime
for pre-cracked specimens with various sizes can be successfully captured by leveraging the
foregoing fatigue damage accumulation function and the bi-linear cohesive law calibrated
from the quasi-static size effect tests. The computational errors on the fatigue lifetime for
all the investigated sizes are less than 25% which can be neglected considering the scatter of

the experimental data for fatigue tests. These simulations were conducted with an uniform



180

cyclic jump of 50 to 500 cycles after the initial 200 cycles and the results have negligible
differences in terms of the entire fatigue lifetime. It is worth mentioning here that a linear
cohesive law can also be used to possibly capture the forgoing tests but it fails to describe
the quasi-static fracturing behavior of pre-cracked specimens with various sizes as discussed

in the previous chapters.
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Figure 7.20: Experiment vs. simulation for the fatigue lifetime of pre-cracked specimens
with various sizes. Note that the simulations were conducted with the calibrated bi-linear
cohesive law and the fatigue damage accumulation function Eq.(7.14).

In addition to the excellent agreement on the fatigue lifetime, the evolution of the exper-
imental compliance curves for pre-cracked specimens with various sizes can also be matched
with the foregoing simulations as shown in Figure 7.21. In particular, the transitional region
in the compliance curve from the stable crack propagation to the dramatic failure can be
reasonably reproduced and this aspect further leads to the successful characterization of the
experimental Paris-Erdogan curves for all the specimen sizes. As illustrated in Figure 7.22
for the numerical Paris-Erdogan curves analyzed through the previous compliance method,

the fatigue threshold AKy, and the slope of the Paris-Erdogan curve can have an excel-
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lent agreement with the experimental results although the critical stress intensity amplitude
AK,. was overestimated due to the simulations without modeling the compliance of the

testing system.

0.0025 0.0025
rD=10mm rD =20 mm
0002 A 0.002 |
0.0015 | 0.0015 |
0001 | 0.001 _
_ r A r A
=z : :
g 0.0005 F A Simulation 0.0005 F A Simulation
£ - X Experiment Pure Epoxy X Experiment Pure Epoxy
= 12108 04 105 105 M02 108 04 108 108
= 0.0025 r
g D =40mm
© 0002 |
0.0015 |
0.001 L
0.0005 L A Simulation
X Experiment Pure Epoxy
0 FEEERTTTL MEEERETTL MR RTTTL MR

102 10° 10¢ 105 108
Number of Cycles

Figure 7.21: Experiment vs. simulation for the compliance curves of pre-cracked specimens
with various sizes. Note that the simulations were conducted with the calibrated bi-linear
cohesive law and the fatigue damage accumulation function Eq.(7.14).

The calibrated parameters for the foregoing simulations are tabulated in Table 7.2. It is
worth mentioning here that this set of parameters is not the unique solution for the foregoing
excellent match since other sets of parameters (e.g. n=4.3, v=0.0012, «=1.06, §=7.9, etc.)
can also provide similar results. However, these solutions lead to an unique evolution of the
pre-factor in the fatigue damage accumulation function Eq.(7.14) as illustrated in Figure 7.23.

This aspect implies that the evolution of the damage increment rate with the damage variable
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is determined through the calibration of the fatigue size effect tests in spite of different sets of

parameters in the fatigue damage accumulation function Eq.(7.14). It is worth mentioning

here that the modeling of graphene nanocomposites can be similarly conducted which is

undergoing and considered as the future investigation.
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Figure 7.22: Experiment vs. simulation for the Paris-Erdogan curves of pre-cracked spec-

imens with various sizes.

Note that the simulations were conducted with the calibrated

bi-linear cohesive law and the fatigue damage accumulation function Eq.(7.14).

Parameters

n g

B

«

Bi-linear cohesive boundary 3 0.012 1.62 7.9

Table 7.2: A set of parameters in the fatigue damage accumulation function (Eq.7.14) used
for the simulations with the calibrated bi-linear cohesive law.
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Figure 7.23: Evolution of the pre-factor in the fatigue damage accumulation function
Eq.(7.14) with the damage variable for two sets of the parameters used for the successful
characterization of the experimental results.

7.7.2.2  Characteristics of the fatigue fracturing in thermoset polymers

By leveraging the foregoing successful simulations, the characteristics of the fatigue fracturing
in thermoset polymers can be further studied. As illustrated in Figure 7.24a-b, both primary
and secondary damage zones constitute the total fracture process zone ahead of the crack tip
in the fatigue scenario whereas only one damage zone characterizes the quasi-static scenario.
The primary damage zone is considered as the region from the stress-free crack tip to the
peak stress and the secondary damage zone is the region outside the foregoing damage zone
where the material also experiences damage as illustrated in Figure 7.24c. The main reason
for the additional damage zone in the fatigue scenario is due to the fact that the material
can also have damage even if the local cyclic stress is not larger than the material strength
and this aspect does not exist in the quasi-static condition. On the other hand, the material
degradation due to the cyclic stresses in the fatigue scenario can also lead to the case that

the peak stress ahead of the crack tip is not always the material strength anymore and this
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value can evolve and reduce up to 50% of the original strength during the fatigue loading as

illustrated in Figure 7.24c.
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Figure 7.24: Damage zone in front of the crack tip: (a) fatigue condition; (b) quasi-static
condition. (c) Evolution of damage variable or normalized stress profile with the ligament
length ahead of the crack tip in fatigue condition.

It is interesting to further investigate the evolution of the individual damage zone in
the fatigue scenario for all the investigated specimen sizes and make a critical comparison
with the one in the quasi-static scenario. As illustrated in Figure 7.25a for the fatigue
scenario, the primary damage zone typically becomes larger as the specimen size increases
and the magnitude of these zones is generally smaller than the fully-developed damage zone
in the quasi-static scenario. On the other hand, larger secondary damage zone in the fatigue
scenario also characterizes larger specimen size as illustrated in Figure 7.25b. The summation

of the foregoing two damage zones leads to the case that the total damage zone in the fatigue



185

scenario can be larger than the fully-developed damage zone in the quasi-static scenario
depending on the specimen size as shown in Figure 7.25¢. In addition, the evolution of the
damage zone in fatigue and quasi-static conditions can be completely different as illustrated
in Figure 7.25d. The quasi-static damage zone generally has rapid growth close to the end of
the total life whereas the fatigue damage zone increases quickly at the early stage and then
saturates for the most part of the remaining life. This difference was actually reported for the
fracturing behavior of fiber-reinforced composites in the literature and the similar situation
will also be shown in the following chapters for the studies focusing on the multi-axial fatigue

behavior of polymer composites.
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Figure 7.25: (a) Primary damage zone; (b) Secondary damage zone; (c¢) Total damage zone
in fatigue scenario for various specimen sizes. (d) Comparison on the damage zone between
quasi-static and fatigue conditions.
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7.8 Conclusions

1. Fatigue crack growth in pure thermoset polymers features river marks which are paral-
lel to the crack propagation direction. This phenomenon is completely opposite to the
fatigue fracturing morphology of metallic materials exhibiting beach marks perpendic-

ular to the crack propagation direction;

2. This interesting morphology for pure thermoset polymers can be explained that the
crack propagates on the planes with different heights in the fatigue scenario thus leading
to river marks. These marks are more pronounced for larger specimen sizes due to the
relatively higher crack propagation rate leading to the larger height difference of the
planes. In comparison with the quasi-static condition, the dynamic crack propagation

at the final failure leads to the smooth fracture surfaces;

3. The classical Paris-Erdogan curves for pure thermoset polymers obtained through the
direct measurement of crack length are strongly affected by the specimen sizes. This is
due to the fact that the non-linear Fracture Process Zone (FPZ) has significant effects
on the fatigue fracture scaling of pure thermoset polymers and this aspect is not the
case for the same materials under quasi-static scenario. Such a great difference can
be explained that the FPZ size in quasi-static case is relatively small compared to the

specimen sizes but sufficiently large compared to the same ones in the fatigue case;

4. The fatigue size effect model based on the energetic-equivalence framework can not
achieve the consistent Paris-Erdogan curves for all the investigated sizes since only
the constant cyclic FPZ is considered in the model but not for the evolution of the
FPZ in the fatigue scenario. By leveraging the compliance method, this aspect can
be equivalently accounted and the consistent Paris-Erdogan curves for pure thermoset
polymers can be achieved in spite of the different slopes through the best fitting due

to the scatter of the experimental data for the fatigue case;
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. However, the Paris-Erdogan curves of graphene nanocomposites analyzed through the
compliance method tend to exhibit difference as the graphene content increases. The
most remarkable difference was observed for the thermoset polymer with the addition
of 1.6% graphene nanoplatelets showing that mainly the fatigue threshold and the slope

of Paris-Erdogan curves are not consistent for different specimen sizes;

. The different fatigue thresholds are mainly attributed to the different FPZ sizes ahead
of the crack tip in the 1.6% graphene nanocomposites at the early stage of the fatigue
crack growth whereas the different slopes are possibly due to the shape of the bi-linear
cohesive law for 1.6% graphene nanocomposites which is completely different from the

one for pure thermoset polymers;

. The proposed computational model can have a successful characterization of all the
investigated specimens with various sizes in the fatigue and even quasi-static conditions.
This must be achieved by calibrating the cohesive law through the quasi-static size
effect tests and the fatigue damage accumulation function through the fatigue size
effect tests otherwise the model fails to describe both quasi-static and fatigue behavior
of the materials with various sizes. This aspect is significantly important but rarely

investigated or even never explored in the open literature;

. The successful simulation results revealed the interesting fracturing characteristics in
the fatigue scenario. The cyclic damage zone in front of the crack tip is formed by two
zones compared to the quasi-static case only featuring one damage zone at the same
location. The additional damage zone in the fatigue scenario is due to the material
degradation induced by the cyclic stresses lower than the material strength and this

aspect does not exist in the quasi-static case;

. On the other hand, the material degradation due to the lower stresses but larger than
the stress level for the endurance limit can also lead to the reduction of the peak

stresses ahead of the crack tip in the fatigue scenario. This is also different from the
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quasi-static case since the peak stress at the edge of the damage zone is always the

material strength which does not have degradation;

More importantly, the primary damage zone in the fatigue scenario is typically smaller
than the fully developed damage zone in the quasi-static case whereas the summation of
the primary and secondary damage zones can be larger than the foregoing quasi-static
damage zone depending one the specimen size. This important aspect can explain the

contradiction for the size of the cyclic damage zone in the open literature.
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Chapter 8

STRESS STATE AND SIZE EFFECT IN FIBER-REINFORCED
POLYMER COMPOSITES

Micro-scale modeling of sub-critical damage and their evolution (e.g. matrix cracking,
delamination, etc) in fiber-reinforced polymer composites is still a challenging task since it
was attempted by many studies in the past but a successful characterization for the macro-
scale load-displacement curve and the micro-scale damage morphology was never achieved.
In this chapter, the evolution of the sub-critical damage in cross-ply laminates under uni-
axial tension and pure shear was computationally reproduced by leveraging the two-scale
constitutive model which considers the micro-scale behavior of the polymer and the Drucker-
Prager model which considers the complex stress states in the composites.

The effects of the size scaling on the splitting crack initiation and propagation in off-
axis layers of fiber-reinforced polymer composites were further investigated. This aspect was
also critically compared with the same geometrically-scaled pure thermoset polymers and
the comparison is extremely insightful for understanding the fracture behavior of polymer

matrix composites with various notch geometries and sizes.

8.1 DModeling of sub-critical damage in fiber-reinforced polymer composites

8.1.1 Past and current work on the micro-scale damage modeling

Many attempts on the micro-scale modeling of transverse matrix cracks and their evolution
in cross-ply laminates, using macroscopic properties of thermoset polymer obtained from
conventional tests, showed a significant deviation from the experimental damage morphology.
Typically, the real damage feature of the 90° lamina in cross-ply laminates exhibits a pattern

of individual matrix crack at a distance of roughly one to three times the thickness of the
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lamina as illustrated in Figure 8.1. The foregoing mismatch was generally considered in the
literature due to the fact that smeared crack approaches do not describe the stress field of
interacting cracks accurately and do not capture the discontinuities induced by the large
crack opening displacements correctly. Accordingly, approaches such as e.g. XFEM were

proposed without actually solving the problem.

Micro-cracks in 90° layer in a cross-ply laminate

Figure 8.1: Micro-scale cracks in 90° layer in a cross-ply laminate. Image obtained from [41]

In this direction, another approach such as e.g. IGFEM was developed and used for
the micro-scale modeling of transverse matrix cracks in fiber-reinforced polymer composites.
One of the outstanding examples was provided by Zhang et.al [14] who modeled transverse
matrix cracks using IGFEM and only considered the damage at the interface between fiber
and matrix. The strength and fracture energy at the interface used in the modeling were
about 25 MPa and 0.004 N/mm respectively. As can be noted from Figure 8.2, simulation
results showed several matrix cracks at the distances which does not match the real damage
morphology exhibiting the distance between the matrix cracks at least one lamina thickness.

On the other hand, an interesting study proposed by D’Mello and Waas who modeled the
transverse matrix cracks by only considering the damage in the matrix [13]. The material
strength used in the modeling was about 55 MPa but the fracture energy is around 0.02
N/mm which is almost one order of the magnitude lower than the value measured from
conventional tests. As a consequence, a noticeable crack was observed in the simulation but

multiple locations of fiber/matrix interface exhibited remarkable damage due to the stress
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Figure 8.2: IGFEM-based modeling of transverse matrix cracking in a cross-ply laminate.
Images obtained from [14]

concentration and the low fracture energy of the polymer. This is not consistent with the

experimental damage morphology as shown in Figure 8.1.

The foregoing undesirable comparison between simulation and experiment is mainly due
to the lack of understanding the proper cohesive behavior of the polymer across length scales.
To support this statement, an interesting study on the micro-scale modeling for the initiation
and propagation of the matrix-cracking in fiber-reinforced polymer composites under different
loading conditions was performed. Before moving to the insightful discussion about the
corresponding results for the remarkable differences between the simulations using macro-
and micro-scale material properties in the following sections, a detailed description on the
characteristics of the representative micro-structures of investigated laminates is presented

in the next section.



192

Stage 1 Stage 2 Stage 3 Stage 4

o>

Increasing the transverse displacement

Figure 8.3: Micro-scale modeling of transverse matrix cracking in a cross-ply laminate. Im-
ages obtained from [13].

8.1.2  Description of micro-structure and modeling strategqy

The investigated micro-structures include both [90/0]5 and [0/90], laminates which were gen-
erated by leveraging the Digimat-FE from MSC Software [184]. The choice of the foregoing
laminates is due to the fact that the simulation results of micro-scale damage modeling can
be used to have a qualitative comparison with the inspiring experimental results provided
in the open literature [14,15,41,185,186]. Regarding the micro-structural features, all the
fibers are located inside the representative micro-structures and there are about 820 fibers
leading to a reasonable fiber volume fraction of roughly 53% as experimentally shown and
commonly used in the literature [13,14,187]. The fiber diameter follows a normal distri-
bution with the mean value about 7 pm and standard deviation about 0.14 pym whereas
the minimum nearest-neighbor distance between fibers is about 0.2 ym and this distance

is better described by a Weibull distribution. The foregoing information was adopted from



193

the outstanding study provided by Zhang et al. [14] and it is worth mentioning here that
the fiber diameter distribution was also experimentally observed following a log-normal dis-
tribution [187] but this is also can be decently fitted by a normal distribution with a less
difference compared to the log-normal fitting.

The micro-scale damage modeling of the foregoing micro-structures was conducted in
ABAQUS Explicit 2019. A 6-node modified quadratic plane strain triangle (CPE6M) was
adopted in the simulation featuring about 4 million elements for the entire model meshed by
using an uniform element size about 0.4 ym. A linear elastic orthotropic constitutive model
was used for the fibers in the 90° laminae and the entire 0° laminae whereas the matrix
in the 90° laminae was modeled within the framework of Drucker-Prager model and the
constitutive laws calibrated from dogbone and SENB specimens for the critical comparison.
In addition to this, the fiber/matrix interface was simulated with a perfect bonding in this

work due to the strong bonding between carbon fiber and matrix.

Configurations Material Properties

E, =220 GPa, Ey = 19.5 GPa, v;5 = 0.28

vog = 0.45, G5 = 55 GPa, Gy3 = 6.72 GPa

E, = 147 GPa, £y = 10.3 GPa, v15 = 0.27

vo3 = 0.54, G = 7 GPa, G5 = 3.7 GPa
E = 2.38 GPa, 0% = 55 MPa, o> = 300 MPa
v =0.43, G = (.02 N/mm, G = (.8 N/mm

Fiber in 90° lamina

0° homogenized lamina

Matrix in 90° lamina

Table 8.1: Material properties used in the micro-scale damage modeling of [90/0]s and [0/90]s
laminates under uni-axial tension and shear loading conditions. Note that the properties
listed in the table for the matrix in 90° lamina lead to the successful characterization of the
micro-scale fracturing morphology.

In fact, the weak bonding at the interface using the conventional material properties (i.e.
low material strength and low fracture energy in the literature) for the micro-scale simulation
typically leads to the undesirable comparison with the experimental micro-scale morphology.

Most importantly, the delamination at the interface of laminae induced by splitting crack
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Figure 8.4: Representative micro-structures generated from Digimat and used in the micro-
scale damage modeling: (a) [90/0]; laminate under uni-axial tension; (b) [0/90]s laminate
under pure shear. Note that the thickness of each lamina is 0.1 mm and the width of this
laminate is 0.3 mm.
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cannot be captured. This is due to the fact that the carbon fiber/matrix interface should
also be characterized by the higher interface strength rather than the lower value typically
measured from pushout, fragmentation,and micro-bond tests [188-193]. The detailed discus-
sion related to this aspect is considered as the future publications. The material parameters
for carbon fiber and matrix are summarized in Table 8.1 which was partially obtained from

the study provided by Zhang et al. [14].

Regarding to the loading conditions, both uni-axial tension and pure shear scenarios were
selected for the micro-scale modeling of cross-ply [90/0]; and [0/90], laminates respectively
as illustrated in Figure 8.4 aiming to provide a solid confirmation on the reliability of the
simulation results in comparison with the corresponding experimental morphologies. An
insightful discussion about the computational results of the foregoing simulations is presented

in the next section.
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8.1.3  Simulation results: microscopic vs. macroscopic properties

To elucidate how the foregoing size effect and stress state of the polymer computationally
affects the micro-scale damage modeling of fiber-reinforced polymer composites, simulation
results by using the traditional material properties for the matrix, obtained from the con-
ventional tests on the large-scale specimens, were compared with the ones by leveraging the
proposed two-scale constitutive model, calibrated from Mode I fracture tests on the investi-
gated SENB specimens and micro-scale SENT specimens, as illustrated in Figures 8.5-8.7.
The traditional material properties of the matrix represent the macro-scale behavior featur-
ing uni-axial tensile strength 0;"*"* ~ 60 MPa and Mode I fracture energy G2*"° ~ 0.8
N/mm whereas the two-scale constitutive model describes both micro-scale and macro-scale
behavior. While the latter behavior is exactly the same as the aforementioned macroscopic
properties, the former one features high uni-axial tensile strength o7*"° ~ 200 to 300 MPa

and low Mode I fracture energy G7*"* =~ (.02 N/mm.

As can be noted from Figure 8.5, the only assignment of the foregoing macro-scale mate-
rial properties for the matrix in the 90° laminae leads to the distributed damage in the matrix
without significant crack opening showing the maximum damage variable smaller than 0.1
for both uni-axial tension and pure shear scenarios. This computational micro-scale damage
morphology is completely wrong in the consideration of the experimental morphology as pro-
vided by many authors in the literature [14,15,41,185,186] showing a pattern of individual

matrix crack at a distance of roughly one to three times the thickness of the lamina.

However, the foregoing wrong morphology does not happen again for the simulations
by leveraging the proposed two-scale constitutive model considering the micro-scale matrix
properties. As illustrated in Figure 8.6, the evolution of the sub-critical damage in cross-
ply [90/0]s laminate under uni-axial tension was successfully reproduced which is consistent
with the experimental observation. Typically, the damage initiates at several locations of
the fiber /matrix interfaces as shown in Figure 8.6a and this is followed by a fast propagation

of the transverse matrix cracking as shown in Figure 8.6b. A further development of this
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Wrong Micro-scale Morphologies (Distributed Damage)
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Figure 8.5: Micro-scale simulation with perfect bonding for fiber/matrix interface and ma-
terial properties of matrix obtained from dogbone specimen for [90/0]s laminate under uni-
axial tension and pure shear scenarios. Note that the labels v and v represent horizontal
and vertical displacements.

matrix splitting is hindered by the 0° lamina leading to the significant delamination at the
interface of two different laminae as shown in Figure 8.6b. Eventually, additional transverse
cracks happen at a distance of at least one lamina thickness from the pre-existing transverse
cracks as shown in Figure 8.6¢.

In addition to the uni-axial tension, the micro-scale damage morphology of cross-ply
[0/90], laminate under pure shear was also successfully captured as shown in Figure 8.7. Sim-
ilar to the previous case under uni-axial tension, the damage also initiates at the fiber /matrix
interface as shown in Figure 8.7a. The following event is the fast splitting crack happening
at an angle of roughly 30° corresponding to the direction of the 0° fibers due to the complex
multi-axial stress state in the micro-structural composite. The foregoing damage further
drives the delamination at the interface of laminae and this delamination pattern typically

has a connection with the damage at the closest fiber/matrix interface which is slightly dif-
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(a) Crack Initiation (b) Crack Propagation  (c) Crack Propagation
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Figure 8.6: Micro-scale simulation for [90/0]s laminate under uni-axial tension. Note that mi-
croscopic material properties and Drucker-Prager model were used in this simulation whereas
the debonding between fiber and matrix is not considered. The thickness of the lamina is
0.1 mm and the width of the micro-structure is 0.3 mm.

ferent from the uni-axial tension case due to the different local multi-axial stress state. This
phenomenon was also reported in the work by Mortell et al. [186] showing similar micro-
delamination at the boundary of two laminae under shear-dominated loading condition. On
the similar grounds with the uni-axial tension case, an additional splitting crack eventually
occurs at a distance about one lamina thickness from the foregoing splitting crack.

It is worth mentioning here that, in a typical fiber-reinforced polymer composite, the
matrix experiences a high level of volumetric stress components leading to the brittleness of
the material. This is consistent with the fact that the cumulative plastic strain in the range
from 0 to 1% was used in the successful simulations leveraging the two-scale constitutive
model rather than the use of a higher plastic strain greater than few percent leading to more
damage occurring at the fiber/matrix interface during the initiation stage.

These excellent computational characterizations for different loading conditions also clearly

show the importance of the full description of the multi-axial tensorial stress states in the
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composite otherwise the correct damage pattern cannot be successfully captured for a wide
range of loading scenarios. However, the traditional Cohesive Zone Models (CZMs) and basic
XFEM or phase field models widely used in the literature may not be the best candidates

due to the lack of considering entire stress field.

(a) Crack Initiation (b) Crack Propagation  (c) Crack Propagation
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Figure 8.7: Micro-scale simulation for [0/90], laminate under pure shear. Note that micro-
scopic material properties and Drucker-Prager model were used in this simulation whereas
the debonding between fiber and matrix is not considered. The thickness of the lamina is
0.1 mm and the width of the micro-structure is 0.3 mm.

Last but not least, several other aspects (e.g. thermal residual stresses induced by the
curing of the composite, statistical strength distribution of the matrix, etc.) may also need
to be considered in the micro-scale polymer damage modeling of fiber-reinforced composites
to provide an even better quantitative characterization of the sub-critical damage and their

evolution. This interesting aspect will be the subject of the future publications.
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8.2 Size Effect on Splitting Crack Initiation and Propagation

This section aims to experimentally and computationally clarify the effects of size scaling on
the transverse fracturing behavior of fiber-reinforced polymer composites and the interfacial
behavior between fiber and matrix. The latter aspect is still considered as a controversial
topic in the literature due to the testing method and size scaling effect. Before moving to
the experimental results and related analysis, the manufacturing procedure and the testing

methods are described in the following sections.

Vacuum Assisted Resin Transfer Molding

Laminates
7 %,
Outlet

Figure 8.8: Vacuum Assisted Resin Transfer Molding (VARTM) technique for the manufac-
turing of the laminates composed of pure epoxy and unidirectional dry carbon fabrics.

8.2.1 Materials and methods
8.2.1.1 Specimen preparation

The transverse fracturing behavior of fiber-reinforced polymer composites was investigated
by leveraging the same pure epoxy as described in the previous chapters and the addition
of non-crimp 2253 unidirectional carbon fabrics [194]. The laminates were manufactured
by using the Vacuum Assisted Resin Transfer Molding (VARTM) technique as illustrated

in Figure 8.8 leading to the fiber volume fraction about 60%. It is worth mentioning here
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that only small panel was manufactured every time and the uncured pure epoxy was infused
through the vacuum pressure about 100 KPa at least three times in order to provide a better

distribution of the matrix in the investigated laminates.

Three-point Bending Laminates, thickness t = 12 mm
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Figure 8.9: Geometrically-scaled rectangular specimens featuring 90° carbon fibers manu-
factured by leveraging the VARTM technique.

8.2.1.2 Three-point bending tests

The size effect study on the splitting crack initiation was achieved by conducting three-point
bending tests on geometrically-scaled rectangular laminates as illustrated in Figure 8.9. The
specimens feature 90° carbon fibers which are perpendicular to the longitudinal and out-of-
plane directions of the specimen. The dimensions, scaled as 1:1.43 : 2.04, were 4.9 x 17.64
mm, 7 x 25.2 mm, and 10 x 36 mm, respectively. The geometrical scaling on the width of the
specimen leads to the different number of plies exhibiting [90]5, [90]24, and [90]37 laminates.
The thickness of the specimen was not scaled and kept about 12 mm for all the sizes. It is
worth mentioning here that the specimen featuring 4.9 mm in width is not manufactured

and tested yet due the unprecedented situation caused by COVID-19. This is one of the
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future works as it will be discussed in the last chapter.

(a) Pre-cracked SENB Specimens, thickness =12 mm
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Figure 8.10: Geometrically-scaled SENB specimens featuring 90° carbon fibers manufactured
by leveraging the VARTM technique: (a) pre-cracked specimens; (b) pre-notched specimens.

8.2.1.83 Mode I fracture tests

In addition, geometrically-scaled Single Edge Notch Bending (SENB) laminates were pre-

pared for Mode I fracture tests to investigate the size effect on the splitting crack initiation
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and propagation. The specimens have the same scaling dimensions as the foregoing rect-
angular specimens used fro three-point bending tests. As illustrated in Figure 8.10, both
pre-cracked and pre-notched specimens were investigated to clarify the effects of the notch
type in fiber-reinforced polymer composites and make a critical comparison with the corre-
sponding behavior of pure epoxy. The detailed manufacturing of the crack and notch follows
the same procedures as described in the previous chapters. The length of the initial notch
was about 0.5D where D is the width of the specimen but the length of the initial crack was
scaled with the range approximately from 0.45D to 0.55D due to the difficulties in tapping
the crack with consistent length. It is worth mentioning here again that the specimen fea-
turing 4.9 mm in width is not manufactured and tested yet due the unprecedented situation
caused by COVID-19. This is one of the future works as it will be discussed in the last

chapter.

8.2.2  FExperimental results and analysis
8.2.3 Size effect on the transverse strength of fiber-reinforced composites

The load-displacement curves obtained from three-point bending tests are plotted in Figure
8.11b. As can be noted from the figure, the specimen features pronounced brittleness before
reaching the critical load and then exhibits unstable crack propagation due to snap-back
instability. In comparison with the mechanical behavior of the pure epoxy featuring the
same dimension and loading condition as shown in Figure 8.11a, the addition of 90° carbon
fibers not only reduces the ductility but also lowers the structural strength in the transverse
direction of the material. This interesting phenomenon is mainly attributed to the stress
concentration and possible defects at the fiber/matrix interface due to the heterogeneity
of the materials [195]. In addition to this aspect, the existence of the hydrostatic stress
in a typical fiber-reinforced composite also makes non-negligible contribution to the worse
transverse behavior of the investigated laminates. On the other hand, the transverse stiffness

of the specimen with the addition of carbon fibers was noticeably increased compared to the
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one of pure epoxy as illustrated in Figure 8.11a. This aspect is reasonable considering the
fact that about 60% volume fraction of carbon fibers was bounded with epoxy resin thus

exhibiting higher transverse stiffness.
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Figure 8.11: (a) Critical comparison between [90]3; laminates and pure epoxy on the experi-
mental load-displacement curves obtained from three-point bending tests; (b) Geometrically-
scaled rectangular specimens featuring 90° carbon fibers under three-point bending condition.

With knowing the distinct mechanical behavior between pure epoxy and the one modified
by carbon fibers, it is interesting to further study the size scaling effect on the structural
strength of both investigated materials and make a critical comparison. The definition of
the structural strength has the same meaning as described in the previous chapters. As
illustrated in Figure 8.12, while the pure epoxy exhibits relatively weak size effect on the
structural strength of investigated specimens, a remarkable size effect on the counterpart was
observed for the investigated fiber-reinforced specimens in the transverse direction due the
higher slope featuring the investigated specimens. In this context, the structural strength
of the fiber-reinforced composite in the transverse direction can reach a significantly higher
value as specimen size decreases and this aspect is considered as one of the future works.

On the other hand, the failure probability distribution of the fiber-reinforced specimens with
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the investigated size ranges possibly still follows Weibull distribution with a lower Weibull
modulus compared to the one measured from pure epoxy as mentioned in the previous
chapters. More studies are required in the future to clarify the size ranges for entering the

Gaussian distribution part.
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Figure 8.12: Average structural strength vs. specimen size measured from pure epoxy and
the one modified by carbon fibers under three-point bending condition. Note that the com-
putational results for pure epoxy was simulated by leveraging calibrated Ramberg-Osgood
relation as discussed in the previous chapters.

8.2.4 Size effect on the Mode I fracturing behavior of fiber-reinforced composites

The intralaminar mode I fracturing behavior of fiber-reinforced composites was further in-
vestigated in this section. The load-displacement curves obtained from both pre-cracked and
pre-notched SENB specimens are plotted in Figure 8.13. As can be noted from the figure,
the pre-notching method does not significantly affect the transverse stiffness of the material.
However, the critical loads of pre-cracked specimens are generally higher than the ones of

pre-notched specimens showing about 25% in difference for all the investigated sizes. The
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possibility can be either due to the hydrostatic stress or the higher stress intensity at the
crack tip which is substantially different from the one at the notch tip as discussed in the

previous chapters.

300 300 :
- Pre-cracked Laminate (b)
250 250 | =i
E ;’ J”\
— 200 200 | 2" D=10mm
= C s
[rm—] o s
S 150 150 f A
S C 7 D=7mm
100 100 |
L 7/,
o ¥
50 50 |
0 0 £ v vy
0 0.1 0.2 0.3 0 0.1 0.2 0.3

Displacement [mm]

Figure 8.13: Experimental load-displacement curves obtained from Mode I fracture tests on
geometrically-scaled fiber-reinforced composites featuring notch and crack.

The foregoing weak effects of pre-notching methods on the investigated fiber-reinforced
composites are significantly different from the ones of pure epoxy as presented in the previous
chapters. As illustrated in Figure 8.14, the pre-cracked fiber-reinforced specimen exhibits
better structural capacity in comparison with the corresponding pure epoxy. This can be
explained due to the fact that high stress concentration at the crack tip leads to significantly
increased damage initiation at the fiber/matrix interface thus generating larger FPZ for en-
ergy dissipation. However, this is not the truth for the pre-notched fiber-reinforced specimen
since the addition of carbon fibers significantly reduce the critical load being more than two
times lower than the one of pre-notched pure epoxy. This interesting phenomenon is proba-
bly due to the fact that the foregoing larger FPZ at the notch tip is at least comparable with

the notch radius thus deactivating the micro-scale strength of the polymer as comprehen-
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sively analyzed in the previous chapters. In addition to these insightful differences between
pure epoxy and fiber-reinforced laminate, it is worth mentioning here that both pre-cracked
and pre-notched specimens with the addition of carbon fibers also exhibit noticeably higher
stiffness in the transverse direction which is ascribed to the same reason as discussed in the

previous section for the rectangular fiber-reinforced specimens under three-point bending

condition.
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Figure 8.14: Experimental load-displacement curves obtained from Mode I fracture tests on
geometrically-scaled pure epoxy and related fiber-reinforced composites. This plot compares
the effects of pre-notching methods on both materials.

8.3 Conclusions

1. The long-standing problem on the undesirable computational modeling of sub-critical
damage and their evolution in fiber-reinforced composites at the micro scale is not
actually due to the methods for describing the complex stress field for crack forma-
tion and propagation but mainly due to the following two important aspects which

were computationally confirmed through the successful micro-scale modeling of fiber-
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reinforced composites under either uni-axial tension or pure shear showing excellent

reproduction with the experimental morphologies reported in the literature;

. One of the key aspects for the solution of this problem as illustrated in this chapter is
mainly associated to the versatile material behavior of the polymer at different stress
states as clearly shown in chapter 2. In this context, the damage initiation can only
be captured upon the condition that the full multi-axial tensorial stress state in the
composite is correctly described. This is possible in the crack band approach but not
feasible in traditional Cohesive Zone Models (CZMs) and basic XFEM or phase field

models widely used in the literature;

. Another leading aspect for the solution of the foregoing problem is related to the dis-
tinguishable material properties of the polymer at the microscale (i.e. high material
strength and low fracture energy) compared to the opposite values at the large scales
(i.e. low material strength and high fracture energy) obtained from conventional labo-
ratory tests. This aspect is extremely important to capture the matrix cracking and the
following delamination for polymer matrix composites under either uni-axial tension

or pure shear loading condition as shown in this chapter;

. On the other hand, the transverse behavior of the investigated fiber-reinforced compos-
ites under three-point bending condition exhibits significant difference showing remark-
able brittleness and lower structural capacity compared to the corresponding behavior
of the investigated pure thermoset polymer as experimentally shown in this chapter.
This worse behavior is mainly due to the heterogeneity of the materials and the possi-
bility of the defects leading to the higher stress concentration at the interface between

fiber and matrix;

. Moreover, the notch type has significant effects on the transverse behavior of fiber-
reinforced composites. The addition of the transverse fibers can lead to a noticeable

improvement for the thermoset polymer in presence of a sharp crack whereas this is
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not the truth for the material in presence of a blunt notch showing the structural
capacity being almost three times lower than the one of the investigated thermoset
polymer. This pronounced difference is actually due to the larger fracture process zone
happening in front of the crack or notch tip thus deactivating the micro-scale behavior
of the investigated thermoset polymer but dissipating more energy leading to the better

performance of pre-cracked composites.
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Chapter 9

MULTI-AXTAL QUASI-STATIC AND FATIGUE BEHAVIOR
OF FIBER-REINFORCED POLYMER COMPOSITES

This chapter presents an investigation on the global mechanical behavior of fiber-reinforced
composites under multi-axial quasi-static and cyclic loading conditions. The unprecedented
comprehensive experimental results clarified the effects of multiaxiality ratio, stacking se-
quence, loading condition, and notch configuration on the fracturing behavior of fiber-
reinforced composites. These aspects are important for the future formulation and validation

of an efficient computational model for composites.

9.1 Past and current work on the multi-axial fatigue studies

Far less attention has been devoted to fatigue compared to quasi-static loading despite the
fact that the characterization and modeling of the behavior of composite materials under
uni-axial and multi-axial loading have been the subjects of countless advances since the
pioneering works of Owen and co-authors [28-33]. Still today, these are considered among
the most comprehensive experimental investigations of the multi-axial fatigue behavior of
polymer composites. A formidable set of data was also provided by Fujii et al. [34-37], who
investigated the fatigue behavior of woven Glass Fiber Reinforced Polymers (GFRPs) under
a variety of multi-axial stress states and even in the presence of stress concentrations induced
by notches [38-40].

A very insightful discussion of fatigue damage in composites under on-axis tension was
provided by Talreja in [41,196] who identified three distinct mechanisms: (i) fiber failure at
high applied strains with non-progressive failure, (ii) matrix fatigue cracking and progression

by failing fibers or by debonding, and (iii) matrix cracking confined by fibers preventing its
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propagation.

The damage mechanisms under multi-axial fatigue were investigated, among others, by
Wang et al. [42,43] who conducted cryogenic tests in tension/torsion on tubular specimens.
They found that the dominating damage mechanisms included matrix cracking, fiber/matrix
debonding, microbuckling of fiber bundles, and delamination. The relative contribution of
each mechanism was found to be a function of the multiaxiality ratio. By testing cruciform
GFRP specimens, Smith and Pascoe [44] identified rectilinear cracking, shear degradation of
the fiber /matrix interface, and delamination as the main fatigue mechanisms. Similar results
were obtained on carbon/epoxy composites by Chen and Matthews [45].

A step towards the quantification of microscale fatigue damage is represented by the work
of Adden and Horst [46] who characterized the crack density evolution in tension/torsion
loading in NCF glass/epoxy composites. In this context, a significant contribution was
provided by Quaresimin and co-workers who investigated the damage evolution in-situ in
various loading configurations and geometries [47-52].

On the modeling side, an early attempt of capturing the fatigue behavior of composites
is due to Sims and Brogdon [197] who tried to extend the Tsai-Hill [198] static failure
criterion to fatigue by substituting the strength parameters with suitable S-N curves. A
similar approach was pursued by Francis et al [199] while Fujii and Lin [37] investigated
the extension of the Tsai-Wu criterion [200] for the description of tension-torsion fatigue of
glass/polyester tubes under different multiaxiality ratios. On similar grounds, several other
authors proposed alternative extensions (see e.g. [201-203)]).

An excellent discussion on polynomial criteria for multi-axial fatigue was provided by
Quaresimin et al. [53] who verified their predictive capability through a comprehensive re-
analysis of a large bulk of experimental data. They concluded that the accuracy of some
multi-axial criteria was fair although, in few cases, largely unsafe predictions were obtained
undermining the general validity of the models. They also stressed the importance of an
insightful understanding of the local fatigue damage mechanisms and their incorporation in

micro-mechanical models as an answer to the foregoing limitations.
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In this context, a notable example is the Synergistic Damage Mechanics (SDM) approach
proposed by Singh and Talreja [204] which combines micro-damage mechanics and continuum
damage mechanics to predict the stiffness degradation due to presence of transverse cracks.
Thanks to the micro-scale description of damage, the model can be used for various stacking
sequences and loading conditions. In this direction is the outstanding work of McCartney
and co-workers [205-210] and Lundmark and Varna [211,212] on the modeling of matrix
microcracking in transverse plies.

Later, Carraro et al. [213,214] proposed an analytical model that can capture the mi-
crocracking in multidirectional laminates with any stacking sequence. Thanks to analytical
framework, the model is extremely robust and inexpensive from the computational point of
view while still extremely accurate. The foregoing results show the significant progress in
the understanding of the fatigue behavior of composites. However, while the uni-axial and
multi-axial fatigue response in smooth specimens has been the subject of extensive research,
the study of notched structures is yet elusive.

As a first step towards addressing this important problem, the following sections presents
an experimental investigation of the fracturing behavior of notched [+45/90/—45/0]s and
[0/90]5 laminates under multi-axial quasi-static and fatigue loading. 3D woven composites
in presence of blunt notch under multi-axial quasi-static loading were also investigated in this
work. To have full control of both the multiaxiality ratio and the notch configuration relative
to the fiber orientation and specimen geometry, the tests were conducted leveraging an Arcan
rig which enables the application of combinations of nominal normal and shear stresses.
Thanks to the synergistic use of stiffness degradation data, Digital Image Correlation (DIC),
and X-ray Micro-computed tomography the study sheds more light on the effect of the
multi-axial stress state, the layup and notch configuration on the fatigue behavior.

Before moving to the next sections, it is worth pointing out that all the results reported
in this work are presented in terms of nominal stresses. Accordingly, the multiaxiality ratio
refers to the “global” multi-axial state of stress rather than the “local”, which may differ

from lamina to lamina. Although it is well known that the damage mechanisms driving the
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fatigue behavior in composites are controlled by the in-situ stress field, the choice of using
the nominal stress was made to provide objective results for the calibration and validation of
multi-axial fatigue models. In fact, in the presence of a stress raiser, the local stress state is
in continuous evolution due to the stress/strain re-distribution associated to the progressive
damage occurring in the Fracture Process Zone (FPZ). The calculation of such a stress state
depends on the ability of the damage model to capture the main damage mechanisms and

their evolution.

9.2 DMaterials and methods

9.2.1 Specimen preparation for two-dimensional composite laminates

The unidirectional system used for all the tests was a Glass Fiber Reinforced Polymer
(GFRP) by Mitsubishi Composites [215]. This prepreg was made of 7781 unidirectional
E-glass fiber and NB301 epoxy resin leading to a 0.28 mm lamina with 68% fiber volume
fraction. The glass transition temperature for epoxy resin is about 120°C.

The investigated stacking sequences included a quasi-isotropic [+45/90/—45/0] and a
cross-ply [0/90]ss layup which are extensively studied in the literature and commonly used
in composite structures. In the Quasi-Isotropic (QI) laminates, the decision of placing the
45° layers on top was made to facilitate the investigation of the matrix microcracking by
optical microscopy. This information was instrumental to validate the non-destructive dam-
age analysis conducted via micro-computed tomography which will be presented in the fol-
lowing sections. To manufacture the laminates, the prepreg was hand laid-up and then
vacuum-bagged by using a Vacmobile mobile vacuum system [62]. A Despatch LAC1-38A
programmable oven was used to cure the panels by ramping up the temperature from room
temperature to 135°C in one hour, soaking for one hour, and cooling down to room temper-
ature. After curing, the panels were cut into specimen of about 200 x 44 mm by using a
water-cooled circular saw with a diamond-coated blade. The specimen thickness was about

1.72 mm and the gauge length was about 25 mm.
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Figure 9.1: (a) Test setup and Arcan rig used for the multi-axial tests. Geometry of notched
specimens used for the multi-axial tests: (b) [+45/90/ — 45/0]; specimen with a 10 mm
central crack, (c) [+45/90/ — 45/0]s specimen with a 10 mm hole, and (d) [0/90]2s specimen
with a 18 mm central crack. Note that the gauge length is about 25 mm.

The effect of an open hole or an intra-laminar central crack on composite materials
under multi-axial quasi-static and fatigue loading was studied. To this end, three different
geometries, illustrated in Figure 9.1b-d, were prepared: (1) specimen with a central circular
hole of diameter ay = 10 mm, (2) specimen with a central crack of 10 mm, and (3) specimen
with a central crack of 18 mm. The open-hole specimens featured only one stacking sequence
of [+45/90/—45/0], and a circular hole drilled by a tungsten carbide drill bit. In contrast,
the cracked specimens featured both [0/90]2, and [+45/90/—45/0], as stacking sequence. For
the former layup, a crack ap = 18 mm was considered while, for the latter ay was equal to
10 mm. The crack was manufactured by firstly drilling a pre-notch using a 0.4 mm tungsten
carbide drill bit and then completing the crack leveraging a 0.4 mm wide diamond-coated

Saw.

In addition to the forgoing notched specimens, unnotched specimens with different di-

mensions and layups were tested under quasi-static and fatigue loading conditions. The
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purpose of these tests was to complete the information on the quasi-static and fatigue be-
havior provided by the manufacturer. The dimensions of the specimens followed ASTM

D3039/D3039M [216] and the details can be found in Table 9.1.

Stacking Sequences Dimension [mm] Measured Properties
[0]s 190x20x1.7 E1=42.9 GPa, f1;=900 MPa
[90]s 210x30x1.7 FE,=8.3 GPa, f5;=43 MPa
[+45/-45]as 210x30x1.7 G12=5.8 GPa
[0/90]24 200x20x1.7 f:=540 MPa
[+45/90/-45/0], 200x20x1.7 fi=423 MPa

Table 9.1: Mechanical properties of unnotched specimens under tensile quasi-static loading
condition. Note for the subscripts: 1 - axial direction, 2 - transverse direction.

9.2.2  Specimen preparation for three-dimensional woven composites

The three-dimensional woven composite features a ply to ply angle interlock fiber architecture
and is composed of 48K hexcel IM7 carbon fiber and Cytec PR520 toughened epoxy resin.
The particular architecture has 6x6 columns of warp and weft tows in each unit cell and
the warp tows also work as binders to provide through-thickness reinforcement leading to
the overall fiber volume fraction about 0.58. The planar composite panels were prepared by

Albany Engineered Composites (AEC).

The effects of an intra-laminar central notch on the three-dimensional woven composites
under multi-axial quasi-static load were studied. Two different geometries were prepared
for the multi-axial tests including the rectangular specimens cut along the warp and weft
directions. The intra-laminar central notch was manufactured by firstly drilling a hole using
a 0.8 mm tungsten carbide drill bit and then completing the notch with a 0.8 mm wide

diamond-coated saw. The dimensions of the specimens are illustrated in Figure 9.2.
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Figure 9.2: Test setup and Arcan rig used for the multi-axial tests on notched three-
dimensional woven composites. Both warp and weft directions oriented towards the lon-
gitudinal direction of the specimen were investigated in this work.

9.2.3 Test method

A modified version of Arcan rig, illustrated in Figure 9.2, was specifically designed to guar-
antee infinite life for multi-axial fatigue tests on composite materials. This modified Arcan
rig comprises four identical plates (two fronts and two backs) which are used to clamp the

specimens by friction. A 17-4 PH stainless steel was used to manufacture these four plates.

The specimens were clamped to the modified Arcan rig by using twelve M14 high-strength
bolts, with each bolt torqued at 130 N m. This ensures that enough clamping pressure was
applied on the specimen tabs to avoid slipping during the tests. The modified Arcan rig is
capable of applying multi-axial loads by varying loading angle 6, the angle between loading
direction and the longitudinal direction of the specimen. As illustrated in Figures 9.1a and
9.2, tension is applied when 6 equals 0° while pure shear is applied when 6 equals 90°.
A combination of tension and shear is achieved by an intermediate loading angle between

0° and 90°. To describe the loading configuration, multiaxiality ratio can be defined as
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A = arctan(7y/oy) where oy = Pcosf/[(w — ap)t] is the nominal normal stress and 7y =
Psinf/[(w — ag)t] is the nominal shear stress applied to the specimen. It is worth mentioning
here that oy = Pcosf/(wt) and 7y = Psinf/(wt) are defined for 3D woven composites.
In the definitions of stress, P is the instantaneous load, € is the loading angle, w is the
specimen width, aq is the crack length or hole diameter and ¢ is the specimen thickness. On
the other hand, in-plane and out-of-plane bending are negligible in the foregoing tests and
this was verified by using multiple strain gauges on the different locations of the specimen
or Digital Image Correlation (DIC) on the displacement contours of the specimen under
multi-axial loading condition as discussed by Tan et al. [217]. The multi-axial, quasi-static,
and fatigue tests were performed in a servo-hydraulic 8801 Instron machine with closed-loop
control. The speckled specimens were analyzed by means of an open source Digital Image

Correlation system programmed in MATLAB software developed at Georgia Tech [218,219].

9.2.4  Uni-azial tests on notch-free specimens

Notch-free specimens were tested under quasi-static and fatigue loading conditions to char-
acterize the uni-axial constitutive behavior and S-N curves. The quasi-static tests were
performed under displacement control with a displacement rate of 0.01 mm/s whereas the
fatigue tests were under load control with a stress ratio of R = 0.1 and a low frequency
of f =5 Hz. It is worth mentioning that both [0/90]ss and [+45/90/—45/0], stacking se-
quences were investigated. These configurations were the same adopted for the multi-axial
tests. The forgoing experimental campaign was performed to provide sufficient information

on the uni-axial tensile behavior of the material before investigating the multi-axial behavior.

9.2.5 Multi-azial tests on notched specimens
9.2.5.1 Two-dimensional composite laminates

To study the failure behavior of notched laminates under multi-axial quasi-static loading,

five sets of multiaxiality ratios were investigated: A = 0, 0.262, 0.785, 1.309 and 1.571. Such
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multiaxiality ratios corresponded to 6 = 0°, 15°, 45°, 75° and 90°. At least three speci-
mens were tested for each configuration. As for the tensile quasi-static tests on unnotched
specimens, the load rate for the multi-axial quasi-static tests was 0.01 mm/s.

In the case of multi-axial fatigue tests, the same multiaxiality ratios as the quasi-static
tests on notched specimens were investigated. At least three specimens were tested for each
multiaxiality ratio in order to produce a statistically significant set of data. To study the
fatigue failure behavior of notched laminates under multi-axial fatigue loading, three sets of
loading cases were studied: 70% Pyas, 55% Prae and 40% P, where P, is the average
peak force determined from quasi-static tests for each multiaxiality ratio. A stress ratio of

R = 0.1 and a low frequency of f =5 Hz were kept for all the forgoing loading cases.

9.2.5.2  Three-dimensional woven composite specimens

The comprehensive information on the multi-axial behavior of notched three-dimensional
woven composites was achieved by investigating six sets of multiaxiality ratios with A =
0,0.262,0.524,0.785,1.047 and 1.571 in this study. Such multiaxiality ratios corresponded to
0 = 0°, 15°, 30°, 45°, 60° and 90°. Only multi-axial quasi-static tests were conducted for the
notched three-dimensional woven composites with the displacement rate about 0.01 mm/s

whereas the multi-axial fatigue tests were not performed in this work.

9.3 Experimental results and analysis

9.3.1 Uni-axial tests on notch-free specimens

The mechanical properties of the unnotched specimens under quasi-static loading condi-
tions are tabulated in Table 9.1. These properties were measured based on the stress and
strain curves with the strain obtained from Digital Imaging Correlation (DIC) to exclude
the compliance of the testing system. On the other hand, in terms of the fatigue behavior of
unnotched specimens, the normalized S-N curves of unnotched [+45/90/—45/0]s and [0/90]as

specimens under tensile fatigue loading conditions are plotted in Figure 9.3a. As can be noted
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from the figure, the slope of S-N curve for the cross-ply specimen is slightly larger than the
one of the quasi-isotropic specimen. The larger slope of S-N curve reflects the specimen with
better resistance to fatigue loading. This is consistent with the results on the normalized
stiffness degradation curves, as shown in Figure 9.3b, in which the structural stiffness of the
cross-ply specimen deteriorates less significantly in comparison with the one of the quasi-
isotropic specimen. The structural stiffness is defined as K = (Ppear — Prn)/(Upeak — Um)
where P,eqr is the peak load, P, is the mean load, upeq is the displacement at the peak
load for each cycle, and u,, is the displacement at the mean load for each cycle. However,
the endurance limit, generally considered as 2 million cycles, was achieved when the peak
load in applied cyclic load reached roughly 30%-35% of the critical quasi-static load for both

unnotched specimens.
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Figure 9.3: (a) Normalized S-N curves for unnotched quasi-isotropic and cross-ply specimens
under tensile fatigue loading conditions; (b) Normalized stiffness vs. number of cycles (60%
Ppz). Note that N, equals to 2 million cycles as endurance limit in this work and oy max
represents the quasi-static uni-axial strength of the specimen.
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9.3.2  Multi-azial quasi-static tests on notched specimens
9.3.2.1 Two-dimensional composite laminates

The nominal stress and strain curves obtained from the multi-axial quasi-static tests are
plotted in Figures 9.4-9.7 for the following three specimen configurations: (1) [0/90]ss layup
with a 18 mm central crack, (2) [+45/90/—45/0]s; layup with a 10 mm hole, and (3)
[+45/90/—45/0]s layup with a 10 mm central crack. In these figures, the normal and
shear stresses are the nominal stresses in the net section, on = Pcosf/[(w — ag)t] and
Ty = Psinf/[(w — ap)t], whereas the strain is calculated based on the difference in the dis-
placements at two ends of the gauge area of the specimen obtained from Digital Imaging

Correlation (DIC).
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Figure 9.4: Nominal normal stress vs. nominal normal strain obtained from the multi-axial

quasi-static tests on the [0/90]as specimen weakened by a 18 mm central crack.

As can be noted from Figures 9.4-9.7, the stress-strain curves under multi-axial quasi-

static loading are characterized by a significant non-linear behavior when the specimens are
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Figure 9.5: Nominal shear stress vs. nominal shear strain obtained from the multi-axial
quasi-static tests on the [0/90]2s specimen weakened by a 18 mm central crack.

subjected to a combination of tension and shear, regardless of the layup. This phenomenon
becomes more and more significant with increasing multiaxiality ratios due to the emergence
of diffused, sub-critical matrix micro-cracking, splitting and delamination. These damage
mechanisms contribute to the dissipation of the strain energy stored in the specimen inducing
a significant non-linearity before reaching the failure load. A similar mechanism was reported
in uni-axial tests on unidirectional laminates and two dimensional textile composites [220—
222]. The mechanical behavior after peak stress is characterized by catastrophic failure due
to snap-back instability [223,224] for all the investigated layups when the specimens are
subjected to tension-dominated loading. On the other hand, the failure behavior becomes
more and more stable with increasing the shear load component. Eventually, as shown

in Figures 9.4-9.7, the post-peak behavior becomes stable and strain softening becomes

evident. This is an indication of more pronounced quasi-brittleness with increasing the shear
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load component, a phenomenon even more pronounced for the [+45/90/ —45/0|s specimens.
It is worth mentioning here that the snap-back instability in tension-dominated loads is
a structural, not a material phenomenon. To explore the post-peak behavior, one could
leverage the new device proposed by the authors [225]. However, this is beyond the scope of

the present work.
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Figure 9.6: Nominal normal stress vs. nominal normal strain obtained from the multi-axial
quasi-static tests on the [+45/90/ — 45/0]s specimens weakened by a 10 mm central crack
and a 10 mm hole respectively. All the tests summarized in this figure exhibited snap-back
instability.

It is interesting to investigate the relationship between the normal and shear strength
(critical net cross-section stress) as a function of the multiaxiality ratio. The failure envelopes
for the foregoing notched specimens under multi-axial quasi-static tests are plotted in Figure
9.8 and the details can be found in Table 9.2. In this plot, the normal and shear strengths
are defined as o oz = Praxcost/[(w — ao)t] and T maw = Prarsind/[(w — ag)t] respectively

where P, is the critical load. As can be noted from Figure 9.8, the failure envelope of



222

quasi-isotropic [+45/90/—45/0]s layup with a 10 mm central crack encompasses the one
with a 10 mm open hole hinting the fact that the hole affects the structural strength more
severely than a crack. A similar phenomenon, associated to the greater splitting development
in load-bearing plies for the specimens with an intra-laminar central crack compared to the
ones with an open hole, has been reported by several authors on notched Carbon Fiber

Reinforced Polymer (CFRP) laminates [217,226].
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Figure 9.7: Nominal shear stress vs. nominal shear strain obtained from the multi-axial
quasi-static tests on the [+45/90/ — 45/0]s specimens weakened by a 10 mm central crack
and a 10 mm hole respectively.

However, since the failure behavior of notched composites depends on the size of the
non-linear Fracture Process Zone (FPZ) occurring in the presence of a large stress-free crack
compared to the specimen width [94-103,227,228], geometrically-scaled specimens with an
open hole or a central crack need to be investigated to better understand this phenomenon.
The size effect tests are undergoing and will be presented in future publications. Another

subject of future investigations is the evolution of the fracture toughness with the multiaxi-



ality ratio which has been studied in nanocomposites [72, 73].
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Figure 9.8: Failure envelopes of notched [0/90]ys and [+45/90/ — 45/0], specimens under
multi-axial quasi-static loading conditions.

9.3.2.2  Three-dimensional woven composites

The representative nominal stress and strain curves for the three-dimensional woven com-
posites in presence of an intra-laminar central notch under multi-axial loads were plotted in
Figure 9.9. For both warp and weft scenarios, the mechanical response of the materials in
the longitudinal direction of the specimen exhibits less non-linearity up to the peak load with
the curves departure from the linear part at least after 35% of the strain at the peak load.
However, the emergence of the material ductility in the transverse direction of the specimen
was observed with increasing the proportion of shear to tension since the significant non-
linear curves depart from the linear part only after 20% of the strain at the peak load and
followed by a stable post-peak behavior. Similar phenomenon was also reported in other
related studies [74,217,229-231]. The non-linearity of the materials under shear-dominated

loads can be explained mainly due to the formation of the significant matrix and debonding
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Stacking Sequences Multiaxiality Ratio Normal Strength, oy me. [MPa] Shear Strength, 7y mq. [MPa]

0 275.57 0
0.262 213.02 57.08
[0/90]5s with
0.785 97.05 97.05
central crack
1.309 25.96 96.87
1.571 0 93.18
0 317.52 0
0.262 289.99 77.70
[+45/90/-45/0]5
0.785 131.71 131.71
with central crack
1.309 36.57 136.48
1.571 0 128.56
0 256.47 0
0.262 217.24 58.21
[+45/90/-45/0],
0.785 116.33 116.33
with open hole
1.309 34.76 129.72
1.571 0 124.46

Table 9.2: Average nominal normal and shear strengths of notched specimens under multi-
axial quasi-static loading condition.

cracks for the energy dissipation in this case rather than the plasticity of the material as it
will be shown through the morphological study in the next section. On the other hand, it is
interesting to notice from the figure that the evolution of the nominal stress and strain curves
can be dependent on the global multi-axial stress states. This implies the significant effects
of the local stress states on the plastic deformation and fracture behavior of the materials

which was also reported in other studies for various materials [22,123,125, 126, 130,232].

The correlation between the nominal normal and shear strength as a function of the mul-
tiaxiality ratio for the notched three-dimensional woven composites was further investigated
and plotted in Figure 9.10. As illustrated in Figure 9.10a for the warp tows oriented towards
the longitudinal direction of the specimen, the failure envelope features two distinguishable
segments which represent both tension dominated (A = 0 to 0.262) and shear-dominated
(A = 0.262 to 1.571) loading conditions. This is an indication of two different damage mech-

anisms with respect to the multiaxiality ratio as it will be clarified in the next section. On the
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other hand, the forgoing failure envelop is located in the area featuring the boundary with
the in-plane tensile strength and shear strength measured from the previous uni-axial tensile
tests on the notch-free specimens. This aspect is not surprising but mainly attributed to
the significant reduction on the nominal normal strength of the specimen since the nominal
shear strength does not exhibit sensitive degradation for the existence of an intra-laminar
central notch in the specimen compared to the one estimated from the uni-axial tensile tests
on the previous off-axis specimens. In addition, the experimental results obtained from the
previous Mode I fracture tests were further used through the LEFM analysis to predict the
nominal normal and shear strength of the geometry in this case with the warp tows parallel

to the longitudinal direction of the specimen.
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Figure 9.9: Nominal stress vs. strain curves in (a) longitudinal direction and (b) transverse
direction obtained from the multi-axial tests on the notched three-dimensional woven com-
posites with the longitudinal direction oriented in both warp and weft directions. Note that
the nominal strain was measured based on the difference in the displacements close to the
two ends of the gauge area of the specimen by means of the Digital Imaging Correlation.

As can be noted from Figure 9.10a, the prediction by means of the LEFM analysis
can lead to a remarkable over-estimation for both nominal normal and shear strength and

this mismatch confirms the quasi-brittleness of the investigated three-dimensional woven
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composites which cannot be simply analyzed by leveraging the LEFM approach. It is worth
mentioning here that the LEFM prediction on the nominal shear strength of the specimen
in Figure 9.10a is based on the assumption that the apparent Mode II fracture energy G;I of
the material with the warp tows oriented toward the longitudinal direction of the specimen
is equivalent to the apparent Mode I values as reported in the recent work [233] due to
the lack of data on this aspect in the open literature. In fact, the larger Mode II fracture
energy of the laminates compared to the Mode I counterparts was typically reported in the
literature [227] and this can lead to even more pronounced over-prediction on the forgoing

nominal shear strength of the specimen.
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Figure 9.10: Failure envelops for the notched three-dimensional woven composites with the
longitudinal direction of the specimen towards the (a) warp tows and (b) weft tows. Figure
(a) compares the failure envelop measured from the multi-axial tests with the associated
results obtained from the uni-axial tensile tests and predicted through the LEFM analysis.
Figure (b) has a similar comparison but includes the previous results measured from the
multi-axial tests on the notched [0/90]ss GFRP laminates.

Similar analysis was further performed on the notched three-dimensional woven compos-
ites with the weft tows in the longitudinal direction of the specimen. As it can be noted

from Figure 9.10b, the failure envelope of the foregoing specimens under multi-axial loads
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is also composed of two noticeable parts representing the transition of the damage mecha-
nism from tension to shear. Moreover, this aforementioned failure envelop was reasonably
compared with the one in the previous study [229] for the notched cross-ply [0/90]ys lam-
inates made of glass fiber and thermoset polymer (GFRP) in the consideration of similar
in-plane dimensions. As illustrated in Figure 9.10b, the mechanical behavior of the forego-
ing cross-ply laminates is similar to the one of the notched woven composites plotted in this
figure under tension-dominated loading conditions. However, this does not happen in the
shear-dominated scenarios since this notched woven composites exhibit higher nominal shear
strength indicating the better shear resistance of the materials than the two-dimensional
GFRP laminates with similar fiber orientations. On the other hand, the investigated intra-
laminar central notch leads to the reduction on both nominal tensile and shear strength of
the notched woven composites with the weft tows in the longitudinal direction of the spec-
imen and this aspect differs from the warp case as plotted in Figure 9.10a showing almost
no degradation on the nominal shear strength of the material with the non-negligible intra-
laminar central notch. This can be explained by either the contribution of the warp tows
to the better shear performance or the geometrical effects considering the different specimen
sizes for both warp and weft cases. This requires further computational studies which will

be covered in the future publications.

9.3.83  Multi-axial fatigue tests on notched specimens
9.3.3.1 FEwvolution of structural stiffness vs. multiaziality ratio

Having discussed the failure behavior of notched laminates under multi-axial quasi-static
loading, the fatigue failure behavior needs to be investigated. The evolution of the structural
stiffness obtained from the multi-axial fatigue tests is represented in Figures 9.11-9.14 for
all the studied notched specimens and two loading cases (70% and 55% of P,..). In these
plots, the stiffness has the same meaning defined for the analysis of unnotched specimens

under tensile fatigue loading condition.
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As can be noted from Figures 9.11-9.12, for cross-ply [0/90]ss specimen with a central
crack, the stiffness decreases of roughly 10% in the early stage of tension-dominated fatigue
tests (A = 0,0.262) while no significant degradation can be observed throughout fatigue life
of specimens subjected to shear-dominated fatigue loading. This is mainly due to the growth
of transverse matrix cracking during tension-dominated fatigue loading [196]. Eventually, as
illustrated in Figure 9.15¢, the stiffness decreases of about 20% before catastrophic failure
for multiaxiality ratio A = 0 whereas only 5% degradation in stiffness was observed for
multiaxiality ratio A = 1.571. This can be attributed to a significant reduction of the
splitting in 90° plies under shear-dominated loading compared to tension-dominated loading
before catastrophic failure as shown in Figure 9.16 through the quantitative damage analysis
by using X-ray micro-computed tomography (u-CT) as it will be discussed later. Despite
this reduction leading to a lower total crack volume for shear-dominated loading, the final
failure is eventually triggered by the rapid growth of delamination in the late stage of fatigue
tests as it will be shown in the next chapter.

However, this is not the case for quasi-isotropic [+45/90/—45/0], specimen with an open
hole or a central crack since in both cases a gradual stiffness degradation throughout the
fatigue life can be noted for various multiaxiality ratios. In contrast to cross-ply [0/90]as
specimens, the stiffness of quasi-isotropic specimens with an open hole or a central crack
deteriorates roughly 19% to 25% for all the investigated multiaxiality ratios as shown in
Figures 9.15a-b. This consistent deterioration is mainly due to the significant development
of splitting and delamination before catastrophic failure for all the multi-axial tests as shown
in Figure 9.17 exemplifying the typical damage in specimens featuring an open hole. Similar

damage was observed in specimens featuring a central crack.

In addition to the foregoing observations, it can be noted from Figures 9.13-9.14 that
the fatigue performance of quasi-isotropic [+45/90/—45/0]s specimens with a central crack
is generally worse than the one of the same layup featuring an open hole. As it will discussed
in section 10.4, the quantitative damage analysis by using ;-CT technique confirms that the

worse performance of the quasi-isotropic specimens weakened by a central crack compared
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to the ones weakened by a central hole is associated to a significant larger amount of crack
volume. It is interesting to note that this is in contrast to the quasi-static results which
pointed to the central hole case as being the most critical. This structural phenomenon
is due to a different evolution of the Fracture Process Zone (FPZ) in quasi-static regime
compared to fatigue. There is no doubt that the process of FPZ development is strongly
affected by the size of the specimens (width, notch size, etc.). This size effect deserves further

studies and it will be the subject of future publications by the authors.
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Figure 9.11: Evolution of structural stiffness vs. number of cycles measured during the
multi-axial fatigue tests (70% Ppq.) on the [0/90]s5 specimen with a 10 mm central crack.
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It is interesting to note that this is in contrast to the quasi-static results which pointed
to the central hole case as being the most critical. This structural phenomenon is due to a
different evolution of the Fracture Process Zone (FPZ) in quasi-static regime compared to
fatigue. There is no doubt that the process of FPZ development is strongly affected by the
size of the specimens (width, notch size, etc.). This size effect deserves further studies and

it will be the subject of future publications by the authors.
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crack and a 10 mm hole.
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Figure 9.16: Analysis of main fatigue damage mechanisms before final failure by micro-
computed tomography. Comparison on fatigue damage in [0/90]5s specimens weakened by
a 18 mm central crack for multiaxiality ratio A = 0 and A = 1.571. Note that the original
colors of the images were inverted for a better visualization on the damage.
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Figure 9.17: Analysis of main fatigue damage mechanisms before final failure by micro-
computed tomography. Comparison on fatigue damage in [+45/90/—45/0]s specimens weak-
ened by a 10 mm open hole for multiaxiality ratio A = 0 and A = 1.571. Note that the original
colors of the images were inverted for a better visualization on the damage.

9.3.3.2 S-N curve vs. multiaxiality ratio

To gain a better understanding of the fatigue behavior of notched laminates under various
multiaxiality ratios, S-N curves were constructed by leveraging the fatigue tests with three
different loading cases (70%, 55% and 40% of P,,4.). As illustrated in Figure 9.18, the peak
nominal normal stress is plotted as a function of number of cycles in the semi-logarithmic
coordinate for notched specimens. In these plots, the slopes of S-N curves decrease as mul-
tiaxiality ratio increases which indicates that the deterioration of the fatigue behavior hap-
pens severely when the loading condition transits from tension to shear. This phenomenon
is consistent with the previous experimental investigations on both tabular and cruciform
specimens featuring a circular hole [38-40, 199,234, 235]. It is worth mentioning here that,
for specimens under the fatigue loading of pure shear (A = 1.571), the slope of S-N curve is

zero due to the definition of the multiaxiality ratio. Thus, additional S-N curves are plotted



in Figure 9.18 for these specific cases.
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Figure 9.18: S-N curves vs. multiaxiality ratio measured from the multi-axial fatigue tests
on notched quasi-isotropic and cross-ply specimens.
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Multiaxiality Ratio Percentage of Pe, [0/90]2s (crack) [+45/90/-45/0], (crack) [+45/90/-45/0], (hole)

70 % 1.8 x 10° 2.4 % 104 5.2 x 104
0 55 % 2 x 10° 3.1 x 10° 2.9 x 10°
40 % 2 x 106 2 x 10° 2 x 109
70 % 5.8 x 10* 6617 5.4 x 10*
0.262 55 % 4.1 x 10° 3.7 x 10 1.4 x 10°
40 % 2 x 108 2 x 108 2 x 108
70 % 4133 3117 2.8 x 10*
0.785 55 % 7.7 x 10* 2.7 x 10* 7 x 10
40 % 1.4 x 106 2 x 106 2 x 108
70 % 5367 2741 1.3 x 10*
1.309 55 % 4.8 x 10* 3.9 x 10* 1.2 x 10°
40 % 2 x 108 2 x 108 2 x 108
70 % 1664 2493 3545
1.571 55 % 7070 3.8 x 10* 5.5 x 10*
40 % 2 x 106 2 x 10° 2 x 109

Table 9.3: Average fatigue lifetimes measured from the multi-axial fatigue tests on both
notched cross-ply and quasi-isotropic laminates. Note that two million cycles represents
run-out.

As far as the fatigue life is concerned, as illustrated in Figure 9.19 and tabulated in Table
9.3, the number of cycles to failure decreases with increasing the multiaxiality ratio for both
two fatigue loading conditions (70% and 55% of P, ). This cause the decrease of the slopes
of S-N curves as mentioned in the forgoing discussion. Furthermore, it was shown in Figure
9.19a that the endurance limit (2 million cycles) of notched cross-ply [0/90]ss specimens
under the fatigue loading of pure tension can be achieved approximately when 55% of P,
is applied as a peak load in the cyclic load. This is much higher than the condition for
the forgoing unnotched specimens featuring the same layup under tensile fatigue loading
condition. This is probably due to the reduced stress concentration of a central crack caused
by splitting in 0° plies occurring at the notch tip during the fatigue [236-238]. However,

the fatigue loading condition for the endurance limit of notched cross-ply [0/90]5s specimens
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at multiaxiality ratios except for pure tension is about 40% of P,,.., the similar condition

for notched quasi-isotropic [+45/90/—45/0]s specimens at all the investigated multiaxiality

ratios in order to reach the endurance limit during the fatigue.
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Figure 9.19: Number of cycles to failure vs. multiaxiality ratio for notched quasi-isotropic
and cross-ply specimens.
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9.4 Conclusions

1. For notched laminates under multi-axial quasi-static loading, the stress-strain behav-
ior is characterized by a significant non-linearity. This phenomenon becomes more
and more significant with increasing shear load components due to the emergence of
diffused, sub-critical matrix micro-cracking and delamination. This conclusion is sup-

ported by micro-computed tomography analysis;

2. The multiaxiality ratio influences significantly also the post-peak behavior. Catas-
trophic failure due to snap-back instability occurs when the specimens are subjected to
tension-dominated loading whereas the post-peak behavior becomes stable and strain

softening becomes evident in the case of shear-dominated loading;

3. Leveraging the multi-axial data, failure envelops in terms of peak nominal normal and
shear stresses were constructed. Interestingly, the quasi-isotropic laminates featuring
an open hole of diameter a( exhibited a lower strength compared to specimens weakened
by a central crack with length equal to ag. This phenomenon depends on the evolution
of the Fracture Process Zone (FPZ) as a function of the multiaxiality ratio and specimen

size;

4. The forgoing quasi-static data are in contrast to the results of the fatigue tests show-
ing the central crack case being the most critical. This structural phenomenon may be
due to a different evolution of the Fracture Process Zone (FPZ) in quasi-static regime
compared to fatigue. This aspect is particularly important for structural design since
it shows that failure under quasi-static loading and fatigue can occur by a completely
different damage progression. The efficient fatigue design of composite structures de-
mands the formulation of damage models that can capture such evolution in the context

of the loading configuration, stacking sequence, and structure size and geometry;

5. The evolution of the structural stiffness degradation in notched quasi-isotropic and



239

cross-ply laminates is substantially different. While the structural stiffness exhibits a
similar amount of degradation before catastrophic failure for quasi-isotropic laminates
at different multiaxiality ratios, the stiffness of cross-ply laminates deteriorates about
20% before catastrophic failure for a multiaxiality ratio A = 0 but only 5% degradation

for a multiaxiality ratio A = 1.571;

. The S-N curves clearly shows the detrimental effects of the shear load component on
the fatigue life of all the investigated notched laminates since the slopes of S-N curves
decrease with increasing the shear load component. This is mainly due to the emergence
of the damage (e.g. delamination, fiber kinking, micro-bucking, etc) induced by the
shear load component which is even critical compared to the matrix cracking in the

tension-dominated loading conditions and the details will be shown in the next chapter;

. On the other hand, the conditions to achieve the endurance limit are approximately the
same (40% of P4, ) for both notched and notch-free laminates at different multiaxiality
ratios except for notched cross-ply laminates under tensile fatigue loading. In this case,
the endurance limit is about 55% of P,,,, which is much higher than the one of notch-
free laminates featuring the same layup. This is probably due to the reduced stress
concentration of a central crack caused by splitting occurring at the notch tip during
the fatigue since the development of splitting is the main damage mechanism for this

loading case.
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Chapter 10

DAMAGE MECHANISMS OF FIBER-REINFORCED
POLYMER COMPOSITES UNDER MULTI-AXIAL LOADS

This chapter focuses on the experimental investigation on the morphological character-
istics of the sub-critical damage in polymer matrix composites (e.g. matrix cracking, de-
lamination, fiber kinking, etc.) under multi-axial quasi-static and cyclic loading conditions.
By leveraging the synergistic approach combining several damage evaluation methods, the
detailed damage mechanisms of the investigated fiber-reinforced composites with respect to
the multi-axiality ratio were revealed. In addition, the common aspects and the minor differ-
ences between quasi-static and cyclic loading on the mechanical behavior of fiber-reinforced

composites were also clarified.

10.1 Damage inspection techniques

A range of non-destructive inspection techniques has been developed and applied in the last
few decades. The most attractive techniques include acoustic emission [239-243], infrared
thermography [244-248], ultrasonic C-scan [249], Digital Imaging Correlation [250-252] and
X-ray micro-computed tomography [253-259]. An analysis to combine the mechanical be-
havior of the materials with the damage evaluation via the forgoing useful tools promotes
a better understanding on the fracturing behavior of composite structures under a variety
of loading conditions. This is a condition of utmost importance for the development of safe
and reliable designs and certification guidelines.

Among these techniques, acoustic emission method is widely used for monitoring damage
initiation. An excellent investigation on the initiation of transverse cracking and delami-

nation in textile composite under uni-axial tensile test was provided by Lomov et al. [241].
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Similar studies were reported on the unidirectional and woven composites by Silversides et
al. [240].

However, infrared thermography and ultrasonic C-scan are typically employed to have
a rough estimation of the damage progression in composite structures. A noticeable exam-
ple was provided by Meola and Carlomagno [245] who evaluated impact damage in Glass
Fiber Reinforced Polymer (GFRP) leveraging the thermographic technique. Thanks to this
method, the impact damage progression throughout the thickness of the laminates was suc-
cessfully reconstructed. By conducting an ultrasonic inspection on the damaged specimens,
Scarponi and Briotti [249] identified significant development of delamination in thermoset
polymer reinforced by various types of fibers.

Although the forgoing techniques led to a remarkable progress in the damage charac-
terization, the identification of individual damage types is still not clear since the damage
analyzed using the forgoing inspection tools is usually homogenized. In this context, micro-
scopic techniques (Optical and Scanning Electron Microscopy) are extensively used to visu-
alize different damage types in specimens. Carraro et al. [260], for instance, conducted an
optical microscopic inspection which was capable of capturing the delamination induced by
transverse cracking in cross-ply laminates under tensile fatigue loading. On similar grounds,
a micro-damage study leveraging Scanning Electron Microscopy (SEM) was provided by
Nguyen et al. [261] who identified shear hackles between the fibers in specimens featuring
[+45/—45]45 layup under uni -axial tensile test. However, these techniques can only provide
a local visualization of a detailed damage morphology since the specimens must be cut into
a small portion which can be properly operated by microscopic techniques.

Thanks to the emergence and development of X-ray micro-computed tomography (u-CT),
a detailed damage morphology throughout the entire composite structure can be obtained
even under an in-situ inspection test. An interesting study was provided by Yu et al. [254]
who investigated the damage evolution in 3D woven composite under tensile fatigue loading.
It was concluded that the dominating damage mechanism before final failure is the debonding

cracks spreading along the interface between binder yarns and matrix. By leveraging u-



242

CT technique, the growth of different type of damage was also successfully quantified as a
function of fatigue lifetime.

A further step towards an even more insightful damage analysis requires a synergistic
approach combining p-CT technique and other aforementioned methods. In this way, the fol-
lowing sections present a comprehensive damage analysis via X-ray micro-computed tomogra-
phy and Digital Imaging Correlation techniques on notched quasi-isotropic [+45/90/—45/0]s
and cross-ply [0/90], laminates under multi-axial quasi-static and fatigue loading. 3D wo-
ven composites in presence of blunt notch under multi-axial quasi-static loading were also
studied in this work. Thanks to the synergistic approach, a detailed analysis of the damage
mechanisms and quantification of damage evolution was achieved. This result, which is of
utmost importance for the development and validation of fatigue computational models for

notched composite structures under multi-axial loading, has never been obtained before.
10.2 Damage evaluation strategy

To study the damage evolution of notched laminates under multi-axial tests, specimens with
the same dimensions but featuring different types of notches as described in the previous
sections were prepared. The detailed description on the manufacturing and testing method
can be found in the work by Qiao et al. [229]. The procedure of damage evaluation lever-
aging Digital Image Correlation (DIC) and X-ray micro-computed tomography (u-CT) is

illustrated in Figure 10.1 and described in the following sections.

10.2.1 Digital Image Correlation (DIC)

The strain distribution of notched laminates was investigated by using an open source DIC
system programmed in MATLAB software developed at the Georgia Institute of Technol-
ogy [218,219]. To this end, specimens were painted white and then speckled black with a
refinement pattern close to the edge of hole and notch tip. This is significantly important
to guarantee that enough speckles can be used for DIC analysis to describe the strain field

at that location. A recording of videos with a frame rate of 30 fps for speckled specimens
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Figure 10.1: Notched specimen geometries and damage evaluation leveraging Digital Imaging
Correlation (DIC) and X-ray micro-computed tomography (u-CT).

was analyzed at roughly 97% of total quasi-static or fatigue life. The total quasi-static life
corresponded to its final catastrophic failure whereas the total fatigue life corresponded to
its lifetime to failure and the percentage of this life represented its performance at the peak
load of applied cyclic load (55% of quasi-static critical load). The loading situation for the
specimens analyzed by DIC is summarized in Table 10.1 and the details can be found in [229].

The moments analyzed for 3D woven composites can be found in Figures 10.18 and 10.19.

10.2.2  X-ray micro-computed tomography (u-CT)

The multi-axial tests were stopped and notched specimens were unloaded and demounted
from the testing system for the observation of the sub-critical damage by means of a NSI

X5000 X-ray micro-tomography scanning system [262]. A X-ray tube setting of 90 kV in
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voltage and 220 pA in current was used in the analyses. It is worth mentioning here that
1-CT scanning was also performed before multi-axial tests to guarantee that no damage
was induced by the manufacturing of the specimen. To have a better understanding of the
damage evolution under multi-axial tests, damaged specimens taken from the multi-axial
quasi-static tests were analyzed at 90% and even later stage of the entire life whereas the
ones taken from the multi-axial fatigue tests were analyzed at 40% and 70% of the entire life.
It is worth mentioning here that the total quasi-static life corresponded to its life reaching
the critical load whereas the total fatigue life corresponded to its lifetime to failure. The
loading situation for the specimens analyzed by u-CT is summarized in Table 10.2 and the
details can be found in [229]. The moments analyzed for 3D woven composites can be found

in Figures 10.18 and 10.19.
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Figure 10.2: Nominal shear stress vs. nominal shear strain for representative notched spec-
imens. The detailed description of this figure can be found in section 9.3.2 . This figure
corresponds to Table 10.1 explaining the loading situations analyzed by DIC for the case
that the specimen has stable post-peak behavior.
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DIC Quasi-static Fatigue
Layups Multiaxiality Ratio Load for Analysis (KN) Peak Value in Cyclic Load (KN) Cycles for Analysis
0 11.95 6.78 1.94 x 108
[0/90]25 with crack 0.785 See Fig.10.2 3.38 7.52 x 10*
1.571 See Fig.10.2 2.29 6.86 x 103
0 14.55 8.25 2.81 x 10°
[+45/90/-45/0], with hole 0.785 9.33 5.29 6.78 x 10"
1.571 See Fig.10.2 4.01 5.31 x 10*
0 17.80 10.09 3.03 x 10°
[+45/90/-45/0], with crack 0.785 10.44 5.92 2.61 x 10°
1.571 See Fig.10.2 4.09 3.69 x 10%

Table 10.1: Load and number of cycles for DIC analysis of investigated notched specimens
at 97% of total quasi-static or fatigue life. This table includes the foregoing information for
three multiaxiality ratios. Note that the text “See Fig.2” in the table represents the case
that the specimen has stable post-peak behavior.

pu-CT Quasi-static Fatigue
Layups Multiaxiality Ratio Percentage of Life Load for Analysis (KN) Peak Load in Cyclic Load (KN) Percentage of Life Cycles for Analysis
90% 11.09 40% 8.00 x 10°
0 6.78 ,
95% 11.71 70% 1.40 x 109
90% 5.52 40% 3.10 x 10*
[0/90]2 with crack 0.785 3.38
95% 5.83 70% 5.43 x 10*
90% 3.75 40% 2.83 x 10°
1.571 2.29 .
95% 3.96 70% 4.95 x 103
90% 13.50 40% 1.16 x 10°
0 ‘ 8.25 ;
95% 14.25 70% 2.03 x 10°
90% 8.66 40% 2.80 x 10*
[+45/90/-45/0]s with hole 0.785 . 5.29
98% 9.43 70% 4.89 x 10*
90% 6.55 40% 2.19 x 10*
1571 : 401
98% 7.13 70% 3.83 x 10*
90% 16.52 40% 1.25 x 10°
0 10.09 :
95% 17.43 70% 2.19 x 10°
90% 9.69 40% 1.08 x 10*
[+45/90/-45/0], with crack 0.785 5.92 ,
95% 10.23 70% 1.88 x 10*
90% 6.69 40% 1.52 x 10*
1.571 4.09
98% 7.28 70% 2.67 x 10*

Table 10.2: Load and number of cycles for u-CT analysis of investigated notched specimens
at selected percentage of total quasi-static or fatigue life. This table includes the foregoing
information for three multiaxiality ratios.
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A dye penetrant was used as a supplement to improve the contrast of damage in the X-ray
images [263-265]. Before conducting the scanning, the specimens were soaked approximately
one day in the dye penetrant mixture containing zinc iodide powder (250 g), isopropyl alcohol
(80 ml), Kodak photo-flow solution (1 ml) and distilled water (80 ml). The sub-critical
damage in each ply and interface were identified by slicing through the reconstructed 3D

images of the specimens via the softwares ImagelJ [266] and ParaView [267].
10.3 Digital Image Correlation (DIC) Analysis

The sub-critical, distributed damage occurring under fatigue loading of notched compos-
ite structures generally leads to a local reduction of the material stiffness with consequent
increase of the local strain. Accordingly, to have a qualitative idea of the overall damage
distribution notched [0/90]ss and [+45/90/—45/0]s specimens were analyzed through DIC
as described in section 10.2.

As illustrated in Figure 10.3 which compares the maximum principal strain distribution
of the quasi-static and fatigue loading, the overall damage distribution under fatigue loading
appears to be more diffuse compared to the quasi-static case. A similar phenomenon was
found by Fujii et al. [38-40] who tested tabular specimens featuring a circular hole under the
multi-axial fatigue loading of tension and torsion. This result is an indication of a larger non-
linear Fracture Process Zone (FPZ) in the specimens subject to fatigue loading. It is worth
mentioning that the maximum principle strains were normalized against their maximum
values in the area of interest in order to have a comparison between quasi-static and fatigue
loading condition. In fact, the focus was not on the magnitude of the strain field but the
overall damage distribution.

However, the critical magnitude in the maximum principle strain field for quasi-isotropic
specimens featuring a central hole under multi-axial tests provides an insightful information
on the quasi-static and fatigue fracturing behavior. As can be noted in Figure 10.4, the
critical magnitude of the maximum principle strain in fatigue case is significantly lower than

the one in quasi-static case almost before catastrophic failure. This result is an indication
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Figure 10.3: Digital Imaging Correlation (DIC) analysis of investigated notched specimens
at 97% of total quasi-static or fatigue life. This figure compares three multiaxiality ratios.
From the contour plots of the normalized maximum principle strain, it can be noted that
the region of high deformation in fatigue is generally more spread compared to quasi-static
loading. This is an indication that fatigue damage is generally more distributed than its

quasi-static counterpart.

of substantially different failure criteria for quasi-static and fatigue case which is typically

reported in fatigue fracturing behavior of thermoset polymers showing that the Mode I

critical stress intensity factor in fatigue case is generally lower than the one in quasi-static
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case [180,268,269).
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Figure 10.4: The evolution of critical maximum principle strain at 97% of final failure for
the specimen weakened by a central hole as a function of multiaxiality ratio. The graph
compares quasi-static and fatigue results. Note that €, refers to the maximum principle
stress and these values in the figure were obtained by averaging the results over at least
three specimens.

On the other hand, before moving to the following section on the investigation of damage
mechanisms via p-CT technique, the fracturing features can be roughly known based on the
overall strain distribution leveraging DIC. As can be noted in Figure 10.3, the region of high
deformation for notched laminates at various multiaxiality ratios does not show significant
differences in terms of shape and location for quasi-static and fatigue case. For notched cross-
ply laminates as shown in Figure 10.3a, the specimen under pure tension is characterized
by a region of high deformation in 0° plies at the notch tip whereas the one under pure
shear features a noticeable damage band in 90° plies ahead of the notch. This corresponds
to splitting and fiber kinking for pure tension and pure shear case respectively. For notched

quasi-isotropic laminates as shown in Figures 10.3b-c, the specimens at various multiaxiality
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Figure 10.5: Digital Imaging Correlation (DIC) analysis of notched quasi-isotropic specimens
for multiaxiality ratio A = 0.785 and A\ = 1.571 at 97% of total fatigue life. Note that the
shear strain was normalized against its maximum value in the area of interest.

ratios are mainly characterized by a highly-deformed region in +45° plies in front of the notch
which is associated to significant splitting. In addition to this, a highly-deformed region due
to shear strain almost perpendicular to the +45° plies was observed for the specimens under
shear-dominated loading as shown in Figure 10.5. This indicates that the +45° plies are

under compression leading to the potential micro-buckling of the fibers.

10.4 Quantitative analysis of damage mechanisms

To shed more light on the characteristics of the fracturing morphology of notched laminates
under multi-axial quasi-static and fatigue loading, representative damaged specimens at var-
ious multiaxiality ratios selected from three tested specimens were analyzed leveraging X-ray
1-CT using the parameters described in the section 10.2.2. It is worth mentioning that, for
each loading configuration, at least three tests were conducted and the results were found to

be very consistent in terms of both mechanical behavior and damage morphology.
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Figure 10.6: (a) Typical graph of the percentage of pixels vs. grey-scale value in the gauge
volume of the [0/90]y; specimens weakened by a 18 mm central crack for a multiaxiality
ratio A = 0 based on the reconstructed 3D image obtained by micro-computed tomography;
(b) The evolution of cumulative density function of grey-scale distribution as a function of
grey-scale end. All the grey-scale values lower than this end was considered as the damage.
In this case, the grey-scale end (159) was selected and +5 was considered to account for the
measurement errors on the accuracy of this selective end value.

The use of micro-computed tomography was particularly important to guarantee that
no additional damage was created during the damage visualization process. Thanks to this
technique, the sub-critical damage can be observed through the reconstructed 3D images
in order to have a quantitative comparison on the crack volume and delamination area of
the specimens under multi-axial tests. With the supplement of the dye penetrant, the sub-
critical damage can be easily visualized as illustrated in Figures 10.8-10.16. Thanks to the
great contrast provided by the use of the dye penetrant, the analysis of the grey-scale value
can be used to roughly estimate the crack volume and delamination area of the specimen.
Figure 10.6a shows an example of such analysis for a cross-ply specimen featuring a central

crack under the quasi-static loading in pure tension. In this plot, the lower grey-scale values
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represent the sub-critical damage in the gauge volume of the specimen while the higher grey-
scale values, constituting the most part of the percentage of pixels, characterize the remaining
part of the gauge volume of the specimen. It is worth mentioning here that there are roughly
90 reconstructed images throughout the thickness of the specimen leading to about 2.5 X
107 pixels for the gauge volume of the specimen. To quantify the sub-critical damage, as
illustrated in Figure 10.6b, the cumulative density function of grey-scale distribution up to a
range of grey-scale end was treated as crack volume to provide a safe estimation. This range
was based on a reference value with the upper and lower bounds of 5 grey-scale values while
this reference value was about 144 to 179 for different specimens and reasonably taken on

the location of the specimen where no significant damage was observed.

10.4.1 [0/90]2s laminate with a central crack

10.4.1.1 Fatigue loading condition

(a) Mechanism A

In the case of specimens subjected to tension-dominated loading conditions (A = 0,0.262),
the dominant mechanisms before sudden failure are the splitting in 0° plies at the notch tip
and the splitting in 90° plies. The final failure is triggered by the additional splitting in 0°
plies away from the notch tip and the breakage of 0° fibers. As illustrated in Figure 10.8,
the damage evolution as a function of fatigue lifetime for mechanism A can be summarized

as follows:

(1) splitting initiates in 90° plies (Fig. 10.8D);

(2) splitting initiates in 0° plies at notch tip (Fig. 10.8D);

(3) splitting develops in the corresponding plies (Fig. 10.8E);

(4) a small amount of delamination between 0°/90° plies starts to initiate. (Fig. 10.8E);
(

5) additional splitting in 0° plies away from the notch tip happens simultaneously

with the breakage of 0° fibers (Fig. 10.8F).
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(b) Mechanism B

When the multiaxiality ratio A = 0.785, 1.309, a mix of nominal normal and shear stresses
is applied on specimens and failure behavior follows Mechanism B. In this case, the dominant
mechanism transits from splitting to a combination of delamination and splitting. The final
failure happens with the growth of splitting in 0° plies at the notch tip and the delamination
between 0° and 90° plies. As illustrated in Figure 10.9, the damage evolution of mechanism

B can be summarized by the following steps:

(1) splitting initiates in 90° plies (Fig. 10.9D);

(2) splitting initiates in 0° plies at notch tip simultaneously with the
formation of delamination between 0° and 90° plies (Fig. 10.9D);

(3) splitting and delamination develop in and between the corresponding plies
(Fig. 10.9E);

(4) fibers in 0° plies start to kink due to the shear stress (Fig. 10.9E);

(5) delamination between 0° and 90° plies grows together with the significant

splitting at notch tip (Fig. 10.9E-F).

(¢) Mechanism C

When the specimens are only subjected to pure shear loading (A = 1.571), the dominant
mechanisms are the delamination between 0° and 90° plies and then fiber kinking in 0°
plies. The final failure is due to the unstable growth of the inter-laminar crack enabling the
splitting in 0° plies at notch tip. As illustrated in Figure 10.10, the damage evolution of

mechanism C consists of the following phases:

1) a small amount of splitting initiates in 90° plies at notch tip (Fig. 10.10D);

2) delamination initiates between 0° and 90° plies (Fig. 10.10D);

(1)
(2)
(3) fibers in 0° plies start to kink significantly due to the shear stress (Fig. 10.10E);
(4) delamination develops between the corresponding plies (Fig. 10.10E);

(5)

5) delamination grows dramatically and drives the significant splitting in 0° plies
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at notch tip (Fig. 10.10E-F).

10.4.1.2  Quantitative analysis: fatigue vs. quasi-static loading

The crack volume and delamination area as a function of the percentage life were plotted
in Figures 10.17a-d for specimens under quasi-static and fatigue loading. As illustrated in
Figure 10.17c, in the fatigue case, the specimens following mechanism B and C feature larger
delamination area compared to the specimens following mechanism A at 70% of total fatigue
life, with 1.6% for A = 0.785 and 2% for A = 1.571 but only 1% for A = 0. This is an indirect
evidence of the foregoing damage mechanisms showing that delamination contributes to most
of the energy dissipation in notched cross-ply laminates under shear-dominated loading.
However, this is not the case for total crack volume in specimens at the corresponding life
as shown in Figure 10.17a, with the lowest value (2.2%) featuring A = 1.571 but 4.1% for
A =0 and 0.785. This lower crack volume explains the less pronounced stiffness degradation
of specimens under the fatigue of pure shear as shown in [229] and is associated to the
significant reduction of splitting in 90° plies.

With the comparison to the fatigue case, similar damage mechanisms were observed in
the case of quasi-static loading for all the multiaxiality ratios as shown in Figures 10.8-10.10.
However, the overall sub-critical damage during quasi-static loading is less diffused, consistent
with the DIC results discussed in section 10.3 and the quantitative analysis via p—CT. In
Figures 10.17a-d, for all the multiaxiality ratios, both crack volume and delamination area
for the quasi-static case above 90% of total quasi-static life are significantly less than the
fatigue case at even lower percentage of the life. Only about 2.4% crack volume and 0.7%
delamination area in average for different multiaxiality ratios were observed at 95% of total
quasi-static life. Notwithstanding this, these sub-critical damage grows rapidly close to the
end of total quasi-static life leading to the catastrophic failure of the specimen. It is worth
mentioning here that the specimen only at 90% and even later stage of its quasi-static life
was prepared for the quantitative analysis due to the less pronounced damage at the early

stage of the quasi-static loading and the difficulties for the damage visualization.
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10.4.2  [+45/90/ — 45/0], laminate with an open hole
10.4.2.1 Fatigue loading condition

(a) Mechanism A

In the case of specimens subjected to tension-dominated loading conditions (A = 0,0.262),
the dominant mechanisms before the dramatic failure are the delamination between all the
plies except for the middle plies and the significant splitting in + 45° plies. These damage is
not the only contribution to the catastrophic failure and the breakage of 0° piles also plays
a pivotal role. As illustrated in Figure 10.11, the damage evolution as a function of fatigue

lifetime for mechanism A can be summarized in the following:

1) splitting initiates in 90° plies at notch tip (Fig. 10.11D);

)

2) splitting initiates in 0° and 4 45° plies at notch tip (Fig. 10.11D);
) delamination between the foregoing plies initiates (Fig. 10.11D);
)

(
(
(3
(4) splitting and delamination develop in and between the corresponding plies
(Fig. 10.11E);

(5) splitting in 4 45° plies grows significantly and delamination reaches critical

condition accompanying the emergence of 0° plies breakage (Fig. 10.11E-F).

(b) Mechanism B

The specimens fail following Mechanism B when the shear load component is involved
(A =0.785,1.309 and 1.571). In contrast to mechanism A, a significant reduced delamination
between all the plies was observed. On the other hand, the direction of shear loading was
established so that the 445° plies are in compression while the -45° plies are in tension.
Considering the fact that the compressive strength of an unidirectional ply is generally lower
than its tensile strength, the dominant mechanism is the micro-buckling in +45° plies and the
final failure is triggered by the significant growth of the micro-buckling due to the compression
at the very late stage of the fatigue life. The paths of the micro-buckling usually start in a

straight way at the two ends of the hole but not on the same line and then additional micro-
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buckling paths almost perpendicular to the +45° plies happen. These micro-buckling paths
are usually in collaboration with the significant splitting in +45° plies as mentioned in the
foregoing discussion of DIC analysis in Section 10.3. Similar conclusions were drawn by Tan
et al. [217,270] on the quasi-static fracturing behavior of notched Carbon Fiber Reinforced
Polymer (CFRP) laminates. As illustrated in Figures 10.12-10.13, the damage evolution of

mechanism B can be summarized in the following:

(1) splitting initiates in 90° plies at notch tip (Fig. 10.12D) ;

(2) splitting initiates in 0° and + 45° plies at notch tip (Fig. 10.12D);

(3) a small amount of delamination between 90° and £ 45° plies starts to initiate
(Fig. 10.12D);

(4) splitting and delamination develop in and between the corresponding plies
(Fig. 10.12E);

(5) micro-buckling initiates in +45° plies at notch tip (Fig. 10.12F);

(6) micro-buckling in +45° plies grows unstably in collaboration with the significant

splitting in +45° plies (Fig. 10.12F).

10.4.2.2  Quantitative analysis: fatigue vs. quasi-static condition

The similar quantitative analysis on the sub-critical damage as discussed in section 10.4.1.2
was proceeded. As can be noted from Figure 10.17g for the fatigue case, the specimen fol-
lowing mechanism A has larger delamination area compared to the one following mechanism
B at 70% of total fatigue life, with the highest value (1.13%) for A = 0 and the lowest value
(0.33%) for A = 1.571. This is supported by the foregoing damage mechanisms showing that
delamination takes less important role but micro-buckling dominates the fracturing behavior
of notched quasi-isotropic laminates under shear-dominated loading. On the other hand, the
evolution of total crack volume before 70% of total fatigue life is close for each multiaxiality
ratio as shown in Figure 10.17e. This explains the observation, reported in the previous work

by Qiao et al. [229], that the stiffness deteriorates roughly 19 % to 25 % before catastrophic



256

failure for various multiaxiality ratios.

In the case of quasi-static loading, specimens follow the similar damage mechanisms
for the foregoing fatigue case. However, in mechanism B, the straight paths of the micro-
buckling in +45° plies at the two ends of the hole have a pronounced propagation with the
increasing multiaxiality ratio as can be noted in Figures 10.12B and 10.13B . This difference
is much more obvious in the quasi-static case compared to the fatigue case. Additionally, the
overall sub-critical damage during quasi-static loading is also less diffused which is similar
to the foregoing discussion on notched cross-ply laminates. As shown in Figures 10.17e-h,
total crack volume only has 2.7% in average for different multiaxiality ratios and the highest
delamination area has 0.13% for multiaxiality ratio A = 0.785 at 90% of total quasi-static

life but these sub-critical damage grows rapidly close to the catastrophic failure.

10.4.3 [+45/90/ — 45/0]; laminate with a central crack

Having discussed the fracturing features and damage mechanisms for the quasi-isotropic
specimens in presence of an open hole, similar damage mechanisms were observed for the
same layup but featuring a central crack as shown in Figures 10.14-10.16. The only difference
in mechanism B (micro-buckling dominant) is the location of the micro-buckling paths ahead
of the notch. As can be noted from Figures 10.15-10.16, the straight micro-buckling paths
in front of the notch are on the same line for multiaxiality ratios related to shear-dominated

loading.

10.4.3.1 Quantitative analysis: fatigue vs. quasi-isotropic condition

In the fatigue case as shown in Figure 10.17k, the larger delamination area was also observed
for the specimen following mechanism A compared to the one following mechanism B before
catastrophic fatigue failure. At 70% of total fatigue life, the delamination reaches approxi-
mately 1.4% for A = 0 whereas a significant reduction characterizes the other multiaxiality
ratios, with 0.8% for A = 0.785 and 0.55% for A = 1.571. This is similar to the quasi-

isotropic specimens featuring an open hole as discussed in the foregoing section. Another
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similarity was found in terms of the evolution of total crack volume confirming a similar
gradual stiffness degradation throughout the fatigue life for various multiaxiality ratios as
shown in Figure 10.17i. Despite these similarities, the specimens weakened by a central crack
have a significant larger amount of total crack volume compared to the ones weakened by an
open hole.

However, this does not occur for the quasi-static scenario which shows the central crack
case having less amount of total crack volume. This indicates a different evolution of the
Fracture Process Zone (FPZ) in quasi-static regime compared to fatigue. A structural design
must take this into consideration since the previous study shows that specimens featuring a
central hole behave better than the ones with the same layup but featuring a central crack
in fatigue case but not for the quasi-static case [229]. It is worth mentioning again that
less diffused sub-critical damage was also observed on the specimens featuring a central hole
under quasi-static loading. As shown in Figure 10.17i-1, total crack volume has roughly
1.96% and the delamination area is significantly low (0.2%) for different multiaxiality ratios
at 90% of total quasi-static life but these sub-critical damage also grows rapidly close to the

catastrophic failure similar to the foregoing discussion on the quasi-static fracturing behavior.

10.4.4  Three-dimensional woven composite with a central notch
10.4.4.1 Warp tow as longitudinal direction

In the case that the warp tows are oriented towards the longitudinal direction of the spec-
imens and these notched three-dimensional woven composites are subjected to multi-axial
load, the damage mechanisms can be reasonably categorized into two different scenarios. The
damage characteristics belong to Mechanism A when the tension-dominated loading condi-
tions (A = 0,0.262) are applied on the specimens. In this mechanism, the fracturing features
at the peak load are characterized by a remarkable distributed region of high deformation
at both sides of the notch as illustrated in Figure 10.18a through the two-dimensional DIC

analysis. This deformed region is mainly formed by the significant splitting in the transverse
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direction distributed in the gauge area of the specimen and the noticeable splitting in the
longitudinal direction at the notch tip as can be clearly seen from Figure 10.18b by leveraging
micro-computed tomography analysis. Thanks to this three-dimensional damage inspection
technique, the significant damage through the entire thickness of the specimen at the peak
load was also observed as illustrated in Figure 10.18b showing the multiple debonding cracks
spreading along the interfaces between tows and matrix as similarly reported in other related
studies [254]. Interestingly, these debonding cracks are characterized by a distance about
two times the thickness of the specimen and this important feature is similar to the experi-
mental morphology of the cross-ply laminates under uni-axial tension exhibiting individual
transverse matrix crack at a distance of roughly one to three times the thickness of the lam-
ina [14,15,41,186]. Based on the foregoing description, the damage evolution of Mechanism
A can be summarized into the following:

(1) splitting initiates in the transverse direction and has a distributed development (Fig-
ure 10.18b);

(2) splitting in the longitudinal direction initiates and develops near the notch tip (Figure
10.18b);

(3) matrix and debonding cracks initiate and develop through the specimen thickness
(Figure 10.18b);

(4) fibers break mainly in the longitudinal direction together with the further splitting
propagation mainly in the transverse direction near the notch tip.

On the other hand, the specimens exhibit completely different damage characteristics
compared to the previous ones following Mechanism A when the shear load component is
involved (A = 0.524,0.785,1.047 and 1.571). This significant difference was exemplified in
Figures 10.18c-f for the DIC and micro-computed tomography analyses on the specimens with
the multiaxiality ratio A = 0.7857 and 1.571. In these scenarios, the damage characteristics
follow Mechanism B which features localized region of high deformation at both sides of
the notch at the peak load as shown in Figures 10.18c and 10.18e. The detailed damage

morphology with respect to the forgoing localized damage region was illustrated in Figures
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10.18d and 10.18f showing that the in-plane damage band is the combination of the localized
splitting in both transverse and longitudinal directions whereas the minor matrix cracks and
the pronounced debonding cracks between tows and matrix lead to the out-of-plane damage
band which was not obtained from the two-dimensional DIC analysis. In addition to this,
the splitting in the longitudinal direction is more pronounced in terms of both length and
quantity as the multiaxiality ratio increases representing the transition from uni-axial tension
to pure shear condition as illustrated in Figure 10.18. Based on the foregoing discussion, the
damage evolution of Mechanism B consists of the following phases:

(1) splitting initiates in the transverse direction and has a localized development near the
notch (Figures 10.18d,e);

(2) matrix and debonding cracks initiate and develop through the specimen thickness
(Figures 10.18d,e);

(3) splitting in the longitudinal direction initiates and develops in the specimen with the
noticeable longer length for the pure shear loading condition (Figures 10.18e);

(4) fiber breaking leads to the final separation of the specimen.

10.4.4.2 Weft tow as longitudinal direction

On similar grounds, the damage mechanisms can also be reasonably categorized into two
different situations when the notched three-dimensional woven composites are subjected
to multi-axial load but the weft tows are oriented towards the longitudinal direction of the
specimens. In this case, the application of tension-dominated loading conditions (A = 0,0.262
and 0.524) on the specimens leads to the damage characteristics following Mechanism A. As
illustrated in Figure 10.19a, a distributed region of high deformation at both sides of the
notch was also observed at the peak load through the DIC analysis and the forgoing region is
still the consequence of the distributed splitting in the transverse direction as shown in Figure
10.19b through the micro-computed tomography analysis. These aspects are almost similar
to the morphological features as discussed in the previous section for the warp tows parallel

to the longitudinal direction of the specimen but the difference lies in the disappearance of
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the noticeable splitting in the longitudinal direction near the notch tip as clearly shown in
Figure 10.19b. On the other hand, the matrix and debonding cracks with an approximate
distance of roughly two times the thickness of the specimen were also observed as can be
noted in Figure 10.19b. In summary, the damage evolution of Mechanism B has the following
steps:

(1) splitting initiates in the transverse direction and has a distributed development (Fig-
ure 10.19b);

(2) matrix and debonding cracks initiate and develop through the specimen thickness
(Figure 10.19b);

(3) fibers break mainly in the longitudinal direction together with the further splitting
propagation in the transverse direction near the notch tip.

When the specimens are subjected to shear-dominated loading conditions (A = 0.785, 1.047
and 1.571), the damage characteristics can be categorized into Mechanism B which has sim-
ilar features compared to the previous ones for the materials with the warp tows parallel
to the longitudinal direction of the specimen under the same global multi-axial loads. As
it can be noted in Figures 10.19¢-f for both DIC and p-CT analyses at the peak load, the
specimens exhibit localized three-dimensional damage bands at both sides of the notch due
to the mixed splitting in both longitudinal and transverse directions near the notch and the
combination of matrix and debonding cracks through the entire thickness of the specimen.
However, the splitting in the longitudinal direction of the specimen was significantly reduced
in these scenarios which is substantially different from the previous Mechanism B showing
remarkable splitting in the longitudinal direction of the specimen. Based on these interesting
morphological studies, the damage evolution of this Mechanism B can be summarized in the
following;:

(1) splitting initiates in the transverse direction and has a localized development near the
notch (Figures 10.19d,e);

(2) matrix and debonding cracks initiate and develop through the specimen thickness

(Figures 10.19d,e);
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(3) minor splitting initiates and develops in the longitudinal direction (Figures 10.19d,e);

(4) fiber breaking leads to the final separation of the specimen.

10.4.4.3 Crack volume vs. multiaziality ratio

The crack volume in the notched three-dimensional woven composites as a function of the
multiaxiality ratio at almost the peak load was further estimated as illustrated in Figure 10.7.
As can be noted from this figure for both warp and weft cases, the crack volume increases in
a non-linear way as the multiaxiality ratio increases. This is a confirmation that the material
exhibits more quasi-brittleness when the loading condition transits from tension to shear.
On the other hand, the foregoing phenomenon is also consistent with the previous nominal
stress-strain curves of the notched three-dimensional woven composites under multi-axial
loads since the less crack volume in the material for the tension-dominated loads leads to the
less non-linearity of the curves whereas the energy dissipation due to the large crack volume
can be the main reason for the significant non-linearity of the curves under shear-dominated

loads.

10.4.5 Effect of laminate thickness

The foregoing damage mechanisms can be significantly affected by the thickness of the lam-
inate and by way it is increased or decreased in the context of a ply-level or a sub-laminate
level scaling [271]. For the cross-ply and quasi-isotropic laminates investigated in this work,
ply-level scaling means stacking the plies with the same orientation leading to [0,,/90,]2s
and [4+45,,/90,/ — 45,,/0,]s layups where n is equal or greater than one. In contrast, sub-
laminate level scaling is obtained by repeating the sub-laminate groups, leading to [0/90],
and [+45/90/ — 45/0],,s layups. The former scaling in thickness allows damage to coalesce
and propagate through the thickness of the laminate whereas the damage in the latter scaling

can be constrained to the sub-laminate thus leading to a different damage mechanism.
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Figure 10.7: Crack volume as a function of the multiaxiality ratio at almost the peak load
for the notched three-dimensional woven composites with the longitudinal direction in both
warp and weft directions.

10.4.6 Effect of notch acuity

The notch acuity of the specimen also plays an important role in the damage mechanisms and
it is related to the comparison between the notch radius R of the specimen and the Irwin’s
characteristic length [.,. This length is associated to the size of the Fracture Process Zone
and defined as I, = EG;/f? where E is the Young’s modulus, G is the fracture energy
and f; is the material strength. In the case for R < [, the specimen featuring a notch
behaves like crack leading to the similar damage phenomena in polymer matrix composites.
However, in the case for a sufficiently large notch radius R > [, the specimen in presence
of a notch can have a significantly different behavior compared to the one with a crack. The
foregoing difference was shown in many studies [88,226,229] focusing on the fracture behavior
of geometrically-scaled quasi-brittle materials featuring a sharp or blunt notch. The effect of
the notch acuity is confirmed by the results of the present work. In fact, it has been shown
that, while the mechanisms involved in the FPZ formation where substantially the same for

the crack and hole cases, the damage evolution and extent of the FPZ were significantly
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different.

10.4.7 Effect of structural scaling

Composites are quasi-brittle materials featuring strain softening due to the emergence of
several distributed damage mechanisms in the Fracture Process Zone (FPZ). The evolution
of the FPZ, its size, and the type of damage mechanisms are generally affected significantly
by the size of the structure and its geometry as well as the composite layup and material
properties. In turn, the energy dissipation due to the nonlinear phenomena occurring in
the FPZ drives the structural behavior of the composite. These effects become increasingly
important when the structure is not significantly larger than the FPZ and a large volume of
material features nonlinear damage. The dependence of the structural behavior of notched
quasi-brittle components on the structure size is typically referred to as “Type I1” size effect
and it has been reported for both quasi-static and fatigue loading [94-100, 102,103, 164166,
269]. In this context, the results presented in this work are surely size-dependent in terms
of both structural performance and damage morphology. A way to address these important
aspects is leveraging quasi-brittle mechanics and high-fidelity computational models that are
capable of capturing the main damage mechanisms and the related energy dissipation. To
achieve this goal, such computational models must be calibrated and their ability to describe
the damage morphology must be validated against quantitative damage data for at least one
specimen size. Providing this data is one of the results achieved by the present contribution.
A large bulk of literature [82,88,94-96, 164, 166, 221, 222, 228] has shown that, once the
computational framework is properly set up using the data of at least one size, quasi-brittle
fracture mechanics can adequately predict the structural size effect in both the quasi-static

and fatigue performance.
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Figure 10.8: Analysis of quasi-static and fatigue damage mechanisms by micro-computed
tomography. Comparison between quasi-static and fatigue damage in [0/90]s5 specimens
weakened by a 18 mm central crack for a multiaxiality ratio A = 0 in the 0°, 90° layers
and at the interface. Note that the original colors of the images were inverted for a better
visualization on the damage and the figure should be viewed by rotating 90° in a counter-
clockwise direction. Note that the schematic drawing of notched laminates corresponds to

x’-y’ coordinate.
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Figure 10.9: Analysis of quasi-static and fatigue damage mechanisms by micro-computed
tomography. Comparison between quasi-static and fatigue damage in [0/90]s, specimens
weakened by a 18 mm central crack for a multiaxiality ratio A = 0.785 in the 0°, 90° layers
and at the interface. Note that the original colors of the images were inverted for a better
visualization on the damage and the figure should be viewed by rotating 90° in a counter-
clockwise direction. Note that the schematic drawing of notched laminates corresponds to
x’-y’ coordinate.
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Figure 10.11: Analysis of quasi-static and fatigue damage mechanisms by micro-computed
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90°, —45°, 0° layers and at the interfaces. Note that the original colors of the images were
inverted for a better visualization on the damage and the figure should be viewed by rotating
90° in a counterclockwise direction. Note that the schematic drawing of notched laminates

specimens weakened by a 10 mm open hole for a multiaxiality ratio A = 0 in the +45°,
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Figure 10.12: Analysis of quasi-static and fatigue damage mechanisms by micro-computed
tomography. Comparison between quasi-static and fatigue damage in [+45/90/ — 45/0],
specimens weakened by a 10 mm open hole for a multiaxiality ratio A = 0.785 in the +45°,
90°, —45°, 0° layers and at the interfaces. Note that the original colors of the images were
inverted for a better visualization on the damage and the figure should be viewed by rotating
90° in a counterclockwise direction. Note that the schematic drawing of notched laminates
corresponds to x’-y’ coordinate.
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Figure 10.13: Analysis of quasi-static and fatigue damage mechanisms by micro-computed
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inverted for a better visualization on the damage and the figure should be viewed by rotating
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Figure 10.17: The evolution of the total crack volume and delamination area for all the
investigated specimens weakened by a central crack or hole as a function of the percentage
of life for three multiaxiality ratios. The graphs compare quasi-static and fatigue results.
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Figure 10.18: Analyses of quasi-static damage mechanisms of notched three-dimensional
woven composites with the warp tows oriented toward the longitudinal direction of the
specimens under multi-axial load by Digital Imaging Correlation (DIC) and micro-computed
tomography (u—CT). These figures illustrate the detailed damage characteristics almost at
the peak load for the forgoing composites weakened by a 8mm central notch under the
multiaxiality ratio A = 0, 0.78 and 1.571. Note that the symbol ¢,, in the DIC analysis
represents the normalized maximum principle strain. Also note that the warp direction is
the longitudinal direction whereas the weft direction is the transverse direction in this case.
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Figure 10.19: Analyses of quasi-static damage mechanisms of notched three-dimensional wo-
ven composites with the weft tows oriented toward the longitudinal direction of the specimens
under multi-axial load by Digital Imaging Correlation (DIC) and micro-computed tomogra-
phy (u—CT). These figures illustrate the detailed damage characteristics almost at the peak
load for the forgoing composites weakened by a 8mm central notch under the multiaxiality
ratio A = 0, 0.78 and 1.571. Note that the symbol ¢,, in the DIC analysis represents the
normalized maximum principle strain. Also note that the weft direction is the longitudinal
direction whereas the warp direction is the transverse direction in this case.
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10.5 Conclusions

1. For the composite layups and specimen configurations investigated in this work, the
sub-critical damage mechanisms under multi-axial fatigue were similar to the ones
identified under quasi-static loading. However, it is worth mentioning that in notched
quasi-isotropic laminates under shear-dominated loading a more pronounced straight
micro-buckling paths ahead of the notch or hole was reported in the quasi-static case

compared to the fatigue loading;

2. Leveraging the u-CT results, it is shown that the damage mechanisms of the notched
cross-ply laminates are dominated by splitting in 0° plies under tension-dominated load-
ing whereas a mix of delamination and fiber kinking in 0° plies occurs with increasing

shear load;

3. In the case of notched quasi-isotropic laminates, significant delamination and the split-
ting in £ 45° plies characterizes the tension-dominated fatigue behavior whereas the
main damage mechanism for the shear-dominated case is the micro-buckling in +45°

plies in combination with splitting in the same plies;

4. Regarding the damage mechanisms of three-dimensional woven composites under multi-
axial scenario, a distributed damage with the formation of splitting in the transverse
direction mainly characterizes the material under tension-dominated loading whereas
a localized damage region features the material under shear-dominated loading. This
region is typically formed by various damage morphologies including matrix/fiber
debonding, matrix cracking, and splitting in both longitudinal and transverse direc-
tions. The foregoing damage characteristics were observed for the material with either

weft or warp tows oriented towards the longitudinal direction of the specimen;

5. The quantitative analysis of the crack volume via u-CT and the maximum principal

strain distribution by means of DIC reveals a substantial difference in the damage
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evolution between the quasi-static and fatigue loading conditions. In fatigue, the sub-
critical damage is distributed across a larger volume compared to the quasi-static case,
leading to a significant strain redistribution. Further, the rate of crack volume increase
throughout the life of the specimen is substantially different. While in the quasi-static
case the crack volume increases quickly at almost a constant rate, in fatigue it exhibits

a slow change followed by an abrupt increase towards final failure;

. The foregoing results are of utmost importance for the structural design of polymer
matrix composites under multi-axial loading condition but so far rarely investigated.
The lack of experimental data on this topic in the literature hindered the development
of more accurate models which can guarantee a safe design in particular when composite
structural components subject to multi-axial fatigue loading. As a first step towards
filling the forgoing knowledge gap, this study provides a comprehensive experimental
data and damage evaluation on the fracturing behavior of notched laminates which can
be used to validate the existing models for the design of composite structures under

multi-axial stress states.
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Chapter 11

FUTURE WORK

11.1 Molecular dynamics simulation of polymeric materials

The effects of stress state and size scaling on the plastic deformation and fracture behavior of
thermoset polymers and associated particulate- or fiber-reinforced composites were investi-
gated and discussed in the foregoing chapters. However, there is no unified model which can
provide an accurate description for these effects on the polymeric materials in the literature
especially for the determination of the critical strain with respect to the damage initiation
in the materials. The method for describing the effects of stress state on the conventional
metals by using stress tri-axiality and Lode angle [272-275] was found to not successfully

characterize the foregoing effects on the polymeric materials.

Figure 11.1: A representative thermoset polymer with the size of 50 x 50 x 50 A generated
through the software Winmostar [276]. Note that different colors represent different atoms.
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In this consideration, a physical-based model must be formulated by leveraging molecular
dynamics simulation to bridge the versatile mechanical behavior of polymeric materials at
various length and time scales and investigate the corresponding damage mechanisms. To
proceed these simulations, the molecular structures of epoxy resin and hardener can be gener-
ated by leveraging the software Winmostar as exemplified in Figure 11.1. The cross-linking
process and the computational tests can be performed through the LAMMPS molecular
dynamics simulator. It is worth mentioning here that the detailed information about the po-
tential fields for the molecules and atoms can be referred to the ones recently proposed by the
authors [277]. The investigation related to this direction is considered as one of the long-term
future works and may have a significant impact on the multi-scale modeling of polymeric

materials and their composites with any geometries under complex loading conditions.
11.2 Computational characterization of fiber/matrix interfacial properties

The fracturing behavior of fiber-reinforced composites in the transverse direction exhibits
great differences compared to the one of pure thermoset polymers as experimentally shown in
the previous chapters. Moreover, the micro-scale computational modeling was also conducted
to further understand the transverse matrix cracking and its evolution in fiber-reinforced
composites. A further step towards improving the fidelity of the micro-scale computational
modeling can be the investigation on the fiber/matrix interfacial behavior which is still
elusive in the open literature. In this consideration, the following computational strategy
can be used to explore the fiber/matrix interfacial behavior.

As illustrated in Figure 11.2, the distribution of the fibers can be observed by means
of microscopic techniques (e.g. Optical Microscopy, Scanning Electron Microscopy, etc).
Accordingly, the location of the center of a single fiber tow and its diameter can be exactly
determined through the Matlab script. To have an accurate simulation considering the same
distribution of the fibers as observed in the experiment, the forgoing geometrical information
on the fibers can be used to generate the partition on the specimens in ABAQUS by leveraging

the Python script. Eventually, the interfacial behavior between the fiber and the matrix can
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be explored by matching the load-displacement curves for the fiber-reinforced specimens
with different sizes since the multi-scale plastic and cohesive behavior of the pure matrix

were already determined as shown in the previous chapters.

Matlab

Figure 11.2: Computational modeling strategy for the investigation on the mechanical prop-
erties of fiber/matrix interface in polymer matrix composites.

11.3 Modeling of fiber-reinforced composites under multi-axial loading

The previous chapters investigated the effects of stacking sequence, multiaxiality ratio, and
the loading condition on the local damage characteristics and the global mechanical behavior
of fiber-reinforced composites. These useful results are important for the model calibration
and validation since future efforts can be the formulation of efficient discrete or continuum
model to account for all the aforementioned aspects and the structural size and geometry.
The potential models can be the micro-plane model [102,278-280] and lattice discrete particle
model [281,282] which were extensively used in other quasi-brittle materials and these models
can be further extended to also take other aspects (e.g. strain rate, temperature, fatigue and

impact loading, etc) into the consideration.
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