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Nanostructured antimony is a highly promising alloying electrode material for both Li-ion and Na-
ion battery systems, possessing a large gravimetric charge storage capacity (660 mAh g*?)
combined with extraordinary rate capability (cycling at a 20C rate results in only a ~15% decrease
in capacity, relative to 1C). Herein, we elucidate the fundamental drivers for the performance of
antimony nanomaterial-based Na-ion battery negative electrodes with a particular focus on the
effects of morphology, temperature and oxidation.

In support of these studies, we report the supercritical-fluid-based synthesis of highly
anisotropic, hexagonal antimony nanoplatelets with 1000:1 aspect ratios and average thicknesses
of 50+10 nm and use the nanoplatelets as a model system to investigate how morphology and

strain impact the phases that are encountered during the electrochemical alloying of nanostructured



antimony in Na-ion battery electrodes, the thermodynamics and kinetics of battery cycling and the
electrode morphology and conductivity. For these investigations we study the electrodes via
capacity and differential capacity analysis, a high-fidelity galvanostatic intermittent titration
technique, conductive atomic force microscopy and in situ X-ray diffraction. We find that active
material anisotropy results in increased ordering and crystallinity during cycling for the antimony
nanomaterial-based electrodes and increased composite heterogeneity. We also identify c-NaSb a
previously unobserved phase for antimony-based Na-ion battery electrodes that occurs primarily
during degraded cycling.

We then utilize electrochemical impedance spectroscopy to investigate the source of
temperature-based performance changes in antimony nanocrystal-based Na-ion battery electrode
materials. We find that increased charge transfer resistance is predominantly responsible for the
observed 100 mAh g capacity reduction (~20%) that occurs upon changing the cycling
temperature from 50 to 5°C. Furthermore, we determine that the observed decrease in capacity at
low temperature is almost entirely caused by increased charge transfer resistance due to less facile
Na-ion transport across the solid-electrolyte interphase layer-electrode interface.

Additionally, we systematically study the effects of oxidation on antimony-based electrode
performance. Most antimony-based and antimony oxide-based electrodes are typically fabricated
into electrodes in a water-based slurry under atmospheric conditions. While this fabrication
approach is lower cost and much safer than the methods used for other battery electrode materials
that must be processed using toxic organic solvents under inert gas, the level of oxide formation
that occurs during water-based slurry processing of nanostructured antimony has largely been
undiscussed and left as an uncontrolled variable during electrode fabrication. Here, we

systematically investigate the impact of oxide formation on changes in the electrochemical



performance of antimony nanocrystal-based Na-ion battery negative electrodes, providing insight
as to why small amounts of oxide result in enhanced gravimetric capacity and capacity retention,
while more extensive oxidation results in reduced rate capability. We find that barriers to the
sodiation of highly oxidized antimony are reduced by amorphization of the crystalline antimony
oxide (c-Sb203) during extended cycling, while sodium sequestration leads to low reversible

sodium storage utilization upon extended cycling.
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Chapter 1: Introduction

1.1 The Role of Energy Storage in the Energy System

The current global energy system relies heavily on carbon-intensive fuels and centralized, demand-
driven electricity grid systems.’® The next generation energy system will look much different,
with a heavily-reduced carbon footprint and a distributed, analytics-driven electricity grid system
that responds readily to supply and demand needs to support a cost-benefit analysis by individual
consumers.

The transition to the new generation system is already occurring via a complicated interplay
of technology and policy. On the technology side, much of this advancement has come from
improving solar and wind technologies to the point where they are lower cost without subsidies
than conventional generation technologies such as coal, natural gas and nuclear in many cases.’ In
response to these significant advancements in clean energy technology, policy has been developed
to further spur technology development and to adapt the incentives in the energy system to these
new technologies.>®8 In particular, significant investments have been made in both research and
development and technology cost subsidies to drive technology development and implementation.
However, solar and wind energy are not drop in replacements for conventional generation due to
the intermittent nature of both the sun and the wind.® The technology differences between clean
energy generation and conventional generation have thus necessitated a shift in utility
compensation and design policy.

The traditional model for utility design is a hub and spoke model, whereby large hubs
supply energy at a central point that branches out to all the distribution locations and power only
flows in one direction, from the hub to the spokes. In this model, demand drives supply and large

power plants (peaker plants) are turned on as necessary to compensate for increased load on the



system.® The cost of generation for a peaker plant is very high, since they only operate for short
times. This paradigm works well when electricity generation is not modular (conventional
generation) and the demand for energy and the cost of energy cannot be updated in real-time due
to data processing and analysis constraints (20" century computing power).

The new model for utility design is an interconnected system where demand and supply
are physically intermingled and power can flow in many directions based on production and need.*
In this model, both demand and supply interplay and consumer, particularly large consumers can
reduce their supply needs in times of high system load or low production. This paradigm works
well when electricity generation is modular (solar and wind) and the demand for energy and cost
of energy are updated in real-time due to readily available data processing and analysis (21%
century computing power.

The traditional model and the new model for utility design require fundamentally different
policies to ensure adequate compensation for both the production facilities and the grid owners.
The new model involves many more players because the inputs of supply and demand now both
factor into the cost-analysis for the grid and the location of production for even the small sources
is critical for cost-effective power production. Thus, while the new model in its optimized form
reduces system cost, the model is more complicated and dynamic and utility policy must be
updated to reflect this.

Energy storage plays a critical role in the new utility paradigm.®'® The major new
generation sources (solar and wind) are intermittent as described above. However, reliability is
key to grid function and is policy mandated.*® While peaker plants can be used to ensure this
reliability, they do not represent an ideal solution because of the high operating cost. Instead energy

storage is a more ideal technology for the new highly integrated grid. Energy storage follows the



buy low, sell high paradigm in that when supply exceeds demand energy storage facilities harvest
the excess demand (low cost) and when demand exceeds supply energy storage facilities distribute
the stored energy (high cost). In addition, these facilities are modular. There are many energy
storage technologies that have already been commercialized for gird level energy storage.' In
general for these technologies there is a trade-off between the energy density of the storage and
the length of back-up with technologies like Li-ion batteries having a very high energy density
(small physical footprint) and low length of back-up (minutes to hours) and technologies like
pumped hydro having a very low energy density (large physical footprint) and a high length of
back-up (days to months). The new grid system relies on balancing the cost, energy density and
length of back-up. Li-ion batteries have a critical role to play in this system as they can help
compensate for the intermittency of solar and wind, providing a rapid response to peaks and
troughs in supply and demand that occur with the daily schedules of humanity.

In addition, Li-ion batteries are particularly ideally suited to address transportation, the one
major area of the energy system that wind, solar and other clean energy primary generation
technologies cannot. Currently transportation represents ~30% of the energy system in the USA
and is the sector with the least clean energy input.'?> The energy for transportation comes from
secondary generation technologies, where energy is stored before use from a primary source and
then released. In transportation, high energy density is critical, because in general, the vehicle must
not only move itself and its occupants but also the fuel. Low energy density fuels weigh more and
so dramatically reduces vehicle efficiency.

While Li-ion batteries do not have as high of an energy density as conventional petroleum
fuels, they are sufficiently high in energy density that a car can travel hundreds of miles on one

charge based on current technology.® There is also significant room for further advances in battery



technology and cost reduction.!**® In addition, charging an electric vehicle is currently much
slower than filling a gas tank. However, next generation materials can improve the rate to where
it is comparable to filling a gas tank.'®'” Furthermore, with the integrated smart grid system,
electric vehicles can provide significant additional energy storage while they are not in use.
Overall, next-generation battery technologies will be critical to enabling the next-generation grid

and decarbonizing the transportation system.

1.2 Battery Design and Function

In this section, we discuss the major components of batteries, and how batteries work. The
three major functional components of a battery are a negative electrode, a positive electrode and
an electrolyte.!* A battery stores and releases energy via electrochemical reactions at the
electrodes. When a battery is discharging, the working ions and electrons are released from the
negative electrode via electrochemical redox reactions. The electrons travel outside the battery
through an electrical circuit, providing energy to the connected devices, while the working ions
shuttle through the electrolyte to the positive electrode. At the positive electrode, the electrons and
working ions recombine again via electrochemical redox reactions.

The ability of a battery to provide energy during discharge defines key parameters for the
battery components.}**® First, the negative electrode must store the working ion and electrons at
higher energy than the positive electrode. The maximum voltage of a battery is defined by this
difference in energy between the electrodes. Second, the electrolyte must not conduct electrons,
but must conduct the working ion. In most cases, if the electrolyte were to conduct electrons, the
electrons would not move through the connected circuit outside the battery to provide energy,

because the path of least resistance between the electrodes would be through the electrolyte. When



electrons travel through the battery rather than through the outside circuit, the battery is operating
in a short circuit mode and generates heat rapidly, putting it at risk of fire or explosion.'® Therefore,
the electronic resistivity of the electrolyte is critical not only to function of the battery but also to
its safety. Clearly, the function of the battery is strongly defined by the materials in the battery

itself.

1.3 Antimony as a Next-Generation Negative Electrode Material

Antimony-based electrodes have demonstrated high capacity (660 mAh g?) and
extraordinary rate-capability in both Li-ion and Na-ion battery systems.'®1” Antimony (Sb) is one
of the highest capacity single-element negative electrode materials for Na-ion batteries, with a
theoretical capacity lower than only phosphorus and tin.”° In addition, nanostructured antimony
has been shown to exhibit a capacity reduction of only 15% when the cycling rate is increased
from 1C (one hour charge) to 20C (three minute charge), clearly demonstrating its excellent rate
capability.’®1” Consequently, nanostructured antimony is an ideal material for next-generation
high-power-density, high-capacity battery negative electrodes.

Antimony has a higher theoretical capacity than current Li-ion battery graphite-based
negative electrodes (372 mAh g1), because it stores energy in a fundamentally different way 4%
Graphite is an intercalation material.'® In intercalation materials, the ions reversibly insert into the
electrode and are stored in the interstitial spaces of the electrode, without changing the structure
of the electrode material. The working ions associate with delocalized electrons in the structure
such that there is overall charge neutrality. In the case of graphite, which consists of sheets of
carbon atoms, the Li-ions are stored between the sheets, with one Li-ion and one electron per six

carbon atoms (LiCs).® As Li-ions are added, the graphite expands approximately 10% but the



sheets of carbon remain otherwise structurally the same. Intercalation materials are currently the
most common electrode material type for both positive and negative electrodes in commercial Li-
ion batteries, because the small structural change promotes stable cycling.

Alloying materials such as antimony physically react with the Li-ion and electrons to form
a chemically bonded alloy. In the case of antimony, the terminal state for working-ion addition is
M3Sh, where M is Li or Na.'® Alloying materials experience structural rearrangement as the
working ion is added or removed (charge and discharge respectively for the negative
electrode).'®2?° This structural rearrangement typically supports higher gravimetric and volumetric
capacities than are possible with intercalation electrodes. However, this structural rearrangement
also causes volumetric expansion (Sb to NasSb has an expansion of ~290%).1” This expansion
leads to significant strain which in turn can lead to structural degradation and reduced
capacity.16:21-28

The strain-driven structural degradation of alloying electrode materials typically takes the
form of electrode cracking leading to increased solid-electrolyte interphase (SEI) layer formation
or delamination of the electrode from the current collector.'®2%22 |n the case of electrode cracking,
each crack exposes additional electrode material to the electrolyte. The exposed electrode material
reacts with the electrolyte to form additional solid-electrolyte interphase (SEI) layer.?#?> The SEI
layer is the passivation layer that forms at the electrode-electrolyte interface during initial cycling,
as electrons reach the electrolyte and react with it.?8 In a stable battery, the SEI layer is an electronic
insulator that prevents further irreversible reactions between the electrolyte and the electrode from
occurring. The SEI layer formation reduces capacity during initial cycling, because it sequesters
working ions in non-soluble forms rendering them inactive and increases the overpotential

required for the battery to operate. Additional SEI layer formation that occurs after cracking causes



a further reduction in capacity via the same mechanisms. When delamination occurs, the
delamination disrupts the electron transport pathways from the active material to the current
collector, preventing electrons from ever reaching the current collector, which also reduces
capacity.?” Many common Li-ion negative electrode alloying materials see exacerbated
degradation in Na-ion batteries, since the larger Na-ion size increases the structural damage.'%%8
Strain-driven cracking and delamination must be reduced to enable long lifetime, high-capacity
alloying negative electrodes, particularly for Na-ion batteries.

Nanostructuring mitigates the capacity loss caused by the volumetric expansion of alloying
electrodes, substantially increasing capacity retention.!6:21-23.262%-33 Nanostructured materials
suffer less cracking degradation and delamination than bulk materials because the working ion
concentration gradient across the nanomaterial is small, reducing stress and strain.* In addition,
the nanostructuring introduces void space into the electrode helping it to more easily accommodate
expansion than a bulk material. Nanostructured electrodes can also have high charge and discharge
rates because the solid-state diffusion path length is small.

Nanostructured antimony shows significant promise as a high capacity, high power density
material.*®17344! Recent research on antimony has focused on understanding the fundamental
underpinnings of antimony performance in Na-ion batteries, as well as exploring different types
of antimony alloys.?”#>%° Continuing to develop a broader fundamental understanding of both the
drivers of this high performance and the critical factors for capacity retention represents the next
step forward for the commercialization of antimony-based negative electrode materials for Li-ion

and Na-ion batteries.



1.4 Dissertation Overview

Antimony is an exciting electrode material for use in Na-ion and Li-ion batteries, due to its
high-capacity and high-power.'®'’ Herein we focus on antimony primarily as a Na-ion battery
material, given that it is one of the highest capacity single element materials in Na-ion batteries.*”°
Furthermore, we focus on areas of research where we can connect the fundamental drivers of
performance in antimony electrode materials with parameters critical to commercialization.

In Chapter 2, we discuss the synthesis of highly anisotropic antimony nanoplatelets using
a supercritical fluid growth process. We also discuss the fundamentals of supercritical fluid-based
nanomaterial growth and the other products that result from parameter space that we explored. In
Chapter 3, we then compare the performance of the highly anisotropic antimony nanoplatelets to
the performance of isotropic antimony nanocrystals to elucidate the effects of morphology on
performance in antimony nanomaterials. We delve into the underlying phenomena that lead to the
morphology-based performance differences using 1D uniaxial stress-strain modeling, differential
capacity analysis, a high fidelity galvanostatic intermittent titration technique, and ex situ analysis
via atomic force microscopy and scanning electron microscope-based energy dispersive X-ray
spectroscopy. We find that anisotropy in antimony nanostructured electrodes leads to reduced
capacity retention due to both increased strain and crystallinity on the individual particle level and
increase electrode heterogeneity. In Chapter 4, we suggest that the formation of differential
capacity peak that occurs after extended cycling at ~0.93 V during desodiation results from the
desodiation of c-NaSb, using in situ XRD and calculations from the literature.*®

In Chapter 5 we discuss the temperature-dependent capacity of antimony nanocrystals. We
study the drivers for the changes in capacity with temperature primarily using electrochemical

impedance spectroscopy. We also examine the capacity changes with differential capacity analysis



and ex situ scanning electrode microscopy of electrode before cycling and after cycling at different
temperatures. We demonstrate that the capacity changes are primarily driven by increased charge
transfer resistance across the SEI layer-electrode interface.

In Chapter 6 we examine the electrochemical performance of systematically oxidized
antimony nanocrystals. We study the performance via capacity retention and rate-based
electrochemical test. We elucidate the performance drivers via differential capacity analysis and a
high-fidelity galvanostatic intermittent titration technique. We find that oxidized antimony
nanocrystals have significant kinetic and thermodynamic limitations to cycling that prevent full

utilization of the electrode capacity.



Chapter 2: Supercritical Fluid Synthesis of Highly Anisotropic Antimony

Nanoplatelets

2.1 Introduction

Scalable syntheses utilizing anhydrous organic supercritical fluids have been developed for
the production of numerous nanostructured material systems that require high growth
temperatures;>® %t however, to our knowledge, the supercritical-fluid-based synthesis of
nanostructured antimony has not yet been explored. Supercritical solvents have significant
advantages relative to high-boiling-point solvents, including a wider accessible temperature range
and decreased post-processing costs associated with product purification.>®°%2 Supercritical
solvents have a wider accessible temperature range, since solvothermal and hot-injection
nanomaterial syntheses done on a Schlenk line are limited by the solvent boiling point, while
supercritical solvents fundamentally are unable to boil. The inability of supercritical fluids to boil
also leads to easier cleaning, since high-boiling point solvents used on a Schlenk line are typically
viscous and therefore difficult to clean. In contrast low-viscosity solvents such as toluene, hexane
or benzene can be used in supercritical fluid-based nanomaterial syntheses. The low-viscosity of
these solvents results in less aggressive cleaning requirements. Moreover, supercritical solvents
exhibit liquid-like solvation, which facilitates the selection of cheaper/safer precursors, and vapor-
like transport coefficients, which assist the rate of reaction.’® The ability to access high
temperatures within a supercritical fluid medium enables a wider range of nanomaterial
crystallization conditions and the use of a wider range of precursors, as compared to solvothermal
and hot-injection syntheses.

While typical liquid-based colloidal syntheses of antimony nanomaterials employ the use

of halogenated precursors, here we explore the growth of nanostructured antimony via the thermal
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decomposition of triphenylantimony (SbPhs) in anhydrous supercritical toluene,16:17:34.3563-65

Above 375°C it was found that the reaction parameters could be tuned selectively to produce Sb
nanostructures and microstructures with a variety of different morphologies. High precursor
concentrations unsurprisingly led to dendritic growth, while intermediate precursor concentrations
and elevated temperature (500°C) gave rise to micrometer-sized truncated octahedra (Figure 2-1).

Most interestingly, under optimized steady-state growth conditions (0.5 mL/min injection
of 4.3 mM triphenylantimony into a 10 mL reactor filled with supercritical anhydrous toluene at
425°C and 900 psig), it was possible to direct crystal growth selectively along the high-energy
facets perpendicular to the c-axis of the material, resulting in the ultrathin, highly anisotropic
nanoplatelets. The antimony nanoplatelets are hexagonal in character, as would be expected from
a material with an R3m space group, with measured thicknesses ranging from 30 to 80 nm (average
thickness of 50+£10 nm) and lateral dimensions of several micrometers, resulting in nanoplatelets
with aspect ratios as large as 1000:1.%¢ Additionally, including small amounts of oleic acid under
air-free growth conditions led to the formation of large Sh>Os octahedra, whereas other ligands
were found to have minimal impact on product morphology. Under certain conditions, platelets

with lateral dimensions in excess of 100 um were observed.

2.2 Experimental Methods
2.2.1 Materials.

Oleic acid (90%), oleylamine (70%), sodium borohydride (99.99%), toluene (anhydrous,
99.8%), trioctylphosphine (TOP) (97%) and triphenylantimony (>99.0%) were purchased from
Sigma Aldrich. Oleic acid and oleylamine were degassed and stored under a nitrogen atmosphere.

All other reagents were used as received without further purification.
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2.2.2 Supercritical-Fluid-Based Synthesis of Nanostructured Antimony.

In a typical synthesis, a stock solution of triphenylantimony (5 g) dissolved in anhydrous
toluene (10 mL) was prepared in an inert-atmosphere nitrogen glove box. A nitrogen-filled,
continuous-flow supercritical reactor with a 10-mL internal volume was heated to 425°C and
pressurized to 900 psig with anhydrous toluene (See Ref. 7 for further details of the supercritical
reactor system).®” The triphenylantimony stock solution (360 uL, 1.42 M) was diluted with an
additional 11.6 mL of anhydrous toluene, drawn into a syringe, and subsequently loaded into a 10-
mL injection coil leading to the reactor inlet. The triphenylantimony precursor solution was then
injected into the reactor at a rate of 0.5 mL/min for 20 min at 425°C and 900 psig. After completion
of the reaction, the reactor was cooled to room temperature, and the product was collected and
stored under ambient conditions.

2.2.3 Materials Characterization.

Transmission electron microscopy (TEM) images were acquired with a FEI Tecnai G2 F20
Supertwin TEM, operating with an accelerating voltage of 200 kV. Cross-sectional images were
acquired by embedding the Sb nanoplatelets in epoxy using the Embed-812 Resin Kit, and then
microtoming the resulting composite using a Leica EM UC6 Ultramicrotome. Dark-field scanning
transmission electron microscopy (STEM) images of the epoxied and microtomed samples were
used to generate a histogram of nanoplatelet thicknesses (Figure 2-2). Scanning electron
microscope (SEM) images and energy-dispersive X-ray spectroscopy (EDXS) data were collected
using a FEI XL830 Dual Beam FIB/SEM operating at 5 kV for imaging and 10 kV for EDXS
analysis. X-ray diffraction (XRD) patterns were collected with a Bruker D8 Discover
diffractometer with an IuS 2-D XRD detector system and analyzed using EVA software. In situ

XRD patterns were collected with a Bruker D8 Advance diffractometer with a Lynxeye X-ET
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detector while the in situ cell was cycled with a Princeton Applied Research VersaSTAT 4. The
crystal structure of Sb was modeled using VESTA software along with crystallographic data from
the American Mineralogist Crystal Structure Database.®®%%° The crystal habit models were
generated using the Great Stella software package and VESTA, again with crystallographic data

from the American Mineralogist Crystal Structure Database. 56:68-70

2.3 Results and Discussion
2.3.1 Reaction Parameter Space

While minimal precursor decomposition was observed below 375°C, the reaction
parameters (Primarily precursor concentration and temperature) could be tuned selectively to
produce Sh nanostructures and microstructures with a variety of different morphologies at higher
temperatures. (Table 2-1, Figure 2-1). Table 2-1 details the parameter space explored for the
supercritical-fluid-based synthesis of nanostructured antimony via the decomposition of
triphenylantimony in anhydrous supercritical toluene. All reactions were carried out in a
cylindrical, 10-mL-volume titanium reactor charged with anhydrous supercritical toluene under
continuous flow. Precursor solutions were prepared by dissolving the prescribed quantity of
triphenylantimony in anhydrous toluene in a nitrogen-filled glove box. In all cases, the precursor
solution was injected into the reactor at a rate of 0.5 mL/min. The values reported in Table 2-1 and
the images in Figure 2-1 correspond to the concentration of triphenylantimony in the precursor
solution, prior to injection into the reactor. Minimal precursor decomposition was observed below
375°C, while uncontrolled dendritic growth was observed to occur at high precursor
concentrations. Additional discussion and characterization of the morphologies produced under

optimized intermediate conditions can be found in the sections below.
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Table 2-1. Parameter space explored for the supercritical-fluid-based synthesis of nanostructured

antimony in supercritical toluene.

Triphenylantimony o o o o .
Concentration 400°C 425°C 450°C 475°C 500°C
0.43mM Minimal product DRI Dilute nanoplatelets Thick polyhedra Thick polyhedra
nanoplatelets
. . . . Large nanoplatelets | Truncated octahedra
43mM sanoplaeies | nanoplaters | 20 trncated and wide octanedra
P P octahedra nanoplatelet sheets
42 mM Dendritic Dendritic Dendritic Large dendritic Uncontrolled
growth growth growth structures dendritic growth

400°C 425°C 450°C 475°C 500°C

0.43 mM

43 mM

42 mM

Figure 2-1. SEM images of antimony nanomaterials and micromaterials synthesized by injecting
toluene solutions containing different concentrations of triphenylantimony (0.43 mM, 4.3 mM and
42 mM) into a 10-mL continuous flow-through reactor filled with anhydrous supercritical toluene

at temperatures of 400, 425, 450, 475, and 500°C, using a 0.5 mL/min injection rate.
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2.3.2 Highly Anisotropic Antimony Nanoplatelets
The highly anisotropic antimony nanoplatelet have measured thicknesses ranging from 30
to 80 nm (average thickness of 50+£10 nm) and lateral dimensions of several micrometers (Figure

2-2). For the most anisotropic nanoplatelets, the aspect ratios can be as large as 1000:1.
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Figure 2-2. Electron microscopy images of highly anisotropic Sb nanoplatelets synthesized by
injecting 4.3 mM triphenylantimony at a rate of 0.5 mL/min into 10 mL of supercritical anhydrous
toluene at 900 psig and 425°C : characteristic (a) SEM, (b) TEM, and (c) cross-sectional, dark-
field STEM images of ultrathin hexagonal antimony nanoplatelets. A histogram of antimony
nanoplatelet thicknesses measured via cross-sectional dark-field STEM is included as in inset in
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panel (c). As can be seen in Figure 2-3, antimony nanoplatelets produced by the decomposition of
triphenylantimony in supercritical toluene are hexagonal in character, with lattice spacings that
correspond to crystalline antimony. Energy-dispersive X-ray spectroscopy (EDXS) and X-ray
diffraction (XRD) analysis provide further evidence that the nanoplatelets are composed of
rhombohedral antimony, with small amounts of surface oxide present due to air exposure
following synthesis. As shown in Figure 2-3e, the hexagonal antimony unit cells are stacked such
that the c-axis of each unit cell is oriented perpendicular to the face of the nanoplatelet. The model
in Figure 2-3 corresponds to the experimentally observed crystallographic orientation, where the
indexed spots in the fast Fourier transform (FFT) of the image (Figure 2-3a, inset) correspond to
the directions pointing toward the vertices of the platelet. R3m antimony forms pseudo-layered
sheets with a buckled honeycomb structure, where the puckered hexagonal pseudo-layers form the
faces of each nanoplatelet.”* The interatomic distances within the individual layers (shown in
purple) are shorter than the interatomic distances between layers (gold), corresponding to the

weakened bonding that exists between layers.
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Figure 2-3. (a) Characteristic transmission electron microscopy (TEM) image of Sb nanoplatelets

grown at 425°C using a 4.3 mM precursor injection solution, along with (b) a high-resolution TEM
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image with FFT inset corresponding to the region highlighted by the red box in panel a. (¢) EDXS
map sum spectrum corresponding to the (d) scanning electron microscopy (SEM) image and
EDXS mapping images of the Sb nanoplatelets synthesized at the conditions described above. (e)
Crystallographic modeling of the antimony nanoplatelets showing a side view, an off-axis view,
and a top view, with an antimony unit cell outlined in thin dashed lines. (f) XRD pattern collected

from the product shown in panels a-d (PDF#: 00-035-0732)."2

Under optimized, steady-state growth conditions, it was possible to promote anisotropic
platelet formation through extension of the crystal in the lateral directions perpendicular to the c-
axis via the preferential addition of adatoms to the high-surface-energy facets that terminate the
platelet edges.”® Over time, the slow-growing, low-surface-energy {0001} surfaces become the
predominant crystal facets, ultimately resulting in the thermodynamically favored Wulff shape for
rhombohedral antimony, corresponding to a hexagonal prism where the {1011} family of planes
form pairs of sloping sidewalls along the lateral edges of the prism (Figure 2-3e).”* Since
hexagonal platelets are the thermodynamically favored morphology, they have a significant
presence within the explored parameter space, with nanoplatelet formation particularly favored
between 400 and 425°C. For electrochemical testing, antimony nanoplatelets were grown using an
intermediate 8.5 mM precursor concentration and 425°C reaction temperature in order to maximize
product yield while maintaining the target nanoplatelet morphology.

2.3.3 Truncated Octahedra

For intermediate precursor concentrations, and elevated reaction temperatures near 500°C,

truncated antimony octahedra (Figure 2-4) were the predominant product. Since octahedral shapes

are somewhat uncommon for materials within the rhombohedral R3m space group (Figure 2-3 and
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Figure 2-4), it is likely that the formation of these structures is enabled by twinning.” In antimony,
twinning typically occurs on the {0114} planes, frequently forming fourlings, which can then
result in a truncated octahedral geometry.” Since the probability of twinning increases when the
rate of atomic addition during growth is increased,’® a large preponderance of truncated octahedra
would be expected under conditions corresponding to rapid precursor decomposition at elevated
temperature. Moreover, in this kinetically dominated regime, the energy difference for atomic
addition to different facets becomes less important,””’® which in turn leads to more pseudo-
spherically shaped structures that minimize overall surface area, thus resulting in truncated

octahedra becoming the favored crystal habit at high temperatures.
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Figure 2-4. (a) Characteristic SEM image of the truncated octahedra produced a 500°C reaction
temperature with a 4.3 mM precursor injection solution, include a cartoon truncated octahedron in
the inset.”® (b-d) SEM image, EDXS mapping data, and EDXS map sum spectrum corresponding

to the truncated Sbh octahedron product.

Interestingly, at 475°C, while truncated octahedra still dominate the reaction product,
extremely wide nanoplatelet sheets were also produced (Figure 2-5). The largest nanoplatelets
observed were up to 100 um wide, corner-to-corner, likely resulting from a subset of antimony

seed crystals that did not twin during the early stages of growth.
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Figure 2-5. SEM image of antimony materials synthesized at 475°C with a 4.3 mM precursor
injection solution. Nanoplatelets with tip-to-tip dimensions greater than 100 pum comprise a

fraction of the sample.

2.3.4 Effects of Ligand Addition During Synthesis

The co-injection of ligands during nanoplatelet growth was also briefly explored (Figure
2-6). While oleylamine and trioctylphosphine were found to have minimal impact on product
morphology, the co-injection of small amounts of oleic acid was found to reduce the number
density of nanoplatelets in the final product, and also lead to the formation of large octahedra.
Interestingly, in addition to rhombohedral antimony, XRD analysis indicates the presence of Sb203
in the samples synthesized under co-injection with 1% v/v oleic acid (Figure 2-6e). EDXS mapping
indicates that the entirety of the Sb>Os signal originates from large octahedral Sb.O3 byproducts,
while the hexagonal nanoplatelets remain composed of elemental antimony (Figure 2-6f). Since
the supercritical reactor is run under anhydrous, anaerobic conditions, the observation of Sb>03
octahedra indicates that the oleic acid reacts with the decomposing antimony precursor, acting as

an oxygen source that results in the formation of the observed Sh.Oz byproduct.
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Figure 2-6. (a-d) SEM images of Sb nanoplatelets grown at 425°C using a 4.3 mM precursor
injection solution along with co-injection of (a) no ligand, (b) 1% v/v oleylamine, (c) 1% v/v
trioctylphosphine, (d) 1% v/v oleic acid. (e-g) Compositional characterization of Sb product grown
in the presence of oleic acid, with (e) XRD (Sb PDF#: 00-035-0732, Sh.O3 PDF#:00-042-
1466)"%" and (f-g) EDXS data clearly showing the presence of a minority component, octahedral

Sh203 byproduct.

2.4 Conclusions
In Chapter 2, we explore the supercritical fluid-based synthesis of antimony nanostructures

and microstructures using a triphenylantimony precursor in an anhydrous toluene solvent. We find
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minimal precursor decomposition below 375°C. At elevated temperatures, we find that the product
morphology can be selectively tuned, with high precursor concentrations leading to dendritic
growth and intermediate concentrations at high temperature (500°C) resulting in microsized
truncated octahedra. Most interestingly, we demonstrate that ultrathin, highly anisotropic
antimony nanoplatelets with lateral dimensions of many micrometers and aspect ratios in excess
of 1000:1 form in the rest of the explored parameter space with thicknesses between 30 and 80 nm
(average thickness of 50+10 nm). The lateral dimension of these platelets can extend to in excess
of 100 um under certain conditions. While the product morphology is relatively insensitive to
ligand addition, we also find that the addition of small amounts of oleic acid under air-free growth
conditions resulted in the formation of Sb.O3 microoctahedra, due to the reaction of oleic acid with
the triphenylantimony precursor. The ultrathin antimony nanoplatelets may have possible

applications for the development and study of topological and 2D materials.
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Chapter 3: Morphology-Dependent Electrochemical Characteristics of

Antimony Nanomaterials

3.1 Introduction

In Chapter 3, we study how active material morphology effects performance by comparing
the electrochemical alloying characteristics of the highly anisotropic antimony nanoplatelets
discussed in Chapter 2 to small, isotropic antimony nanocrystals.” Alloying electrodes experience
significant volume expansion during cycling (~290% for antimony).*” This volume expansion
leads to significant strain and in turn electrode damage and capacity loss. Nanostructured
electrodes have represented an important pathway to reduced strain for alloying-type
electrodes.'821-2 However, the expansion and associated stress and strain can be strongly affected
by morphology of the nanostructures. Thus, determining the effects of morphology on
performance and the underlying drivers for morphology-based effects is critical to both a strong
scientific understanding of antimony-based negative electrodes and moving antimony towards
commercialization.

In this chapter, we study the effects of morphology on antimony nanomaterial electrode
performance using capacity and differential capacity analysis, 1D uniaxial stress-strain modeling,
a high fidelity galvanostatic intermittent titration technique (GITT) and ex situ analysis via atomic
force microscopy (AFM) and scanning electron microscope (SEM)-based energy dispersive X-ray
spectroscopy (EDXS). We observe via the capacity and differential capacity analysis and 1D
uniaxial stress-strain modeling that strain drives increased crystallization and suppression of
amorphous solid-solution reactions, leading to additional reliance on two-phase reactions as

sources of capacity.
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We then develop a stronger fundamental understanding of both the morphology- and
degradation-dependent kinetics, thermodynamics and diffusion for antimony nanomaterial-based
electrodes via a high-fidelity galvanostatic intermittent titration technique (GITT).2® We
implement this high-fidelity GITT for both Na-ion battery antimony nanocrystal and antimony
nanoplatelet conversion type negative electrodes up to cycle 400.

During GITT, the battery is cycled in steps, whereby a known amount of current is passed
at a specific rate followed by a relaxation period where no current is passed.® This process is
repeated until the cell has been cycled across the voltage window. At a given state of charge (SOC),
the relaxation steps provide the equilibrium voltages while the current injection steps contain
kinetic regimes connected to the cell configurational IR drop (fast), the reaction resistance
(intermediate or slow) and the diffusive behavior (slow).8* The stepwise nature of GITT cycling
unconfounds the thermodynamic and kinetic components of the cycling behavior, providing
significant insight into the cell electrochemistry.

Based upon the high-fidelity GITT, we find that the increased rate of capacity reduction in
the anisotropic antimony nanoplatelets relative to the isotropic antimony nanocrystals results from
increased strain-driven kinetic overpotentials during desodiation. This overpotential consists of
both a reaction overpotential and a diffusional overpotential. However, the diffusional
overpotential is the primary driver for both the rapid capacity loss of the anisotropic antimony
nanoplatelets and the capacity loss after extended cycling for the isotropic antimony nanocrystals.
Therefore, the diffusion coefficients were determined for both morphologies using the high-
fidelity GITT

Although Baggetto et al. investigated the diffusion coefficient of antimony thin films close

to the terminal sodiation state during desodiation, to our knowledge, this GITT data represents the
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first study of the Na-ion diffusion coefficients in antimony electrode materials for the full cycling
window and during extended cycling.®? In calculating the diffusion coefficient from the GITT data,
we implement methods to account for the composite conversion electrode behavior. Although the

diffusion coefficients are on the order of 10° cm? s at the terminal NasSb sodiation state and 10°

12 2

cm? st at the terminal Sb desodiation state during initial cycling for both the antimony
nanocrystals and antimony nanoplatelets, the antimony nanoplatelet diffusion coefficients drop-
off rapidly while the antimony nanocrystal diffusion coefficients remain constant through cycle
100.

Finally, we use ex situ analysis via atomic force microscopy and scanning electron
microscope-based energy dispersive X-ray spectroscopy to connect the nanoscale morphology of
the electrode to the performance of the antimony nanomaterial electrodes. Connecting the
nanoscale morphology of the antimony nanomaterial electrode is important to understanding
battery performance on the bulk scale, because the electrode material is a composite that can be
highly heterogenous on the nanoscale.®38" The nanoscale heterogeneity of an electrode can lead
to different sections of the electrode having substantially different performance. This is particularly
likely because the interactions and electrochemical properties of the active material, conductive
carbon, binder, electrolyte and SEI layer all affect both capacity retention and rate capability. We
find by comparing the chemical mapping and the physically observable structures to conductive
atomic force microscopy (c-AFM) that the heterogeneity of the electrodes is substantially larger
for the antimony nanoplatelets and that this heterogeneity correlates strongly with the conductivity

of the sample. This suggests that the lower capacity retention of the antimony nanoplatelets is

driven in part by the heterogeneity of the composite electrodes. Overall, it is clear that anisotropy
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has many deleterious effects on performance and must be controlled in antimony nanomaterial-

based electrodes.

3.2 Experimental Methods
3.2.1 Materials.

N-Methyl-2-pyrrolidone (NMP) (anhydrous, 99.5%), antimony trichloride (>99.0%),
propylene carbonate (99.7%), sodium metal (>99.99%, dry cubes, ACS Specification), sodium
borohydride (99.99%), sodium carboxymethyl cellulose (Mw ~90,000), toluene (anhydrous,
99.8%), and triphenylantimony(IIl) (>99.0%) were purchased from Sigma Aldrich. Sodium
perchlorate (>98%) was purchased from Fisher Scientific. Fluoroethylene carbonate (>98%) was
purchased from TCI America. Carbon black (Vulcan XC72R) was purchased from Cabot
Corporation and stored in a vacuum oven at 80°C. Copper foil (>99.99%, 9 um thickness) was
purchased from MTI Corporation. An Embed-812 Resin Kit was purchased from Electron
Microscopy Sciences.

3.2.2 Supercritical Fluid-Based Synthesis of Highly Anisotropic Antimony Nanoplatelets.

Using the procedure described in Chapter 2, a stock solution was prepared with
triphenylantimony (5 g) in anhydrous toluene (10 mL) in an inert-atmosphere nitrogen glove box.
A silicon wafer piece was placed in a 10 ml internal volume supercritical flow-through reactor.
The reactor was filled with nitrogen and then heated to 425°C and pre-filled with anhydrous
toluene until the internal pressure reached 900 psig (See reference 7 for further details of the
experimental setup of the supercritical reactor). Triphenylantimony stock solution (720 pL, 1.42
M) was diluted in 11.3 mL of anhydrous toluene, mixed via ~30 seconds of vortexing, and drawn

into a syringe. The syringe was then used to fill a 10 mL injection coil that connected to the reactor
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inlet. The precursor solution was pumped into the reactor at a rate of 0.5 mL/min for 20 min, while
the reactor was maintained at 425°C and 900 psig. After the reactor was cooled to room
temperature the wafer with antimony nanoplatelet product was collected and stored in air.

3.2.3 Synthesis of Isotropic Antimony Nanocrystals.

Isotropic antimony nanocrystals were synthesized using the procedure of Walter et al.!’
Sodium borohydride (48 mmol) was solvated in NMP (51 mL) in a flask that was heated to 60°C
under nitrogen. A solution of antimony trichloride (12 mmol) in NMP (9 mL) was prepared in an
inert atmosphere nitrogen glovebox. This solution was injected into the flask. The flask was
immediately placed into an icebath for rapid cooling to room temperature. After centrifugation at
7440 RCF for 4 minutes, the supernatant was decanted off. The centrifugate was washed with
deionized water (~30 mL) three times in a vacuum flask with a filter funnel. The antimony
nanocrystals were then dried overnight under vacuum and stored in an inert atmosphere nitrogen
glovebox.

3.2.4 Electrode Fabrication, Coin Cell Assembly, and Electrochemical Testing.

Electrode  fabrication used a 64:21:15 mass ratio of  Sb:carbon-
black:carboxymethylcellulose. The materials were combined and mixed into a slurry using a
mortar and pestle with a deionized water carrier based on standard procedures.*6:1"888 |n a typical
fabrication, 150 mg of antimony and 49 mg of carbon black were mixed with 0.52 mL of CMC in
deionized water (0.067 g/mL), followed by dilution with an additional 0.4 mL of deionized water.
Note that the 0.4 mL of DI water was adjusted to account for environmental conditions as needed.
The resulting slurry was doctor-bladed (38 um thickness) onto a copper foil current collector with
a 38 um thickness and dried on a hot plate at 80°C in air until no moisture was visible (typically

~5 min). Electrodes were further dried and stored in a vacuum oven that was pumped down below
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15 mbar at 80°C until ready for punching. The electrodes were punched out into 15-mm-diameter
circles. These were stored in a vacuum oven set below 15 mbar at 80°C until battery assembly.
Half cells were assembled in an argon glovebox using elemental sodium metal as the positive
electrode, a glass fiber separator (Whatman, grade gf/f), 1.0 M NaClOs in an electrolyte solution
of 90% wi/v propylene carbonate and 10% w/v fluoroethylene carbonate and a CR2032 case.
Electrochemical testing was performed with a MACCOR Series 4000M 64-Channel Automated
Battery Test System. Batteries were cycled at a rate of 1C (current density of 660 mA g*) except
for GITT cycles, where they were cycled at a rate of C/10 rate (current density of 66 mA g*). For
GITT the cycling protocol involved cycling the batteries out to cycle 400 with GITT cycles at
cycles 2, 5, 10, 20, 40, 100, 200 and 400. During GITT cycles, current was injected for 1 minute
and then the cell was rested for 10 minutes. Capacities were normalized versus the weight of the
active materials.

For the AFM sample preparation, magnetic stirring was used instead of mortar and pestle-
based mixing. The same Sh:carbon-black:carboxymethylcellulose ratios were used, along with the
same carboxymethylcellulose concentration in DI water. The sample was magnetically stirred in a
vial until the water evaporated. The samples were then epoxied using the Embed-812 Resin Kit,
and then microtomed at 1 pum using a Leica EM UC6 Ultramicrotome onto an ITO-coated glass
substrate. The microtomed samples were analyzed via conductive AFM performed on an AFP-3D
(Asylum Research) using gold coated contact mode silicon AFM probes (ContGB-G, Budget
Sensors) and scanning electron microscope (SEM)-based energy-dispersive X-ray spectroscopy

(EDXS) using a FEI XL830 Dual Beam FIB/SEM.
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3.3 Results and Discussion
3.3.1 Electrochemical Sodiation/Desodiation of Isotropic and Anisotropic Antimony

Nanostructures.

Electrochemical cycling was performed at a rate of 1C on negative electrodes comprised
of highly anisotropic antimony nanoplatelets (Figure 2-2) and electrodes comprised of isotropic
antimony nanocrystals.!” While the spherical nanocrystals were observed to maintain a specific
capacity above 600 mAh g throughout 100 cycles at 1C (Figure 3-1a), the capacity of the
nanoplatelets rapidly decreased to ~200 mAh g* after 100 cycles at 1C (Figure 3-1d) due to the
significantly increased lateral strain in the system (see section 3.3.1.1 for detailed strain
calculations and discussion). Past studies have examined the sodiation and desodiation processes
along varied crystallographic directions for antimony materials,**%? concluding that sodiation
primarily occurs via the hopping of Na ions through the collinear octahedral voids of the material.*®
Desodiation from NasSb is more complicated, with the lowest barrier for desodiation occurring
along the a and b axes, in addition to two desodiation pathways along the c-axis that are higher in
energy.*® Notably, the barriers for ion diffusion and propagation of strain are related, leading to

anisotropic strain that is dependent upon the preferred crystallographic directions for diffusion.®?
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Figure 3-1. (a) 1C cycling performance, (b) differential capacity, and (c) desodiation differential
capacity of Sb nanocrystals, and (d) 1C cycling performance, (e) differential capacity, and (f)
desodiation differential capacity of Sb nanoplatelets, illustrating the gradual formation of a new

electrochemical feature at 0.93 V after extended cycling.

The total differential capacity plots of the highly anisotropic nanoplatelets and the isotropic
nanocrystals shown in Figure 3-1 provide insight into the differences in the electrochemical
cycling characteristics of the two morphologies.'®172842 Notably, the nanoplatelets exhibit sharper
alloying/dealloying peaks than the nanocrystals, with broad peaks being characteristic of solid-
solution transitions with disordered (amorphous) interfaces and sharp peaks being characteristic
of electrochemical reactions that include a two-phase transition with ordered (crystalline)
interfaces (Figure 3-1b,e).*® Uniaxial 1D stress and strain calculations included in the
supplementary information quantitatively demonstrate that the lateral strain in the nanoplatelets is
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much larger than the strain in the nanocrystals. Fracture analysis is also done to supplement the
stress and strain calculations, with the fracture analysis indicating cracking occurs for the antimony
nanoplatelets, but not the antimony nanocrystals. The results of the stress and strain calculations
combined with the morphology-dependent changes in the differential capacity plots this
observation suggest that the increased lateral strain in the nanoplatelets promotes the formation of
crystalline phases, at the expense of the amorphous phases that help to enable stable cycling in the
small, isotropic antimony nanocrystals.

To this point, the isotropic nanocrystals clearly exhibit a broad desodiation peak centered
at 0.72 V (just to the left of the c-NasSb desodiation peak at 0.8 V) which is absent in the
nanoplatelet electrochemical cycling data. We note that smaller nanocrystals show this peak more
prominently in the literature, while for larger micron sized particles this peak is suppressed;®
however, to our knowledge, this peak has not been previously discussed in the context of a specific
electrochemical event. By making a comparison to silicon alloying electrodes (which exhibit a
similarly broad feature associated with the delithiation of a-LixSi at slightly lower potentials than
the c-Lis7sSi delithiation peak)®! — we attribute the feature centered at 0.72 V to the desodiation of
a-NazxSh, where X is close to zero. In most cases, the desodiation of an amorphous phase is more
facile than the associated crystalline state, and thus occurs at a slightly lower potential %>
Consequently, suppression of the a-Nas.xSb phase in the nanoplatelets can be attributed to strain-
induced crystallization, which has been observed previously in a wide range of materials.®*-°" This
observation aligns with the observed behavior in the literature, where larger micron-sized particles
experience significantly more strain during cycling than smaller nanocrystals and therefore
experience strain-induced crystallization which suppresses the a-Na3-xSb phase in favor of the c-

Na3Sb phase, and in turn suppresses desodiation from the 0.72 V peak.?>33% Collectively, these
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observations highlight the importance of promoting the amorphous phases that can facilitate stable
long-term cycling.

In addition to the a-Nas.xSb desodiation feature at 0.72 V and the c-NasSb to a-Nay 7Sb, a-
Na17Sb to a-NaSb and a-NaSb to c-Sb desodiation peaks at 0.8 V, ~0.82 V, and ~0.88 V
respectively, by the 100" cycle, both the nanocrystals and the nanoplatelets exhibit an additional
desodiation feature at 0.93 V (Figure 3-1c,f).*> While this feature is not observed in the initial
cycling profiles, the desodiation event at 0.93 VV becomes more prominent between cycles 10 and
40 for both the nanocrystals and the nanoplatelets. By cycle 40, the peak at 0.93 V becomes the
primary desodiation event for the nanoplatelets; however, for the spherical nanocrystals, the peak
at 0.93 V does not become the primary desodiation feature until cycle 200 (Figure 3-2). In order
to determine the nature of this previously undiscussed electrochemical feature that appears after
extended cycling of antimony alloying electrodes, we carried out a set of in situ XRD experiments,
described in detail in Chapter 4, which suggest that the peak at 0.93 V is caused by the desodiation

of c-NaSh.
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clearly showing the gradual formation of an additional electrochemical desodiation feature at 0.93
V after extended cycling.

Electrochemical profiles are shown for both the antimony nanocrystals and antimony
nanoplatelets (Figure 3-3). The electrochemical profiles illustrate that the antimony nanoplatelets
have a much larger irreversible capacity during the initial cycles, in addition to larger hysteresis

than the antimony nanocrystals.
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Figure 3-3. Standard electrochemical profiles of (a) Sb nanocrystals and (b) Sb nanoplatelets

3.3.1.1 Analysis of Stress and Strain during Electrochemical Cycling

The stress and strain that occurs during electrochemical cycling can lead to structural
degradation and reduced capacity for alloying electrode materials such as antimony.*® Here, we
use a simplified one-dimensional model to analyze stress and strain in the highly anisotropic
antimony nanoplatelets and isotropic antimony nanocrystals, and we also examine the cracking
characteristics of the two morphologies. Overall this analysis provides insight into the effects of
anisotropy-driven strain on the electrochemical performance of antimony nanostructures.

First, the strain associated with the expansion of the crystal structure upon sodiation was
calculated along each crystallographic direction by determining the change in separation between

the antimony atoms in the unit cells for Sb and NasSh. The interatomic spacings between adjacent
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antimony atoms along the a and b directions are 4.0384 A and 5.366 A for Sb and NasSb
respectively. The average interatomic spacing between antimony atoms along the c¢ direction for
the Sb unit cell was determined by measuring the bond lengths and angles corresponding to both
the interlayer and intralayer antimony bond distances, and then averaging the two values,%6:63:%
The 2.908 A intralayer bond length and 3.355 A interlayer bond length, along with the
corresponding 31.205° and 42.147° angles between each bond and a plane perpendicular to the c-
axis results in an average antimony c-direction spacing of 1.879 A. Similarly, the 5.677 A
separation between antimony atoms in NasSb along with the corresponding 56.928° angle between
the Sb-Sb vector and a plane perpendicular to the c-axis results in an average antimony interatomic

spacing along the c direction of 4.758 A. We can then find the corresponding strain along each

crystallographic direction using the following equation:

y = (lNa3Sb - lsz;)
lp 3-1

where y is the strain, and ly,,s, and g, are the distances in the a and b directions or the ¢ direction
between adjacent antimony atoms for NazSh and Sh, respectively.1%

Based on the above calculations, the nanoplatelets experience a strain of 1.5 (150%
expansion) in the c direction (thickness) and a strain of 0.3 (30% expansion) in the lateral a and b
directions during the transformation from Sb to NasSb. Notably, although the relative expansion
is smaller in the lateral a and b directions than the ¢ direction, the large anisotropy of the
nanoplatelets greatly magnifies the expansion that occurs along the lateral directions. For example,
a 50-nm-thick, 10-pum-wide nanoplatelet will only expand 75 nm in thickness, while the lateral

dimensions will expand by 3 pum.
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The stress along each direction can then be related to the strain via the Young’s modulus.
Values for the Young’s modulus in the a, b, and c directions were determined using the ELATE
database.'®! For Sb, E,, , = 60 GPa and E, = 30 GPa. Likewise, for NasSb, E, , =33 GPaand E, =
33 GPa. Since the intermediate phases between c-Sb and c-NasSb are known to be amorphous
during stable cycling, approximate uniaxial stresses along each direction were then estimated for
each antimony alloying reaction that has been previously demonstrated in the literature*? by

assuming a linear continuum model for both the Young’s moduli and the strains, as shown below:

3—x 3 -
<(ENa3$b — Egp) (Clm)) 3 ) + ESb) + <(ENa3Sb — Esp) ( 3 Y) + ESb) 29
ENag_be,Nag_ySb = 2

Vg _asoNas_y5D = ‘((lNa3.S‘lb —lsp) (3 ; x)) 3 ((lzva3slb —Isp) (3 ; ﬁ)‘

Sb Sb
where x and y define the compositions for each reaction. Using the above correlations, the uniaxial
stresses for each reaction were estimated (Table 3-1), and the largest source of stress in all
directions was found to be the conversion of c-Sb to a-Nas.xSb, as would be expected. All of the
other non-zero stresses were found to be within an order of magnitude. Additionally, the stresses
in the c direction were found to be approximately three times larger than the stresses in the a or b

directions.
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Table 3-1. Uniaxial stresses in the a, b, and ¢ directions for each reaction that occurs during
antimony sodiation and desodiation.*> The reactions are ordered based on the reaction voltage,

starting at 1.5 V and proceeding from there through a full cycle.

a-NaSb a-NaSb c-Sb a-NaszxSb c-Na3z-Sb a-Nai17Sb a-NaSb
Reaction to to to to to to to
a-Na17Sb a-NasxSb a-NazxSb c-NasSb a-Nai7Sb  a-NaSb c-Sb

Stressin a

or b (GPa) 3.7 55 15 0 55 3.7 6.1
Stressinc
(GPa) 11 21 48 0 20 11 15

A preliminary fracture analysis was also carried out for each of the antimony
nanostructures by determining the energy release rate for crack propagation via the following
equation:1%

Zo’h
G=—% 3-4

where G is the energy release rate, Z is a dimensionless number based on fracture type that is on
the order of 1, and h is the characteristic feature size. A Z-value of 2, which is typical for channel
cracking in alloying materials such as silicon, is used here.'®® Fracture occurs if G is larger than
the fracture energy, I", which can be calculated via the following equation:

2Ea
= 27 3-5

where a is distance between atoms in the direction of the strain, accounting for both anisotropy
crystal lattice structure.’®* Note that this is a highly simplified model that provides only rough
estimates for the fracture energy; however, the equation has been shown to approximate correct

values within an order of magnitude for nanoscale systems in most cases.’** For antimony, a, ;, =

38



4.3084 A and a, = 6.0093 A.%¢ From this data, and the directionally-dependent Young’s moduli
for antimony (E, , = 60 GPa and E, = 30 GPa),'%* we can estimate that I}, , = 1.9 Jm?and I, = 1.3
Jim?. However, it is important to note that the largest fracture energy occurs along the (1102)
directions where 17, = 104 GPa and the average a(;7¢2) is 3.12 A, resulting in a fracture energy
of 2.4 J/m?. Importantly, this vector family aligns with the octahedral voids in the antimony crystal
structure (the voids through which Na diffusion occurs during sodiation), further supporting past
observations that diffusion and strain are integrally related for antimony sodiation/desodiation.*382

Based on Equation 3-4, for the reaction with the smallest non-zero stress (the conversion
of a-NaSb to a-Na1.7Sb), the, G, is 22 J/m? and G, is 210 J/m? for 100-nm-diameter nanocrystals.
For a 100-nm-thick, 1-um-wide nanoplatelet, G, , increases to 220 J/m? while the value of G,
remains the same as for the nanocrystals. The estimated energy release rates suggest that cracking
would occur for both antimony morphologies, and an analogous analysis for silicon lithiation
yields similar preliminary conclusions.® However, it is known that silicon thin films cycle
reversibly at thicknesses greater than 50 nm, with a measured yield strength of 1.75 GPa, 102105106
Notably, silicon exhibits an increased fracture tolerance for reversible cycling (relative to the
feature size predicted via comparison between the energy release rate and fracture energy) because
nanoscale silicon yields inelastically, as opposed to cracking, up to a certain critical feature size.1%?
Likewise, antimony nanocrystals are known to cycle with little performance degradation for
particles with diameters less than 100 nm.1®1" This suggests that antimony nanocrystals also yield
inelastically up to a critical feature size. Based on this supposition, the yield strength of nanoscale

antimony can be estimated using the following equation:
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ET
Ocrit,z = thrit,z 3-6

where o, , IS the yield strength along a particular direction, and h.,.;; , is the critical characteristic
feature size in a given direction.%2 The critical yield strength was determined using Equation S6
for each of the key directions discussed above, resulting in values of o, o, = 1.1 GPa, 0¢pirc =
0.63 GPa, and a,(1702) as 1.6 GPa.

Using the fact that the largest yield strength is in the (1102) direction, and assuming that
the critical characteristic feature size corresponds to the maximal 50-nm radius for reversible
cycling of antimony nanocrystals,*%17 the following equation can be used to determine whether the

nanoplatelets exceed A.(1702):

50 nm X 2 x 1.879 A

he =
J(1 x 4.0384 A)° + (1 x 4.0384 A)” + 02 + (2 x 1.879 &)

where h. is the critical dimension for the platelets in the c direction, corresponding to half the
platelet thickness. From the above equation, we find that A, is 27 nm, resulting in a maximal
platelet thickness of 55 nm for reversible cycling. Likewise, if the a and b directions are taken as
the critical directions, the yield strength is still ~70% of o,,,;(1702). Consequently, considering that
the smallest platelets are ~1 um in lateral width, the nanoplatelets are clearly too large to cycle

reversibly without strain-related damage.

40



3.3.2 Thermodynamics and Kinetics of Sodiation and Desodiation via High-Fidelity GITT

High-fidelity Galvanostatic Intermittent Titration Technique GITT data provides further
insight into the morphology-dependent performance of antimony nanomaterials. The 1C capacity
and differential capacity data for the non-GITT cycles matches closely with the cycling data from
section 3.3.1 for both the antimony nanocrystals and antimony nanoplatelets (Figure 3-4). Thus,
the high-fidelity GITT cycles are not affecting the performance on a global basis, validating the
use of GITT to non-invasively study the thermodynamic and kinetic drivers for decay during

extended cycling of antimony nanomaterials.
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Figure 3-4. 1C non-GITT antimony nanocrystal-based negative electrode (a) capacity, and (c)
differential capacity and antimony nanoplatelet-based negative electrode (b) capacity and (d)

differential capacity indicating that 1C cycling is largely unaffected by the high-fidelity GITT.
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3.3.2.1 Isotropic Antimony Nanocrystal Thermodynamics and Kinetics during Extended
Cycling

The antimony nanocrystals cycled stably through cycle 100 with 95% capacity retention from
cycle 3 to cycle 99 (Figure 3-4). The small initial capacity loss is primarily driven by increased
non-kinetic difficulty for the electrochemical reactions. Between cycle 100 and cycle 200, kinetic
limitations that reduce the ability to fully desodiate to pure antimony also start to play a role in the
capacity losses, thereby increasing the rate of capacity loss.

The coulometric titration curves indicate whether capacity reductions are driven by increased
thermodynamic or kinetic barriers (Figure 3-5). The kinetic difficulty of the electrochemical
reactions is correlated with the width of the coulometric titration curve.-1%” Thus, the coulometric
titration curve is wider in regions where the electrochemical reactions are more difficult. Through
cycle 100, where only a small amount of capacity decay occurs, the width of the coulometric
titration curve does not change, suggesting that the capacity decline is primarily driven by non-
kinetic barriers. At cycle 200, the width of coulometric titration curve in the region the desodiation
electrochemical reactions in the region of 0.8 — 1.5 V has increased substantially, indicating that
kinetic limitations have become more dominant (Figure 3-5a).#? These kinetic limitations drive an
increased rate of capacity loss by cycle 150. However, even at cycle 400 all of the initial reaction
plateaus are still visible, indicating that much of active material in the electrode that is still cycling
cycles fully between Sb and NasSb even though the capacity loss rate has slowed (Figure 3-4).
This observation suggests that the capacity losses for the whole electrode could be limited if the
fraction of the sample that still cycles between Sb and NazSb after extended cycling could be

identified and the parameters associated with this fraction could be replicated across the electrode.
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Figure 3-5. Sh nanocrystal-based electrode a) coulometric titration curves demonstrating minimal
kinetic limitations through cycle 100, b) a characteristic GITT step showing the overpotential
components that contribute to the kinetic limitations, and c¢) coulometric titration curves showing
the final GITT desodiation steps, the most kinetically-limiteed steps after extended cycling.
Relative sodiation state of 1.0 is defined as the maximum sodiation state reached a relative
sodiation state of 0.0 is defined as the minimum sodiation state reached in a given sodiation or

desodiation.

The time-based coulometric titration curves exhibit both the same width for the individual
electrochemical reactions and approximately the same cycle time for each reaction step (plateau
in the coulometric titration curve) and for the total reaction time, further validating the stability of

the antimony nanocrystal-based electrode through cycle 100 (Figure 3-6a).
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Figure 3-6. Sb nanocrystal-based electrode a) time-based coulometric titration curves further
demonstrating that the electrochemical reaction plateaus remain the same through cycle 100 and
b) overpotential and c¢) IR Drop together indicating that the cell resistance is not a major component

of the kinetic limitations in the battery.

The source of the kinetic barrier to full desodiation after extended cycling can be identified
via further examination of the coulometric titration curve for the antimony nanocrystal-based
electrode. The kinetic limitations in the coulometric titration curves consist of three major
components, an IR drop, a reaction overpotential and a diffusional overpotential (Figure 3-5b).8
These components together lead to the overpotential of each GITT step (Figure 3-6).1” The IR
drop in a well-designed cell is the small voltage step change that occurs at the introduction of
current to overcome the configurational resistance of the cell.®! The IR drop is the vertical line in
the current injection curve that occurs at the start of each current injection step in the time-based
coulometric titration curve. At cycles 200 and 400, the IR drop is small relative to the overpotential
at close to full desodiation, indicating that it is not the driver for the increased kinetic limitations
(Figure 3-6). Furthermore, the IR drop close to full desodiation during cycle 200 is similar in value
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to the IR drops close to full desodiation for cycles 2 through 100, further indicating that it is not
leading to increased kinetic resistance. Therefore, either the reaction overpotential or the
diffusional overpotential is leading to the increased kinetic barriers for full desodiation after
extended cycling.

The reaction overpotential cannot be easily quantitatively determined via GITT.%
However, the relative influences of the reaction overpotential and the diffusional overpotential can
be qualitatively determined. The portion of the current injection step correlated with the reaction
overpotential occurs directly after the IR drop and has a very steep slope, while the portion of the
current injection step correlated with the diffusional overpotential occurs after the reaction
overpotential and has a more gradual slope. In the coulometric titration curves close to full
desodiation, the portion of the current injection steps with a gradual slope increases more than the
portion of the current injection steps with a steep slope for cycles 200 and 400 relative to cycles 2
through 100, indicating that the diffusional overpotential is the dominant source for the increased
Kinetic limitations observed in cycles 200 and 400 (Figure 3-5c¢). Thus, the kinetic difficulty of
reaching the fully desodiated state after extended cycling and the associated increase in capacity
loss occurs because diffusion becomes more difficult.

The diffusion coefficients at each voltage further validate that diffusion is kinetically limiting
performance after extended cycling (Figure 3-7). The details of these calculations are included in
in section 3.3.2.4. Previously the diffusion coefficients for desodiation of an antimony thin film at
close to the terminal sodiation state of NasSb have been explored (0.1 to 0.7 V).8 The diffusion
coefficients in this region for the antimony nanocrystals are within one order of magnitude (~107
to 10° cm?/s vs. ~10® to 10°2° cm?/s in this study) of the previously observed diffusion coefficients

for the antimony thin films and show the same shape across the voltage window validating our
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diffusion coefficient calculations on both a qualitative and quantitative level (Figure 3-7b). The
shapes of the diffusion coefficient curves also correlate with the shape of the differential capacity
plots further validating the diffusion coefficient calculations. The diffusion coefficients are
reduced by 2-3 orders of magnitude at low sodiation states during desodiation for cycles 200 and
400 relative to cycles 2 through 100, validating that the kinetic limitations are driven by a reduction
in the diffusion coefficients (Figure 3-7b). Thus, after extended cycling, the diffusion of sodium
ions out of the electrode is kinetically limited at low sodiation states, resulting in a sequestration

of sodium in the electrode and in turn a loss of capacity at a C/10 cycling rate.
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Figure 3-7. GITT-based a) sodiation and b) desodiation diffusion coefficients for an Sb

nanocrystal-based electrode showing drop-offs close to the NasSb terminal sodiation state during

Cycle No.

—2
—5
—10
20
40
100
200
400
—2
—35
—10

15 ——20

40

100
200
400

.5

sodiation and throughout desodiation after extended cycling.

3.3.2.2 Highly Anisotropic Antimony Nanoplatelets Thermodynamics and Kinetics during

Extended Cycling

The capacity of the antimony nanoplatelets decays rapidly, with this decay strongly correlated
with increased kinetic limitations for full desodiation (Figure 3-4 and Figure 3-8). These kinetic
limitations can be clearly seen as early as cycle 5 in the coulometric titration curves and worsen

rapidly with extended cycling, affecting a wider sodiation range as cycle number increases. In
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addition, increased kinetic limitations occur during sodiation, becoming visually apparent by cycle

100 although these limitations are small relative to the kinetic difficulty during desodiation.
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Figure 3-8. Sb nanoplatelet-based electrode a) coulometric titration curves demonstrating
signficant kinetic limitations beginning before cycle 5, b) coulometric titration curves for final
GITT desodiation steps indicating these limitations occur due to both reaction and diffusional
overpotentials, and ¢) coulometric titration curves for the GITT sodiation steps between 0.5 and 1

hr showing increased diffusional overpotentials upon extended cycling.

The time-based coulometric titration curves demonstrate that the rapid drop-off in capacity
for the highly anisotropic antimony nanoplatelets results in less current flow through all of the
electrochemical reactions (plateaus) (Figure 3-4 and Figure 3-9). The reactions at low sodiation
states during sodiation and at high sodiation states during desodiation are most strongly affected,
suggesting that the cycling window narrows for the highly anisotropic antimony nanoplatelets with

much of the sample not cycling fully between Sb and NasSh. The IR drop is a small percentage of
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the overpotential at all sodiation levels for the antimony nanoplatelets, indicating that the IR drop

is not the driver for kinetic limitations during cycling (Figure 3-9).
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Figure 3-9. Sb Nanoplatelet-based electrode a) time-based coulometric titration curves
demonstrating that less current is flowing through all the electrochemical reactions as capacity
decays and b) overpotential and c) IR Drop together indicating that the cell resistance is not a

major component of the kinetic limitations in the battery.

The kinetic limitations during both sodiation and desodiation are driven by large increases in
both the reaction overpotential and diffusional overpotential (Figure 3-8a,b). As discussed in
section 3.3.1.1 the nanoplatelets are highly strained during cycling. Strain strongly affects
activation energies (kinetic barriers) of reactions and in turn the reaction rates.'®® Strain speeds up
the reaction kinetics when it helps to align the system into an ideal configuration for reaction
(typically closer to the reaction intermediate state) and slows down the reaction kinetics when it
moves the system configuration further away from the ideal. In the case of the antimony
nanoplatelets, the increased kinetic barriers for desodiation at low desodiation states and for
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sodiation after cycle 20 combined, suggest that the sharp reaction interfaces in the strained
antimony nanoplatelets move the system away from the ideal reaction configuration (Figure 3-8b).

The diffusion coefficients can also be positively or negatively affected by strain.10%112
Strain reduces the diffusion barrier when the lattice becomes more favorably aligned with the
diffusion pathways and increases the diffusion barrier when the opposite occurs. In the case of the
antimony nanoplatelets the strain is leading to increased diffusional barriers again for desodiation
at low desodiation states and for sodiation after cycle 20, based on the observed diffusional
overpotentials and diffusion coefficients (Figure 3-8b and Figure 3-10). Therefore, both the
lowered diffusion coefficients and increased reaction barriers indicated by the overpotentials are
caused by the strain in the antimony nanoplatelets. The details of these calculations are included

in in section 3.3.2.4.
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Figure 3-10. GITT-based a) sodiation and b) desodiation diffusion coefficients for an Sh
nanoplatelet-based electrode showing diffusion coefficient drop-offs close to the NasSb terminal

sodiation state during sodiation and during desodiation throughout cycling.

The strain-induced reduction in diffusion coefficients and increase in reaction barriers are
largest during desodiation close to the terminal sodiation state, resulting in sequestration of sodium
in antimony. The kinetic hinderance becomes particularly strong at ~0.9 V, which corresponds to
the start of the voltage window recrystallization of antimony from a-NaSb.*?> Allan et al. have
previously observed that this recrystallization does not fully occur for up to 70% of the active

material remains as a-NaSh, which would correspond to a fully utilized active material capacity of
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~500 mAh g 1.2 Therefore significant regions of the antimony active material are amorphous even
at the upper cutoff voltage. This stress of the a-NaSb to c-Sb transition is the largest stress that
occurs during desodiation (section 3.3.1.1), and therefore, the a-NaSb to c-Sb reaction is the first
desodiation that is adversely affected by the increased strain in the nanoplatelets. The strain-
induced reduction in diffusion coefficients and increase in reaction barriers seen in the
nanoplatelets exacerbates the lack of full utilization of the active material, leading to increased
sequestration in a-NaSb and a loss of capacity.

However, even if the active material stops reaching the c-Sb phase entirely, the capacity of
the fully utilized active material would still be 440 mAh g*. Therefore, additional sources of
capacity loss must occur. One major source of this additional capacity loss is the strain-induced
reduction in diffusion coefficients.*%®-11? Strain and the diffusion barrier (diffusional overpotential)
are correlated for antimony with larger strains leading to an increased diffusion barrier, when
examined by comparing LisSb to NasSbh.8? In cases where the strain and diffusion barrier are
positively correlated increased capacity loss occurs because the diffusing ions are less uniformly
distributed within the active material, leading to increased stress and stress-induced damage.°
The stress-induced damage and capacity loss comes in the form of active material disconnection
from the current collector and increased SEI layer formation.?24?" In the antimony nanoplatelets,
the initial diffusion barrier to full desodiation is strain-induced. The diffusion barrier leads to
stress-induced damage and capacity reduction. The stress-induced damage in turn causes increased
kinetic and thermodynamic barriers (Figure 3-8). The increased thermodynamic and Kinetic
barriers then lead to further stress-induced damage, with this feedback loop resulting in an almost

full loss of capacity by cycle 200.
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This feedback loop can be clearly observed via the drop-off in diffusion coefficients for
the antimony nanoplatelets (Figure 3-10). For cycle 2, the diffusion coefficients match well with
the literature both numerically (~10° cm? st at c-NasSb) and qualitatively (drops off between 0.1
and 0.7 V).82 After cycle 2, the diffusion coefficients drop off continuously as shown for the NasSb
and Sb states during sodiation and desodiation.
3.3.2.3 Morphology-driven kinetics and decay pathways

The model system of isotropic antimony nanocrystal and highly anisotropic antimony
nanoplatelet-based electrodes offers significant insight into the fundamental drivers of stable
cycling for antimony. The isotropic antimony nanocrystals exhibit significantly higher capacity
retention than the highly anisotropic antimony nanoplatelets, which we attribute in section 3.3.1.1
to the increased strain observed in the antimony nanoplatelets. The GITT analysis further validates
that assertion, demonstrating that the increased strain in the antimony nanoplatelets causes both an
increased diffusional barrier and an increased reaction overpotential for the desodiation of sodium
antimonide, which is not present for the isotropic antimony nanocrystals early in cycling. This in
turn leads to an increased rate of capacity reduction for the antimony nanoplatelets. As described
above, the initial diffusional barrier strongly drives this increased rate of capacity reduction, by
leading to further increases in the desodiation barrier as cycling continues. Unlike the highly
anisotropic antimony nanoplatelets, the antimony nanocrystal capacity loss is initially driven by
increased non-kinetic barriers. Eventually, the diffusional barrier increases to the point where the
same feedback loop observed for the antimony nanoplatelets occurs and like with the nanoplatelets
the sodium becomes sequestered in sodium antimonide. However, even during capacity
degradation, the reaction overpotential for the antimony nanocrystals does not contribute as

strongly as it does for the antimony nanoplatelets. After 400 cycles, both the antimony
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nanoplatelets and antimony nanocrystal capacity is substantially reduced, but the coulometric
titration curves exhibit different behavior, with the antimony nanocrystal curve more strongly
exhibiting all the major reaction plateaus (indicators of each electrochemical reaction) that are
present during initial cycling (Figure 3-4, Figure 3-6, and Figure 3-9). This suggests that the
antimony nanocrystals are less likely to experience partial sodiation or desodiation than the
antimony nanoplatelets, even during degraded cycling. Overall, the morphology-driven
differences in cycling performance are attributable to the strain-impeded Kinetics of the
electrochemical cycling.
3.3.2.4 Diffusion Coefficient Calculations from GITT

The diffusion coefficients can be calculated based upon the GITT data to provide a
quantitative measure of the solid-state diffusion. Assuming Fickian diffusion, the diffusion

coefficient can be determined using the following equation

. 2 [ (2E\1? 2
D= 2(2m) (33) < 3-8
7 \Z4FS (a_\/z) D
where D is the solid-state diffusion coefficient, i is the current, 1}, is the molar volume of the

electrode, z4 is the charge number, F is Faraday’s constant, S is the electrochemically active

electrode surface area, Z—i is the slope of the equilibrium potentials, the last voltages in rest steps

of the coulometric titration curve before current resumes, and ;TEE is the slope of the linearized

charging steps in the coulometric titration curve, t is the time and L is the size of the electrode
material in the diffusion direction.!*®

The surface area, the volume expansion and two-phase transitions in composite electrodes
with an alloying active material introduce additional complications into calculating the diffusion

coefficients from GITT. However, these additional complications can be compensated for by
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modifying the basic diffusion coefficient calculations. In a composite electrode comprised of
nanomaterials, the electrochemically active surface area is often substantially larger than the
superficial surface area of the current collector.!* However, the nonactive components of the
electrode confound establishing an electrochemically active surface area via non-electrochemical
methods such as Brunauer-Emmett-Teller (BET) gas adsorption, because these types of
measurements include the surface area of the nonactive components as part of the total surface

area.11®

There is currently significant research focused on developing models and analysis
techniques that better access the electrochemically active surface area to support more accurate
diffusion coefficient calculations for a broader array of active materials and composite electrode
morphologies.’'*11® These approaches involve techniques such as 3D tomography to develop
detailed models of the composite or SEM examination of electrodes stained with chemicals that
only bind to electrochemically active areas.'***® To our knowledge, these types of approaches
have not yet been employed for antimony nanomaterial-based electrodes and these techniques are
outside the scope of this paper. However, we can provide an upper and lower bound for the surface
area that in turn establishes an upper and lower bound for the diffusion coefficient. The superficial
surface area of the copper current collector is typically smaller than the electrochemically active
surface area of the composite electrode on the copper current collector, because the composite
electrode is a 3D porous material while the superficial surface area of the current collector is 2D.
Therefore, the diffusion coefficients calculated with the copper current collector superficial surface
area (1.77 cm?) represent an upper bound for the possible diffusion coefficient range (Figure 3-7
and Figure 3-10).

We established a lower bound on the diffusion coefficients by calculating a maximum

surface area for both the antimony nanoplatelets and antimony nanocrystals, based upon the
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assumption that all of the surface area of the nanomaterial is active (Figure 3-11). We calculated
the surface area at a given sodiation state via the following equation

S= (1—=x)Ssp + xSnaysp 3-9
where x is the relative sodiation level such that the maximum sodiation state reached during a
given sodiation or desodiation step is one and the minimum sodiation state reached during a given
sodiation or desodiation step is zero, S, is the surface area of the unsodiated antimony active
material and Sy, is the surface area of the antimony active material sodiated to NasSh. For the
antimony nanoplatelet geometry we used a regular hexagon. Based upon the density of antimony
and the electrode active material weight we calculated the total volume of antimony nanomaterial
in the electrode using the following equation

Vsb = PspMsp 3-10

where mg, is the antimony weight in the electrode, pg;, is the density of antimony and Vg, is the
total volume of antimony in the electrode. For the antimony nanoplatelets we calculated the
volume of an individual antimony nanoplatelet using a regular hexagon with a 100 nm thickness

and 1 pm tip to tip width with the equation

3v/3
——a®h

SbNP = T 3-11
where h is the thickness of the antimony nanoplatelet, a is half of the tip to tip platelet width and
Vspnp 1S the volume of a single nanoplatelet. The Wulff shape of the nanoplatelets does have sloped
sides, however both the volume and surface area provided by the sloped sides are small compared
to the volume and surface area provided by the platelet faces given the order of magnitude

difference between the platelet width and thickness, validating the assumption that the antimony

nanoplatelets are a regular hexagon.”**
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Figure 3-11. Surface area adjusted Sb nanocrystal-based electrode a) sodiation and b) desodiation
diffusion coefficients and Sb nanoplatelet-based electrode c) sodiation and d) desodiation diffusion
coefficients showing quanitatively lower, but qualitatively similar values to the surface area

unadjusted diffusion coefficients.

We assumed the antimony nanocrystals were spherical with a 40 nm diameter when
calculating the volume of an individual nanocrystal. We calculated the volume of an individual

nanocrystal based on the following equation

4
VSbNC = §7TT3 3-12

where r is the nanocrystal radius. Dividing the total antimony volume by the single antimony
nanostructure volume gives the total number of antimony nanoplatelets in the sample

Vsp

NSbNS == 3'13

VSbNS
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where Ng,n 1S the number of nanostructures in the sample and Vg, s is the volume of an individual
nanostructure. Based on the number of nanoplatelets we can calculate the total nanoplatelet surface
area with the following equation:
Ssp = Ngpns(6ah + 3v3a?) 3-14
and the total nanocrystal surface area with the following equation
Ssp = Ngpns(4mr?) 3-15
where S, is the surface area of the unaggregated electrode active material before sodiation. The
surface area of the sodiated NasSh can then be calculated based upon the known expansion in the
a, b and c directions for the antimony nanoplatelets, such that the height increases 2.5 times and
the width increases by 1.3 times giving
Svaysb = Nspns(6 - 1.3a - 2.5h + 3v3(1.3a)?) 3-16
and for the antimony nanocrystals using a volume expansion of 3.9 giving
Snazsb = Nsbns (4ﬂ(§/@7)2) 3-17
where Sy, sp is the surface area of the unaggregated electrode active material after sodiation.%6%°
Inserting these surface areas into equation 3-8 provides the unaggregated surface area for a given
sodiation state. The lower bound for the diffusion coefficients is based on these unaggregated
surface areas (Figure 3-11c-f).

Additionally, the molar volume term V},, in the diffusion coefficient calculation must be
adjusted based upon the sodiation state. For all of the differential capacity cycles observed, some
fraction of the electrode cycles between unsodiated and terminally sodiated to NasSb (Figure 3-4).
Therefore, the molar volume for the diffusion coefficient calculation is the antimony molar volume

at the start of sodiation and end of desodiation and the NasSb molar volume at the end of sodiation
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and the start of desodiation. In between, we assume that expansion occurs linearly across the
sodiation range and modified the molar volume term accordingly such that
Vn = (1 =)V sp + XVin nagsp 3-18

where x is the relative sodiation level such that the maximum sodiation state reached during a
given sodiation or desodiation step is one and the minimum sodiation state reached during a given
sodiation or desodiation step is zero, V,,, s, is the molar volume of antimony (18.18 cm3/mol) and
Vin,nassp 1S the molar volume of NasSb (71.44 cm3/mol).%®%° While the exact molar volume for the
intermediate states may not be accurately modeled with a linear interpolation, the molar volumes
of antimony and NazSb bound the molar volumes of the intermediate states and thus the diffusion
coefficients of antimony and NasSh also bound the intermediate diffusion coefficients.

The large drop-offs in diffusion coefficients at ~0.5 V during sodiation and ~0.75 V during
desodiation occur during two-phase reaction regions as shown in the differential capacity plots
(Figure 3-4, Figure 3-7, and Figure 3-10). Two-phase reactions violate the assumption of Fickian
diffusion that the diffusion coefficient calculations rely upon, resulting in the large observed drop-
off in diffusion coefficient.!® These drop-offs are driven by the phase transformation that occur at
the two-phase interface not drop-offs in the diffusion coefficients. Thus, these regions do not
provide accurate diffusion coefficients via standard GITT analysis. However, these regions are not
kinetically limiting during capacity loss as evidenced by the coulometric titration curves and
therefore are not of primary interest for this study (Figure 3-5 and Figure 3-8). Overall, the
modifications made to the standard diffusion coefficient calculation provide accurately bounded
diffusion coefficients at the low sodiation states that are the primary kinetic source of capacity

losses for both the nanocrystals and nanoplatelets.
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3.4 Electrode Conductivity and Compositional Mapping

Active material morphology affects the composite structure of the electrode, particularly
the heterogeneity and in turn this heterogeneity affects the conductivity (Figure 3-12). The
antimony nanoplatelets have a more heterogenous distribution of chemical components when
compared to the antimony nanocrystals (Figure 3-12a,b). Electrode heterogeneity is driven by
chemical and physical differences in the electrode materials during electrode fabrication.® For the
antimony nanomaterial composites, the same binder and conductive carbon were used in the same
mass fractions. Therefore, the major differences are caused by the active materials.

The nanoplatelets and nanocrystals have substantially different size dispersions and
morphology and are synthesized in different solvent media with different precursors, likely
resulting in substantially different surface chemistry. Each of these material properties can affect
the electrode composite heterogeneity.338711° The antimony nanoplatelets have a larger size
dispersion and are more anisotropic than the antimony nanocrystals. Both an increase active
material size dispersion and anisotropy in the active material have been shown to increase electrode
heterogeneity.®385119 In addition, the surface chemistry can introduce heterogeneity in cases where
it leads to aggregation of the active material during electrode fabrication.®® While the surface
chemistry has not been interrogated for the nanoplatelets and nanocrystals, visual observation of
the electrode fabrication process suggests that less active material aggregation occurs for the
antimony nanocrystals. Therefore, the observed heterogeneity of the nanoplatelet electrode is

driven by the particle size dispersion, anisotropy and surface chemistry.
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Figure 3-12. SEM with EDXS mapping of a) an antimony nanoplatelet-based electrode and b) an
antimony nanocrystal-based electrode, C-AFM mapping of ¢) the antimony nanoplatelet-based
electrode and d) the antimony nanocrystal-based electrode, and an overlay of the C-AFM on the
SEM with EDXS for e) the antimony nanoplatelet-based electrode and f) the antimony
nanocrystal-based electrode after epoxying and microtoming demonstrating strong correlations

between chemical and conducivity heterogenity.

The conductivity of the electrode samples closely aligns with the chemical signatures with
the antimony nanoplatelet-based electrode showing significantly more heterogeneity in its
conductivity map (Figure 3-12c,d). Heterogenous conductivity at the nano and micro scales has
previously been tied to reduced bulk scale performance, since for much of the sample active
material the electron transport pathways to the current collector and ion-diffusion path lengths are

longer than in a homogenously mixed sample.®® Thus, the increased physical and electrical
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heterogeneity of the antimony nanoplatelets relative to the antimony nanocrystals indicates that
the electrode composite morphology leads to reduced performance in the antimony nanoplatelet-

based electrodes.

3.5 Conclusions

In Chapter 3, we use the highly anisotropic antimony nanoplatelets as a model system to
study the impacts of morphology on the electrochemical sodiation nanostructured antimony.
Relative to small, isotropic antimony nanocrystals, the antimony nanoplatelets experience
significantly more strain during cycling, leading to increased crystallization and suppression of
amorphous phases — most notably, suppression of the previously unassigned a-Nas.xSb desodiation
peak that occurs at 0.72 V. In addition, using a high-fidelity galvanostatic intermittent titration
technique we demonstrate that this leads to increased strain-driven kinetic overpotentials above
~0.9 V in the highly anisotropic antimony nanoplatelets that occur immediately upon cycling.
Through this analysis we elucidate that these kinetic hindrances are the source of the previously
observed difficulty in desodiation beyond a-NaSh.*> We also find that for both the antimony
nanocrystals and antimony nanoplatelets, the diffusional overpotential during desodiation at
voltages greater than ~0.9 V correlates strongly with the capacity reductions. These results suggest
that minimizing the diffusional overpotential at voltages greater than ~0.9 V is critical to increasing
both capacity and capacity retention in antimony electrode materials. Furthermore, we find that
the anisotropy and size dispersion of the antimony nanoplatelets leads to unfavorable electrode
heterogeneity that also negatively impacts performance. Therefore, controlling the morphology of

antimony-based active materials is critical to obtaining high performance both on an individual
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particle level and on an electrode composite level, with decreased anisotropy driving increased

performance at both levels.
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Chapter 4: In Situ XRD of Antimony Na-lon Battery Electrodes After

Extended Cycling

4.1 Introduction

In Chapter 4, we use in situ XRD to identify a previously unidentified peak that occurs at
~0.93 V in the differential capacity data for both anisotropic nanoplatelets and isotropic
nanocrystals after extended cycling (Figure 3-1 and Figure 3-2). Previous antimony related phase
identification efforts have focused primarily on the first few cycles, which occur before this peak
forms and so have not interrogated samples where the electrochemical event that leads to the peak
is present.384244 In situ XRD measurements combined with recent calculations in the literature,
suggest that the ~0.93 V peak can be attributed to the desodiation of crystalline NaSb, which
becomes increasingly prominent upon extended cycling.** Crystalline NaSb is a

thermodynamically favorable, but largely undiscussed source of capacity in antimony electrodes.

4.2 Experimental Methods
4.2.1 Materials.

Propylene carbonate (99.7%), sodium metal (>99.99%, dry cubes, ACS Specification),
sodium carboxymethyl cellulose (CMC) (Mw ~90,000), toluene (anhydrous, 99.8%), and
triphenylantimony (=99.0%) were purchased from Sigma Aldrich. Sodium perchlorate (=98%)
was purchased from Fisher Scientific. Fluoroethylene carbonate (>98%) was purchased from TCI
America. Carbon black (Vulcan XC72R) was purchased from Cabot Corporation and stored in a
vacuum oven at 80°C. Aluminum foil (99%, 4-um-thickness) was purchased from Lebow

Company. All reagents were used as received without further purification.
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4.2.2 Supercritical-Fluid-Based Synthesis of Nanostructured Antimony.

In a typical synthesis, a stock solution of triphenylantimony (5 g) dissolved in anhydrous
toluene (10 mL) was prepared in an inert-atmosphere nitrogen glove box. A nitrogen-filled,
continuous-flow-through supercritical reactor with a 10 mL internal volume was heated to 425°C
and pressurized to 900 psig with anhydrous toluene (See Ref. 67 for further details of the
supercritical reactor system).®” The triphenylantimony stock solution (720 pL, 1.42 M) was diluted
in 11.3 mL of anhydrous toluene, drawn into a syringe, and subsequently loaded into a 10-mL
injection coil leading to the reactor inlet. The triphenylantimony precursor solution was then
injected into the reactor at a rate of 0.5 mL/min for 20 min at 425°C and 900 psig. After completion
of the reaction, the reactor was cooled to room temperature, and the product was collected and
stored under ambient conditions.

4.2.3 Electrode Fabrication, Coin Cell Assembly, and Electrochemical Testing.

Electrodes were fabricated with a 64:21:15 mass ratio of antimony:carbon-
black:carboxymethylcellulose. Using standard electrode fabrication procedures, the antimony
active material, conductive carbon, and polymeric binder were combined in the above mass ratio
and mixed into a slurry with deionized water using a mortar and pestle.'61"88 |n 3 typical
fabrication, 150 mg of antimony, 49 mg of carbon black, 0.52 mL of CMC in deionized water
(0.067 g/mL), and 0.4 mL of additional deionized water were mixed. The volume of deionized
water added was adjusted as needed to achieve the desired slurry concentration. The slurry was
then doctor-bladed (38 um thickness) onto a copper foil current collector (aluminum foil for in situ
XRD experiments) and dried on a hot plate at 80°C in air until no observable moisture was present.

Electrodes were further dried in a vacuum oven (80°C, less than 15 mbar) and stored until ready
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for use. 15-mm-diameter electrodes were punched out and stored in the vacuum oven (80°C, less
than 15 mbar) as needed. CR2032-type coin cells were assembled into half cells in an argon-filled
glovebox using elemental sodium metal as the positive electrode, a glass fiber separator (Whatman,
grade gf/f), and 1.0 M NaClOs in an electrolyte solution of 90% wi/v propylene carbonate and 10%
wi/v fluoroethylene carbonate. Electrochemical testing was performed with a MACCOR Series
4000M 64-Channel Automated Battery Test System using a 1C cycling rate that corresponds to a
current density of 660 mA g*. In situ XRD patterns were collected with a Bruker D8 Advance
diffractometer with a Lynxeye X-ET detector using Cu Ka radiation while the in situ cell was
cycled with a Princeton Applied Research VersaSTAT 4 at a 1C rate. Gravimetric capacities were
calculated based on the weight of the active material.
4.2.4 Materials Characterization.

The crystal structures of Sb, NaSb, and NasSb were modeled using VESTA software along
with crystallographic data from the American Mineralogist Crystal Structure Database. 6-68:69.99.120
The crystal habit models were generated using the Great Stella software package and VESTA,

again with crystallographic data from the American Mineralogist Crystal Structure Database. 5668

70,99,120

4.3 Results and Discussion
4.3.1 In Situ XRD of Antimony Na-lon Battery Electrodes after Extended Cycling.

In situ XRD measurements for observations of phase transformations in antimony electrode
materials have typically focused on the first few cycles, thus precluding any analysis of the
observed electrochemical feature that occurs at 0.93 V after extended cycling. Here we carry out

in situ XRD measurements after repeated cycling of the antimony electrodes in order to maximize
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the intensity of the suspected crystalline two-phase transition at 0.93 V. For in situ measurements,
both nanoplatelet- and nanocrystal-based composite electrodes were cast onto a 4-pum-thick
aluminum foil current collector (in order to maximize X-ray transparency), assembled into an in
situ half cell (LRCS in situ cell, beryllium window, provided by Bruker), and cycled repeatedly at
a rate of 1C, until the electrochemical feature previously observed at 0.93 V was predominant.
With the thin aluminum current collector and the in situ cell configuration, the electrodes degraded
substantially faster than in the CR2032 coin cells where the 0.93 V peak was very prominent by
cycle 40 for the antimony nanoplatelets and cycle 200 for the antimony nanocrystals (Figure 3-1
and Figure 3-2). In contrast, for the in situ cell configuration, 0.93 V feature in the differential
capacity plot dominated after only 10 cycles (Figure 4-2c,d). In addition, all of the desodiation
reactions are shifted to slightly higher potentials due to the increased cell resistance of the in situ
half-cell configuration, with the reaction of interest at ~0.97 V (Figure 4-2d).

After aging the cells for 10 cycles, the in situ XRD analysis was carried out by holding the
voltage at 0.02 V until the current declined by approximately an order of magnitude (~10 minutes),
followed by collecting in situ XRD data for ~2 hours, and then repeating for additional voltage
holds at 0.93 V and 1.5 V (Figure 4-1). Holds at 0.02 V and 1.5 V were selected in order to
maximize signal from the c-NasSb and c-Sb phases present in the cell, respectively, while the hold
at 0.93 V was selected in order to maximize desodiation of the c-NazSb phase (thus decreasing its
XRD signal), while preserving the phase associated with the unidentified desodiation peak (which
is shifted to a slightly higher potential for the in situ cell configuration, as discussed above).
Although it proved exceedingly difficult to make definitive XRD peak assignments for electrodes
fabricated from the spherical antimony nanocrystals due to the small grain size of the active

material, the micrometer-scale lateral dimensions of the platelets proved significantly
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advantageous with respect to acquiring interpretable in situ XRD signal. Consequently, the
analysis that follows centers entirely on in situ XRD experiments carried out on Na-ion battery

alloying electrodes fabricated from the highly anisotropic antimony nanoplatelets (Figure 4-1).
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Figure 4-1. (a) In situ XRD measurements of antimony nanoplatelets, collected after 10 aging
cycles at 1C, at desodiation potentials of 0.02 V, 0.93 V, and 1.5 V, tracking changes in the peaks
associated with NasSb and NaSb as a function of desodiation. (b) Differential desodiation capacity
during cycle 10, illustrating the state of the electrochemical cell during each voltage hold, and (c,d)

detailed views of the in situ XRD peaks that correspond to changes in the NazSb and NaSb content
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of the electrode (NasSb PDF#: 03-065-3523, NaSb PDF#: 01-074-0801, Sb PDF#: 00-035-

0732).72,99,120

Although numerous components present within the in situ experimental setup confound
large portions of the in situ XRD pattern at high angles (Figure 4-2), features in the 17.5° to 24.5°
20 region remain largely unperturbed. In particular, diffraction peaks at 18.6°, 19.1°, 21.3°, and
24.2° are clearly visible (Figure 4-1), with minimal interference from the components of the in situ
setup (Figure 4-2). While the diffraction peak at 18.6° can be unambiguously attributed to
reflections from the (002) planes of P6s/mmc c-NasSh (PDF#: 03-065-3523), the diffraction peak
at 24.2° can only be assigned to the (111) reflections from P21/c c-NaSb (PDF#: 01-074-0801),
clearly indicating that c-NaSb is also present, as no other cell components have reflections at this
position.®120 Interestingly, this peak does not change in strength substantially during cycling. This
indicates that a significant fraction of the c-NaSb does not desodiate during cycling. c-NaSb has
not been previously observed to form during early stable cycling of antimony active materials,
because the crystallization from a-NaSb to c-NaSh is kinetically slow.3®*® The lack of desodiation
from a significant fraction of the c-NaSb for the antimony nanoplatelet active material indicates
that active material is electrochemically isolated. This suggests that a significant fraction of the c-
NaSb is forming when a-NaSb becomes electrochemically isolated during degradation in the cell
and therefore has time to crystallize to c-NaSbh. The remaining peaks at 19.1° and 21.3° correspond
to overlapping signals from c-NasSb (100) reflections convoluted with c-NaSb (111) reflections
and c-NasSbh (101) reflections convoluted with c-NaSb (012) and (112) reflections, respectively,

with the c-NaSb diffraction peaks occurring at slightly higher angles.
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Figure 4-2. (a) Full in situ XRD patterns of antimony nanoplatelet electrodes (along with signal
from the Al current collector and Be windows), collected after 10 aging cycles at 1C (shown in
panels ¢ and d), at desodiation potentials of 0.02 V, 0.93 V, and 1.5 V, along with (b) qualitative
fits of the XRD peak at 21.3° (c) the cycling profile of the electrode prior to in situ XRD
measurement along with (d) the corresponding differential capacity curves ensuring predominance
of the 0.97 V electrochemical cycling feature, and (e) baseline fits used for the model (Be PDF#:
01-071-0257, Al PDF#: 00-004-0787, NasSb PDF#: 03-065-3523, Sb PDF#: 00-035-

0732).72,99,121,122

A simple inspection of the observed changes in peak intensity and peak position in Figure

4-1 reveal a consistent set of trends as the electrode is desodiated. At the 0.02 V hold (following
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the numerous 1C aging cycles), the electrode is in its maximally sodiated state, corresponding to
a maximum in c-NasSb diffraction signal (Figure 4-1, violet curve), with the peaks at 19.0° and
21.3° clearly positioned at lower 260 angles. As the c-NasSb domains are gradually desodiated
during the hold at 0.93 V, the c-NasSb contribution to the diffraction peaks at 19.0° and 21.3°
decreases (Figure 4-1, pink curve), causing the diffraction peaks to shift toward the c-NaSb
reflection positions at slightly higher angles. Finally, the hold at 1.50 V results in the desodiation
of both phases (Figure 4-1, light pink curve), resulting in commensurate intensity decreases from
each of the phases. Overall, these shifts suggest that a fraction of the c-NaSb desodiates during
cycling. This contrasts with the observed stability of the unconvoluted (111) c-NaSb peak at 24.2°.
The peak intensities of the 19.0°, 21.3° and 24.2° c-NaSb peaks are 0.8, 1 and 0.5 respectively
based upon the P21/c c-NaSb (PDF#: 01-074-0801) pattern. The in-situ XRD cell set-up
significantly attenuates peaks for all of the observed chemical species and so higher intensity peaks
provide significantly more information. Therefore, the 19.0° and 21.3° peaks capture more
information about the c-NaSb phase than the 24.2°. Thus, even though the 24.2° peak stays
constant during cycling, the subtle shifts in the 19.0° and 21.3° peak maxima still suggest that a
small fraction of the c-NaSb is desodiating during extended cycling.

In addition to the qualitative analysis of the observed peak shifts, we also performed a
deconvolution of the peak near 21.3° 26, which consists of both NasSbh and NaSb components.
After stripping ka2 radiation from the XRD data, the signal from the blank in situ cell was
subtracted from the signal collected at the 0.02 V, 0.93 V, and 1.5 V potentials. For each of the

XRD curves, a baseline was constructed using normalized Gaussian functions

1
G(26) = ——=e~(20-w*/(25%) 4-1
(26) ov2m
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where ¢ is the root-mean-square width of the Gaussian, and u represents the center of the Gaussian
(Figure 4-2). After smooth baselines were established, Pseudo-Voigt functions were used to model
the NasSb (21.2634°, PDF#: 03-065-3523) and the NaSb (21.3029°, PDF#: 01-074-0801) peaks
in the fitted region (Figure 4-2). The pseudo-Voigt function, V(26), is a weighted sum of

Lorentzian and Gaussian functions, where the Lorentzian function is given by

1
1 511
L(26) = — -

T (26 — 26,)2 + (1)

> 4-2

where I is the full width at half maximum (FWHM) of the Lorentzian, 26, is the center of the
peak, and

V(268) = A((1 —1n) G(26) +nL(26)) 4-3
where A is the peak amplitude and n is a weighting factor ranging from 0 to 1 that defines the
relative contributions of the Gaussian and Lorentzian functions. We note that, it is helpful to
constrain 7 via the following equation when fitting XRD data, as it is more representative of the
physical nature of the system, since I', and I'; are rooted in physical parameters such as particle

size, while n and T are non-physical in nature. Thus 7 is given by?31

n = 136603 (/) - 0.47719 (FL/F)2 +0.11116 (FL/F)3 4-4

where I is the full width at half maximum for the pseudo-Voigt, which can be approximated by

['=0.5346I + \/0.2166FL2 + T2 4-5

and I is the full width at half maximum for the Gaussian, which is related to the root-mean-square

width of the Gaussian as follows

I, = 204/2In(2) 4-6
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The fit of the peak in the region of 21.3° further validates the qualitative observations indicating
the presence of crystalline NaSh and the cycling scheme proposed in Figure 4-1 and Figure 4-2.

Overall, the in situ XRD data strongly suggests that the desodiation peak observed in the
total differential capacity plots at 0.93 V in our antimony half-cells (Figure 3-1 and Figure 3-2)
can be attributed to increased desodiation from crystalline NaSb after extended cycling. In contrast
to previous observations focused on early cycling, both the sharpness and the location of the peak
at 0.93 V are suggestive of a well-defined two-phase transition from c-NaSh.*® Notably, the
desodiation of a-NaSb has been reported in the literature to occur at a potential of 0.88 V, directly
before the observed 0.93 V desodiation peak.'®42°! The relative position of the observed sharp
two-phase transition at a potential slightly higher than the desodiation of the amorphous phase is
further suggestive that the 0.93 V peak corresponds to the desodiation of c-NaSh.*

To our knowledge, the impact of the suggested c-NaSb desodiation after extended cycling
has not been previously discussed, likely due to the focus of previous in situ experiments on early
cycles. However, despite the structural rearrangements necessary for the crystallization of NaSb,
its role would not necessarily be unexpected from a thermodynamic point of view. In addition to
being the only thermodynamically stable crystalline phase between Sbh and NasSb,'?® on a per
sodium basis, c-NaSb represents a global thermodynamic minimum among the stable sodium
antimonide binary alloys (Table 4-1).** Therefore, during initial cycling, sodiation proceeds
through amorphous intermediates to the fully sodiated, terminal c-NasSb phase. However, as the
cell degrades toward capacities commensurate with 1:1 Na:Sb (~220 mAh g?), we posit that
sodiation to c-NaSb becomes favored due to the stabilization afforded by the c-NaSbh phase. We
also note that increased strain in the nanoplatelets may lead to a more rapid transition to c-NaSh

as a dominant terminal sodiation state relative to the isotropic antimony nanocrystals. Nonetheless,
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the observed two-phase desodiation reaction at 0.93 V and the associated in situ XRD
measurements presented in Figure 4-2, combined with previous calculations in the literature,
strongly suggest that crystalline NaSb plays an important, and currently underappreciated, role in

the electrochemical characteristics of antimony-based alloying electrodes after extended cycling.*?

Table 4-1. Heats of reaction (reproduced from Caputo et al.) for the thermodynamically stable

alloys of sodium and antimony present in the binary phase diagram at room temperaturg*31%

Sb (R3m) NaSb (P21/c) NasSb (P63s/mmc)

Enthalpy of reaction
(kJ/mol of Na) from 0 -715.17 -59.69
elemental Na and Sb

4.4 Conclusions

The emergence of a previously unidentified desodiation reaction that appears at 0.93 V
after extended cycling occurs during antimony nanomaterial cycling. In situ XRD measurements
carried out on antimony alloying electrodes after extended cycling associate the emergence of this
electrochemical feature with the presence of crystalline NaSb. We note that the micrometer-scale
lateral dimensions of the nanoplatelets enable the collection of interpretable in situ XRD signal
relative to the nanometer-scale dimensions of the nanocrystals. Overall, these observations, in
conjunction with previous thermodynamic calculations in the literature, lead us to attribute this
electrochemical reaction to the desodiation of crystalline NaSb — a thermodynamically favorable,
but largely undiscussed source of capacity in antimony electrodes — demonstrating that crystalline
NaShb plays an increasingly important role in antimony-based Na-ion battery alloying electrodes

after extended cycling.
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Chapter 5: Temperture-Dependent Electrochemical Characteristics of

Antimony Nanocrystals

5.1 Introduction

In this chapter, we investigate the temperature-dependence of the sodiation/desodiation of
antimony nanocrystal composite electrodes. Long-term cycling data illustrating the variations in
capacity for an antimony nanocrystal composite electrode being cycled in a laboratory
environment without temperature control, along with the corresponding ambient temperatures
recorded at Seattle-Tacoma International airport, which is approximately 15 miles from the
University of Washington lab where the battery was tested are pictured in Figure 5-1. Battery
testing was carried out during a period where large day-night temperature swings (~20°C)
occurred, which resulted in large temperature-correlated oscillations in the recorded electrode
capacity. These observations demonstrate that developing a detailed understanding of the
temperature-dependence of antimony nanocrystal composite electrodes is critical for their

potential implementation in real-world energy-intensive, high-power applications.
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Figure 5-1. Variations in capacity and Coulombic efficiency for antimony nanocrystal conversion
electrodes cycled in a lab without temperature control, correlated with the recorded temperature
variations measured at Seattle Tacoma International Airport over the cycling period from May 25,

2017 through June 2, 2017.1%¢

5.1.1 Mechansims leading to Temperature-Dependent Battery Performance

Temperature can strongly affect battery performance (Figure 5-1) via a variety of
mechanisms, including irreversible phenomena such as metallic deposition, and reversible
phenomena such as increased charge transfer resistance, increased solid-electrolyte interphase
(SEI) layer resistance, or decreased liquid- or solid-state sodium diffusion rates at lower
temperatures.’?’ 131 At low temperatures, the working ion can irreversibly deposit onto the
electrode due to increased concentration polarization.*?” These metallic deposits of the working
ion also increase the SEI layer thickness with each subsequent cycle, leading to increased cell
resistance and lower performance. Since metallic deposition of the working ion at low temperature

and the subsequent SEI layer growth that results directly from the metallic deposition are primarily
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irreversible processes, these particular sources of capacity loss cannot be recovered when the
electrode is returned to higher temperatures.'?’

In alloying electrodes, increased interfacial resistance leading to a reversible capacity
reduction at low temperatures typically occurs in two forms: increased charge transfer resistance
across the electrolyte-SEI layer interface or increased charge transfer resistance across the SEI
layer-electrode interface.'®132 In general, reversible capacity loss occurs due to increased
overpotentials that stem from reversible chemical or physical traits of the battery materials. Once
the operating conditions move away from the environment that caused the additional overpotential,
the capacity returns. The increase in interfacial resistance at low temperature can be lessened by
changing the electrolyte composition, via modifications to the solvent, ionic species, or electrolyte
additives. Alterations to the electrolyte composition also change the chemical and physical
properties of the SEI layer, because the SEI layer forms from electrolyte decomposition products.
Therefore, these chemical and physical property changes in the electrolyte and SEI layer impact
the charge transfer resistance at both the electrolyte-SEI layer interface and the SEI layer-electrode
interface.

Impaired diffusion of the working ion through the liquid electrolyte can also be a potential
source of capacity loss. However, electrolyte formulations have been explored extensively, and
most major electrolytes have established Li-ion/Na-ion temperature operation ranges where they
do not contribute to a significant loss of capacity.*?® In this study, propylene carbonate was used
as the primary electrolyte solvent, as it has been demonstrated to have negligible deleterious impact
on capacity at temperatures as low as 0°C.*** Moreover, addition of fluoroethylene carbonate, an

electrolyte additive used in this study, has been shown to improve cycling performance at
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temperatures below 0°C.13135 As such, impaired diffusion of the working ion through the
electrolyte is not expected to be limiting in this system.

In addition, reductions in the solid-state diffusion coefficient can also reversibly limit
capacity at low temperature, making it more difficult to reach full sodiation for a given particle
size.128.131 This effect can be significant relative to changes in the other components that affect cell
performance. Smaller particle sizes can be employed in order to reduce the solid-state-diffusion
path length in cases where solid-state diffusion is limiting.*?® Understanding the fundamental
mechanisms of capacity reduction for a given chemistry is important due to the varied strategies
that can be used to mitigate the different underlying sources of capacity loss.

5.1.2 Drivers for the Temperature-Dependent Performance of Antimony Nanocrystal-
based Electrodes

As discussed in detail below, differential capacity measurements and electrochemical
impedance spectroscopy indicate that SEI layer-electrode charge transfer resistance is the primary
driver for the ~100 mAh g* (~20%) capacity reduction as the operating temperature is reduced
from 50 to 5°C for this particular antimony nanocrystal electrode architecture. The increase in SEI
layer-electrode charge transfer resistance at low temperatures is shown to be primarily driven by
an increased energetic barrier toward transport of the Na ions across the SEI layer-electrode
interface. These results suggest that strategies targeted toward modification of the SEI layer
composition could potentially lead to increased low-temperature electrode capacity for this

particular class of antimony nanocrystal composite electrode.
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5.2 Experimental Details
5.2.1 Materials.

N-Methyl-2-pyrrolidone (NMP) (anhydrous, 99.5%), antimony trichloride (>99.0%),
fluoroethylene carbonate (99%), propylene carbonate (99.7%), sodium metal (>99.99%, dry cubes,
ACS Specification), sodium borohydride (99.99%), and sodium carboxymethyl cellulose (CMC)
(Mw ~90,000), were purchased from Sigma Aldrich. Sodium perchlorate (>98%) was purchased
from Fisher Scientific. Carbon black (Vulcan XC72R) was purchased from Cabot Corporation and
stored in a vacuum oven at 80°C. Copper foil (>99.99%, 9-um thickness) was purchased from MTI
Corporation. All reagents were used as received without further purification.

5.2.2 Antimony Nanocrystal Synthesis.

Antimony nanocrystals (Sb NCs) were synthesized using a modified version of the
procedure by Walter et al. with an added methanol cleaning step, used to remove residual NaCl
byproduct from the material.}” Sodium borohydride (48 mmol) in NMP (51 mL) was heated to
60°C under nitrogen in a 250-mL three-neck flask. Antimony trichloride (12 mmol) dissolved in
NMP (9 mL) was rapidly injected into the flask. The flask was immediately cooled to room
temperature using an ice bath. The contents of the flask were collected and centrifuged at 7440
RCF for 4 minutes. After centrifugation, the precipitated nanocrystals were isolated by decanting
the supernatant. The Sb NCs were then washed with deionized water (~30 mL) three times in a
vacuum flask. The product was dried overnight under vacuum and stored in a nitrogen glovebox.
If visible sodium chloride was present, the nanocrystals were further purified by suspension into
20 mL of clean methanol, followed by decantation of the supernatant after nanocrystal
sedimentation. This cleaning process was repeated, as necessary, until the material was free of

visible NaCl byproduct.
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5.2.3 Electrode Fabrication, Coin Cell Assembly, and Electrochemical Testing.

Composite electrodes were fabricated using a 64:21:15 mass ratio of antimony:carbon-
black/carboxymethylcellulose. Using standard Sb electrode fabrication procedures, the above
electrode materials were formed into a slurry and mechanically mixed using a mortar and
pestle.t6:17:8889 A typical fabrication involved mixing 150 mg of antimony and 49 mg of carbon
black with 0.52 mL of CMC in deionized water (0.067 g/mL), followed by dilution with an
additional 0.4 mL of deionized water. Note that the amount of deionized water added was adjusted
in order to achieve the visually desired slurry concentration based on ambient conditions. The
slurry was then doctor-bladed onto a copper foil current collector at a thickness of 38 pm.
Electrodes were cut out of the copper sheet and dried in air on a hot plate at 80°C until no visible
moisture was present (typically ~5 min). The electrodes were then transferred to a vacuum oven
and stored at 80°C and a pressure of less than 15 mbar until ready for punching. 15-mm-diameter
electrodes were then punched out and stored in an argon glovebox for further use. CR2032-type
coin cells were assembled in the argon glovebox using 1 M NaClOa in an electrolyte solution of
90% wi/v propylene carbonate and 10% wi/v fluoroethylene carbonate, an elemental sodium metal
positive electrode, and a glass-fiber separator (Whatman, grade gf/f). Electrochemical testing was
performed on the assembled coin cells, as described below. Capacities were normalized versus the
weight of the active material.

5.2.4 Materials Characterization.

Transmission electron microscopy (TEM) images were captured at an accelerating voltage
of 200 kV with a FEI Tecnai G2 F20 Supertwin TEM. X-ray diffraction (XRD) patterns were
collected with a IuS 2-D XRD detector system on a Bruker D8 Discover diffractometer and

subsequently analyzed with the EVA and Jade softwares. Scanning electron microscopy (SEM)
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images were captured at 5 kV using an FEI XL830 Dual Beam FIB/SEM. Electrochemical cycling
data was collected using a 64-channel MACCOR Series 4000M Automated Battery Test System
along with a MACCOR temperature chamber. Electrochemical Impedance Spectroscopy (EIS)
was carried out over a frequency range spanning from 0.1 Hz to 100,000 Hz using an Autolab
PGSTAT128N potentiostat/galvanostat with a frequency response analyzer module (Autolab
FRA32) and a MACCOR Temperature Chamber (MTC-020 Chamber). The differential capacity
and EIS data were collected on the same battery. Capacity and differential capacity were collected
with the cell cycled at a 1C rate throughout the temperature range. When the temperature was
changed, it was adjusted at a rate of 1°C per minute between cycles. During these temperature
changes the cell was rested. After differential capacity testing, EIS was then performed. Cells were
charged or discharged at a C/10 rate until the desired voltage for the EIS measurement was reached,
and then the cell was subjected to a constant-potential hold at that desired voltage for two hours.
The cells were then subjected to an additional two-hour rest so that equilibrium at open-circuit

could be achieved for the EIS measurement.

5.3 Results and Discussion
5.3.1 Antimony Nanocrystal Characterization

Antimony nanocrystals were synthesized via a modified version of the procedure
developed by Walter et al. (Figure 5-2).} The macroscale product consists of aggregated
nanocrystals of rhombohedral (R3m) antimony (PDF #00-035-0732) with an average diameter of
~40 nm based on a Rietveld refinement of the XRD data (Figure 5-2c). Notably, while highly
monodisperse antimony nanocrystal syntheses have also been developed,® the procedure of

Walter et al. enables low-cost, large-scale nanocrystal production with much higher product yields.
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While the resulting nanocrystal product tends to be less monodisperse and more aggregated than
small-scale precision syntheses, the electrochemical cycling characteristics remain equivalent,
cycling reversibly with no significant change in Na-ion battery performance for nanocrystals with

diameters between 20 and 100 nm. 1617

ottty

20 40 60 80 100

Figure 5-2. a) Scanning electron microscopy (SEM), b) transmission electron microscopy (TEM),

and c¢) X-ray diffraction (XRD) of the as-synthesized antimony nanocrystal active material.

5.3.2 Capacity and Differential Capacity

Figure 5-3 shows temperature-dependent capacity and differential capacity data as an
antimony nanocrystal composite electrode is cycled repeatedly within a voltage window of 1.5 to
0.02 V. A temperature of 50°C was chosen as the upper limit as there is known risk of battery
damage and fire at temperatures above 60°C.*® As can be seen in Figure 5-3a, the capacity of the
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antimony nanocrystal electrode decreases by ~100 mAh g (~20%) as the temperature is decreased
from 50 to 5°C. Importantly, the electrode capacity consistently returns to its initial ~500 mAh g
! capacity at 20°C irrespective of its temperature-dependent cycling history or whether it is
returning from high or low temperature, indicating that the temperature-dependent capacity
changes are primarily reversible within this set of cycling parameters. As such, primarily
irreversible sources of capacity loss — such as the metallic deposition of the working ion at low
temperature and the associated additional solid-electrolyte interphase (SEI) layer formation that
would result directly from the metallic deposition — are not the primary cause for the changes in

the capacity of the antimony nanocrystal-based composite electrodes with temperature.'?’
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Figure 5-3. (a) Temperature-dependent gravimetric capacity and Coulombic efficiency, along
with (b) temperature-dependent differential capacity plots (cycling history shown in the inset) of
antimony nanocrystal-based Na-ion battery negative electrodes, cycled at a rate of 1C in 1 M

NaClO4 90% propylene carbonate / 10% fluoroethylene carbonate electrolyte.
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Moreover, as can be seen in the differential capacity plots shown in Figure 5-3b, a
significant shift in sodiation and desodiation voltages is observed, with higher operating
temperatures resulting in smaller overpotentials during both sodiation and desodiation, as would
be expected. For the terminal desodiation peak, a shift of ~100 mV is observed from 0.86 V at 5°C
to 0.76 V at 50°C. According to the Nernst equation

AG° = —nFE 5-1
where AG° is the Gibbs energy of an electrochemical reaction, n is the number of electrons in the
reaction, F is the Faraday constant, and E is the electrochemical potential for the reaction in
question, the terminal desodiation reaction, c-NasSb — a-Nai.7Sb, decreases in energy by 12.5
kJ/mol as the operating temperature is changed from 5 to 50°C, representing a 12% decrease in
the energy for that reaction.*>1% Furthermore, the voltage shifts in the peaks are reversible, again
indicating that metallic deposition leading to increased SEI layer formation is not a source of
capacity loss over this temperature range. In addition, the rightmost peak during desodiation,
associated with the desodiation of c-NaSb, as established in Chapter 4 (~1.0 V at 5°C) also
decreases in area as temperature increases.

5.3.3 Temperature-dependent SEI Layer Formation during Cycling

The antimony nanocrystal-based electrodes exhibit an increased degree of SEI layer
formation as the cycling temperature is increased (Figure 5-4). The increased SEI layer formation
is substantially more pronounced at 50°C than at 5 and 20°C, particularly when compared to the
uncycled electrode. At high temperatures, increased SEI layer formation is favored because more
thermal energy is available to drive the side reactions that result in SEI layer formation.'*” The
observed build-up of the SEI layer at 50°C also indicates that SEI layer formation is more favored

than the reverse SEI layer dissolution reaction, thus resulting in a lowered coulombic efficiency at
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50°C, because a significant fraction of the increased SEI layer formation consists of irreversible
reactions that only provide capacity during sodiation (Figure 5-4a). Nonetheless, within the
parameter space investigated, this increased SEI layer formation does not outweigh the benefits to

capacity of increasing temperature.

Figure 5-4. Postmortem SEM images of antimony nanocrystal-based electrodes a) before cycling,

and (b-d) after cycling at b) 5°C, ¢) 20°C, and d) 50°C for 10 cycles at a rate of 1C.

5.3.4 Studying Temperture-Dependent Performance via Electrochemical Impedance
Spectroscopy
Electrochemical impedance spectroscopy (EIS) is a powerful tool that can provide further
insight into the fundamental drivers of the temperature-dependent capacity (Figure 5-3). In EIS an
oscillatory current signal is applied to an electrochemical cell, and the output response is analyzed

using an equivalent circuit model that can help to illuminate which specific processes in the
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electrode are leading to changes in performance with temperature.l3° A two-electrode
configuration was used for the EIS measurements in this study due to the safety risks associated
with including a third reference electrode.**® The voltages selected for EIS testing were chosen
based upon the major reaction voltages for antimony sodiation and desodiation,?83842:44.82

The EIS responses were observed to vary monotonically across the voltage window at each
of the tested temperatures (Figure 5-5 and Figure 5-6). Consequently, the EIS parameters for
modeling the intermediate potentials fall between the parameters determined for the terminal
voltages. In addition, the impedances were found to decrease at all voltages as the temperature was
increased, indicating that the electrochemical processes have reduced opposition to current flow

at high temperature.
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Figure 5-5. (a) Nyquist plots collected at 20°C, over a frequency range spanning from 0.1 Hz to

100,000 Hz, (b) a cartoon illustrating the characteristic impact of SEI contributions to the
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impedance spectra, and (c) a magnified version of the high-frequency region for the terminal
sodiation states at 0.02 V and 1.5 V, and several intermediate potentials (0.42, 0.54, and 0.71 V

for sodiation and 0.71, 0.80, and 0.88 V for desodiation)

The temperature-dependent EIS data for electrodes cycled at 5, 35, and 50°C are shown in

Figure 5-6 below, varying monotonically across the voltage range investigated, as seen for the

room-temperature 20°C measurements (Figure 5-5).
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Figure 5-6. Temperature-dependent Nyquist plots collected over a frequency range spanning from

0.1 Hz to 100,000 Hz at (a) 5°C, (b) 35°C, and (c) 50°C for the terminal sodiation states at 0.02 VV
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and 1.5V, and several intermediate potentials (0.42 V, 0.54 V, and 0.71 V for sodiation and 0.71

V, 0.80 V, and 0.88 V for desodiation).

The EIS data for the antimony nanocrystal electrodes shown in Figure 5-5 and Figure 5-6
can be modeled using a modified Randle’s circuit (Figure 5-7), where R.; is the cell resistance,
R, is the charge transfer resistance, and nonidealities are accounted for by replacing both the
double-layer capacitance, C,;, and the Warburg element, W, with constant phase elements (CPEs).
For a half-cell, if film (SEI layer) resistance is a significant component of the overall impedance,
a second semicircle occurs at high frequency (in the range of 1 x 10 to 2 x 10% Hz, depending on
system design and materials), and an additional RC circuit needs to be included in the
model 132141142 |n cases for which the SEI layer is a major component of the semicircle that appears
in the Nyquist plots, the semicircle tends to be relatively insensitive to voltage.*? For the antimony
nanocrystal-based electrodes, the semicircle in the Nyquist plot is dependent on voltage at all of
the temperatures, with a particularly strong dependence at 5 and 20°C, providing initial indication
that the SEI layer is unlikely to be a major component of the overall impedance (Figure 5-5 and
Figure 5-6). Visual examination of the high frequency domain does show a slight change in slope
at ~2 x 10° Hz that could be indicative of minor SEI layer contributions to the impedance (Figure
5-5b); however, the addition of a SEl-layer RC circuit to the Modified Randle’s Circuit did not
improve the model fits to any appreciable degree that would justify including it in the
model 129130132 Notably, the temperature-dependent EIS of symmetric Na/Na cells has been
previously studied from -10 to 25°C, spanning the frequency range of our study, providing insight
into how the sodium counter electrode responds with temperature.'*® In these studies, the response

of the Na/Na symmetric cell did not exhibit a large Warburg tail at low frequency and exhibited a
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less depressed semicircle (see discussion below) for the kinetically controlled region. This suggests
that the characteristic features in our EIS data can be attributed primarily to the antimony

nanocrystal-based electrode rather than the sodium electrode.

Figure 5-7. (a) Randle’s Circuit and (b) the modified Randle’s Circuit used to model the
electrochemical cycling characteristics of antimony nanocrystal negative electrodes. Wiring

diagrams were generated using Ciruit Diagram software.

As mentioned above, in our modified Randle’s circuit, the double-layer capacitance, Cy;,
is replaced with a constant phase element, CPE;, because the double-layer capacitance and charge
transfer resistance cannot be fit with an ideal semi-circle in the observed Nyquist plots (Figure
5-5). The double-layer impedance, Z;, of the standard double-layer capacitance in the unmodified

Randle’s Circuit is represented by the following equation

1
Ly = 5-2
al i(l)Cdl

where w is the angular frequency of the AC input signal and C, is the double-layer capacitance.**
C4 has a characteristic time constant associated with it, and the double-layer impedance of the

CPE4 component is represented by the following equation

1

7. =
47 (iw)CPEaLPCPEy,

5-3
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where CPE, r represents the phase-angle-dependent double-layer capacitance and CPEg; p
modifies the phase angle.'** When CPE,;, p is set to 1, Equations 5-2 and 5-3 are equivalent, with
an ideal semicircle in the Nyquist plot across the frequency range. As CPEy, » deviates from 1, the
semicircle of the RC circuit is gradually flattened by shifting the center of the circle below the
abscissa of the Nyquist plot, while maintaining the same radius from the origin, as shown by the
following equation
6 =(1—CPEyp) x90° 5-4

where 6 is the angle, in degrees, at which the center of the circle shifts below the abscissa.* In
the literature, there are a variety of proposed physical explanations for the nonideality of the
semicircular component of the Nyquist plot, all relating to inhomogeneity of the electrode, where
each inhomogeneous piece necessitates the inclusion of a new RC circuit.1* Since the antimony
nanocrystals used in this study have a significant size dispersion, as discussed by Walter et al., this
likely leads to the inhomogeneity in the electrode that in turn leads to nonidealities in the double-
layer capacitance, thus requiring modification of the model with a constant phase element.!’
Importantly, despite these nonidealities, CPEy; 1 is still associated with the time constant of the
double-layer, just like Cy;.

In addition, the Warburg element of the Randle’s circuit is also replaced with a constant
phase element, denoted as CPEy, in our modified circuit (Figure 5-7), due to deviations in the
angle of the tail from -45° in the observed Nyquist plots (Figure 5-5 and Figure 5-6). The Warburg

element, Z,,, of the Randle’s circuit is given by the following equation

7o — o
W= liw)os 55
where o is the Warburg coefficient, which can be used to determine the diffusion coefficient for

the migrating species in the electrochemical cell. In an ideal Nyquist plot, this results in a straight
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line at -45° for the tail.}*> However, in the observed antimony nanocrystal electrode Nyquist plots
(Figure 5-5 and Figure 5-6) the angle of the Warburg impedance tail deviates significantly from
the ideal -45°.

As can be seen in Figure 5-5a, the angle of the Warburg element decreases as sodiation
increases. The observed variation in angle both above and below -45° in the Nyquist plots at low
frequency across the voltage window are characteristic of alloying electrodes (Figure 5-5 and
Figure 5-6).247-1%° However, the characteristics that lead to the changes in angle at low frequencies
in the Nyquist plots are complicated and can stem from either changes in the solid-state reaction
barrier or changes in the porosity of the electrode.'*”* In alloying electrodes, the solid-state
reaction and diffusion both affect impedance in the low-frequency regime, and either can be rate-
limiting depending upon the particular system and testing regime. The energetic barrier of the
solid-state reaction in an alloying electrode can be large since alloying reactions cause significant
structural rearrangement and volume change of the electrode material.!4’ In cases where the solid-
state reaction barrier is dominant, the Warburg element is replaced with a reaction resistance-based
CPE in series with a capacitive element that accounts for the charging ability of an electrode
material, called the chemical capacitance. The reaction resistance CPE and chemical capacitance
can account for the state-of-charge-based variation in the deviation from -45° in the Nyquist plots.

In cases where solid-state diffusion dominates, the state-of-charge-based variation in the
deviation from -45° in the Nyquist plots can be explained by changes in the porosity of the
electrodes associated with volume changes of the active material. Deviation in the angle of the
Warburg element from -45° is characteristic of porous electrodes.*® Since the Warburg element
is based on one-dimensional diffusion and electrodes are three dimensional, interpreting the

characteristics of the Warburg element requires significant knowledge of the electrode geometry

93



—including parameters such as the porosity, pore geometry, and tortuosity throughout the electrode
— to accurately develop a physical model based on the parameters in the Warburg element for a
given system. These parameters have not yet been studied for antimony nanocrystal electrodes.
However, for the case of solid-state diffusion dominating the Warburg element, significant volume
expansion at high sodiation states (~300% volume expansion for fully-sodiated antimony), leading
to changes in the porosity, pore geometry, and tortuosity of the electrode, results in the observed
changes in the Warburg element.*’

The real component of the capacitance can indicate whether the chemical capacitance is a
significant component of the system. In cases where the chemical capacitance is a significant
contributor to the overall capacitive response of the system, the real component of the capacitance
will show two plateaus when plotted versus frequency on a logarithmic scale.'*® The plateau at
high frequency is indicative of the double-layer capacitance and the plateau at low frequency is
indicative of the chemical capacitance. As seen in Figure 5-8, the plateau at low frequency is only
observed at 35 and 50°C for the 1.5 V data and does not occur at all for the 0.02 V data. This
demonstrates that, within the testing regime, the presence of the chemical capacitance is both
temperature and voltage dependent. Therefore, to avoid overfitting in cases where the chemical
capacitance was not a significant contributor to the EIS data, the chemical capacitance was not
included in the replacement for the Warburg element. This also suggests that changes in the system
parameters controlling solid-state diffusion rather than changes in the system parameters

controlling the solid-state reaction barrier cause the shifts in angle for the Warburg component.
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Figure 5-8. Temperature-dependent capacitance plots collected over a frequency range spanning
from 0.1 Hz to 100,000 Hz at (a) 5°C, (b) 20°C, (c) 35°C, and (d) 50°C for the terminal sodiation

states at 0.02Vand 1.5V

We implemented the following generalized form of the Warburg element, which is able to
capture the observed shifts in angle:*>*-1%*

1

Ly =
V' (iw)CPEWPCPEy, 1

5-6

In the above equation, CPEy, r is a constant phase element for the generalized form of the Warburg
element, while CPEy, » modifies the phase angle.

Fitting the data with the model described above can determine whether the reaction rate or
solid-state diffusion is rate-limiting in the low-frequency regime. If the reaction rate is limiting,

the value of CPEy, » would be expected to be between 0 and 0.3.1*” A value of 0 for the CPEy, p
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parameter represents ideal resistive behavior that is frequency independent. Large deviations from
0 indicate that a significant component of the CPE, is not caused by resistive behavior, which
would be uncharacteristic of the reaction resistance, but could occur if solid-state diffusion is rate-
limiting and the deviation from ideal Warburg element characteristics is related to the porous
electrode geometry. When CPEy, » is 0.5, the CPE form of the Warburg element and the standard
Warburg form are equivalent, with CPEy, ;- inversely proportional to o, as seen in the following

equation.

7 = o 1
VT (i) T (iw)*5CPEy ¢

S5-7

If the diffusion rate is limiting, the CPEy, r component of CPEy, within the model
correlates to the diffusion rate, with higher CPE,, r values indicating faster diffusion. The Warburg

coefficient ¢ can then be used to calculate the diffusion coefficient via the following equation

RT

O' =
(nF)%A CNa,O\/ 2Dng, sp

where R is the ideal gas constant, T is the absolute temperature, A is the electrochemically

5-8

accessible surface area of the electrode, Cyq is the initial sodium-ion concentration in the
electrode, and Dy, g is the diffusion coefficient of sodium in antimony.**® While the relationship
between CPEy r and Dy, s, is more complicated due to the phase angle contributions, the
proportionality of Dy, s, and CPEy, r can be determined by setting CPEy, r to 0.5 and combining

Equations 9 and 10 to get the following expression

RT
(nF)2ACyq,0+/2DNa,sp _ 1 5-9
(l(,l))os (l(l))OSCPEW’T

which simplifies to
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1 B

= 5-10
cp EW,T vV DNa,Sb

where the parameters in Equation 11 are consolidated into a single constant, B, clearly showing

that

CPEw,r % /Dya,sp 5-11

and  demonstrating that CPEy, 1 is proportional to the square root of the diffusion rate.

Finally, the expression for the impedance of the Randle’s circuit is given by the following
equation

Zai(Ret + Zy)
Z =R + 5-12
T Za+ (Ree + Zyy)

which can be adjusted for the case of the modified Randle’s circuit as follows:

P R * Gy ergy)
PO (iw)PEaLPCPEy + \ "t " (iw)PEW.PCPEy, 1
- cell

5-13

(i(l))CPEdll'PCPEdl'T + (Rct + (iw)CPEWlP CPEW,T>

The above expression for the impedance of the modified Randle’s circuit (Equation 5-13)
was then used to fit the EIS data collected at 1.5 V and 0.02 V, and the parameters extracted from
these fits were used to evaluate the sources of performance change with temperature (Figure 5-9).
The Reen, Ree, and CPEy, r parameters for the fully desodiated 1.5 V state of charge are shown in
Table 5-3, as these parameters were found to exhibit the largest changes with temperature. Error
bounds were determined by progressively testing values further from the fitted value for a given

parameter until chi-squared decreased beyond a preset tolerance for the overall fit.1*
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Figure 5-9. Temperature-dependent Bode and Nyquist plots collected over a frequency range
spanning from 0.1 Hz to 100,000 Hz at (a, b) 5°C, (c, d) 20°C, (e, f) 35°C, and (g, h) 50°C for the
terminal sodiation states at 0.02 V and 1.5 V (solid lines) along with the associated model fits
(dashed lines). Note that the EIS data collected before and after each sodiation cycle (1.50 V state

of charge) overlaps, indicating that the battery is cycling stably within this regime.
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The Reey, Ret, and CPEy, - parameters from the EIS fits of the 1.5 V and 0.02 V spectra at 5, 20,
35, and 50°C exhibit monotonic trends with temperature, indicating that these parameters are
correlated with the temperature-dependent capacity of the antimony nanocrystal composite
electrodes (Figure 5-10, Table 5-1, Table 5-2, and Table 5-3). The CPEy; r, CPEy; p, and CPEy, p
parameters do not respond monotonically with temperature at either 1.5 V and 0.02 V, indicating
that these parameters do not drive the temperature-dependence of the capacity (Figure 5-10, Table
5-1, Table 5-2, and Table 5-3). The characteristics of the R..;;, R, and CPEy, r parameters for
the 1.5 V state of charge after desodiation are discussed in detail in the main manuscript. The R,
and R, parameters at the 1.5 V state of charge before sodiation and at the 0.02 V state of charge
after sodiation both have very similar values to the R..;; and R.; parameters at the 1.5 V state of
charge after desodiation, with the exception of the R, parameter value for the 0.02 V state of
charge after sodiation at 5°C (550 Q at the 1.5 V state of charge after desodiation vs. 865 Q at the
0.02 V state of charge after sodiation). This difference indicates that charge transfer at low
temperatures is more difficult at high states of charge than at low states of charge. However, as
temperature is increased, this difference in charge transfer resistance at high states of charge and
at low states of charge lessens. The CPEy, r parameter has very similar values for both the 1.5 V
state of charge before sodiation and the 1.5 V state of charge after desodiation, indicating that the
degradation in cell performance due to this parameter was small during EIS testing. The CPEy, r
parameter is larger for the fully sodiated state at 0.02 V after sodiation than for the fully desodiated
state at 1.5 V. The diffusion coefficient has been calculated in the literature within the region from
0.1V to 0.7 V, and within this region, the diffusion coefficient continuously declines in value as

voltage is increased.®2 Assuming that this trend continues across the voltage window, this would
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match the observed changes in the CPE,,, r parameter, given that CPEy, r and the diffusion constant

are directly proportional.
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Figure 5-10. Model fit parameters as a function of temperature for (a) cell resistance, (b) charge
transfer resistance, (c) amplitude constant for the constant phase element associated with the

double-layer capacitance, (d) phase constant for the constant phase element associated with the
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double-layer capacitance, () amplitude constant for the constant phase element associated with
the Warburg diffusion element, and (f) phase constant for the constant phase element associated

with the Warburg diffusion element.

Table 5-1. Model fit parameters and associated error bounds for a 1.5 V state of charge before

sodiation.
5°C 20°C 35°C 50°C
Reell (Q) 5.0+0.1 4.05 + 0.06 2.71+0.03 253 +0.03
CPEar (7.9+0.3) (9.8 + 0.4) (9.9 +0.4) (8.4 +0.4)
(sCPEALP/Q) X 107 X 107 X 107 X 107
CPEap (Phase 21940006  0703+0005  0.709+0005  0.723 +0.005
Constant)
Ret (Q) 610 + 20 130 + 2 41.9+04 17.9+0.1
CPEwr (125+004)  (1.76+002)  (205+001) (176 +0.01)
(SCPEWP/Q) x 1073 x 1073 x 103 x 103
CPEwe (Phase 761 .02 0.760+0.007  0.776+0003  0.841 +0.002
Constant)
2 0.006 0.002 0.0009 0.0007
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Table 5-2. Model fit parameters and associated error bounds for a 0.02 V state of charge after

sodiation.
5°C 20°C 35°C 50°C
Reell (Q) 5.68 + 0.06 4.16 +0.05 2.77 +0.03 3.08 + 0.03
CPEar (4.74 % 0.09) (6.6+0.2) (102+0.04) (112 +0.04)
(sCPEALP/Q) X 107 X 107 X 10 x 10
CPEap (Phase 2100002  0736£0004  0.706+0.004  0.688 + 0.004
Constant)
Ret (Q) 865 + 7 189 + 2 46.6 + 0.3 22.4+0.1
CPEw T
(oW 00260006  0032:0002  0.0871:0.0007 0.0380:0.0003
CPEw. (Phase 1.0+0.2 0.86 + 0.06 0.85 + 0.01 0.882 + 0.005
Constant)
2 0.002 0.003 0.002 0.0008
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Table 5-3. Model fit parameters and associated error bounds for a 1.5 V state of charge after

desodiation.
5°C 20°C 35°C 50°C
Reell () 6.0 +0.1 4.04 +0.06 2.74 +0.04 2.70 + 0.03
CPEar (7.9+0.3) 9.9+ 0.4) (1.13 + 0.05) (8.8+0.4)
(sCPEALP/Q) X 107 X 107 X 10 X 107
CPEap (Phase 2074 0005 070040005  0.695+0.005  0.713 £ 0.004
Constant)
Ret (Q) 550 + 10 142 +2 443+ 0.5 21.5+0.1
CPEwr (147+003)  (1.85+002)  (220+002)  (2.86+0.01)
(SCPEWP/Q) x 1073 x 1073 x 1073 x 1073
CPEwe (Phase 25, .02 0.768+0.008  0.778+0004  0.789 +0.002
Constant)
7 0.004 0.002 0.001 0.0005

The cell resistance, R..;;, was found to decrease by approximately 50% as the temperature

was increased from 5 to 50°C (Table 5-1, Table 5-2, and Table 5-3), which is a relatively small

change — especially considering that the maximum cell resistance is only ~6 Q for both 1.5 V and

0.02 V —that is orders of magnitude lower than the charge-transfer contributions. This could occur

because the conductivity of the electrolyte increases with temperature, thus decreasing its

resistance, and further indicates that the intrinsic resistance due to the cell and testing configuration
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is not a significant factor in terms of the changes in performance with temperature, as would be
expected.

In contrast, the charge transfer resistance, R.;, was found to dramatically decrease to
between 2.5% and 4% of its starting value at 5°C as the temperature was increased to 50°C (Table
5-1, Table 5-2, and Table 5-3). The exchange current density — which is a measure of the intrinisic
ability to transfer ions from the electrolyte to the electrode, and a way to compare rates of reaction

— can be calculated from the charge transfer resistance using the following equation:

RT

lo = ~FAR 5-14

Therefore, because of the change in charge transfer resistance from 5 to 50°C fora 1.5 V
state of charge after desodiation, the exchange current density increases from 2.46 x 10° A/cm? to
7.33 x 10* A/lcm? based upon the superficial electrode surface area of 1.8 cm? (Table 5-3). For
comparison, the exchange current density of hydrogen evolution in 1 N H2SO4 is 8 x 10* A/lcm?
at a platinum electrode and 7 x 10 A/cm? at a titanium electrode for an electrode with the same
superficial surface area at ambient temperature.!® Both of these are catalysts for hydrogen
evolution and so — at least initially — the antimony system appears to be promoting fast charge
transfer across the electrode-electrolyte interface. However, since the electrode is comprised of
antimony nanocrystals rather than bulk antimony, the actual electrochemically accessible surface
area is potentially much larger than the superficial area, which in turn would lower the actual
exchange current density. Thus, a lower bound on these exchange current densities must be
established.

If one assumes that each individual antimony nanocrystal is not aggregated and has a radius
of 20 nm (corresponding to the characterization data shown in Figure 5-2) then the total surface

area would be 98 cm?, resulting in exchange current densities of 4.46 x 107 A/cm? at 5°C and 1.32
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x 10 A/cm? at 50°C. For comparison, graphite has an exchange current density on the order of 1
x 10 A/cm? in typical lithium ion batteries, which is much higher than that of the antimony
nanocrystals, even at 50°C using the superficial electrode area.’>”**® Considering that one of the
major advantages of antimony is its high charge-discharge capability, this is surprising, as we
would expect a very high exchange current density for a material that is not rate limited. This could
suggest that, in terms of rate capability, the step that includes the charge transfer resistance and
exchange current density is not the rate limiting step for antimony nanocrystal alloying electrodes,
and further investigation of this observation could potentially be valuable.

Increased charge transfer resistance can substantially reduce the capacity of batteries at low
temperatures,®° and there are multiple possible physical sources of changes in the charge transfer
resistance, as discussed in the introduction.’>® Because the modified Randle’s circuit models the
data effectively without the need for an additional SEI-layer RC component, it is likely that the
transport of Na-ions across the SEI layer-electrode interface is the rate-limiting step in charge
transfer. Charge transfer rates can become hindered at lower temperatures, and strategies aimed at
facilitating working ion transport could lead to improved antimony Na-ion capacity at low
temperatures.

At 5 and 20°C, the charge transfer resistance is also strongly dependent on the state of
charge, with larger radius semicircles clearly evident in the Nyquist plots at higher states of charge
(Figure 5-5 and Figure 5-6). This suggests that reactions close to the terminal sodiation state are
more difficult to access at 5 and 20°C, which may be due to the structural rearrangements required
to reach full sodiation.3® However, this barrier is not as significant at elevated temperatures (35

and 50°C).
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The Warburg CPEs (CPE,), deviate from the standard Warburg element angle of -45° for
the tail in the Nyquist plot (Figure 5-5 and Figure 5-6) due to either reaction resistance or solid-
state diffusion limitations. CPEy, » had values between 0.76 and 1 for all of the model fits (Figure
5-10, Table 5-1, Table 5-2, and Table 5-3), and CPEy, p would be expected to fall between 0 and
0.3 if the reaction rate was rate-limiting.**” Therefore, the fitted values of CPE,, » suggest that
solid-state diffusion is rate limiting in the antimony nanocrystal composite electrode. Thus, the
variations in the angle of the Warburg element at low frequency are likely caused by the porosity
of the electrode.

For a given voltage, the CPEy, r components for CPEy, increase by ~50-100% as the
operating temperature is raised from 5 to 50°C (Figure 5-10, Table 5-1, Table 5-2, and Table 5-3).
This would indicate that solid-state diffusion rates increase by ~100-200% across the temperature
range, based on the proportionality demonstrated in Equation 13. Nonetheless, the change in the
Warburg component is much smaller than what is observed for the charge transfer resistance;
therefore, although the increase in solid-state diffusion rate at higher temperature is likely
contributing to the increased capacity, it is not the majority cause. On the basis of our EIS model,
the changes in antimony nanocrystal capacity with temperature appear to be strongly driven by
changes in the charge transfer resistance of the interface, as illustrated schematically in Figure
5-11. The changes in the other key components of the EIS model are much smaller than the charge

transfer resistance and so are likely unimpactful in terms of the observed changes in capacity.
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Figure 5-11. Schematic of diagram of the physical processes associated with the fitted
electrochemical impedance spectroscopy model, where Cy; is proportional to CPEy; + and o is
inversely proportional to CPEy, r, along with the relative changes in key parameters (represented
by the relative area of the blue and red squares, corresponding to experiments carried out at 5

to 50°C, respectively) extracted from EIS measurements at 1.5 V after desodiation.

5.3.5 Diffusion Coefficients for Na-lon Diffusion in Antimony Nanocrystals
The diffusion coefficients for sodium ion diffusion through the antimony nanocrystals can

be calculated from the EIS data based upon the Warburg coefficient ¢ using the following
equation:

Dyg+ = = (Vo (dE/dx)/AFg)? 5-15

N| =
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where D+ is the diffusion coefficient for Na-ions through the antimony nanocrystals, V,, is the
molar volume, dE /dx is the slope of the potential versus the sodiation state, A is the surface area
of the electrode, F is the Faraday constant, and o is the Warburg coefficient.1®® We assume that
1/CPEy, r and o are equivalent for the purposes of the diffusion coefficient calculation, which

modifies the equation as follows:
1 2
Dyat = 5 (VinCPEy, r(dE /dx)/AF) 5-16

We calculated an upper bound for the diffusion coefficient using the superficial surface
area of the current collector (1.77 cm?) and a lower bound for the diffusion coefficient based upon
the surface area of completely unaggregated spherical nanocrystals with a 40-nm diameter (98
cm?). (Table 5-4). At 1.5 V, we used the Sh molar volume (18.18 cm®/mol) and at 0.02 V we used
the NasSh molar volume (71.44 cm®/mol).1"%6161 In addition, we multiplied the surface areas by a
factor of 3.9 for the diffusion coefficient calculations at 0.02 V to account for the additional surface
area of NasSb relative to Sb.}" Previously, sodium diffusion coefficients have primarily been
determined for desodiation close to the NaszSb terminal sodiation state at room temperature with
values ranging from ~103 cm? s to ~10° cm? 5182162183 The most relevant study, based upon
the voltage window tested, was conducted between 0.1 V and 0.7 V for an antimony thin-film
using a potentiostatic intermittent titration technique (P1TT).82 At 0.1 V (the closest reference point
to our data) the diffusion coefficient was on the order of 10° cm? s, For 20°C at 0.02 V, we found
a lower bound on the order of 107 cm? s*. However, PITT and EIS are known to provide
quantitatively different results, particularly for phase-change electrodes that can lead to measured
diffusion coefficients that are greater than two orders of magnitude apart.®41% Thus, our diffusion
coefficients are comparable to those previously observed for antimony. Furthermore, based upon

our data, the sodium diffusion coefficients in antimony are approximately two to three orders of
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magnitude lower than the sodium diffusion coefficients in NasSb, which aligns well with the
previous diffusion coefficient measurements using PITT, which showed a decrease in the diffusion
coefficient of approximately one order of magnitude between 0.1 and 0.7 V.8 The diffusion
coefficients do not vary strongly with temperature, and so are not the major driver for the

temperature-based performance changes.

Table 5-4. Diffusion coefficients based on the EIS Warburg component.

Surface 5°C 20°C 35°C 50°C
Area
2 o1
Dya+ (CM°ST)  prosimum 2 x 107 3x 107 4% 107 2 x 107
0.02VAfter —\iiiim 1x10° 2 x 10° 2 x 10° 1x10°%
Sodiation
2 o-1
Dya+ (CM*ST)  \rosimum 3 x 100 5 x 10710 5 x 10710 6 x 10710
LSV After — ppimum 2x10° 3x 10 3x 10°® 3x 10°®
Desodiation

5.4 Conclusions

Using electrochemical impedance spectroscopy and differential capacity measurements,
we demonstrate that charge transfer resistance is the main source of capacity reduction (~100 mAh
g, ~20%) for antimony nanocrystal composite electrodes as the cycling temperature is decreased
from 50 to 5°C. The increase in charge transfer resistance with reduced temperatures is primarily
driven by the increased difficulty of Na-ion transport across the SEI layer-electrode interface. As
the cycling characteristics of the antimony nanocrystal composite electrodes are highly reversible,
we find that primarily irreversible sources of capacity loss, such as sodium deposition and
subsequent SEI layer formation, are not major sources of the capacity reduction with reduced
temperature under the investigated conditions. Furthermore, we show negligible contributions to
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the capacity reduction at low temperatures from the double layer capacitance, resistive and
capacitive contributions from charge transfer or ion mobility through the solid-electrolyte
interphase (SEI) layer, and the rate of solid-state diffusion in the antimony nanocrystals. Overall,
these results suggest that rational modification of the SEI layer composition could potentially

increase the low-temperature capacity of antimony nanocrystal composite electrodes.
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Chapter 6: Effects of Oxide Formation on the Electrochemical Cycling

Characteristics of Antimony Nanocrystal Alloying Electrodes

6.1 Introduction

Antimony (Sb) and its oxide, senarmontite (Sb203), have both been investigated as alloying
electrode materials that exhibit large theoretical gravimetric capacities (660 mAh g and 1103
mAh g respectively) and impressive rate capabilities, with antimony nanocrystal-based Na-ion
battery electrodes experiencing only a ~15% reduction in capacity at a 20C rate, relative to a 1C
rate.1”1%% Surprisingly, despite the propensity of antimony toward oxide formation, nanostructured
antimony active materials are typically processed in water-based slurries under atmospheric
conditions during battery electrode fabrication.'®1"63170 Although this fabrication method is lower
cost and much safer than the approaches for other battery materials, which commonly require
processing under inert gas using toxic organic solvents, oxidation of the active material during
electrode fabrication is an uncontrolled variable that has not been discussed in detail. Interestingly,
while a number of studies have fabricated electrodes based on composites of antimony and
antimony oxide (typically Sb20s), showing capacities above the theoretical capacity of antimony
with good rate capabilities in Na-ion batteries,6%17*-17> these studies have primarily focused on
one or two specific levels of oxidation, rather than a systematic investigation into the impact of
Sh,03 content on the cycling characteristics of nanostructured Sh/Sh,03 electrodes.

Herein, we systematically probe the changes in the electrochemical cycling characteristics
of antimony nanocrystal-based Na-ion battery electrodes as a function of active material oxidation.
We find that large levels of oxide formation adversely affects rate capability, but find further
mechanistic support that capacity retention is indeed increased with low levels of oxidation,®

largely due to increased amorphization and inhibition of the crystalline sodium antimonide (c-
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NasSh) terminal sodiation state. Barriers to sodiation during initial cycling are alleviated by the
eventual amorphization of the c-Sh,Os, indicating that a burn-in period is required for antimony
electrodes with a significant oxide fraction. Furthermore, we find the desodiation of the oxide is
kinetically limited, leading to substantial sodium sequestration in the oxide and low reversible
sodium storage utilization during cycling. Likewise, desodiation of the antimonide becomes
kinetically limited after ~200 cycles. Overall, we develop significant insight into the kinetic and
thermodynamic considerations associated with the electrochemical sodiation of nanostructured
Sb/Sh203 as a function of oxide content, which we hope will inform future work related to the

optimization of antimony-based alloying electrodes.

6.2 Experimental Methods
6.2.1 Materials.

N-Methyl-2-pyrrolidone (NMP) (anhydrous, 99.5%), antimony trichloride (>99.0%),
methanol (anhydrous, 99.8%), propylene carbonate (99.7%), sodium metal (>99.99%), sodium
borohydride (99.99%), and sodium carboxymethyl cellulose (CMC, Mw ~90,000) were purchased
from Sigma Aldrich. Sodium perchlorate (>98%) was purchased from Fisher Scientific.
Fluoroethylene carbonate (>98%) was purchased from TCI America. Carbon black was purchased
from Cabot Corporation (Mulcan XC72R) and stored in a vacuum oven at 80°C. Copper foil was
purchased from MT]I Corporation. All reagents were used as received without further purification.
6.2.2 Antimony Nanocrystal Synthesis.

Antimony nanocrystals were synthesized based on the procedure of Walter et al.!” Briefly,
sodium borohydride (48 mmol) was dissolved in NMP (51 mL) in a three-neck flask and heated

to 60°C under nitrogen atmosphere. SbCls (12 mmol) was dissolved in NMP (9 mL) and rapidly
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injected into the flask. The flask was then rapidly cooled to room temperature using an ice bath.
The product was centrifuged at 7440 RCF for 4 minutes, after which the supernatant was removed
and the antimony nanocrystals (NCs) were collected. The Sb NCs were then washed with
deionized water (~30 mL) three times using a filter funnel connected to a vacuum flask. The
product was dried overnight under vacuum (<4 x 10" bar) and stored under nitrogen. An additional
methanol cleaning step was employed as needed to remove excess NaCl byproduct.

During nanocrystal synthesis, the antimony trichloride precursor (SbCls) is reduced by
sodium borohydride (NaBH.) to form antimony nanocrystals (Sb NCs)*’ along with a significant
quantity of residual sodium chloride byproduct. In a typical synthesis, the byproducts are easily
removed by rinsing the product with deionized water, as described in the methods section of the
main text. However, in cases where visible quantities of sodium chloride salt are still present on
the surface of the nanocrystals after cleaning, or in cases where air exposure and adventitious
oxidation needs to be prevented, the residual salt can be removed under an inert, moisture-free
atmosphere by suspending the nanocrystal product (~600 mg) in 20 mL of anhydrous methanol,
decanting the methanol after the antimony nanocrystals settle out of dispersion, and repeating as
necessary.

6.2.3 Antimony Nanocrystal Oxidation.

In a typical experiment, antimony nanocrystals (~150 mg) were dispersed via vortexing in
deionized water (3 mL). The dispersion was then placed in a vial on a hot plate at 95°C and stirred
for up to 240 minutes until the desired level of oxidation was achieved.’® When extended periods
of oxidation were employed, the vial was covered with a glass fiber filter in order to mitigate

potential outgassing of sublimated antimony oxide.”’
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6.2.4 Electrode Fabrication, Cell Assembly and Testing.

In a typical electrode fabrication, active material, conductive carbon, and polymeric binder
were combined via mortar and pestle mixing with a mass ratio of 64:21:15 [(Sb/Sh.03):carbon
black:CMC] and then slurry-cast using a doctorblade.®1788& A typical electrode formulation used
150 mg antimony, 49 mg carbon black, and 0.52 mL CMC in deionized water (0.067 g/mL), along
with an additional ~0.4 mL of deionized water, which was adjusted as needed to create the desired
slurry concentration. After mortar-and-pestle mixing, the slurry was then doctor-bladed onto a
copper foil current collector and dried on a hot plate at 80°C. Electrodes were stored in a vacuum
oven (80°C, less than 15 mbar) until use, at which point they were weighed in air, under ambient
conditions. 15-mm diameter electrodes were then punched out, weighed, and transferred to an
argon glovebox along with the excess electrode material. CR2032-type half cells were assembled
in an argon glovebox using elemental sodium as the positive electrode, a glass fiber separator
(Whatman, grade gf/f), and 1.0 M NaClOs in 90% w/v propylene carbonate and 10% wi/v
fluoroethylene carbonate electrolyte. Electrochemical testing was performed with a MACCOR
Series 4000M 64-Channel Automated Battery Test System using a 1C cycling rate that
corresponds to a current density of 660 mA/g. Gravimetric capacities were calculated based on the
weight of the active material. To verify the resultant composition of the active material after the
additional air exposure that occurred during fabrication and weighing, the excess electrode
material was then characterized using X-ray diffraction (XRD) and subsequent Rietveld
refinement.’279.12L.178
6.2.5 Galvanostatic Intermittent Titration Technique (GITT) Experiments

GITT data was also collected using the MACCOR Series 4000M 64-Channel Automated

Battery Test System. During GITT cycles, current was injected or extracted via a C/10 current
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pulse (66 mA/g) over the course of 1 minute, with a 10-minute rest period between pulses to
monitor the voltage response of the cell to each current injection / extraction event. This process
was carried out repeatedly as the cell was discharged to 0.02 V and then charged to 1.5 V. In
between GITT experiments, the cell was cycled repeatedly at a rate of 1C (660 mA/g) in order to
investigate the kinetics of charge injection / extraction across a wide span of extended cycling.
6.2.6 Materials Characterization

Scanning electron microscopy (SEM) images were collected with a FEI XL830 Dual Beam
FIB/SEM operating at 5 kV. XRD scans were collected on a Bruker D8 Discover diffractometer
with a IuS 2-D XRD system and then analyzed using EVA software. The composition of the
samples was determined using the Whole Pattern Fitting component of the Jade software package.
6.2.7 Rietveld Refinements

Crystallite size and sample composition can be determined from X-ray diffraction data
using Rietveld refinement and the Whole Pattern Fitting module in the Jade software package.’®
An example of the Rietveld refinement analysis that was carried out is shown in Figure 6-1 below.

The full data set with oxidation parameters is shown in Table 6-1.
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Figure 6-1. Rietveld refinement and Whole Pattern Fitting for a 50-minute oxidation carried out
in 6 mL of deionized water.
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Table 6-1. Degree of oxidation and crystallite sizes based on Whole Pattern Fitting and Rietveld

refinement of the studied samples.

Oxidation Sb Sb20s Electrode Figures Time DIH20 Dispersal Vial
(mol% Crystallite  Crystallite and Tables (hrs)  Volume Method Cover
Sbh203) Size (hm) Size (ml)

0 24+2 NA Yes Figures 6-2, 0 NA NA NA
6-4, 6-5
and 6-6 —
0%
18+2 - - Yes Figures 6-4, 0 NA NA NA
6-5 and 6-6
—20%
43+ 7 - - Yes Figure 6-4 0.5 6 Vortexing No
and 6-5 —
45%
44 +3 - - Yes Figure 6-5 0.5 6 Vortexing No
and 6-6 —
45%
58 +4 - - Yes Figures 6-5, 1 6 Vortexing No
6-5 and 6-6
— 60%
89+7 - - Yes Figures 6-5, 1 6 Vortexing No
6-5 and 6-6
—90%
100 NA 332 Yes Figures 6-2, 4 3 Vortexing  Glass
6-4, 6-5, 6- Fiber
6, 6-7, 6-8, Filter
6-9, 6-10,
and 6-11 —
100%
24+1 - - No Figure 6-3 1 3 Vortexing No
100 - - No Figure 1 3 Sonication No
6-3
16+1 - - No Table 6-3 1 6 Vortexing No
32+1 - - No Table 6-3  0.833 1 Vortexing No
67 +3 - - No Table 6-3 2 3 Vortexing No

6.2.8 Sb/Sb203 Nanocrystal Capacity Error

Accurately determining the margin of error for the measured electrode gravimetric
capacities is critical to determining the degree to which the increased theoretical capacity of Sb203
(1103 mAh g?) relative to Sb (660 mAh g1) can be realized."*%® There are a number of possible
sources of capacity error, including inhomogeneous distribution of the active material in the

electrode, weighing uncertainty based on balance accuracy, and weighing errors caused by
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differences between the actual copper current collector weight and the average copper current
collector weight. Careful weighing of the electrode materials in large quantities, use of precise
balances, and full mixing of the electrode slurry can largely eliminate the first two sources of
capacity error. However, error due to the difference between the actual copper current collector
weight and the average copper current collector weight is difficult to eliminate.

The error due to the difference between the actual copper current collector weight and the
average copper current collector weight occurs because of the predominant electrode weight
determination procedure that is used throughout the literature. The weights of the electrode
material and the copper current collector in the electrode/current collector assembly cannot be
individually measured, since the electrode/copper current collectors are punched out after the
electrode slurry is doctor bladed onto a large-area copper foil. Consequently, the weight of the
electrode material is determined by subtracting the average weight of a copper current collector
disk for a given punch size from the actual weight of the punched-out electrode/current collector
assembly. Unfortunately, the rolled copper foil used for electrode fabrication has non-negligible
thickness variations, which introduces significant error into this electrode weight determination
technique, and subsequent calculated gravimetric capacities. The only way to reduce the influence
of this error for a given copper foil is to increase the electrode thickness; however, for most
electrode architectures, increasing the electrode mass loading adversely affects performance
because the electrolyte does not fully penetrate the porous electrode structure beyond a certain
thickness, and the electron transport pathways to the current collector become impeded.

For slurry-cast antimony nanocrystal electrodes, optimal electrode performance was seen
with a 38-um doctor-blading thickness, corresponding to a mass loading of ~1 to 1.2 mg of active

electrode material per 15-mm-diameter disk. The manufacturer specifications indicate that the
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MTI copper foil current collector is 10.5 + 1.5 pum thick,*’® which is similar to the specifications
given by other manufacturers for this thickness of copper foil.*818! For a 15-mm-diameter current
collector, with a copper density of 8.94 g cm™, the weight of the current collector is 16 + 3 mg
based on the thickness tolerance information provided by the manufacturer.t’® A copper disk
weight variation of 3 mg would make accurate gravimetric capacity determination difficult for
active material mass loadings on the order of 1 mg. However, measurements of the foil indicate
that the actual weight variation is much smaller than the values reported by the manufacturer
(Table 6-2). Based on the measured standard deviation for the mass of a 15-mm-diameter copper
current collector and the typical active material mass loadings of ~1 to 1.2 mg used in the study,
the gravimetric capacity uncertainty in our measurements is approximately £10%. If the mass
loading of the electrode decreases, the margin of error can increase significantly. Since the
theoretical capacity of Sb.Oz is 67% larger than the theoretical capacity of Sb, a 10% margin of
error should be sufficient for determining the degree to which Sh,O3 improves capacity relative to

unoxidized Sb.

Table 6-2. Average clean copper foil current collector mass (with no electrode composite) for 25

copper disks, each weighed 5 times, and repeated for each diameter shown below.

Diameter (mm) Average (mg) StDev (mg) Ratio
15 16.157 0.140 0.009
16 18.366 0.229 0.012
19 27.296 0.842 0.031
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6.3 Results and Discussion
6.3.1 Antimony Nanocrystal Oxidation

We demonstrate that antimony nanocrystals can be controllably oxidized up to 100 mol%
Sh20s3 in deionized water at 95°C, with minimal aggregation (Figure 6-2). Rietveld refinement
indicates that the antimony nanocrystals in the as-synthesized unoxidized antimony nanocrystal-
based electrode have a diameter of 24 + 2 nm, which corresponds well with the reported literature
value of 22 nm for this particular protocol (Figure 6-2, Table 6-2).1" Likewise, for the fully
oxidized Sh,O3 electrode material, Rietveld refinement indicates that the Sb2O3 nanocrystals have
a diameter of 33 + 2 nm, both well within the reported 100-nm diameter size range for stable

cycling of nanocrystalline antimony.*6:17
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Figure 6-2. X-ray diffraction (XRD) patterns of unoxidized (0 mol% Sbh>03) and fully oxidized

Counts

(200 mol% Sh,03) antimony electrodes (PDF #s: Sbh: 00-035-0732, Sh,03: 00-042-1466, Cu: 00-

004-0836).77%121
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The oxidation rate of the antimony nanocrystals was found to be highly dependent upon
the degree of nanocrystal aggregation, the method used to disperse the nanocrystals prior to
oxidation, the nanocrystal concentration, and the amount of air exposure prior to oxidation. These
factors, particularly aggregation and air exposure time before oxidation, can be affected by the
synthesis and oxidation parameters, including precursor age, the preparation methods used before
oxidation, and product handling. In addition, it is important to note that sublimation of oxidized
antimony can lead to material loss during extended oxidation procedures. When the above
variables are well controlled, repeatable levels of oxidation can be achieved.

The observed differences in oxidation rate, depending upon the method that was used to
disperse the antimony nanocrystals in deionized water prior to oxidation, provide a clear
illustration of how aggregation strongly affects active material oxidation. For example, when the
antimony nanocrystals were dispersed via vortexing, as opposed to sonication, the oxidation rate
was observed to be significantly lower (Figure 6-3). While antimony nanocrystals dispersed via
sonication were fully oxidized to 100 mol% Sh.O3 after 1 hour in deionized water at 95°C, when
the nanocrystals were dispersed via vortexing, only 24 + 1 mol% Sb>0z was achieved after 1 hour
at 95°C. In general, sonication is significantly more effective at dispersing aggregated material
than vortexing,*®? leading to a more complete dispersion with less aggregated material that is more
readily oxidized, clearly demonstrating the importance of dispersion method on nanocrystal

oxidation rate.
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Figure 6-3. XRD of antimony nanocrystals oxidized for 1 hour at 95°C after either sonication for
10 minutes or vortexing for 1 minute in 3 mL of deionized water. (PDF #s: Sh: 00-035-0732,

Sbh,03: 00-042-1466).">1%

The mass of antimony recovered from each aqueous oxidation dispersion dropped
substantially as oxidation proceeded (Table 6-3). Past literature on the oxidation of antimony has
shown that for oxidation beyond Sh»>Os, oxidation and sublimation become competing processes
with similar activation energies (Ea®) = 192 kJ/mol and E,*'® = 185-198 kJ/mol,
respectively).1”"18 In cases where the sublimation rate is comparable or greater than the oxidation
rate, mass loss occurs.'®% Notably, recoverable mass can be dramatically increased by placing a
glass fiber filter over the top of the vial during oxidation, allowing free flow of oxygen in and out
of the vial, but increasing the vapor pressure in the vial headspace, thus suppressing Sb2Os
sublimation. To reiterate, careful control of all synthesis, oxidation, and electrode fabrication

parameters is critical to ensuring repeatable levels of oxidation.
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Table 6-3. Recoverable antimony weight for different levels of oxidation.

Initial Weight (mg)

28 mol% Sb203
Weight (mg)

32 mol% Sb203
Weight (mg)

67 mol% Sb203
Weight (mg)

150

100

100

20

6.3.2 Electrochemical Sodiation/Desodiation of Sb/Sb20O3 nanocrystals

Figure 6-4 shows the measured gravimetric capacity, coulombic efficiency, and rate
capability of Na-ion battery negative electrodes fabricated using antimony nanocrystals that had
been subjected to various degrees of oxide formation, ranging from completely unoxidized Sb to
fully oxidized senarmontite (Sb2Oz). As can be seen in Figure 6-4a, although small amounts of
oxidation appear to give rise to a slightly increased gravimetric capacity — as has been observed
previously?®®171-173 _ and larger amounts of oxidation result in a burn-in period where capacity
increases during initial cycling, the resultant cycling capacity of the oxidized antimony nanocrystal
electrodes remain largely unchanged, irrespective of oxidation level, despite the fact that the
theoretical gravimetric capacity of senarmontite (1103 mAh g) is approximately double that of
pure antimony.*81¢° Notably, the standard water-based electrode slurry processing protocols used
widely throughout the literature®17 63170 consistently gave rise to samples with a final oxide
content of up to 20%. Electrodes comprised of fully oxidized Sh.Oz were also fabricated,

exhibiting gravimetric capacities strikingly similar to elemental Sb electrodes.
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Figure 6-4. (a) Capacity and coulombic efficiency of Na-ion battery negative electrodes fabricated
using antimony nanocrystals that had been subjected to varying degrees of oxide formation (1C
cycling rate in 1M NaClO4 90% propylene carbonate / 10% fluoroethylene carbonate electrolyte),
and (b) the associated rate test. Note that the reported gravimetric capacities have a £10%

uncertainty (Table 6-2).
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After initial cycling, sodiation and desodiation occur via separate reaction pathways for
sodium antimonide and sodium oxide for all but the lowest states of sodiation.}”® The initial
sodiation step (0.87 V) in each cycle results in a reaction product of antimony plus sodium oxide
(Na20), while the final desodiation step (1.25-2 V) results in partial desodiation of the oxide
(Naz0) and the concomitant formation of amorphous Sh,03.1”® Thus, electrochemical reactions
corresponding to the sodiation (below 0.87 V) and desodiation (below 1.25 V) of sodium
antimonide are observed in all Sb/Sh,03 samples after initial cycling (Figure 6-5).%?

For full utilization of the theoretical gravimetric capacity of Sb.Os, one would expect
strong peaks with large areas corresponding to the sodium-oxygen redox couple at 0.87/1.25-2 V
in the differential capacity plots (Figure 6-5);'%1" however, this is clearly not the case, with the
areas associated with the initial sodiation (0.87 V) and final desodiation (1.25-2 V) of the oxide
corresponding to a very small fraction of the reversible charge storage capacity in the differential
capacity plots (Figure 6-5). Instead, the vast majority of reversible charge storage capacity
corresponds to sodiation/desodiation of sodium antimonide (sodiation from a-NaSb to a-Nai.7Sb,
a-Na1.7Sb to a-Naz«Sb, c-Sb to a-NazxSh, and a-NasxSh to c-NasSb at ~0.73 V, ~0.6 V, ~0.4 V,
and ~0.2 V, respectively, and desodiation from c-NasSb to a-Na1.7Sb, a-Nay 7Sb to a-NaSb, and a-
NaSb to c-Sb at 0.8 V, ~0.82 V, and ~0.88 V, respectively)*®424 Therefore, the lack of reversible
sodiation and desodiation of the oxide is responsible for most of the underutilization of Sh,03

relative to its reported theoretical sodium storage capacity.
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Figure 6-5. Differential capacity of oxidized antimony nanocrystal Na-ion battery negative
electrodes cycled at 1C in 1M NaClO4 90% propylene carbonate / 10% fluoroethylene carbonate

electrolyte, demonstrating increased amorphization with increased oxide content.

Increased oxide content reduces the fraction of the antimony that reaches the c-NasSh
terminal sodiation state (~0.2 V during sodiation, Figure 6-5), particularly for the 90 and 100 mol%
oxidized samples during initial cycling.*? Instead, sodiation stops at the amorphous sodium
antimonide phase (a-NasxSb, where x is close to zero), which occurs at ~0.4 V during sodiation
(Figure 6-5). *? The reduced intensity of the peak associated with c-NasSb sodiation during initial
cycling correlates with the burn-in period for the samples with significant oxide content (Figure
6-4) ). Furthermore, the a-Nas.xSb to c-NasSbh sodiation exhibits a broad peak characteristic of a
solid-solution reaction and occurs close to the lower cut-off voltage (0.02 V).*® Notably, previous
observations have shown that small amounts of Sb.O3 formation can lead to increased capacity
retention, even when the maximum voltage is reduced to 1.5 V. This has been previously

attributed to Na2O buffering the stress and strain associated with the volume expansion of the
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alloying process (~290% for pure antimony);'’ however, our observation that increased oxidation
results in a larger fraction of the sample stopping sodiation at the a-Naz-xSb phase provides further
mechanistic insight into the increased capacity retention of slightly oxidized antimony electrodes.
Stress in amorphous phases is generally lower than stress in crystalline phases during cycling
because the amorphous phases are less ordered and can more readily undergo plastic deformation
instead of cracking.*®”18 Consequently, since stress-related damage is one of the primary causes
of capacity loss in alloying active materials,?>331891% jncreased amorphous material in the
nanocrystals during cycling leads to increased capacity retention. Overall, the 1C cycling data
shown in Figure 6-5 indicates that oxidation suppresses the crystalline phases, particularly during

initial cycling, and that utilization of the oxygen in Sh2Os for reversible sodium storage is low.

The transition from a-NaszxSb to c-NasSb becomes easier after extended cycling at high
oxidation levels, enabling a more complete capacity utilization for the antimony component of the
Sh,03 (Figure 6-5). During initial cycling, due to the low utilization of Sh.O3 described above,
much of the active material is still crystalline Sb2O3. As can be seen in Figure 6-5, the higher
oxidation levels require a larger overpotential to reach the c-NasSb phase than the lower oxidation
levels — ~0.2 V c-Nassb sodiation peak shifts to lower voltages.*? During extended cycling, the c-
Sh,03 amorphizes.”® Once the ¢c-Sb203 is amorphized, the overpotential of sodiation to c-NasSb
becomes smaller and increased c-NaszSb forms (Figure 6-5). Thus, after extended cycling, the
amorphization of crystalline Sh,Oz allows the sample to become more fully utilized for the highly
oxidation samples.

Oxide content also affects the rate capability of the active material, with rate performance

decreasing as oxide content increases (Figure 6-4b). As the cycling rate is increased, less charge
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is passed through all of the sodiation and desodiation reactions, with the decrease in capacity most
severe in systems with the largest oxide content, leading to essentially no observable
electrochemical reactions in the 100 mol% Sb.O3 differential capacity plots at a 20C cycling rate
(Figure 6-6). The reactions at 90 and 100 mol% Sh»Os are significantly more kinetically limited
than the rest of the samples, demonstrating that oxide content has a non-linear, but negative effect

on rate capability, with particularly severe effects at high oxide contents.
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Figure 6-6. Rate-based differential capacity data demonstrating a reduction in the charge passing
through all electrochemical reactions as rate is increased, with particularly large effects at high

oxide contents.

6.3.3 Thermodynamics and Kinetics of the Sodiation/Desodiation of Sb/Sb203 nanocrystals

The thermodynamics and kinetics of the Sb/Sb.Oz nanocrystal electrodes during
electrochemical cycling were studied with a galvanostatic intermittent titration technique (GITT).
Galvanostatic Intermittent Titration Technique (GITT) is a pulse-based electrochemical

measurement technique whereby an electrochemical cell — in our experiment, a Na-ion half-cell —
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is cycled in a stepwise fashion.® Each titration step consists of a current pulse of specified time,
followed by a relaxation to the thermodynamic equilibrium potential for the given electrochemical
state — in our experiment, the state of sodiation. Each current injection step must be small relative
to the rest step, in order to allow for Fickian diffusion prior to the next titration step.’®* GITT
separates the thermodynamic and kinetic characteristics of the electrochemical cell, providing
significant insight into how each component is contributing at a given electrochemical state, with
a particular fidelity for the kinetic aspects of the system.® In our experiment, we interspersed GITT
cycles at a C/10 rate during extended cycling at 1C in order to study the influences and effects of
aging on the thermodynamic and kinetic characteristics of the cell. The C/10 GITT analysis was
employed at cycles 2, 5, 10, 20, 40, 100, 200, and 400, thus capturing the electrochemical behaviors

of Na-ion half cells at various states of aging Figure 6-7.
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Figure 6-7. a) Capacity and coulombic efficiency, b) differential capacity, and c) time-based
coulometric titration curves for a fully oxidized Sb203 nanocrystal electrode cycled at a rate of 1C

during extended cycling and at a C/10 rate during GITT measurements.

For the 100 mol% Sh,0O3 material, kinetic limitations in the initial sodiation steps between
1.0 and 0.5 V substantially reduce the capacity during initial cycling, as can be seen in the
coulometric titration curves (Figure 6-7c and Figure 6-8).%217® Since the thickness (vertical width)
of a coulometric titration curve is correlated with the kinetic limitations of the associated
a wider coulometric titration curve indicates that the

electrochemical reactions,-107

electrochemical reactions are more kinetically hindered. As can be seen in Figure 6-8, the width
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of the coulometric titration curve for the 100 mol% Sb20s is thicker between 1.0 and 0.5 V for
cycle 2 than for any of the subsequent cycles, indicating that sodiation during the initial cycles is
more difficult than sodiation for any of the cycles that follow. The rest of the curves appear to have
approximately the same width, and so do not differ in terms of kinetic limitations. During initial
cycling, at low sodiation states, sodiation occurs via the c-Sb20sz to NaxSb.Oz intercalation
reaction.” After initial cycling, the Sb,Os amorphizes and sodiation at low sodiation states instead
proceeds via the addition of Na to a-Sh.Og, resulting in the formation of Sb along with a Na.O
alloying reaction.'’3 Since the widths of the GITT curves in the 1.0 to 0.5 V region are only wide
during initial cycling, this indicates that the c-Sh203 to NaxSh203 sodiation is kinetically limited

during initial cycling.>1"
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Figure 6-8. Coulometric titration curves showing significant kinetic limitations during desodiation

for a 100 mol% Sb20s nanocrystal electrode cycled at a C/10 rate during GITT measurements.
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Relative sodiation states of 0.0 and 1.0 are respectively defined as the minimum and maximum

sodiation states achieved during GITT cycling.

Detailed inspection of the shape of each GITT titration step can enable deconvolution of
the kinetic limitations associated with each reaction into three components: an IR drop, a reaction
overpotential, and a diffusional overpotential (Figure 6-9a).8! In combination, each of these
components drive the overall overpotential of each GITT step.X%” The IR drop is the voltage step-
change that is necessary to overcome the configurational resistance of the cell,® resulting in a
sharp vertical drop that occurs at the start of each current injection step. IR drops should be small
for well-designed cell configurations, as is observed at low sodiation levels for the 100 mol%
Sh20s electrode relative to the overpotential, indicating that cell configuration is not responsible
for the observed kinetic limitations of the Sb>Os (Figure 6-10a). Although it is clear that the
reaction overpotential or the diffusional overpotential is limiting, the reaction overpotential cannot
be easily quantitatively accessed by GITT, particularly for electrodes that undergo phase
transformation.®! However, the shape of each current injection step can clearly indicate whether
the reaction overpotential or diffusional overpotential is dominant for a particular electrochemical
reaction. In cases where the reaction overpotential is dominant, the current injection step will
continue with a steep, almost vertical, slope after the initial IR drop. In Figure 6-9b, this
characteristic is much more prominent in cycle 2 than in cycle 5 in the 1.0 to 0.5 V sodiation
region, indicating that reaction overpotential is the predominant kinetic limitation for sodiation
during initial cycling. The kinetically limited c-Sh203 to NaxSh203 sodiation reaction is described
primarily as an intercalation reaction in the literature,'”® and as can be seen in Figure 6-4 and Figure

6-5, the observed reaction exhibits a broad sodiation peak (1.0 to 0.6 V) which is characteristic of
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a solid-solution reaction.*® In solid-solution reactions, no phase or structural changes occur,8
and for an intercalation reaction where no phase or structural change occur, the primary form of
reaction resistance is typically charge transfer.’® Together, this suggests that, prior to

amorphization of the Sh,Os3, sodiation is kinetically limited by charge transfer resistance.
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Figure 6-9. a) Schematic decomposition of the characteristic overpotential components for a time-
based coulometric titration curve (data shown collected during cycle 2 at a C/10 rate for a fully

oxidized Sh.O3 nanocrystal electrode), and b) coulometric titration curves for the kinetically
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limited region of sodiation during initial GITT steps, showing reduced reaction overpotential after

increased cycling at a C/10 rate.
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Figure 6-10. a) Overpotential, b) IR drop, and voltage-based c¢) sodiation and d) desodiation
diffusion coefficients for a fully oxidized Sb20O3 nanocrystal electrode cycled at a C/10 rate during
GITT measurements, where relative sodiation states of 0.0 and 1.0 are respectively defined as the

minimum and maximum sodiation states achieved during GITT cycling.

Inspection of Figure 4 indicates that the other kinetically limited region through cycle 100

is the final desodiation reaction that takes place between 1 and 2 V, with the only reaction occurring
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in this voltage window corresponding to the desodiation of Na2O between 1.25 and 2 V.13 The
steep slopes of the current injection steps in the 1.0 to 2.0 V region of the time-based coulometric
titration curve (Figure 6-11) indicate that the desodiation of NaO is kinetically limited due to a
large reaction overpotential, and since the desodiation of Na2O is an alloying reaction,'”® the
kinetic limitations toward desodiation could either be due to charge transfer or structural
rearrangement at the interfaces.'® Irrespective of the specific mechanism, the kinetic limitations
for desodiation result in a sequestration of the working ion in the oxide, leading to an

underutilization of the active material capacity at the rates tested, as described above.
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Figure 6-11. Coulometric titration curves for the kinetically limited desodiation of Na,O during

cycling at a C/10 rate for a fully oxidized antimony nanocrystal electrode.
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In addition, the coulometric titration curves illuminate the predominant drivers of capacity
loss. Through cycle 100, the vertical width of the coulometric titration curves (Figure 6-8) remain
the same outside of the 1.0 to 2.0 V Na2O desodiation region, indicating that capacity losses are
not kinetically driven. While capacity losses are small through approximately cycle 175 (Figure
6-7), thereafter, the rate of capacity loss becomes much larger. This transition is correlated with
the increased kinetic limitations — particularly during desodiation — that are observed in the GITT
measurements (Figure 6-11). By cycle 200, the GITT curve width has increased substantially
throughout desodiation, indicating that kinetic limitations are playing a significant role. Moreover,
the vertical line portion of the GITT curve that corresponds to reaction overpotential increases
between cycle 100 and 200, indicating that the kinetic limitations that correlate with an increased
rate of capacity loss are due to difficulties in the desodiation reactions. Desodiation outside of the
1.0 to 2.0 V desodiation region for Na2O also becomes highly kinetically impeded by cycle 400,
with the curved portion of the current injection steps growing in prominence between cycle 200
and 400 (Figure 6-8 and Figure 6-11), indicating that diffusional overpotential is responsible for
the increased Kinetic limitations. These increased kinetic limitations also correspond to a decrease
in diffusion coefficient of two orders of magnitude at low sodiation states during desodiation,
relative to cycle 200 (Figure 6-10). Overall, the GITT data illuminates the key kinetic drivers for
stable cycling. During extended cycling, reaction overpotentials exhibit the strongest effects on
the observed cycling behavior, indicating that modeling the reaction interfaces for Sb2O3 sodiation
and desodiation would be a particularly interesting area of study for future research, with
diffusional overpotentials introducing additional kinetic limitations after significant capacity loss

has taken place.
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6.3.4 Antimony Oxide Diffusion Coefficient Calculations
While GITT data can be used to quantitatively determine a number of thermodynamic and
kinetic parameters, as discussed in the main manuscript,®? here, we determine the diffusion

coefficients of the working ion from the GITT data using the following equation:

D=2(I )2 [((é))r t %2 (6-1)

T \ZAgFS v

where D is the solid-state diffusion coefficient, i is the current, 1}, is the molar volume of the

electrode, z, is the charge number of the working ion, F is Faraday’s constant, S is the
electrochemically active surface area of the electrode, Z—i is the slope of the equilibrium potentials

(the last voltages achieved during the rest steps of the coulometric titration curve, immediately

before current injection resumes), ;TEE is the slope of the linearized charging steps in the

coulometric titration curve, t is time, and L is the characteristic size of the electrode material in
the diffusion direction (Figure 6-10c,d).1*® For the diffusion coefficients, we assume that diffusion
primarily occurs through antimony-rich domains, since the Na,O that forms is largely
electrochemically inactive after initial cycling in our system, as evidenced by the near-negligible
broad desodiation peak at 1.6 V, which can be seen in Figure 6-4 and Figure 6-6, along with
previous work that has indicated that sodium oxide and sodium antimonide phase-separate during
sodiation, and that Na2O, in its pure form, has been previously shown to block sodium-ion
transport.1”>19 Single-particle in situ analysis, or synchrotron-based tomographic phase analysis
could be used to validate this assumption, 4919419

The diffusion coefficient calculations for a composite electrode with an alloying active
material are complicated by factors including the electrochemically active surface area, volume

expansion, and phase-transformation reactions. For a composite electrode, the electrochemically
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active surface area cannot be readily determined by physical surface area measurement techniques
such as Brunauer-Emmett-Teller (BET) adsorption, because the inactive carbon and binder also
contribute significantly to the measured surface area.!*® Current research is focused on developing
accurate methods to determine the electrochemically active surface area via modelling the
complicated porous structures of composite electrodes or directly determining the area via
preferential staining of lithiated or sodiated material.}***1® However, this has only been realized
for a small subset of electrode chemistries and is not yet readily generalizable. Thus, in this
analysis, we used the superficial surface area to provide rough initial estimates. Notably, the
diffusion coefficients (~10° cm? s'1) measured at high sodiation states during desodiation (0.02 V
to 0.7 V) are within an order of magnitude of diffusion coefficients determined via potentiostatic
intermittent titration technique (PITT) measurements for pure antimony thin films also at high
sodiation states during desodiation, validating this approach (Figure 6-10d).82 As modeling
techniques become available for accurate electrochemical surface area evaluation, this data could
be reevaluated to improve the accuracy of the measured diffusion coefficients.

Importantly, the molar volume of alloying electrodes changes substantially during cycling,
with the transformation from Sb to NasSb representing a ~300% volume expansion.!” Therefore,
the molar volume change for alloying electrodes during cycling must also be taken into account
during the diffusion coefficient calculations via the following equation

V= (1 = x)Visp + XV nagsp (6-2)
where x is the relative sodiation level, such that the maximum sodiation state reached
during a given sodiation or desodiation step is 1 and the minimum sodiation state reached during

a given sodiation or desodiation step is 0, V,, s, is the molar volume of antimony (18.18 cm*/mol),

and Vi, na,sp is the molar volume of NasSh (71.44 cm*/mol).***° Finally, we note that phase-
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transformation reactions can significantly confound GITT-based diffusion coefficient
calculations.™® For example, as can be seen in Figure S4f, the diffusion coefficient during
desodiation appears to rapidly drop by approximately five orders of magnitude at 0.8 V, where the
two-phase NasSb desodiation occurs. However, the sudden decrease in diffusion coefficient is not
actually representative of the diffusive behavior in that region;'!8 instead it is representative of the
phase transformation that is occurring. In reality, for a typical phase-transformation material, the
diffusion coefficient smoothly transitions between the diffusion coefficients of the pure phases.
Further refinement of these diffusion coefficients, including taking into account the phase-
transformations that occur could be particularly valuable for improving cycle life, since the

diffusional overpotential most strongly affects Sh,O3 cycling performance after capacity loss.

6.4 Conclusions

In Chapter 6, we systematically studied the performance of antimony nanocrystals with
oxidation levels of 0 to 100 mol% Sh20s as Na-ion battery negative electrodes. We find that
capacity retention increases with small amounts of oxide present, as has been previously observed,
and attribute this to increased amorphization and suppression of the terminal c-NasSb sodiation
state.!®® In contrast to the increased capacity retention associated with small amounts of oxide,
cycling rate is adversely affected by increased oxide content, particularly when thick layers of
oxide are present. Furthermore, we demonstrate via high-fidelity GITT analysis that oxide
formation introduces both kinetic and thermodynamic barriers to sodiation during initial cycling.
However, these barriers are reduced by the amorphization of c-Sb>O3 during extended cycling,
indicating that a burn-in period is required for antimony nanocrystal electrodes with high oxide

content. In addition, desodiation of Na2O is kinetically limited by the large reaction overpotential,
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which leads to low reversible sodium storage utilization of the oxide during cycling. Considering
that the oxide is responsible for a large fraction of the gravimetric storage capacity of Sb20s3, this
limitation must be overcome if highly oxidized materials are to be utilized to their maximum
potential. Finally, capacity degradation is driven by both thermodynamic and kinetic limitations,
with the kinetic limitations leading to sequestration of sodium in the active material. Overall, we
have systematically demonstrated that nanocrystalline antimony exhibits significant robustness in
both gravimetric capacity and cycling performance with small amounts of oxide, indicating that
low-cost, water-based electrode processing represents an ideal path forward for antimony electrode

fabrication, irrespective of the inadvertent active material oxidation that may occur.
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Chapter 7: Conclusions and Future Work

7.1 Conclusions
7.1.1 Supercritical Fluid Synthesis of Highly Anisotropic Antimony Nanoplatelets

In Chapter 2, we explore the supercritical fluid-based synthesis of antimony nanostructures
and microstructures using a triphenylantimony precursor in an anhydrous toluene solvent. We find
minimal precursor decomposition below 375°C. At elevated temperatures, we find that the product
morphology can be selectively tuned, with high precursor concentrations leading to dendritic
growth and intermediate concentrations at high temperature (500°C) resulting in microsized
truncated octahedra. Most interestingly, we demonstrate that ultrathin, highly anisotropic
antimony nanoplatelets with lateral dimensions of many micrometers and aspect ratios in excess
of 1000:1 form in the rest of the explored parameter space with thicknesses between 30 and 80 nm
(average thickness of 50+10 nm). The lateral dimension of these platelets can extend to in excess
of 100 um under certain conditions. While the product morphology is relatively insensitive to
ligand addition, we also find that the addition of small amounts of oleic acid under air-free growth
conditions resulted in the formation of Sb.O3 microoctahedra, due to the reaction of oleic acid with
the triphenylantimony precursor. The ultrathin antimony nanoplatelets may have possible
applications for the development and study of topological and 2D materials.
7.1.2 Morphology-Dependent Electrochemical Characteristics of Antimony Nanomaterials

In Chapter 3, we use the highly anisotropic antimony nanoplatelets as a model system to
study the impacts of morphology on the electrochemical sodiation nanostructured antimony.
Relative to small, isotropic antimony nanocrystals, the antimony nanoplatelets experience
significantly more strain during cycling, leading to increased crystallization and suppression of

amorphous phases — most notably, suppression of the previously unassigned a-Nas-xSb desodiation
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peak that occurs at 0.72 V. In addition, using a high-fidelity galvanostatic intermittent titration
technique we demonstrate that this leads to increased strain-driven kinetic overpotentials above
~0.9 V in the highly anisotropic antimony nanoplatelets that occur immediately upon cycling.
Through this analysis we elucidate that these kinetic hindrances are the source of the previously
observed difficulty in desodiation beyond a-NaSh.*> We also find that for both the antimony
nanocrystals and antimony nanoplatelets, the diffusional overpotential during desodiation at
voltages greater than ~0.9 V correlates strongly with the capacity reductions. These results suggest
that minimizing the diffusional overpotential at voltages greater than ~0.9 V is critical to increasing
both capacity and capacity retention in antimony electrode materials. Furthermore, we find that
the anisotropy and size dispersion of the antimony nanoplatelets leads to unfavorable electrode
heterogeneity that also negatively impacts performance. Therefore, controlling the morphology of
antimony-based active materials is critical to obtaining high performance both on an individual
particle level and on an electrode composite level, with decreased anisotropy driving increased
performance at both levels.
7.1.3 In Situ XRD of Antimony Na-lon Battery Electrodes After Extended Cycling

The emergence of a previously unidentified desodiation reaction that appears at 0.93 V
after extended cycling occurs during antimony nanomaterial cycling. In situ XRD measurements
carried out on antimony alloying electrodes after extended cycling associate the emergence of this
electrochemical feature with the presence of crystalline NaSbh. We note that the micrometer-scale
lateral dimensions of the nanoplatelets enable the collection of interpretable in situ XRD signal
relative to the nanometer-scale dimensions of the nanocrystals. Overall, these observations, in
conjunction with previous thermodynamic calculations in the literature, lead us to attribute this

electrochemical reaction to the desodiation of crystalline NaSb — a thermodynamically favorable,
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but largely undiscussed source of capacity in antimony electrodes — demonstrating that crystalline
NaSb plays an increasingly important role in antimony-based Na-ion battery alloying electrodes
after extended cycling.
7.1.4 Temperature-Dependent Electrochemical Characteristics of Antimony Nanocrystals

Using electrochemical impedance spectroscopy and differential capacity measurements,
we demonstrate that charge transfer resistance is the main source of capacity reduction (~100 mAh
gt, ~20%) for antimony nanocrystal composite electrodes as the cycling temperature is decreased
from 50 to 5°C. The increase in charge transfer resistance with reduced temperatures is primarily
driven by the increased difficulty of Na-ion transport across the SEI layer-electrode interface. As
the cycling characteristics of the antimony nanocrystal composite electrodes are highly reversible,
we find that primarily irreversible sources of capacity loss, such as sodium deposition and
subsequent SEI layer formation, are not major sources of the capacity reduction with reduced
temperature under the investigated conditions. Furthermore, we show negligible contributions to
the capacity reduction at low temperatures from the double layer capacitance, resistive and
capacitive contributions from charge transfer or ion mobility through the solid-electrolyte
interphase (SEI) layer, and the rate of solid-state diffusion in the antimony nanocrystals. Overall,
these results suggest that rational modification of the SEI layer composition could potentially
increase the low-temperature capacity of antimony nanocrystal composite electrodes.
7.1.5 Electrochemical Characteristics of Systematically Oxidized Antimony Nanocrystal

Alloying Electrodes

In Chapter 6, we systematically studied the performance of antimony nanocrystals with
oxidation levels of 0 to 100 mol% Sb2O3 as Na-ion battery negative electrodes. We find that

capacity retention increases with small amounts of oxide present, as has been previously observed,
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and attribute this to increased amorphization and suppression of the terminal c-NasSb sodiation
state.!®® In contrast to the increased capacity retention associated with small amounts of oxide,
cycling rate is adversely affected by increased oxide content, particularly when thick layers of
oxide are present. Furthermore, we demonstrate via high-fidelity GITT analysis that oxide
formation introduces both kinetic and thermodynamic barriers to sodiation during initial cycling.
However, these barriers are reduced by the amorphization of c-Sh,O3 during extended cycling,
indicating that a burn-in period is required for antimony nanocrystal electrodes with high oxide
content. In addition, desodiation of Na2O is kinetically limited by the large reaction overpotential,
which leads to low reversible sodium storage utilization of the oxide during cycling. Considering
that the oxide is responsible for a large fraction of the gravimetric storage capacity of Sb20s3, this
limitation must be overcome if highly oxidized materials are to be utilized to their maximum
potential. Finally, capacity degradation is driven by both thermodynamic and kinetic limitations,
with the kinetic limitations leading to sequestration of sodium in the active material. Overall, we
have systematically demonstrated that nanocrystalline antimony exhibits significant robustness in
both gravimetric capacity and cycling performance with small amounts of oxide, indicating that
low-cost, water-based electrode processing represents an ideal path forward for antimony electrode

fabrication, irrespective of the inadvertent active material oxidation that may occur.

7.2 Future Directions

In the future, antimony has the potential to be commercialized as a high-power, high capacity
negative electrode for both Li-ion and Na-ion batteries. However, critical areas of research remain
along the commercialization pathway. Much of the work herein that was performed for Na-ion

batteries could be done for Li-ion batteries as well, particularly the temperature-dependence and
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oxidation-dependence studies. There is also room to refine and optimize antimony-nanomaterial
electrode performance further in Na-ion batteries.

Developing a deeper understanding of the morphology-based limitations on performance
would be valuable. While the low-cost antimony nanocrystals exhibit high-performance, they are
synthesized without any surface functionalization leading to anisotropy, aggregation and a large
size dispersion, all of which can inhibit optimal performance. These variables are currently largely
left uncontrolled and so a systematic understanding of their effects is needed. Introducing ligands
into the antimony nanocrystal synthesis in a controlled fashion could be used to probe these
variables systematically, eventually resulting in improved morphological control, both at a single
particle and electrode level, leading to further increases in capacity and rate capability. Considering
the importance of electrode morphology on rate capability, studying the electrode fabrication
procedure for antimony nanocrystal-based electrodes and developing an understanding of the
critical variables would also be valuable to improving the understanding of morphological effects
on antimony nanomaterial performance. In addition, although outside the realm of batteries, the
ultrathin antimony nanoplatelets used in the morphology study may have possible applications for
the development and study of topological and 2D materials.

The importance of the SEI layer to temperature-dependent performance indicates that
understanding the SEI layer chemistry is critical to improving antimony nanomaterial-based
electrodes, further indicating the value of more detailed surface chemistry studies for antimony
electrode materials. Systematically surface-functionalizing the antimony nanocrystals can provide
further insight into the SEI layer temperature effects and dovetails well with the extensions
described above for the morphology-related areas of study. In addition, studying alternative

electrolyte chemistries with varied solvents, additives and salts can also provide insight into the
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SEI layer temperature effects. SEI layer modification represents an interesting avenue for further
antimony nanomaterial-based electrode research.

Developing a stronger understanding the drivers for degradation for both the antimony and
antimony oxide nanocrystals would also be valuable. While most of the degradation is primarily
driven by diffusion-based limitations to desodiation, the initial causes for degradation are not as
clear. Understanding the source of the initial drop-offs in capacity for these materials would be
valuable in increasing their lifetime. In situ and ex situ analysis during and after cycling
respectively, would be critical in identifying the changes in the cell that correlate with this initial
degradation. These studies would seek to correlate changes in the electrode properties such as the
SEI layer chemistry and thickness or the electrode morphology and active material distribution to
the capacity loss. If a correlation can be found, future work would relate to systematically
modifying the relevant electrode parameters to understand the initial degradation drivers.
Extending this work to understand if the small initial capacity losses lead to the large Kkinetic
limitations during desodiation that in turn drive a more rapid capacity loss would represent the
next step forward in these studies. In addition, the exact relationship between the c-NaSb phase
that forms during degradation and the capacity loss is unclear. Further research to determine if the
c-NaSb phase drives degradation or is only a symptom is critical to developing a full understanding
of antimony electrode degradation.

More generally, the high-fidelity GITT and the sample preparation techniques for the
AFM-based electrode morphology analysis used in our studies are potentially interesting for other
electrode materials. The high-fidelity GITT offers significant improvement in resolution relative

to most GITT analysis in the literature. Combined with long-term cycling this technique offers
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improved insight into the drivers for electrode capacity loss and can be used to pinpoint the exact
electrochemical reactions that lead to the performance losses.

The sample preparation techniques for the AFM-based electrode morphology analysis
support the analysis of electrode materials that have large z-heights. Traditional AFM-based
battery electrode analysis can only access materials with limited z-height without producing large
artifacts in the data or causing instrument damage. Therefore, certain electrodes, such as
semiconductor nanowire fabric electrodes, are difficult to study with AFM due to the high porosity
and large z-height variations. Epoxying and slicing a representative piece of the electrode material
as detailed in section 3.4 represents a way to avoid this issue as the slice is thin enough to avoid
AFM data artifacts or equipment damage but still provides data that is characteristic of the whole
electrode. This approach widens the range of electrode materials which can be studied to
understand nanoscale morphology and conductivity via AFM. Considering that AFM is much
more readily available than other techniques traditionally used to study these types of properties
such as synchrotron or TEM-based single particle experiments, this sample preparation approach
can dramatically increase the understanding of nanoscale phenomena in battery electrode
materials.

These future directions provide further insight into antimony electrode performance and
degradation, particularly with regards to key parameters that are not yet ideally optimized for
commercialization. In addition, some of the techniques we have used to study antimony herein can
be more broadly applied and support the study and understanding of other electrode materials.
Overall these future directions offer the ability to significantly impact the understanding,

development and commercialization of many battery electrode materials.
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