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How do we make any material tough?

Fracture or premature failure is a pervasive issue across industries, materials, and length

scales. While modern engineering approaches have developed effective methodologies to cre-

ate damage-resistant materials, there remains a lack of fundamental understanding regarding

the enhancement of a material’s fracture resistance. Natural materials, composed of diverse

and readily available constituents, exhibit exceptionally high damage tolerance and serve

as model systems for understanding mechanisms of toughness amplification. However, true

utilization of bioinspired strategies requires evaluating fracture behavior at the appropriate

(small-scale) architectural length scales, a task that has not yet been thoroughly addressed.

This work aims to bridge this gap by developing fundamental design principles that govern

both intrinsic (material) and extrinsic (architectural) fracture size-effects, that can then be

applied to imbue any material with enhanced fracture resistance.

This is accomplished by first developing a methodology to fabricate and test small-scale

nanoarchitected materials via a combination of two-photon lithography, plasma etching, and

in-situ nanomechanical testing. We first study how fracture behavior changes with sample

size in polymers with varying degrees of crosslinking (DC) and find that ductility emerges



when the sample width approaches a characteristic fracture length scale, independent of

DC. Subsequently, various nanoarchitected materials were developed, utilizing small-scale

constituents and exhibiting increasing architectural complexity. Layered materials with 1D

stiffness heterogeneity showed increased fracture energy and stable crack propagation with

increasing layer spacing, without significant loss in strength and stiffness. Bouligand-style

materials comprising polymeric nanofibers demonstrated enhanced toughness due to size-

enhanced ductility and nanoscale stiffness heterogeneity. Lastly, interpenetrating lattices,

composed of ductile and brittle sub-lattices, exhibited improved toughness and resistance to

crack propagation, underscoring the role of feature size in exploiting size effects to create

materials with unprecedented properties. This work demonstrates the creation of fracture-

resistant nanoarchitected materials through nanoscale toughening mechanisms and highlights

the potential for re-investigating the origins of fracture toughness and cascading damage

mechanisms in hierarchical architectures to develop highly tough, damage-tolerant materials

with properties akin to natural structural materials.
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Chapter 1

INTRODUCTION

Fracture toughness characterizes a material’s energetic resistance to growing an existing

crack and defines a material’s durability, flaw tolerance, and capacity for long-term use. Ad-

vanced technologies demand materials that are not only strong and stiff but also lightweight,

multifunctional, and, most importantly, tough since poor material toughness negatively im-

pacts technologies from biomedical implants [116, 99, 101] to renewable energy applications

like solar cells, thermoelectrics, and batteries [38, 77, 82]. In principle, increasing toughness

corresponds with increasing the number of ways a material can ‘spend’ its energy during

deformation, also referred to as ‘toughening mechanisms’. From a materials engineering

perspective, this is often achieved by turning to composite materials that can activate new

mechanisms to increase the energetic cost for a crack to grow through a material (Figure 1.1),

a strategy routinely exemplified by Natural structural materials. Developing the next gen-

eration of advanced materials using biology as a model system first requires understanding

how we define fracture and what governs deformation in such complex material systems.

1.1 A Brief History of Fracture Mechanics

Fracture mechanics studies how cracks propagate in a material and has its origins in Griffith

Theory (1920/1924) [49, 50]. When faced with premature failure in glass at stresses ∼100x

lower than its strength, Griffith ascribed this behavior to invisible defects in glass and de-

rived a theory for the brittle fracture of solids. Given the mathematical challenges of stress

singularity (the state of infinite stress) at the crack tip, Griffith adopted an energetic ap-



2

Figure 1.1: Ashby plot showing the strength and fracture properties of common engineering
and natural materials. Adapted from [78].

proach and proposed that the toughness of material under loading is a competition between

the decrease in the stored elastic energy and the energy gained by creating new surfaces

from a preexisting flaw or crack. Irwin and others1 found that this toughness, defined as

the strain energy release rate (G = 2γ), where γ is the surface energy, only applies to brittle

materials and falls short for ductile materials [61, 103]. This is because ductile materials

develop a non-negligible inelastic zone ahead of the crack tip that dissipates energy during

fracture that is not accounted for in Griffith’s proposed expression. In the late 1940s, Irwin

and Orowan included this energy dissipation to derive the strain energy release rate and

also reformulated the stress singularity problem at the crack tip by introducing the stress

1This is a very condensed history highlighting the contributions of a select few. To get a more compre-
hensive understanding, I refer the reader to this excellent review by B. Cotterell, ’The past, present, and
future of fracture mechanics’ [35]
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intensity factor (K ). This provided an alternative approach to describe crack propagation:

crack growth occurs when K, defined by the magnitude of the local stress (σ) and the size of

the flaw(a) (K = σ
√
2πa), exceeds a critical value of the stress intensity factor, denoted as

Kic, a material property, laying the foundation of today’s linear elastic fracture mechanics

(LEFM).

One key requirement for this proposed LEFM definition to work was that the sample be

significantly larger than the size of the inelastic deformation zone so that the bulk of the

material could still be treated as purely elastic. In the years that followed, Rice (and others)

addressed LEFM’s shortcomings to account for the significant plastic deformation in front

of the crack and in 1968 formulated a generalized energy release rate for nonlinear material

behavior: a J-integral [117, 118]. The J-integral is another way to determine the strain-

energy release rate by using a contour path integral that is independent of the path around

the crack. Similar to G, it could be utilized to describe the stress state at the crack tip for

any elastic-plastic material, leading to the development of elastic-plastic fracture mechanics

(EPFM). Together, these works build the foundation of standards developed for fracture

toughness and the design of damage-tolerant components that are still used to date.

Since the majority of EPFM-based fracture mechanics was developed for ductile metals,

the inelastic zone was considered to be equivalent to the plastic zone (PZ ). But observations

in size-affected changes in failure behavior even in materials typically considered to be brittle,

led to the development of another kind of fracture mechanics, called quasi-brittle fracture

mechanics (QBFM), in the 1980s. Quasi-brittle fracture primarily describes fracture in

materials that have a finite fracture process zone (FPZ), where the material is undergoing

strain softening not accounted for by EPFM and where this FPZ is significantly larger than

the PZ.

It is important to note here that despite the fact that EPFM and QBFM now account
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Figure 1.2: Types of Fracture Behaviors. Adapted from [25]

for a considerably sized inelastic zone ahead of the crack, they still require structures to be

larger than the size of these inelastic zones to accurately quantify toughness. For structures

smaller or comparable to this inelastic zone, J or G only represent a fraction of the plastic

work. Thus, fracture of small-scale 2 structures is not well quantified and even less well

understood, a point we will come back to repeatedly in this dissertation. It will suffice to

say for now that this presents an enormous opportunity to exploit these unique

fracture phenomena in the design of new materials.

1.2 Natural Structural Materials

We now turn to the world of natural materials to understand what salient features result

in their exceptional properties. Natural materials in both plant and animal species are

known to have unique combinations of strength and toughness despite being made from a

limited selection of available materials [72, 120, 130, 47, 46]. They achieve this using com-

2Here, small does not refer to the absolute length. It can be read as sufficiently small, meaning the
structure size is smaller than the size of the inelastic zone. For ceramics, this can be on the order of 10-100
nm, 0.5-500 μm for polymers, and several mms for metals.
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plex, multi-material, hierarchical architectures that have controlled features spanning from

the nanoscale to the macroscale [58, 134, 96]. For instance, bone, a characteristic example

of a load-bearing biological structural composite, combines low weight, high strength, high

toughness, and self-healing capability. At the nano-molecular length scales, it is composed

of collagen molecules, which combine to form helicoidal tropocollagen fibrils reinforced with

nanocrystalline hydroxyapatite. The fibrils combine and form fiber bundles, which then form

a microscale lamellar structure with a mineralized matrix as seen in Figure 1.3 [72]. Typ-

ically, ceramics are associated with high strength but low fracture toughness and polymers

are associated with low strength but high fracture toughness. Natural materials like bone

combine small volume fractions of high-strength crystalline phases with large volumes of

high-toughness (and lightweight) polymeric phases in complex architectures to obtain effec-

tive properties greater than predicted by the rule of mixtures [78]. Upon application of a

load, structural components at every length scale resist damage and deform to dissipate a

significant amount of energy before fracture It is this hierarchical design of natural materials

from the nanoscale up that enables them to utilize the intrinsically high strength of nanoma-

terials and introduce various intrinsic and extrinsic toughening mechanisms across multiple

length scales.

One notable class of tough natural materials explored in this dissertation is the exoskele-

tons of arthropods such as lobsters, crabs, and mantis shrimp, which consist of highly aligned

chitin nanofibril laminae reinforced with nanocrystalline hydroxyapatite [106, 133, 34]. The

laminae are arranged in a Bouligand stacking [27] wherein each layer is rotated by a fixed

angle with respect to the layer below it to produce a helicoidal microstructure. Nanoindenta-

tion experiments have revealed extensive crack twisting as the crack propagates through the

periodic region of the mantis shrimp. Helicoidal stacking creates a much larger surface area

per unit crack length in the main direction of propagation, hence amplifying the total energy
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Figure 1.3: Architecture, composition, and emergent toughening in Natural Mate-
rials: (a) Complex hierarchical architecture in a bone specimen from the nanoscale up [32].
(b) Ashby plot illustrating increment in toughness beyond the rule of mixtures [134]. (c)
Intrinsic and extrinsic toughening mechanisms due to nanoscale materials and architecture
in natural materials[119]. (d) Mechanisms of toughening at different length scales depending
on hierarchy [72].

dissipated during impact and crack propagation. Crack deviating from a helicoidal path

into the neighboring layers encounters an elastic modulus oscillation (anisotropic stiffnesses)

which provides an additional protection against damage. These exoskeletons also contain

many pores, either in the form of tubules that run through their thickness [34] or as elliptical

voids between fiber bundles [145]. Another notable material is the egg case of swell sharks,

which is one of the toughest permeable membranes known and consists of Bouligand-like

nanoribbon lamellae that are part of a larger nanolattice architecture [47]. In all these ma-

terials, the angular misorientation between layers, modulus mismatch between constituent

materials, and the presence of voids, pores, or tubules activate toughening mechanisms like

crack twisting, crack blunting and crack arrest, making them extremely damage-tolerant
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Figure 1.4: Bouligand Architectures in Nature (a) Hierarchical architecture in the
dactyl club of the mantis shrimp [100]. (b),(c) and (d) are the single, double and herringbone
bouligand architectures respectively, as found in different sea organisms [133, 146, 144]. (e)
Extensive crack twisting observed in the dactyl club of a mantis shrimp [128].

[133, 97].

There are multiple structural variants of the bouligand style architecture, of which we

are focusing on the single, double and herringbone architectures, where the latter two are

modifications of the former. The double bouligand structure is much rarer and found in the

elasmoid scales of Chordata fish [146]. It uses the orthogonal bilayer as a unit to further

form the twisted plywood structure. The array of fibrils perpendicular to the laminate struc-

ture, mainly along the thickness direction, called the interbundle fibrils, holds the structure

together and keeps the bilayers from separating. The herringbone bouligand, on the other

hand, has wavy, double sinusoidal fibers. Triaxial stress states in both the double bouligand

and the herringbone structures give rise to complex crack growth morphologies and increase

the total energy dissipated during fracture.
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1.3 Tough Bioinspired Architected Materials

Modern fabrication techniques and testing methods have enabled the design and character-

ization of engineering materials with features similar to natural materials. Techniques like

multi-material additive manufacturing, freeze casting, and self-assembly have been used to

create bio-inspired architectures like topologically interlocked lattices or tiles [92, 53], nacre-

like (brick and mortar) microarchitectures [95, 29], soft/weak inclusions or defects [79, 91] and

twisted (Bouligand) architectures [128, 146] (Figure 1.5). These materials activate toughen-

ing mechanisms like crack-twisting, crack-deflection, fiber pullout, and constrained microc-

racking [128, 30, 80, 91, 53], akin to natural materials 3, and can be considerably tougher

than their constituents.

Figure 1.5: Bioinspired Toughness: (a) Crack twisting with increasing bouligand twist
in multi-material polymer bouligand structures and glass fiber composite beams [128, 146].
(b) Bone-inspired materials showing crack deflection [79]. (c) Nacre inspired glass showing
distributed micro-cracking and damage tolerance [91].

While they draw inspiration from nature, they largely ignore the role of length scale on

fracture. A key constituent for the exceptional behavior of natural materials is hypothesized

3Interested readers are referred to ‘Advanced Structural Materials by Bioinspiration’ [78] by F. Libonati
and M. Buehler for a more comprehensive understanding.
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Figure 1.6: Microscale Fracture and Size Effects. (a) Shape and size of the plastic
zone ahead of the crack tip in different materials and it’s implications on microscale fracture
testing [8]. (b) Scaling of Toughness in bone hierarchy showing toughness amplification at
the nanoscale due to fibril bridging [129].

to be its nanoscale building blocks, which utilize unique size-affected material properties.

Moreover, since fracture processes at different length scales contribute differently to the

effective toughening of the material, true bioinspired design necessitates bottom-up fabri-

cation with comparable feature sizes and fracture characterization at appropriate length

scales. On the fabrication end, for a long time this was limited by the lack of suitable tech-

niques. Emerging micro and nanoscale additive manufacturing methods in combination with

thin film deposition and pyrolysis techniques have now been used to create novel nanoarchi-

tected materials that utilize enhanced strength at the nanoscale to make incredibly strong,

lightweight and flaw tolerant materials [87, 64, 14, 94, 147, 111]. This successes in high-

strength and tough-architected materials, now demands a systematic investigation into the

role of nanomaterials and nanoarchitecture in toughness at small length scales.
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1.4 Small-scale Fracture

Fracture experiments are standardized for the macroscale, where sample dimensions can be

significantly larger than the characteristic fracture process zone (FPZ) and plastic zone (PZ)

sizes, and linear elastic fracture mechanics (LEFM) assumptions like K-field dominance can

be made. Fracture analysis at the micro/nanoscale is complicated by the inherent material

length scales and size effects involved in fracture processes [22, 113, 8]. At the microscale,

sample sizes can approach or become smaller than the FPZ or PZ size of the material,

especially in metals and polymers. This makes it complicated to perform analysis, let alone

adapt new standards, for toughness measurements [65, 109, 9]. Fracture testing has been

reported on notched microscale beam samples, but asymmetric loading conditions at the

notch tip of individual cantilevers limits the viability of these techniques, especially for

heterogeneous materials [3, 140, 9, 123]. The development of reliable experimental and

theoretical frameworks to measure small-scale fracture properties will help to verify size

effects in fracture that have been studied either theoretically or at the macro-scale [22,

26, 131]. It is also significant for understanding spatially varying properties of natural,

heterogeneous materials, such as in recent work by Tertuliano et al. [129] showing the effect

of nanoarchitecture on flaw tolerance in bone.

1.5 Outline and Objectives

This dissertation focuses on the intrinsic length scales that govern fracture in different ma-

terials and explores how they can be utilized in bioinspired architectures to develop the next

generation of damage-tolerant materials.

Chapter 2 focuses on quantifying the individual roles of nanomaterials and nanoarchitec-

ture on toughness. We fabricate a novel nanoarchitected material made with a Bouligand

stack of nanofibers (nano-Bouligand) with minimum feature sizes and architectures compa-
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Figure 1.7: Strategy to develop the next generation of damage tolerant materials [133, 128,
80, 131, 129, 89, 51].

rable to those found in natural materials and develop a methodology to mechanically test

small-scale toughness and elucidate the emergent nanoscale toughening mechanisms. We

show that the size-enhanced ductility of isolated nanofibers in low-density materials, along

with the nanoscale stiffness heterogeneity in twisted materials, both act as independent

toughening mechanisms. More broadly, toughness at the nano/microscale is not an “intrin-

sic” material property, but it can be affected by molecular or nanoscale heterogeneity in a

unique and controllable way.

Chapter 3 focuses on understanding the mechanistic origins of enhanced ductility at small

scales. We fabricate μ-scale beams with varying degrees of polymer crosslinking and study

how fracture behavior changes. This is combined with an elastic-plastic-damage numerical
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model and size-effect experiments to quantify the length scales at which ductility is activated

in different materials. We show that ductility is a size-induced property that occurs when

features are reduced below a characteristic fracture length scale and that strength, stiffness,

and toughness alone are insufficient predictors of ductility.

Chapter 4 focuses on utilizing the idea of size-enhanced ductility to create size-controlled

architected materials. We develop μ-layered polymeric beams with features smaller than the

material’s fracture yielding zone and study how fracture changes with increasing architectural

complexity. We show that architecture enables the preservation of size-effects and that

architected materials with sufficiently small feature sizes not only show significant toughness

amplification but also prevent catastrophic failure.

Chapter 5 focuses on toughening in nano-interpenetrating lattices, primarily to explore

how materials with different fracture-yielding zones can be combined to enhance tough-

ness. We develop nano-interpenetrating lattices with features smaller and larger than the

fracture-yielding zone and study how fracture changes. We show that the creation of an

interpenetrating architecture prevents catastrophic failure, but similar to the layered mate-

rials in Chapter 3, the creation of sufficiently small interpenetrating lattices fundamentally

enhances damage tolerance.

Chapter 6 offers a concise summary of the investigations of this dissertation, as well as

an outlook and other research directions in the size-controlled bioinspired design of tough

materials.
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Chapter 2

NANO-BOULIGAND ARCHITECTED MATERIALS

This chapter has been adapted from:

Patel, Zainab S., and Lucas R. Meza. ”Toughness Amplification via Controlled Nanos-

tructure in Lightweight Nano-Bouligand Materials.” Small 19.50 (2023): 2207779.

Contributions: Designed and fabricated samples, conducted experiments, analyzed data,

and wrote manuscript.

2.1 Chapter Summary

The enhanced properties of nanomaterials make them attractive for advanced high-performance

materials, but their role in promoting toughness has been unclear. Fabrication challenges

prevent the proper organization of nanomaterial constituents, and inadequate testing meth-

ods have led to a poor knowledge of toughness at small scales. In this chapter, we quantify the

individual roles of nanomaterials and nanoarchitecture on toughness by creating lightweight

materials made from helicoidal polymeric nanofibers (nano-Bouligand). Unidirectional (θ

= 0°) and nano-Bouligand beams (θ = 2° - 90°) were fabricated using two-photon lithogra-

phy and designed in a micro-single edge notch bend (µ-SENB) configuration with relative

densities ρ between 48% to 81%. Experiments demonstrate two unique toughening mecha-

nisms. First, size-enhanced ductility of nanoconfined polymer fibers increases specific frac-

ture energy by 70% in the 0° unidirectional beams. Second, nanoscale stiffness heterogeneity

created via inter-layer fiber twisting impedes crack growth and improves absolute fracture
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energy dissipation by 48% in high-density nano-Bouligand materials. This demonstration

of size-enhanced ductility and nanoscale heterogeneity as coexisting toughening mechanisms

reveals the capacity for nanoengineered materials to greatly improve mechanical resilience

in a new generation of advanced materials.

2.2 Background

Structural materials must not only be strong, stiff, and lightweight but also resistant to

fracture (i.e., tough), properties that are difficult to obtain simultaneously. Nanomaterials

are known to have unique properties such as size-enhanced strength, flaw tolerance, and

ductility [44, 48, 6, 105, 37], but there are few engineering examples where nanomaterials

engender both strength and toughness in a material. Natural materials in both plant and

animal species have noteworthy combinations of strength and toughness despite being made

from a limited selection of available materials [72, 120, 130, 47, 46]. It is hypothesized that

their hierarchical architectures comprising precise nano-, micro-, and meso-structures enables

them to utilize the high strength of nanomaterials while introducing toughening mechanisms

across multiple length scales [58, 134, 96]. One notable class of tough natural materials is

the exoskeletons of arthropods such as lobsters, crabs, and mantis shrimp, which consist

of highly aligned chitin nanofibril laminae reinforced with nanocrystalline hydroxyapatite

[120, 106, 133, 52, 145, 137]. The laminae are arranged in a Bouligand stacking [27] wherein

each layer is rotated by a fixed angle with respect to the layer below it to produce a he-

licoidal microstructure. Similar architectures can be found in soft materials, e.g. the egg

cases of swell sharks [47]. The angular misorientation between layers, modulus mismatch

between constituent materials, and the presence of voids, pores, or tubules activate toughen-

ing mechanisms like crack twisting, crack blunting and crack arrest, making them extremely

damage-tolerant. While these materials serve different functions – shells have a higher min-
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eral content for increased strength, and egg cases have a low density to be semi-permeable;

it is apparent that their architecture enables extreme flaw tolerance and activates toughen-

ing mechanisms across multiple length scales. Work on the fracture and impact behavior

of bioinspired Bouligand materials has successfully replicated toughening mechanisms like

crack twisting and blunting, demonstrating the high fracture resistance of this architecture

and providing a mechanistic understanding of the key design features contributing to this

enhanced damage tolerance [138, 112, 146, 93]. This principle of architected toughness thus

has great promise for guiding the design of novel high-strength, fracture-resistant materials,

but implementing it first requires understanding how structural hierarchy, particularly at

the nanoscale, affects toughness.

2.3 Bioinspired Design

We develop a new class of nanoarchitected materials comprising polymeric nanofibers that

exploit both nanomaterials and nanostructure to enhance their toughness. To decouple the

unique contributions of nanomaterial size-effects and nanoarchitecture, we create two distinct

nanostructural designs. First, we created beams with unidirectional fibers and varying inter-

fiber distances. The altered fiber spacing causes fibers to either bridge (i.e. join together)

or remain separate, allowing for control over the nanoconfinement in each layer and thereby

controlling the material level ductility. Second, we introduced a Bouligand-style architecture,

where the fibers in each layer are twisted by a fixed angle from the adjacent layer. These

helicoidal stacks of twisted polymeric nanofibers enable the creation of a complex 3D spatial

variation of material stiffness with minimum feature sizes and architectures comparable to

those found in natural materials (Figure 2.1)

Microscale beams were designed with Unidirectional and Bouligand-type nanoarchitec-

tures that have a controllable relative density (ρ) and twist angle between layers (θ) [28].
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Figure 2.1: Design of Nanobouligand beams. (A) Scanning electron microscope (SEM)
image of the endocuticle of the diabolical ironclad beetle, showing helicoidal fibre orien-
tation with a ∼30–60° rotation per layer [120] (Scale bar: 10 µm). (B) SEM image of
the cross-section of a ‘smasher-type’ mantis shrimp dactyl club showing microscale voids
[106, 145] (Scale bar: 2 µm). (C) SEM image of a free-standing µSENB specimen of a
LD-30° beam(Scale bar: 10 µm). (D) Close-up of the nano-Bouligand architectural features
made in this study, similar in design and scale to natural materials shown in (A) and (B).
(Left) Front view of a LD-30° beam. (Right) Fracture surface of the MD-0° beam with ellipti-
cal voids (Scale bar: 2 µm). (E) Computer-aided design (CAD) of the nano-Bouligand beam
showing the hatching (d), layering (l), and twist angle (θ) design parameters. (F) Design
space showing SEM images of beams of varying relative density and twist angle (Scale bar:
5 µm).
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The nanofibers that make up these materials have a major and minor axis equal to ∼1650

nm and ∼480 nm, respectively. The high laser exposure during fabrication results in the

voxel having a slightly hyperbolic (peanut-shaped) cross-section rather than an elliptical one,

as has been shown in other work [15]. The center-to-center distance between layers (l) is set

equal to 1500 nm in all beams, creating a minimum overlap (δ) equal to 150 nm between

two layers, as seen in Figure 2.1. In plane center-to-center distances between the fibers (d)

= 600 nm, 800 nm, and 1000 nm were used, resulting in beams with relative densities of

ρ ≈ 81%, 64%, and 48%, respectively. For simplicity, these densities will be referred to as

High-Density (HD), Medium-Density (MD), and Low-Density (LD), respectively. The twist

angle (θ) is explicitly defined for each layer, and beams of every relative density are written

with θ = 0°, 2°, 5°, 15°, 30° and 90°. Taken together, samples will be referred to using a

‘ρ-θ’ designation, meaning an ‘HD-30’ sample would have an 81% relative density and a 30°

twist angle. Relative density calculations were made using CAD renderings of the material.

Modeled voxel dimensions were measured from SEM images and bridging zones were incor-

porated to account for the additional cross-linking at layer intersections that occur due to

proximity effects. Given the voxel size uncertainty and variation in bridging zone size, it is

estimated that the calculated relative densities have a variance of ±5%, and introducing a

twist causes less than 0.8% variation in the relative density.

Specimens were designed in a single edge notch geometry and written in a 3-point bend

configuration for testing. All beams consisted of 9 twist layers, giving a total beam thickness

B=13.5 µm. Beam dimensions were determined based on the required specimen aspect ratio

defined in ASTM E1820-20b [59], where 1 ≤W/B ≤ 4 and S = 4W, whereW is the specimen

width and S is the span length. Notches were directly written into the beams during the

printing process to avoid introducing any focused ion beam (FIB) milling damage during

specimen preparation [8]. The notches were written in the first three layers of the beams,
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Figure 2.2: TPL artifacts in the nano-Bouligand beams. (A) Side view of the HD-
0° beam. (B) Side view of LD-0° beam showing fiber overlap between layers-helping in
maintaining the integrity of the structure. (C) Front view of the LD-0° beam showing
sinusoidal waviness produced due to system vibrations. (Scale bar in all images: 5 µm)

causing them to have a length of a ≈ 4.5 µm. All beams were designed such that the 0°

layer intersects the tip of the notch; which allowed the results from different architectures to

be compared directly.

2.4 Methods

2.4.1 Fabrication

The entire three-point bend assembly and the nano-Bouligand beams are designed in Python

and imported into Photonic Professional DLW system (Nanoscribe GmbH). Specimens were

fabricated on silicon substrates, which were first etched for 5 minutes in oxygen plasma

(Plasma Etch - 25 system) and then functionalized using 3-(Trimethoxysilyl) propyl methacry-

late to improve adhesion and prevent peeling off of supports during fracture tests. Subsequent

writes were done using two-photon lithography (TPL) direct laser writing (DLW) system



19

(Nanoscribe, GmbH). A proprietary acrylate-based resist, IP-Dip (Nanoscribe, GmbH), was

used with a 63x objective to obtain high-precision sub-micron resolution writes.

Figure 2.3: Fabrication procedure to produce free-standing micro-single edge
notch bend (µSENB) specimens with nano-Bouligand beams. (A) DeScribe ren-
dering of the nano-Bouligand beam setup designed using a custom Python script. (B) As
printed sample with support lattices and solid springs (Scale bar: 10 µm). (C) Post etching
and FIB milling of springs (Scale bar: 10 µm). (D) In-situ nanomechanical testing with the
conductive diamond wedge tip (Scale bar: 50 µm).

Nano-Bouligand samples were written using a slower piezo-control mode which gives high-

precision writes. Laser power and scanning speeds were adjusted to 56 mW and 50 µm/sec,
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respectively to obtain a final voxel width of 480±50 nm width and 1650±50 nm height.

The three-point bend supports and springs were written using the faster galvanometric scan

mode with a finer hatching and layering to produce stiffer structures. The support lattices

were written using the piezo mode with the lowest laser power (6 mW) to ensure faster

etching. Printed structures were immersed in a propylene glycol monomethyl ether acetate

(PGMEA) solution for 20 mins, then in ultrapure IPA for 30 mins followed by critical point

drying (Autosamdri-931 system Tousimis). These were subsequently etched in a downstream

oxygen plasma etcher (YES CV200 RFS downstream etcher) at 45°C with 65 W power, a

pressure of 760 millitorr, and 100 SCCM O2 flow [51]. Springs supporting the beam were

milled using a focused ion beam (FIB) (FEI XL830) at 70 pA beam current for 30 seconds

to produce free-standing three-point bend specimens. Figure S2 illustrates the fabrication

method to produce free-standing micro-single edge notch bend (µSENB) specimens.

2.4.2 Nanomaterial Properties

The mechanical properties of any photopolymer depend strongly on the degree of conversion

(DC) of the material, i.e, the amount of cross-linking between polymer chains. In a TPL

process, this cross-linking density varies both through the part and across the width of an

individual voxel, resulting in complex spatial property gradients that depend on the degree

of laser exposure and the hatching and layer spacing of the voxel lines. The effect of DC on

feature size, voxel shape and mechanical properties of the acrylate-based resist used here has

been thoroughly characterized in work by Bauer et al. [15]. The size of the voxel depends

roughly on the power that the material is exposed to and, for the materials and process used

here, can vary from 150nm-650nm in width. The shape of a single voxel made using TPL has

an elliptical cross-section at low powers but can shift to a slightly hyperbolic (peanut-shaped)

cross-section at higher powers.



21

Figure 2.4: Variation in Plastic deformation with beam density. (A) Load vs dis-
placement data from bend tests on un-notched FD, HD, MD and LD-0° beams showing 2x
increase in flexure strain in the LD-0° beam. (B) Failure strain vs relative density demon-
strating ≈ 2x increase in strain to failure in LD samples with isolated nanofibers as compared
to fully dense samples with fully bridged fibers.

In this work, the higher laser power used results in this type of hyperbolic voxel and

causes fibers to bridge toward their ends, forming a weakly cross-linked bridge between

layers (Figure 2.1). The relationship between Young’s modulus and yield strength on DC

have been measured to be as E = (9.52 ∗ DC – 0.56) GPa and σy = (170.36 ∗ DC – 0.84)

MPa [15]. Based on the parameters used here, this corresponds to a stiffness and strength

of the fiber core (center of the voxel) of Emax ≈ 3.9 GPa and σy–max ≈ 79 MPa, while

the weakly cross-linked bridges may have properties of Emin ≈ 1.3 GPa and σy–max ≈ 35

MPa. It should be noted that within a single voxel, the cross-linking density can vary by

as much as 30% in a 100nm distance [66], resulting in significant local property gradients.

We additionally conducted direct bend measurements on Unidirectional beams to quantify

the strain to failure of the layers (Figure 2.4). We found a strong dependence of the failure

strain on the relative density, with εf ≈ 0.23 for the fully dense beams and εf ≈ 0.45 for the
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low-density beams with more isolated fibers. This nanoconfinement induced ductility is a

key feature that bestows toughness to the low-density materials studied here.

2.4.3 Mechanical Testing

In-situ fracture tests were performed using the displacement-controlled mode in an Alemnis

ASA nanoindentation system. Specimens were tested either to complete fracture or to a

displacement of 14 µm and video data was captured for each test, representative stills of

which are shown in Figure 2.5. Instantaneous load line stiffness was calculated using the

unloading slope of the CSM data, and crack initiation was determined as the point where

the unloading stiffness began to decrease. Crack lengths were obtained using a compliance

calibration procedure [55] by correlating the crack initiation point with the instantaneous

stiffnesses thereafter. The tool was installed in a Thermo-Fisher Scientific Apreo SEM, and

testing was done with a 2 µm radius conductive diamond wedge tip. A loading rate of 20

nm/sec was used and beams were taken to 14 µm piezo displacement. A sinusoidal signal

of amplitude 40 nm and frequency 4 Hz was superimposed to perform continuous stiffness

measurement (CSM) and thereafter compute instantaneous crack lengths. All test videos

were recorded using a 300 ns refresh time and 2 frame integration.

Load measured during nanomechanical testing always contains some thermal drift, which

increases with time. To account for this, we kept the nanoindenter assembly installed for

a time greater than 12 hours prior to testing for the drift to stabilize. We additionally

added ‘out-of-contact’ segments before and after the compression step where the tip is not in

contact with the sample to correct for any drift in the system. Thermal drift showed linear

correlation with time for short experiment times (less than 30 minutes) and was subsequently

subtracted from the load data during data processing. µ-SENB nano-Bouligand samples were

soft and their peak load was close to the load limit of the tool, hence the CSM data was noisy,



23

Figure 2.5: Representative crack growth and J-integral data. I-VI are representative
stills from an in-situ fracture test on an MD-30° beam showing crack initiation and propaga-
tion with increasing tip displacement (Scale bar: 5 µm). (A) Load-displacement data with
inset showing the applied sinusoidal displacement for CSM. (B) Unloading stiffness (gray)
calculated from the unloading slopes of the CSM data and the corresponding crack lengths
(red) obtained via compliance calibration. Crack initiates after III, as seen by the drop in
stiffness. (C) J-integral calculated using [59] exhibits a rising behaviour indicative of exten-
sive toughening.

particularly for the LD samples. Since the noise in the CSM data can significantly affect

the computation of crack lengths and J-curves, an amplitude based Fast Fourier Transform

(FFT) noise filtering algorithm was applied on the load-displacement data. Subsequent CSM
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Data was smoothed using the Savitzky-Golay filter by fitting a third order polynomial for

every 300-400 data points.

2.4.4 Crack Growth Tracking

Accurate measurement of crack lengths in microscale fracture tests is challenging. The

compliance calibration procedure correlates crack initiation with a drop in stiffness, where

the point of crack initiation is the point of the maximum stiffness of the CSM curve [59],

but the video data may not show an initiated crack at that displacement/time. This is

because crack growth is non-uniform across the specimen thickness and a crack initiated at

the center of the beam width may not be visible at the face of the sample right when the

CSM value drops. For all other time instances thereafter, the crack lengths generated from

compliance calibration represent an average crack length for a given specimen. Although this

works reasonably well for the stiff HD and MD samples, for the LD samples, there wasn’t

a notable peak in the CSM stiffness, which created ambiguity around the crack initiation

point detected by the compliance calibration procedure. To understand the discrepancy

in our compliance calibration vs video data as well as to obtain an alternate set of crack

length values for the LD beams, we utilized the in-situ video data. A Python script was

developed which first smoothed the image frame within the given threshold values and then

utilized edge detection functions to detect the crack tip, corners and the bottom edge of the

beam. Polynomial fit functions were utilized to approximate the base of the beam and then

the distance between the base and the tip of the crack was measured and plotted with the

crack lengths obtained from the CSM data. In general, we found good agreement between the

compliance calibration and video data, and therefore used the crack lengths generated by the

compliance calibration procedure to calculate subsequent J-integral crack growth resistance

curves.
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2.4.5 Plastic Zone Size

A simple approximation of the plastic zone size for acrylate-based materials can be obtained

by using the relationship rp = 1/(Kic/σy)
2 where Kic is the fracture toughness and is equal

to 1.5 MPam1/2 [74], σy is the yield strength and is equal to 45 MPa [15], giving rp ∼ 354

µm, significantly larger than both the size of the sample and the fiber. This means that all

samples undergo large-scale yielding with damage zones much larger than the sample size.

With increasing twist angle, increased inhomogeneity of the architecture delays damage

further, indicating a larger damage/fracture process zone. This also means that the J1L

values are significantly lower than the actual fracture energy of the sample.

2.4.6 J-R curve Measurement

An elastic-plastic Mode-I J-integral was used to determine the fracture behavior and crack

growth resistance (J–R curve) of the samples as defined in ASTM E1820-20b. Presently,

there is a lack of standard procedures to define the critical fracture toughness (Jq or Jic)

from crack resistance curves in microscale fracture tests [110]. Efforts have been made to

adopt macroscale standards for microscale tests [65, 123, 8], however, these strongly depend

on the size of the sample, type of material being tested, and the material’s plastic behavior

at relevant length scales. Thus, to meaningfully quantify fracture energy, we compare the

J value at a crack growth equivalent to one layer crack extension, which is at Δa ≈1.5 µm

and is denoted here as J1L. This definition of J1L allows for a direct comparison of the

fracture energy of the nano-Bouligand materials at a consistent amount of crack growth.

Note that this is not meant to serve as a standard method for calculating material fracture

energy, it is simply a useful metric for analyzing the materials in this work, and a more

fundamental investigation is needed to ascertain how fracture energies at the microscale can

be extrapolated to macroscopic material properties. Specific fracture energy, i.e., fracture
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energy normalized by relative density (J 1L = J1L / ρ), is also calculated to compare the

energy dissipated by the nano-Bouligand beams per unit solid volume. Figure 2 shows the

crack propagation process in the nano-Bouligand beams along with a representative J–R

curve obtained from testing. Non-linear fracture mechanics based Mode-I J-integrals were

computed using the following equations:

J = Jelastic + Jplastic . (2.1)

Here J is the total J-integral value and Jelastic and Jplastic are its elastic and plastic compo-

nents. The instantaneous elastic component can be expressed as:

Jel(i) =
K 2
i (1 – ν2 )

E
and Ki =

[
PiS

(BBN )1/2W 3/2

]
f (

ai
W

). (2.2)

Here Ki is the stress intensity factor for a given crack length ai , E is the Young’s modulus,

and ν is the Poisson’s ratio. Pi is the instantaneous load, S is the span length, B is the

beam thickness, W is the beam width, BN is equal to B, and f ( aiW ) is the geometry factor

specified for the SENB geometry in [59]. The instantaneous plastic component can be further

expressed as:

Jpl(i) =[Jpl(i–1 ) + (
hpl(i–1 )

b(i–1 )
)(
Apl(i) – Apl(i–1 )

BN
)]∗ [1 – γpl(i–1 )(

ai – a(i–1 )

b(i–1 )
)], (2.3)

where b is the length of the uncracked ligament and Apl is the area under the load-

displacement curve. The quantity Apl(i) – Apl(i–1 ) is the increment of plastic area under the

load-displacement curve between lines of constant plastic displacement at points i-1 and i.
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ηpl(i–1) = 1.9, and γpl(i–1) = 0.9 as defined for SENB geometry [59].

2.5 Results

2.5.1 Load-Displacement Behavior

Load-displacement data and post-fracture images of all nano-Bouligand beams are shown in

Figure 2.6, but for sake of brevity only unidirectional and θ = 5° and 30° nano-Bouligand

beams will be discussed. As is expected, the bending stiffness and peak load scale propor-

tionally with sample density and inversely with interlayer twist angle.

The proportional scaling with density is clearest in unidirectional samples, where the

HD-, MD- and LD-0° beams have bending stiffnesses of 0.73 N/m, 0.58 N/m, and 0.44 N/m,

respectively, obtained from the slope of the straight line fits in the linear elastic part of

the load-displacement response as seen in Figure 2.6. A similar trend is observed in the 0°

sample peak load, which are 2.1 mN, 1.4 mN, and 0.9 mN, respectively. An increased twist

angle results in nanofibers that are rotated away from the bending axis, thereby reducing

the effective bending strength and stiffness of the samples. This is most pronounced in the

MD and LD samples due to their lower transverse layer strength and stiffness. Irrespective

of density or twist angle, all samples show a gradual softening after the onset of failure,

indicating a stable crack growth.

2.5.2 Crack Initiation, Propagation and J-R Curves

J-Integral calculations reveal a varying fracture behavior that is dependent on both density

and interlayer twist angle. Notably, all samples had a clear rising J–R curve, so the J1L

values provided an important distinction in fracture behavior. The effect of density is again

most apparent in the unidirectional samples, wherein the fracture energy of all densities of

beams was nearly identical with J1L ≈ 42 J/m2. This means that there was no observed
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Figure 2.6: Nanomechanical test data and corresponding crack growth resistance
curves. Load displacement, crack extension, and J-integral plots of the 0°, 5°, 15°, 30° and
90° twist angle beams corresponding to each tested relative density.
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fracture energy scaling with density. Cracking in the unidirectional samples initiated at a

beam displacement of ∼1.2 µm, and cracks extended rapidly through the beam cross-section.

The final crack fronts appear smooth and straight (Figure 2.7 and movie S1, S4, S5), and

cracks penetrated through the entirety of the unidirectional beams.

The toughness of the twisted nano-Bouligand beams was highly dependent on relative

density. The HD samples showed an increase in J1L with increasing twist angle and had

steeper J–R curves. The HD-30° beams correspondingly had the highest fracture energy

(J1L ≈ 67 J/m2) of all the specimens tested in this study. The fracture energy of the LD

samples showed the opposite trend and had an inverse correlation with twist angle. The

LD-30° beam only reached a value of J1L ≈ 25 J/m2, the lowest among all specimens tested

in this study. There was no clear trend in J1L in the MD samples with twist angle. The J–R

curve of all 30° twist angle beams plateaued after a crack growth of ∼2 layers, indicating no

new mechanisms were activated after a small amount of crack propagation.

Interestingly, the displacement of the beams prior to the onset of fracture did not follow

the above trends and instead was strongly dependent on twist angle. This was most dominant

for beams with θ = 30°, which had up to a ∼2x greater displacement prior to crack initiation

than the unidirectional beams (Figure S5 and movie S3, S6). The final crack fronts of samples

with higher twist angles were rougher and had wavy edges (Figure 3), qualitatively indicating

an increased energy dissipation. This disconnect between the observed crack roughness and

the J1L value, along with the varying trends between twist angle and density, indicate that

the fracture energy is significantly altered by the sample porosity. It should be noted that

crack propagation in all samples was approximately straight and did not deviate significantly

as has been observed in other Bouligand materials [127].



30

Figure 2.7: Post Fracture SEM Images of nano-Bouligand beams. Final images of
the fractured beams of every twist angle and relative density tested. All scale bars: 5 µm.
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2.5.3 Fracture Surfaces

Post testing, nano-Bouligand beams did not separate into two halves, rather, the crack closed

as the tip was withdrawn from the sample. This made imaging the fracture surface of the

beams a significant challenge. Images below were taken either when the fracture surface was

visible after tilting/rotating the sample in the SEM or beams were knocked down with a thin

gauge wire and imaged thereafter (Figure 2.8). We see a relatively smooth fracture surface

for beams with low twist angles and a rough, jagged surface with pulled fibers for beams

with higher twist angles.

Figure 2.8: Fracture Surfaces of nano-Bouligand beams. Transition from smooth
surface in low twist angle beams to a rough surface with broken and pulled fibers in the high
twist angle beams.

2.5.4 Work of Fracture

Considering the high plasticity, small sample size and the lack of estimation of the plastic

zone and fracture process zone size of the nano-bouligand materials in this study, it is possible

that the J integral calculated using EPFM underestimates the fracture energy of the material,
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since the J-contour will be inside the non-linear zone. For completeness, the fracture energy

is additionally characterized as work of fracture. It is computed as Wf = Acurve/B(W – ao)

[57] and plotted with the corresponding J1L values in Figure 2.9. Here Acurve is the area

under the load-displacement curve, B is the specimen width, W is specimen thickness and

ao is the initial crack length.

Figure 2.9: Fracture Energy and Work of Fracture for nano-Bouligand beams.
Comparing fracture energy dissipated after 1 layer (J1L) with total work of fracture. Error
bars represent standard deviation values from three runs on each specimen type.

We see that the fracture energies calculated using work of fracture have the same order

of magnitude as the J1L values. However, it doesn’t show the same trends as the computed

J1L values. This might be because the area under the curve comprises the fracture energy

of the entire sample whereas J1L is just one layer. It is also interesting that the J1L and Wf

values for all the 30° beams are almost equal, which might be because the J for 30° plateaus

after an initial rise. In the 0° samples, the J-curves continue to rise, so the Wf is higher than

the J1L, and probably the actual fracture energy of the sample might be much higher if we

have a greater sample thickness for the J curve to plateau.
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2.6 Toughening Mechanisms

In the unidirectional and nano-Bouligand materials studied here, we find two distinct tough-

ening behaviors. First, the J 1L of the unidirectional beams increases with decreasing relative

density. Second, we see that the HD samples progressively toughen with an increasing twist

angle. These trends indicate the activation of specific energy dissipation mechanisms that

amplify material toughness. Both of these mechanisms are discussed in detail below.

2.6.1 Nanomaterial Effect: Toughening due to Nanoconfinement

Absent any changes in mechanism, fracture energy (Gc or Jc) of low density materials should

scale with relative density [7]. In linear elastic fracture, the dissipated energy is proportional

to relative density, i.e. Gc ∝ ρ, because it depends on the amount of solid material involved

in the fracture process. This scaling relation may not strictly hold for high relative density

materials or in elastic-plastic fracture analysis, but it is reasonable to assume an approxi-

mately linear relationship between fracture energy and density for most porous materials.

Increasing a low density material’s fracture energy thereby requires the activation of new

energy dissipation mechanisms. While this type of mechanism activation is found in both

engineered and natural composite materials, it is unusual to find new mechanisms activated

in a single material system. The fracture energy scaling of the 0° unidirectional samples

is thus in direct contrast with predictions from traditional fracture mechanics for porous

materials [75] (Figure 2.10A). The 0° beams have minimal crack deflection during fracture

and the constant z-axis spacing makes property gradients comparable despite the different

densities, meaning the only energy dissipation mechanism in the 0° beams is the plasticity

of the polymer itself. As the density of the beams decreases, the amount of free surface

between fibers increases, creating nanoconfined nanofibers (Figure 2.10C). For the IP-Dip

material used here, it has been observed that the tensile toughness (unnotched tensile energy
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dissipation) can approximately double between the bulk and nanoconfined polymer due to a

large increase in strain to failure [15]. This increased tensile ductility was confirmed in this

work using three-point bend tests on unnotched specimens, where failure strain was found

to increase ∼2x in the lowest density beams over that of the fully dense beam (Figure 2.4).

The increased plastic energy dissipation of the nano-Bouligand beams is, therefore, due to a

size-enhanced change in plastic energy dissipation in the nanoconfined polymer, which coun-

teracts the predicted scaling of J1L with density and directly improves the specific energy

dissipation J 1L as seen in Figure 2.10A.

2.6.2 Nanoarchitecture Effect: Toughening due to Nano-heterogeneity

The effect of nanofiber twist angle on toughness and thereby toughening mechanisms is highly

dependent on the nano-Bouligand beam density. Crack twisting, which is attributed as a

dominant toughening mechanism observed in natural materials with Bouligand architectures,

occurs due to the high modulus mismatch between constituent materials [133, 137, 90]. Pre-

vious work on bioinspired Bouligand materials at the macroscale similarly utilized stiff fibers

and soft matrix materials comprising at least two full Bouligand stacks [85] and success-

fully reproduced crack twisting, demonstrating reduced damage propagation and enhanced

damage tolerance [138, 112, 146, 93].

While the nano-Bouligand beams here have an extreme layer stiffness anisotropy – es-

pecially in the LD beams – and exhibit demonstrably rougher fracture surfaces with higher

twist angles (Figure 2.8), we do not observe crack twisting or deflection in any of the sam-

ples tested here. Fabrication limitations on the overall sample size of the nanoarchitected

beams prevented the creation of multi-stack Bouligand beams in this study, and it is possible

that there are too few layers to develop a twist, but it is unclear from these experiments

alone. Despite this absence of crack twisting, the increase in the J1L value of the HD nano-
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Figure 2.10: Fracture Energies and Stiffness Gradients of nano-Bouligand beams.
(A) Left-Fracture energy J1L vs relative density for the 0° twist angle beams. Error bars
represent standard deviation values from three runs on each specimen type. Right-Fracture
energy J1L vs twist angle for all the ‘ρ-θ’ beams tested in this study. (B) Specific fracture
energy (J 1L) of all the ‘ρ-θ’ beams, showing the amplification in fracture energy of the LD-0°
beam. (C) Representative SEM images of the HD- and LD-0° and 30° beams along with a
schematic illustrating the stiffness variation through the beam cross section. The dark region
represents the stiff core of the nanofiber, and lighter regions show the gradually decreasing
stiffness towards the outer edge of the fiber. The lightest regions represent the weakly cross-
linked bridging between fibers that arises due to proximity effects, and the white regions
depict voids. All scale bars are 3 µm. (D) Fracture surfaces of the MD-0° and 30° beams
showing increasing roughness with increasing twist angle.
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Bouligand beams (Figure 2.10A) clearly indicates the activation of a toughening mechanism

with changing twist angle, a trend that is reversed in the LD beams.

Toughening can therefore be understood in the context of heterogeneous stiffness distri-

butions. Kolendik et. al. propose that the crack tip driving force (Jtip) directly depends on

stiffness inhomogeneity as

Jtip = Jfar + Cinh , where Jfar represents the driving force due to the applied load and Cinh

represents the driving force induced by the inhomogeneity [68]. The Cinh term can drive or

resist crack propagation depending on location; crack growth will accelerate in a stiff/soft

transition (Cinh > 0), and cracks will slow down at a soft/stiff transition (Cinh < 0). This

periodic variation in stiffness can enhance fracture resistance over homogeneous materials

depending on the number of stiff/soft interfaces present and the average value of Cinh , mean-

ing toughening can occur in twisted fiber structures even in the absence of crack twisting

[42].

In the nano-Bouligand materials here, the center of the nanofiber – i.e. the middle of

the line write path – is the stiffest part of the material (E = Emax ), the midpoint between

nanofibers is the most compliant (E = Emin), and the void regions around the fibers have

zero stiffness (E = 0 ) (Figure 2.10C). These spatial gradients in stiffness create a complex

network of crack shielding and anti-shielding regions that become more inhomogeneous with

increasing twist angles. In the HD nano-Bouligand beams, this inhomogeneity has an aggre-

gate crack shielding effect (Cinh < 0) and leads to a delayed crack initiation, thereby causing

both a higher initiation toughness and a higher J1L with increasing twist angles (Figure 2.6).

In the MD and LD beams, there is an even greater gradient between the layers, which should

also create a crack shielding effect, but the high porosity significantly reduces the material

activated during fracture and enables the crack to easily propagate along the zero-resistance

void regions (Cinh > 0), resulting in a lower J1L. It should be noted that all the materials in
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this study have a 3D spatial variation in stiffness (Figure A.1), meaning this Jtip analysis is

overly simplified but provides a useful qualitative description of the observed phenomenon.

The significant variation in fracture behavior between the nano-Bouligand beams of dif-

ferent relative densities and twist angles show that a knowledge of local variation in material

properties is critical to fully understand the operative toughening mechanisms. In the nano-

Bouligand materials studied here, these spatial variations occur over length scales ∼ 50 nm

- 100 nm, which is comparable to the nanostrucutral length scales observed in natural ma-

terials [58]. The stiffness gradients that arise from the TPL process blur the line between a

single material and a multi-material system, requiring a close investigation of the boundary

between material and architecture. Further improvement in our understanding of the un-

derlying toughening mechanisms will require the development of better theoretical models of

TPL voxel interactions at the molecular scale as well as nanoscale resolution characterization

methods like tip-enhanced raman spectroscopy [66] to understand the 3D spatial variation

of material properties.

We demonstrate the creation of fracture resistant nanoarchitected materials that ac-

quire their enhanced properties through nanoscale toughening mechanisms. By isolating and

changing the orientation of materials comprised of twisted polymeric nanofibers, we show

that toughness is significantly improved by the activation of size-enhanced plastic energy dis-

sipation and nanoscale heterogeneity. We further show that nanostructure in materials can

be generated explicitly using fiber architecture or indirectly via spatial property gradients,

and both of these can drastically alter toughening behaviors.

This work has direct implications for the printing of any additively manufactured ma-

terial, particularly materials that are lightweight and made using a TPL process. There

are inherent gradients in all materials, but additive manufacturing enables the intentional

introduction of gradients based on print paths and layer thicknesses. It is now apparent that
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any internal stiffness gradient in a material can be beneficial for crack growth resistance and

should be carefully considered in part design. While it is challenging to create high-density

nanofibrous materials using the TPL process here due to proximity effects, other fabrication

methods that allow for the creation of dense, separated nanofibers could also have marked

improvements in toughness. More broadly, toughness at the nano/microscale is not an “in-

trinsic” material property, but it can be affected by molecular or nanoscale heterogeneity in

a unique and controllable way. There is, therefore an enormous potential for fundamentally

re-investigating the origins of fracture toughness and our ability to engineer crack resistance

at any scale.

2.7 Preliminary Explorations of the Herringbone Architecture

The study of nano-Bouligand architectures illustrated the impact of material property gradi-

ents on fracture and energy dissipation. Extending that idea, in this study we tried creating

materials with 3D spatial distribution of properties by means of a herringbone bouligand

architecture, and understand the emergent fracture behaviour of these materials. By utiliz-

ing wavy, out-of-plane fibers, we can create dense beams with highly tortuous crack paths,

fundamentally engineering toughness via nanoscale gradients and architecture.

2.7.1 Design and Fabrication

We designed microscale beams with herringbone bouligand-type architecture that have a

controllable relative density (ρ) and twist angle between layers (θ). The Herringbone ar-

chitecture consists of wavy-double sinusoidal fibers, where the waviness is defined by f(x,y),

where

f (x , y) = A

(
sin 2px

l

)(
sin 2py

l

)
(2.4)
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Figure 2.11: Design Space of herringbone nano-Bouligand Beams. (Left) Design
space showing SEM images of beams of varying d and θ (Scale bar: 5 µm). (Right)
Computer-aided design (CAD) of the herringbone nano-Bouligand beam showing the hatch-
ing (d), layering (l), twist angle (θ), herringbone wavelength (λ) and amplitude (A) design
parameters.

λ is the wavelength and A is the amplitude of the wave, both equal to 6µm, giving a A/λ

ratio equal to 1 as seen in Figure 2.11. Specimens with A/λ ratios between 0.5-1.2 were also

fabricated, keeping λ constant. The individual fibers that make up the herringbone nano-

Bouligand beams have an elliptical cross-section with major and minor axis equal to ∼1650

nm and ∼480 nm, respectively. The center-to-center distance between layers (l) is set equal

to 1500 nm in all beams, creating a minimum of 150 nm of overlap between two layers. The

relative density of the beams is controlled by changing the center-to-center distance between

the fibers in the plane (d). Hatching distances of d = 600 nm, 800 nm, and 1000 nm were

used similar to the nano-Bouligand beams, but relative density is yet to be determined.

These will similarly be referred to as High-Density (HD), Medium-Density (MD), and Low-

Density (LD), respectively. The twist angle is explicitly defined for each layer, and beams

of every relative density are written with θ = 0°, 5°, 15°, 30° and 90° as seen in Figure 2.11.
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Taken together, samples will be referred to using a ‘ρ-θ’ designation.

Specimens are designed with a single edge notch geometry and written in a 3-point bend

configuration for testing. All beams consist of 10 twist layers, and beam dimensions are

determined based on the required specimen aspect ratio defined in ASTM E1820-20b [59],

where 1 ≤ W/B ≤ 4 and S = 4W, where W is the specimen width and S is the span length.

Notches are directly written into the beams during the printing process; this is done to avoid

introducing any focused ion beam (FIB) milling damage during specimen preparation [8].

The notches are written in the first three layers of the beams, causing them to have a length

of a ≈ 4.5 µm. Specimens were fabricated using two-photon lithography (TPL) direct laser

writing (DLW) (Nanoscribe, GmbH) out of a commercial acrylate-based IP-Dip resist using

the same procedure as described previously.

2.7.2 Results

Load-Displacement Behavior

Load-displacement data from µSENB tests on herringbone nano-Bouligand beams with twist

angles equal to 0°, 5°, and 30° corresponding to each tested relative density are shown in

Figure 2.12. For sample types HD and MD, test data display an initial linear elastic behavior

followed by a hardening where the crack has initiated but the load continues to increase, and

finally a softening after a distinct peak load when the crack propagates (Figure 2.12). Some

waviness can be seen in the softening region of the load-displacement data, which corresponds

with the failure of individual layers.

With decreasing density, the load-displacement response does not have a clear peak, and

instead, samples show a long-plateau region where the load slowly decreases (Figure 2.12).

Surprisingly, beams with θ = 5° have the highest beam stiffness and peak load for a given

relative density.
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Figure 2.12: Load-Displacement and J-integral Plots from Nanomechanical Test-
ing. (Top) Left to right are representative load-displacement response of the herringbone
nano-Bouligand beams with 0°, 5°, and 30° twist angles for sample types HD, MD and LD
respectively. White circles indicate the point of crack initiation. (Bottom) Left to right
shows representative J-integral vs crack extension (J-R curve) plots for sample types HD,
MD and LD respectively.

Crack Initiation and Propagation

CSM data and corresponding crack propagation data were obtained using the method de-

scribed above. In combination with mechanical testing, in-situ video tracking of deforming

beams provided salient information about damage propagation and toughening. Significant

differences were observed in both crack initiation and propagation between samples of differ-

ent twist angles and relative densities (Figure 2.13b). Beam displacement at crack initiation,

as denoted by the circles in the load-displacement plots in Figure 2.12, was observed to be

significantly higher as compared to the nano-bouligand beams in Figure 2.13.
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Figure 2.13: Post Fracture Images of nano-Bouligand beams. SEM images of the final
cracked herringbone nano-Bouligand beams of relative densities types HD, MD and LD and
twist angles 0°, 5° and 30°. All scale bars: 5 µm.

Resistance-Curve Behavior

An EPFM based Mode I J-integral was computed for each sample to determine the en-

ergy dissipated during fracture as described above. All beams exhibited initially rising J–R

curve behavior which eventually approached a plateau state(Figure 2.12), indicating exten-

sive toughening and steady crack extension respectively. Since all the herringbone beams

demonstrated significantly delayed crack initiation, we additionally define a , which is the

fracture energy at crack initiation and is plotted for all twist angles and relative densities

in Figure 2.14. This can additionally be quantified using the J1L value, wherein the HD-5°

J1L ≈ 115 J/m2, highest among all the specimens tested in this study. In the MD samples,
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the J1L values decrease with increasing twist angle, with the rate of increases of the MD-30°

sample higher than MD-0° and MD-5° Figures 2.12 and 2.14. In the LD samples, the crack

growth resistance is directly correlated with the twist angle. The resistance is maximum for

the LD-30° beam, which reaches J1L ≈ 42 J/m2, but the LD-0° beam only reaches a value

of J1L ≈ 25 J/m2, lowest among all the specimens tested in this study. The J–R curve of

all the 5° twist angle beams are found to plateau for all relative densities after crack grows

through the first layer, indicating that there are no new mechanisms activated after a small

amount of propagation.

Figure 2.14: Fracture Energy of Herrinbone bouligand beams. (Left) Fracture energy
at crack initiation (). The HD-5° exhibits the maximum crack initiation resistance with a
85. (Right) Fracture energy after 1 layer crack growth (J1L).
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Chapter 3

FRACTURE SIZE EFFECTS IN PURE POLYMER

This chapter has been adapted from:

Patel, Zainab S., et al. “Rethinking ductility—A study into the size-affected fracture of

additively manufactured polymers.” Additive Manufacturing (2024): 104113.

Contributions: Designed and fabricated samples, conducted experiments, analyzed data,

and wrote manuscript.

3.1 Chapter Summary

Ductility, namely a material’s capacity for plastic deformation, is a key property for pre-

venting fracture-driven failure in engineering parts. While some brittle materials are known

to exhibit ductility at small scales, the underlying mechanics of such behaviors are not well

understood. This work identifies size-affected fracture as a key mechanism for the origin of

ductility in two-photon lithography (TPL) fabricated polymers. We conducted microscale

single-edge notch bend (µSENB) fracture experiments on three distinct specimen sizes and

varied the polymer degree of conversion (DC) to be between 17% and 80% by controlling

both laser exposure and post-write thermal annealing. For a given specimen size, we find

that shifting from low to high DC predictably causes a ∼3x and ∼4x increase in strength and

bending stiffness, respectively, but the fracture energy correspondingly drops by ∼6x, from

180 J/m2 to 30 J/m2. Notably, this reduced fracture energy was accompanied by a ductile-

to-brittle transition (DBT) in the failure behavior. Using a combination of experiments and
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finite element analysis, we quantify the fracture yielding zone size (rp) in these polymers as a

function of DC and demonstrate that ductility emerges when rp approaches the sample width

irrespective of the DC. This finding provides a crucial insight that ductility is a size-induced

property that occurs when features are reduced below a characteristic fracture length scale

and that strength, stiffness, and toughness alone are insufficient predictors of ductility.

3.2 Background

Bend, don’t break – materials capable of sustaining deformation without failure are crucial to

advanced technologies from semiconductors to aerospace. A material’s mechanical resilience

depends on its toughness, namely the amount of energy that it dissipates prior to failure.

Much of this energy dissipation comes from intrinsic mechanisms like plasticity and internal

friction. While materials are often categorized as being ductile or brittle, all materials have

energy dissipation mechanisms that occur at some length scale [8, 139, 40]. This may be at

the centimeter scale, e.g. for metals, or at the nanoscale, e.g. for ceramics. Understanding

the interplay between ductility and the length scale of energy dissipation mechanisms is

crucial to creating new materials with enhanced toughness.

Ductility itself quantifies the extent of plastic deformation in a material prior to fracture.

Materials with highly active plasticity mechanisms like dislocations in metals or chain sliding

in polymers are thought to be more ductile, and processing methods correctly focus on

activating these mechanisms to promote ductility [142, 102, 115, 143, 10]. Ongoing efforts in

nanomechanical materials testing has demonstrated a unique phenomenon of size-enhanced

ductility, and there are numerous experimental and computational studies showing that

ductility emerges at small scales in materials that are otherwise considered to be brittle,

such as silicon [56, 104, 63], amorphous carbon [2, 148, 126], metallic glass [33] and even

quasicrystals [150]. This size-enhanced ductility is generally attributed to modified stress
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states at small scales or the activation of new plasticity mechanisms, but the true mechanistic

origins of ductility remained unclear.

Ascertaining the origins of ductility first requires an understanding of fracture processes.

Prior to fracture, materials will develop a yielding zone of length rp in front of a crack,

which comprises a fracture process zone (FPZ) of length lch and a plastic zone (PZ) of

effective length rp-lch. Samples larger than this yielding zone will undergo fracture-governed

failure, while samples smaller than this yielding zone will undergo strength-driven failure.

In the strength-driven regime, materials with a large PZ and small FPZ will experience

ductile fracture, while materials with a small PZ and large FPZ will experience quasi-brittle

fracture. Many studies in this field, pioneered by Bažant, have explored the size-affected

transition from fracture-driven to strength-driven failure [19, 23, 20, 25], but they often

focus on the nominal strength in quasi-brittle materials like concrete and rock and ignore

emergent small-scale ductility.

Two-photon lithography direct laser writing (TPL-DLW) provides an ideal platform for

studying size-affected fracture due to its exceptional ability to create parts with feature sizes

as small as 100 nm [83, 73]. It has been highly successful in creating metamaterials with novel

mechanical performance in part because it enables the utilization of size-enhanced nanoma-

terial properties [88, 18, 17, 141]. Significant work has gone toward understanding the role

of process parameters on TPL polymer performance, particularly the relationship between

the degree of conversion (DC) – i.e., the extent of cross-linking between polymer chains –

and strength and stiffness [15, 16]. While these properties are important, there is currently

a lack of information on how TPL process parameters and the resulting characteristic length

scales affect fracture performance.

In this study, we use microscale single-edge notch bend (μSENB) experiments to investi-

gate the strength, stiffness, toughness, and ductility of a TPL-DLW polymer as a function
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of DC and part size. Experiments reveal that increasing the DC from 17% to 80% increases

both strength and bending stiffness by a factor of ∼3x and ∼4x, respectively, but that there

is a corresponding ∼6x reduction in the toughness that additionally coincides with a ductile-

to-brittle transition (DBT) in the polymer. To understand this DBT, we conduct size-effect

experiments and develop an elastic-plastic-damage finite element (FE) model with properties

fit to the experimental strength and toughness data. We then demonstrate how changes in

both sample size and yielding zone size induce size-affected changes in fracture behavior.

3.3 Methods

3.3.1 Design

Microscale beams with varying degrees of conversion were designed in a single-edge notch

bend (µSENB) configuration. Beam dimensions were determined according to ASTM E-

1820b [41] with a standard beam thickness of W = 26 µm and span-to-thickness ratio S/W

= 2. Notches were directly written into the beams during the printing process to avoid

introducing any focused ion beam (FIB) milling damage [8]; these had an initial length ao

= 4.5 µm and an a/W = 0.17. Additional geometrically scaled specimens with thicknesses

equal to W, 2W/3, and W/3 were created to characterize the size of the fracture yielding

zone and the material fracture energy.

Figure 3.1: Polymerization range of IP-Dip. Parameter sweep showing the writing range
of TPL resin.
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Two separate variables were used to change the polymer degree of conversion: i) laser power

(LP) was varied between 11 mW to 25 mW in ∼2.5 mW increments , and ii) annealing

temperature (T) was varied between 25°C to 200°C in ∼25°C intervals (Figure 3.2A,B,C and

Figure S1). The maximum temperature of 200°C was chosen because it is well below the

degradation onset temperature of the photopolymer of ∼250°C [16]. Using temperature as

a control variable not only allows samples to have a higher DC than what can be achieved

with TPL alone, but it creates an overall more homogeneous material with a uniform degree

of conversion through the cross-section. This minimizes any additional toughening due to

material heterogeneity effects [108].

3.3.2 Fabrication

Specimens were fabricated on silicon substrates, which were first etched for 5 minutes in oxy-

gen plasma (Plasma Etch PE25) and then functionalized using 3-(Trimethoxysilyl) propyl

methacrylate to improve adhesion and prevent peeling off of supports during fracture tests.

Printing was done using a two-photon lithography (TPL) direct laser writing (DLW) system

(Nanoscribe, GmbH). A proprietary acrylate-based resist, IP-Dip (Nanoscribe, GmbH), was

used with a 63x objective to achieve high-precision, sub-micron resolution writes. Writing

speeds, specimen hatching, and layering were all kept constant at 10 mm/sec, 100 nm, and

300 nm, respectively, to minimize any heterogeneity from the TPL-DLW process. Support

lattices were written in piezo mode with a low laser power (6 mW) to ensure faster etch-

ing. After printing, samples were immersed in a propylene glycol monomethyl ether acetate

(PGMEA) solution for 20 mins, then in ultrapure IPA for 30 mins, followed by critical point

drying (Tousimis Autosamdri-931). These were subsequently etched in an oxygen plasma

etcher (YES CV200 RFS) at 65 W power for 25-35 mins until the support lattices were com-

pletely removed, producing free-standing fracture specimens, a method first demonstrated
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Figure 3.2: Polymer Degree of Conversion (DC): A) Graphic rendering of the µSENB
design showing the three different beam sizes tested in this study.

B) Specimens with DC values between 17-39% generated using different laser exposures in
TPL. C) Specimens with starting DC value = 17% are heated under vacuum to generate
specimens with DC values between 17-80%. Insets illustrate increasing cross-linking density.
D) Raman spectra for specimens with three different DC values showing the decreasing
intensity of the C=C peak, which correlates to increased cross-linking between the polymeric
chains. E) Raman data showing the effect of laser power and temperature on DC. All scale
bars = 10µm.

by Gross et al [51]. Thermal treatment samples were written with a 15mW laser power, then

heated in a high vacuum tube furnace (Carbolite Gero), and maintained at their peak tem-

perature for 1 hour. Large sweeps were written to quantify the polymer degree of conversion

as a function of laser power and temperature (Figure S1).
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3.3.3 Raman μ-spectroscopy

Raman micro-spectroscopy was performed on printed beam samples to quantify their DC.

Raman Spectra were acquired using an inVia (Renishaw plc) confocal Raman microscope

with a 50× objective, operated at an excitation wavelength of 785 nm, with a laser intensity of

50% and an exposure time of 10s averaged over 3 acquisitions. DC values were extrapolated

from Raman spectra using the relationship DC = 1 – (
AC=C/AC=O

A
′
C=C/A

′
C=O

) [11]. Here, AC=C

and AC=O are the integrated intensities of the carbon-carbon and carbon-oxygen double

bond peaks in the polymerized resin, respectively, and A
′
C=C and A

′
C=O are the integrated

intensities of the same peaks in the unpolymerized resin.

Raman spectra revealed that DC increases linearly with both laser power and temperature

as DC = 1.629 ∗LP– 2.54 and DC = 0.418 ∗T– 5.67, respectively (Figure 3.2D,E and Figure

S2). Varying the laser power produced DC values between 17% - 40%, with 40-45% being

the upper limit that can be achieved without overexposing the resin. Heating of samples

printed with DC=25% had no effect up to 50°C, after which the DC linearly increased to a

maximum of 80% at 200°C. The mechanical properties of this resin system can be estimated

based on literature data for both as-written samples [15] and for fully cross-linked samples

[16], which show Young’s modulus and yield strength variation between 1.5-4.3 GPa and

30-80 MPa, respectively, for the range of DC studied here.

3.3.4 Mechanical Testing

Displacement-controlled in-situ µSENB fracture tests with continuous stiffness measurement

(CSM) were conducted using a piezo-driven nanoindentation system (ASA, Alemnis AG).

Testing was done in a scanning electron microscope (SEM) (Thermo-Fisher Scientific Apreo)

with a 2µm radius conductive diamond wedge tip. Quasistatic tests were conducted with

a loading rate of 20 nm/sec, and specimens were tested either to complete fracture or to a
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Figure 3.3: Raman Peak Ratio to calculate DC. The ratio of the integrated intensities
of the C=C peak to the C=O peak for different laser powers (left) and post-write annealing
temperatures (right) . This peak ratio is used to calculate the polymer degree of conversion.

displacement of 18 µm. Video data were captured for each test. We note that for the purposes

of this study, any strain rate-dependent behavior is ignored. A sinusoidal signal of amplitude

40 nm and frequency 4 Hz was superimposed to perform continuous stiffness measurement

(CSM) and thereafter compute instantaneous crack lengths. To account for thermal drift,

the nanoindenter assembly was installed in the SEM and allowed to stabilize before testing.

We additionally added ‘out-of-contact’ segments before and after the compression step where

the tip is not in contact with the sample to correct for any drift in the system. Thermal

drift showed a linear correlation with time for short experiment times (less than 30 minutes)

and was subsequently subtracted from the load data during data processing. An amplitude-

based Fast Fourier Transform (FFT) noise filtering algorithm was used to remove noise from

the load-displacement data. Subsequent CSM Data was smoothed using the Savitzky-Golay

filter by fitting a third-order polynomial for every 300-400 data points.
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3.3.5 J-R curve Measurement

Instantaneous load line stiffness was calculated using the unloading slope of the CSM data,

and crack initiation was determined as the point where the unloading stiffness began to

decrease. Crack lengths were obtained using a compliance calibration procedure [55] by

correlating the crack initiation point with the instantaneous stiffness thereafter. An elastic-

plastic Mode-I J-integral was used to determine the samples’ fracture behavior and crack

growth resistance as defined in ASTM E1820-20b [41].

Presently, there is a lack of standard procedures to define the critical fracture toughness

(JQ or JIC) from crack resistance curves in microscale fracture tests [110]. Efforts have been

made to adopt macroscale standards for microscale tests [65, 8, 124], however, these strongly

depend on the size of the sample, the type of material being tested, and the material’s plastic

behavior at relevant length scales. Thus, to meaningfully quantify fracture energy across all

the samples tested, we compare the J value at a crack growth Δ a = 2 μm. This is because

the J-curves for DChig and DCmed are seen to plateau by that crack extension, meaning they

approach their total fracture energy values. Since the DClow J-curves do not plateau, taking

J-values at Δ a = 2 μm for all the samples allows one-to-one comparison at a consistent

amount of crack growth. This is not meant to serve as a standard method for calculating

material fracture energy; it is simply a useful metric for analyzing the materials in this work.

It should be noted that this JQ value is a severe underestimation of the true fracture energy

for these materials. A more fundamental investigation is needed to ascertain how fracture

energies at the microscale can be extrapolated to macroscopic material properties.

3.3.6 Numerical Modelling

To account for the significant plasticity and post-failure strain softening exhibited by the TPL

polymers, an elastic-plastic-damage model was adopted from Salviato [122] and implemented
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as a VUMAT subroutine in ABAQUS/Explicit with C3D8R mesh elements. Beams were

modeled to be homogeneous, i.e., without any cross-linking gradients, because the in-plane

hatching and out-of-plane layering distances between the voxels were sufficiently smaller

than the size of the voxel. Sharp cracks, with a crack tip radius comparable to the size

in the fabricated beams (∼ 250 nm), were used, and it was assumed that the cracks would

propagate in a self-similar manner. The support structures and the indenter tip were modeled

as elastic materials with an elastic modulus and Poisson’s ratio of 3.5 GPa, 0.35, and 200 GPa,

0.33, respectively. A frictional penalty contact was defined between the beam and supports,

as well as between the beam and the indenter tip. Materials were taken to be elastic-

linear hardening with a tension/compression strength asymmetry and damage evolution as a

function of equivalent plastic strain using a crack band model [113, 114]. Material properties

were first estimated using uniaxial tension and compression data from Bauer et al. [15, 16]

and then refined to fit experimental data in this work. The elastic modulus, yield strength,

and plastic stress-strain properties were obtained from bend tests on unnotched beams, while

the fracture energy was determined from experiments on notched beams (Figure S5).

3.4 Results

3.4.1 Strength and Stiffness

The mechanical response of the different test specimens was found to correlate strongly with

the DC regardless of whether samples were tested in an as-written state or were thermally

annealed. The peak load and bending stiffness both increased with DC, ranging from 4 mN

to 11 mN and 1.2 kN/m to 4.3 kN/m, respectively. There was little variation in strength or

stiffness after DC ≈ 40%, but specimens with a higher DC showed significantly lower strains

to failure. Representative load-displacement data are shown in Figure 3.4, and the complete

data set for all samples tested is provided in Figure S3.



54

We observed three characteristic deformation regimes depending on the DC value, which we

will distinguish here as DClow for values between 17-25%, DCmed for values between 25-40%,

and DChigh for values greater than 40%. Beams with DClow showed elastic-plastic behavior

with long plastic plateaus and slow, stable crack propagation. In DCmed specimens, the

mechanical behavior was linear up to peak load, followed by gradual softening and stable

crack propagation. In contrast, all DChigh specimens showed a linear-elastic behavior up

to the peak load, followed by unstable crack propagation and catastrophic failure. Stills

from in-situ videos are shown in Figure 3.4, demonstrating the significant change in failure

behavior with increasing DC (see Supplementary Movies S1-S3).

Figure 3.4: Mechanical Testing Results: A) Representative load-displacement curves for
samples with DClow, DCmed, and DChigh with inset showing corresponding crack extension
vs. displacement. Hollow circles represent the point of crack initiation. B) SEM stills from
in-situ videos showing the different failure behaviors observed. Scale bar = 10µm.
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3.4.2 Fracture Energy

The load-displacement and CSM data were further analyzed to quantify the fracture prop-

erties. Three distinct J-R crack resistance behaviors were observed across the range of DC

values studied, as shown in Figure 3.4. In the DClow samples, the moderate softening after

the peak load resulted in stable crack propagation and rising J-R curves, with fracture ener-

gies as high as JQ = 180J/m2, where JQ is the J value at 2µm of crack extension. In samples

with DCmed, the greater post-yield softening caused a faster crack propagation, resulting in

lower fracture energies of JQ = 40-60J/m2. The lower J-R curve slope and near plateau in

the J value of the DCmed samples indicate that they have a nearly fully developed yielding

zone. For samples with DChigh, crack growth was unstable, and they had correspondingly

lower fracture energies of JQ = 30J/m2.

This pronounced ∼6x reduction in JQ between DC = 17% and DC = 80% specimens is

shown in Figure 3.6. Although thermal treatment has been proposed as a homogenization

method to eliminate part-to-part property variation and maximize performance [16], these

results illustrate that the enhanced strength and stiffness from thermal treatment comes

at a significant cost of toughness. The IP-Dip material has a trade-off between strength

and toughness, namely toughness decreases as strength increases [119]. An optimal balance

between strength and toughness can be obtained for samples with a DC in the range of

20-25%, an important consideration for fabricating parts for structural purposes. Note that

the JQ values here should not be considered true material properties for any test where the

J-R curve did not plateau, but they do represent meaningful trends in material properties.

The large drop in fracture energy with increasing DC in this work matches well with existing

models for polymer fracture energy, which is known to depend strongly on the proportions of

cross-linked and entangled chains[70]. Materials with high chain cross-linking density tend
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Figure 3.5: Nanomechanical Response. load-displacement, J-integral crack extension
(Δa) J-R curve, and Δa-displacement curves with varying laser exposures (left) and post-
write annealing temperatures (right).
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to experience brittle failure via chain scission, while those with high chain entanglement

density undergo ductile failure via chain sliding [149, 132, 39]. Various models have been

developed to assess the impact of network architecture and defects on fracture energy (Gt)

[70, 5, 81], which find that fracture energy scales inversely with chain cross-linking density

(vx) as Gt ∝ v
–1/2
x in highly elastic materials and Gt ∝ v–4x in elastic-plastic materials [39].

In both cases, lower cross-linking density leads to greater energy dissipation and a corre-

sponding enhanced toughness. However, despite attempts to connect this fracture energy

to characteristic length scales [39, 31], there is no mechanistic explanation for the observed

ductile to brittle transitions in this or other work.

Figure 3.6: J-R curves, Fracture Energy and Bending Stiffness: A) Representative J-
R curves showing decreasing crack growth resistance with increasing DC. Insets show plastic
zone sizes of respective materials. B) Fracture Energy and vs. DC for all samples tested in
this study, showing decreasing fracture energy with increasing DC. C) Bending stiffness vs
DC for all samples tested in this study, showing increasing sample stiffness with DC. Error
bars represent standard deviation values from at least three runs on each specimen type.
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3.5 Brief Review of Ductile to Brittle Fracture Transitions

Ductile-to-brittle transitions are well known to occur in various crystalline and amorphous

polymers [31, 115, 4]. These transitions have been connected to external factors such as

temperature and loading rate and internal factors like molecular weight, density, and mi-

crostructure [31]. One essential aspect of these transitions is the ratio of sample size (D) to

characteristic fracture length scales. Prior to fracture, a yielding zone of size rp will develop

in front of a flaw. This encompasses a fracture process zone (FPZ) of size lch, i.e., a damage-

driven softening zone at the crack tip, and a plastic zone (PZ) of size (rp–lch), i.e., a plastic

hardening zone around the FPZ. Standards for measuring fracture toughness generally re-

quire specimens to be significantly larger than these fracture length scales (i.e., D ≫ rp) to

ensure a small-scale yielding condition [41]. In these scenarios, samples will form a small

plastic region at the tip of a crack while the rest of the sample remains linear elastic, and brit-

tle failure – i.e., unstable crack growth – will occur when a crack or flaw reaches a critical size.

Small samples with D ≤ rp generally have an enhanced ductility due to energetic size-effects,

namely when there is insufficient fracture energy to cause unstable crack growth according

to linear elastic fracture mechanics (LEFM). When the PZ is much larger than the FPZ

(i.e., lch << rp), as is the case for many metals, materials will exhibit an increasingly ductile

response due to large scale yielding as D is decreased [98]. When the FPZ is much larger

than the PZ (i.e., lch ≈ rp), materials will show a quasi-brittle response wherein a large

damage zone will develop that suppresses crack propagation, as is the case for most ceramics

[23], concrete [19] and polymer nanocomposites [84]. An understanding of ductile-to-brittle

transitions is currently lacking for polymeric material systems where both PZ and FPZ can

be significant and, at times, comparable. Irrespective of the material and size-effect, samples

that are sufficiently large (D ≫ rp) will undergo fracture-driven failure, while samples with
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Figure 3.7: Fracture Transitions Changing fracture behavior with changing sample size
(D) w.r.t to the relative size of the sample yielding zone (rp) and fracture process zone (lch).

sizes below the characteristic fracture length (D ≤ rp) will experience strength-driven failure

[19, 23, 21, 24, 8, 113]. This is illustrated in Figure 3.7.

Bažant-type size effect laws, which quantify changes in nominal strength (σN) with sample

size are used to analyze energetic fracture size-effects. The size-effect law (SEL) was initially

developed for quasi-brittle materials where FPZ ≫ PZ [19]. More recently, Nguyen et al.

[98] have developed a model for materials whose PZ ≫ FPZ, which as a first approximation,

is more representative of the materials studied here. This SEL law is expressed as:
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σN =
σo√

1 + D/Do
, (3.1)

where

σo =
√

E∗Gt/2rp, and D0 = 2rp/g(α0). (3.2)

Here, σo is the maximum material strength, E∗ is the effective Young’s modulus, Gt is the

total fracture energy, g(αo) is the dimensionless energy release rate, rp is the size of the

yielding zone, and Do is the characteristic fracture length scale [54, 98]. In the limits of this

model, materials with small dimensions (D ≪ Do) will experience strength-governed failure

with σN ∝ D, while materials with large dimensions (D ≫ Do) will experience fracture-

driven failure with σN ∝ D–1/2. Despite the extensive work in this area, there is still a

need for better theoretical frameworks when FPZ ∼ PZ. More importantly, it is crucial to

characterize the relative process zone sizes to understand the underlying causes of ductile to

brittle transitions.

3.6 Quantifying Fracture Yielding Zone (rp)

3.6.1 Simple Estimation

We first assess the size of the yielding zone using a simple LEFM approximation of rp =

1
2π

GtE
∗

σ2y
, where σy is the yield strength. It should be noted that this is a generalized expression

that does not account for the plastic hardening or the geometry of the structure, both of which

can significantly impact the plastic zone [69, 67]. Using the approximate fracture energy

dissipation JQ measured in this study and yield strength values from literature [15, 16], we

estimate rp values of ∼60µm, 13µm, and 6µm for DC17, DC27 and DC80, respectively, where,
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e.g., DC17 is a DC of 17%. It is apparent that changes in cross-linking cause a significant

change in process zone size, with rp decreasing by ∼10x as DC changes from 20-80%. The

rp values are illustrated with respect to the beam dimensions in Figure 3.6A.

3.6.2 Size-Effect Law (SEL) Analysis

An SEL analysis was used to obtain a more precise experimental yielding zone size by taking

specimens of varying sizes and analyzing changes in their nominal strength with sample size,

as described by equations 3.1 and 3.2. Three geometrically scaled DC27 and DC80 samples

with beam thicknesses of 8.5µm, 17µm and 26µm were tested to failure, and their load-

displacement data was analyzed using the SEL-based linear regression method to determine

Gt and rp [98]. DC17 samples were excluded because the estimated rp is larger than what

could realistically be made using TPL-DLW, meaning the SEL analysis would be invalid.

The nominal strength (σN), calculated as σN = 3PcS/2tD
2, where Pc is the peak load, t is

the width of the specimens, S is the span between the two supports, and D is the width of

the specimens. σN can be plotted against the sample size(D), and a linear fit to the data

follows:

Y = MX+ C (3.3)

1

σ2Nc

=
g(α0)

E∗Gt
D+

2rp
E∗Gt

(3.4)

where X = g(α0)D, Y = 1/σ2N, slope = 1/E∗Gt and intercept = 2rp/E
∗Gt. Here, E∗ is the

effective Young’s modulus in plane strain configuration, g(α0) is the dimensionless energy

release rate calculated using [54]. As shown in Figure 3.8A,C, good linear fits were obtained
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from both the data sets, and the slope and intercept of the fit were used to calculate the total

fracture energy (Gt) and effective length of the plastic zone (rp). These values were then

used to obtain the theoretical strength (σo) and characteristic length scale (Do) to obtain

the generalized SEL curve as expressed in 3.1.

Figure 3.8: Scaling of strength with structure size: A,C) Linear regression of exper-
imental data using Equation 3.4 for DC27 and DC80, respectively. B,D) Size effect curves
showing the transition from LEFM to strength-governed fracture with decreasing specimen
size for DC27 and DC80, respectively.



63

Equation 3.1 shows how nominal structure strength (σN) varies as a function of sample size

(Figure 3.8B,D). These values are also shown in Table 3.1 below. For DC80 specimens, even

the W/3 specimens fall behind the LEFM to strength transition, but the DC27 samples

approach the transition point as the Do ∼ W. Gt values of ∼ 68J/m2 and ∼ 55J/m2 and

rp values of 8µm and 2µm were obtained for DC27 and DC80, respectively. These results

demonstrate that the rp size is reduced by a factor of ∼4x as DC increases from 27% to 80%,

and importantly that the rp for the DC27 specimens begins to approach the 26µm sample

thickness.

Table 3.1: Theoretical strength (σo), characteristic length (Do), yielding zone radius (rp),
and total fracture energy (Gt) for different degrees of conversion (DC).

DC(%) σo(MPa) Do (µm) rp (µm) Gt (J/m
2)

27 98.35 16.06 8.03 68.26
80 242.55 4.36 2.18 55.47

3.6.3 Numerical Quantification

An elastic-plastic-damage FE model [122] was implemented to more thoroughly investigate

the yielding zone size and shape, along with the relative sizes of the constituent FPZ and

PZ with changing DC. Model properties were fit directly from experimental data, and full

details of the model setup are provided in Materials and Methods and in the Supplementary

Materials. This model allows an estimate of the maximum possible FPZ and PZ size, as well

as the fracture energy due to damage (Gf).

In this model, the process zones are considered to be fully developed when i) the first ele-

ment at the crack tip reaches a stress-free state and ii) the stress gradient does not change

as the crack propagates. The crack normal stress (σxx) at this instant is plotted against the
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distance from the crack tip in Figure 3.11. The value of lch is taken to be the distance from

the crack tip to the point of maximum stress or fracture stress (σfracture). In DC27 and DC80

samples, the lch values are found to be 2.4µm and 1.0µm respectively. In the DC17 samples,

the small sample size did not allow the FPZ to fully develop, as indicated by the non-zero

stress at the tip of the crack. To determine lch, a 120x scaled-up version of the beam was

modeled, revealing an FPZ size of 115µm (Figure S6).

The PZ size is taken to be the distance from the peak stress in front of the crack tip (i.e., the

end of the FPZ) to the point where σxx = σy (Figure ??). In the 26µm thick beams, plastic

zones were found to have a considerable size of 14µm, 11µm, and 5µm for the DC17, DC27,

and DC80 samples, respectively. It should be noted that the PZ was not fully developed for

the DC17 sample here, and in 120x scaled simulations for the DC17 beam, the fully developed

PZ size is found to be 165µm.

Figure 3.9: Comparison of load-displacement data obtained numerically post-calibration
with the experimental data showing a good match between the elastic, plastic, and softening
behavior.
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Figure 3.10: Crack normal stress normalized by yield strength as a function of distance from
the crack tip normalized by length (120W-a) for DC17, DC80, and DC27 beams, respectively.
The plots highlight the yielding zone (rp) and the relative size of the FPZ (lch).

These results provide critical insight into how fracture behaviors change according to FPZ

and PZ size. As the DC decreases from 80% to 17%, the FPZ and PZ size increase by

∼115x and ∼33x, respectively. This substantial size increase is most prominent in the DClow

specimens, and the change is more modest between the DCmed and DChigh specimens. These

trends align with observed variations in strength and bending stiffness, which show a similarly

steep increase in the DClow regime (Figure ??). Importantly, these results demonstrate

that for the DC17 beams, both the FPZ and PZ are significantly larger than the 26µm

experimental sample thickness. This indicates that the observed ductility in the DClow

specimens is the result of an underdeveloped yielding zone that does not meet the Gt required

to cause fracture.
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Figure 3.11: Numerical modeling of FPZ and PZ A, B, C: Crack normal stress (σxx)
distribution in the mid-plane of DC17, DC27 and DC80 W=26µm beams, after the yielding
zone is fully developed. The bold-red value in the scale bar indicates the yield strength. D,
E, F: Crack normal stress normalized by yield strength as a function of distance from the
crack tip normalized by length (W-a) for DC17, DC27 and DC80 beams, respectively. The
plots highlight the yielding zone (rp) and the relative size of the FPZ (lch).

Table 3.2: Total fracture energy (Gt), damage fracture energy (Gf), plastic fracture energy
(Gp), FPZ (lch) and yielding zone (rp) for different degrees of conversion (DC)

DC Gt (J/m
2) Gf (J/m

2) Gp (J/m2) lch (µm) rp (µm)
17 - 90 - 115 280
27 68 28 40 2.4 11
80 55 18 37 1.0 5

3.7 Damage and Plasticity Governed Fracture

The relative contributions of the FPZ and PZ in the fracture of beams with varying DC can

be further characterized by comparing the damage and plastic energy dissipation rate, Gf

and Gp, respectively. The plastic energy dissipation rate Gp was determined by subtracting
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the damage fracture energy Gf obtained from the FE model from the total fracture energy

Gt determined from the SEL experiments (i.e., Gp = Gt - Gf), the results from which are

shown in Table 3.2. We find that in the DC80 specimens, the plastic energy dissipation

rate (Gp=37J/m2) contributes ∼2x that of the energy dissipated via damage (Gf=18J/m2),

despite exhibiting very brittle failure. In comparison, despite an almost comparable plastic

energy dissipation rate (Gp = 40J/m2), the DC27 specimens have a slightly higher total

fracture energy, mainly due to an increase in the damage energy dissipation (Gf = 28J/m2).

The DC17 specimens have a very high damage energy dissipation of Gf=90J/m2, and likely

have an even higher Gp, but it was not possible to estimate this value because SEL experi-

ments were not conducted on these specimens. These relative changes in plastic and damage

energy dissipation correlate well with the increased rp and lch for lower DC samples.

It is interesting to note that the PZ size is larger than the FPZ size across all the DC values

examined in this work. This, along with the consistent trend of Gp>Gf for all the samples,

indicates that the fracture behavior is more affected by plasticity than damage. However,

this difference is not substantial enough to cause a purely ductile fracture at small scales,

as illustrated in Figure 3.7. The fracture behavior of these photopolymers thus falls in an

intermediate regime, where both softening and hardening ahead of the crack tip impact crack

growth, warranting further analysis to understand the emergent size-affected behavior. This

also suggests that the rp and Gt values calculated using the SEL law in equation 3.1 and 3.2

might not be fully accurate and there is a need for improved SEL models for this intermediate

regime that can capture this behavior more comprehensively.

Lastly, we note that the yielding zone sizes determined from the numerical model are compa-

rable to the estimates obtained from the LEFM model for the DCmed and DChigh specimens,
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but the DClow LEFM estimate significantly underestimated the actual rp size. This result is

unsurprising given that the JQ value obtained from the experiments is an underestimate of

the actual Gt, but that the DCmed and DChigh specimens had a nearly fully developed rp.

The LEFM estimate nevertheless provided a quick and useful estimation of the characteristic

material length scale that would be useful for predicting size-affected changes in properties.

3.8 Size-affected Ductility

To comprehensively understand the effect of changing both polymer composition and size, we

evaluate the change in sample strength (σN) with sample size (D) in the context of an SEL

analysis. The parameters to calculate the constituent material strength (σo) and transition

fracture length (Do) (equation 3.2), are determined from SEL experiments in combination

Figure 3.12: LEFM vs. strength governed failure. A) A SEL plot of nominal strength
(σN) normalized by material strength (σo) vs. sample dimension (D) normalized by the
transition fracture length (Do). Experimental and numerical results are shown for different
sample sizes and degrees of conversion. Scale bar: 10 μm. B) Ductile to Brittle transition in
DC80 as the sample size is increased from 26 μm to 3 mm. C) Brittle to Ductile transition
in DC17 as the sample size is decreased from 26 μm to 1 μm.
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with numerical models, and normalized SEL data is shown in Figure 3.12. For structures of

the same size (D = W = 26µm), comparing the sample strength to the material strength

(σN/σo) revealed that decreasing the DC causes a transition from flaw-based to strength-

based failure. For the DC80 specimens, the yielding zone is significantly smaller than the

sample size (rp≪D), causing it to fall close to the LEFM-dominated regime of the SEL curve.

In the DC27 specimens, the yielding zone size approaches the sample size but is still smaller

(rp≤D), causing an observed transition from LEFM to strength-based fracture. The DC17

specimens are significantly smaller than the yielding zone size (D ≫rp), falling well into the

strength-governed fracture regime. It is clear from these trends that ductility emerges when

D ∼ rp.

For structures of the same composition, the emergence of ductility at sufficiently small sizes

and the emergence of brittleness at sufficiently large sizes was confirmed by further analyzing

size effect experiments and doing additional numerical simulations for sizes that were not

possible to fabricate experimentally. Experimentally scaled down DC80 specimens do not

show pronounced ductility, possibly because the smallest possible beam thickness (W/3 =

8μm) was still larger than the rp of these materials, but they do show a slower crack propaga-

tion velocity (Figure S7). Numerically modeled DC80 beams of size W/25 (∼ 1 μm) exhibit

ductility similar to the DC17 specimens (Figure 3.12). For DC17 specimens, a numerically

modeled beam of size 120W (∼ 3 mm) was found to show a characteristic brittle failure,

indicating the significantly large rp of this material. These results illustrate that irrespective

of the constituent material’s composition, ductile or brittle fracture behavior can be controlled

simply by changing specimen size.

It should be noted that the slight discrepancy between the experimental and numerical results
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Figure 3.13: Activating and De-activating ductility with size A, B. Crack extension vs.
strain showing decreasing crack growth rate with decreasing sample size, indicating increasing
ductility in DC80 and DC27 samples, respectively. Values marked under sample size are the
slope of the crack extension curve. Inset in B is an SEM image showing three geometrically
scaled specimens used for the SEL study. C. Normalized load vs. displacement for DC17
samples showing brittle failure in a 120x scaled beam. D. Normalized load vs. displacement
for DC80 samples showing ductile yielding a 1/25x scaled beam.
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on the SEL curve results from different methods used to calculate rp, namely the SEL method

for experiments and a direct measurement for the FE models. Although simple size-effect

laws developed from quasi-brittle materials (FPZ ≫ PZ) are useful understand the changes

in fracture behavior in this study, the need for a full numerical model to quantify fracture

energy, FPZ and PZ in these materials highlights the complex interplay between structural

dimensions and material properties and reestablishes the need for improved size-effect models

for when FPZ∼PZ.
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Chapter 4

ARCHITECTURAL LENGTH SCALES FOR MAXIMIZING
TOUGHNESS

This chapter has been adapted from:

Patel, Zainab S., et al. “Architectural Length Scales for Maximizing Toughness” (In Prepa-

ration)

Contributions: Designed and fabricated the samples, conducted experiments, analyzed

data, and wrote manuscript.

4.1 Chapter Summary

Increasing technological complexity demands a plethora of functional properties from ma-

terials, but they all need to be tough to survive any type of load and environment. While

modern engineering approaches, such as bioinspired architectures and advanced processing

techniques, have enabled the creation of tougher materials, they generally overlook the role

of length scale and structural size effects on toughness. This work bridges this gap by de-

veloping design principles that harness both intrinsic (material) and extrinsic (architectural)

fracture size effects to enhance fracture resistance. Using two-photon lithography and post-

processing techniques, we develop layered polymeric materials where feature sizes (L) are

smaller than the characteristic fracture length scale (rp) to activate size-enhanced ductility

and layer spacing is varied to increase architectural heterogeneity. In-situ nanomechani-

cal testing revealed that increasing layer separation, i.e., creating confined layers, increased

fracture energy by ∼5x compared to the parent material, unveiling diverse damage mecha-
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nisms: brittle fracture without interlayer spacing, blunting, and deflection with moderately

spaced interlayers, and 90° crack deflection with larger spacings. Notably, these materials do

not show an appreciable loss in strength and stiffness up to an intermediate layer spacing.

Employing material heterogeneity-based toughening models and macroscale tests on layered

materials with L >> rp, we systematically separated material and architectural contribu-

tions to toughness, highlighting the role of fracture length scale - maximum toughness is

achieved only when both architectural feature size and structure size are smaller than their

respective fracture yielding zones. These results underscore the pivotal role of architecture

in preserving size effects and exemplify how a length-scale guided design approach can confer

exceptional toughness and structural tunability, crucial for developing the next generation

of advanced materials and understanding the exemplary properties of existing biological

structural materials.

4.2 Background

All things break. Fracture is thus a problem across materials, industries, and length scales.

Every material is understood to have a toughness and an associated fracture behaviour,

for instance ceramics are typically considered to exhibit brittle failure and demonstrate low

fracture toughness vs metals that are considered to be ductile and are known to be very tough.

A common engineering strategy to escape this envelope is to combine different materials

and create effective composite materials that overcome the limitations of the individual

materials [119]. Natural materials like bone and bamboo routinely exemplify this strategy

by combining a variety of soft and stiff materials in multi-scale hierarchical architectures

[71, 68, 91, 130]. This endows them with exceptional strength and toughness, enabling them

to serve as model systems for engineering mechanisms of toughness amplification. Although

the exceptional properties of natural materials are hypothesized to originate from their small-
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scale constituents and hierarchical architectures [58], the precise mechanics that govern the

origins of such toughnesses are not understood, hindering complete utilization of bioinspired

strategies.

The development of various bioinspired architected materials over the last two decades

has significantly advanced our understanding of the mechanics of natural structural mate-

rials. Nacre-inspired glass exhibits toughness and ductility [91], bouligand-inspired CFRP

composites successfully suppress brittle fracture [86], and bone-inspired composites demon-

strate significant crack deflection and branching [79]. These examples show that the principle

of architected toughness is really powerful and can help expand the existing material property

space, yet there is very little literature on what fundamentally guides the design of such ma-

terials. A key missing insight is the length scale of the architectural building blocks used in

such bioinspired designs. Natural materials are built over hundreds of years, and current fab-

rication tools are not sophisticated enough to replicate the precise structural hierarchy they

exhibit. Therefore, it is crucial to understand the minimum feature size needed to activate

unique toughening mechanisms and overcome the inherent brittleness of the constituents.

Understanding this first requires consideration of how fracture processes are affected by

the size of the material [107]. Prior to fracture, materials will develop a yielding zone of

length rp in front of a crack, which comprises a fracture process zone (FPZ) of length lch

and a plastic zone (PZ) of effective length rp – lch [98]. Samples larger than this yielding

zone will undergo fracture-governed failure, while samples smaller than this yielding zone

will undergo strength-driven failure. In the strength-driven regime, materials with a large

PZ and small FPZ will experience ductile fracture, while materials with a small PZ and

large FPZ will experience quasibrittle fracture. Many studies in this field, pioneered by

Bažant, have explored the size-affected transition from fracture-driven to strength-driven

failure, but they often focus on the nominal strength in quasi-brittle materials like concrete
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and rock [19, 23]. Recent work on microscale polymers shows that both sample size and

yielding zone size induce size-affected changes in fracture behavior and that structures smaller

than the fracture-yielding zone suppress brittle fracture and exhibit ductility [107]. Further

understanding of the preservation of such size effects is imperative to utilize this unique

size-affected behavior in the design of real-life structures of any size.

4.3 Design of layered Materials

Layered polymeric materials were designed in a single-edge notch bend (μ-SENB) configu-

ration. To study the role of feature size on the final toughness of an architected material,

layer thicknesses (L) in all samples were chosen with respect to the size of the constituent

material’s fracture-yielding zone (rp). Small-scale samples made using two-photon lithogra-

phy and atomic layer deposition had L < rp, and large-scale samples made using digital light

synthesis had L > rp.

Any additive manufacturing technique introduces stiffness gradients based on print paths,

which are used in this study as a means to increase architectural complexity. This is because

stiffness-based heterogeneity can lead to significant toughening governed by the relationship:

f inh = Ψ(L, h)
Emax – Emin

Emax + Emin
(4.1)

where f inh is the inhomogeneity factor that relates to the toughness of the architected mate-

rial Jf as Jf = Jmaterial(1+ finh), Ψ(L, h) is a structure geometry factor, and Emax and Emin

are the maximum and minimum stiffnesses, respectively. Following this, layers are printed

with high in-plane overlaps to minimize stiffness gradients in the layer, but out-of-plane

overlapping (S ) is varied to create structures with very small to very large stiffness gradients

in front of the crack tip.
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Figure 4.1: Designing features using fracture size effects A. Nature’s layered materials
abalone shells (Nacre) [13], beetle shells [76] and deep sea sponge [1] B. Nominal strength
vs. feature size plot showing the transition from fracture-governed to strength-governed
failure. C. Size of the fracture yielding zone (rp) in the parent material. D. Layer thickness
(L) smaller than rp. E. Brittle fracture in the constituent material. F. Architected layered
polymers with varying layer spacings (S).
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4.3.1 Micro-layered Polymers

Samples were fabricated using two-photon lithography (TPL) direct laser writing and print-

ing parameters were optimized to achieve a final elliptical TPL voxel with width (w) ∼ 450

nm and height (h) ∼1600 nm. Layer thickness in all samples (L) was chosen to be equal to

the height of an individual voxel (L = h) so that it is smaller than the fracture-yielding zone

of the polymer (rp = 5 μm), which was characterized in a previous study [107] and is shown

in Figure 4.1.

Figure 4.2: Stiffness Gradients in micro-layered beams: A. Fully dense beam with minimal
stiffness variation. B. Partially overlapped beam. C. Just separated beam with significant
variation. D. Fully separated where layer and spacing is comparable.

TPL voxels typically have a Gaussian power gradient [15], resulting in continuous gra-

dients in polymer crosslinking and stiffness across the voxel. Although the gradients within

the voxel can be minimized to some degree by ensuring large laser exposure, in the extreme

case, the core of the voxel or the region with the maximum crosslinking has stiffnesses be-

tween Emax = 3.5-4 GPa, and the outermost edge of the voxel with the least crosslinking
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has stiffnesses between Emin = 1.2-1.5 GPa. Changes in the in-plane and out-of-plane voxel

to voxel overlap, thus resulting in diverse gradients or heterogeneities [108].

To create a controlled 1D stiffness heterogeneity across the thickness of the beam (i.e.,

in the z-direction), high TPL exposures were used to minimize the power gradients within

the voxel, and high in-plane overlap between lines was ensured to minimize in-plane hetero-

geneity. Out-of-plane spacing (S ) was varied from high-overlap (S = -0.6 μm) to create fully

dense homogenous beams (Emin/Emax = 1) to high-spacing (S = 2.3 μm) to create fully

separated layers (Emin/Emax = 0 - 0.3). It is important to note here that an S > 0 does

not necessarily imply separated layers in fabricated samples due to memory effects during

writing. This causes bridge segments to form between layers, the size of which decreases

with increasing S. Based on this, these structures have been split into four categories: fully

dense (FD) with S = -0.6 μm, partially overlapped (PO) with S ranging from -0.3 - 0.3 μm,

partially separated (PS ) with S ranging from 0.5 - 1.1 μm, and fully separated (FS ) with S

ranging from 1.1 - 2.3 μm (Figure 4.2).

μ-SENB beam dimensions were determined according to ASTM E-1820b [41] with a

standard beam thickness of W = 26 μm and span-to-thickness ratio S/W = 2. Notches were

directly written into the beams during the printing process to avoid introducing any focused

ion beam (FIB) milling damage [8]; these had an initial length ao = 4.5 μm and an a/W =

0.17. Four horizontal ‘spacers’ were printed between layers along the breadth of the beam

to ensure separation between highly spaced layers and prevent sagging. These were written

with a very low laser exposure to ensure minimal contribution to the fracture of the beam.

An additional study was conducted to find the maximum no. of such horizontal support bars

that can be printed without significantly altering crack propagation (Figure 4.3).
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Figure 4.3: Effect of Support Bars on Fracture: (Left) Load vs Displacement plot showing
that behavior is not affected when number of bars is less than five. (Right) SEM Images
showing fabricated samples.

4.3.2 Macro-layered Polymers

To understand how toughness amplification changes when L >> rp, large-scale layered SENB

samples were fabricated using Digital Light Synthesis (Carbon 3D) with a photoplastic -

Loctite IND147 black. This material has a Young’s modulus E = 3.2GPa and tensile yield

strength σys = 67MPa, matching closely with the DC 45 IP-Dip material used to create the

microscale beams with L < rp. The fracture yielding zone for this material was found to be

rp = 60μm, so layers with thicknesses L ∼ 10 ∗ rp were fabricated to completely eliminate

fracture size-affected toughening. Layer-to-layer separation (S) was varied between 0 - 1.2

mm to create structures that are fully dense, partially overlapped and completely separated.

A sparse hexagonal interlayer array was used to separate layers and SENB geometry W =

18.5 mm, S/W = 3, a = 11 mm, and a/W ∼ 0.6 was used. Cracks were directly printed into

the beam eliminating defects and variations arising from creating a pre-notch.
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4.4 Mechanical Testing

Large-scale mechanical testing was conducted on the Instron with a custom-made 3-point

bend setup at quasi-static strain rates of 0.2 mm/sec. In-situ fracture experiments for

μ-SENB samples were performed using a displacement-controlled mode in a piezo-driven

nanomechanical system, details of which can be found in Materials and Methods. Specimens

were tested either to complete fracture or to a displacement of 18 μm and video data was

captured for each test, representative stills of which are shown in Figure 4.5. Instantaneous

load line stiffness was calculated using the unloading slope of the CSM data, and crack ini-

tiation was determined as the point where the unloading stiffness began to decrease. Crack

lengths were obtained using a compliance calibration procedure [55] by correlating the crack

initiation point with the instantaneous stiffnesses thereafter. Determining crack initiation

was particularly challenging for the FS beams, where no significant drop in stiffness was

Figure 4.4: As fabricated Macroscale Samples: Layer thickness (L) = 0.6 mm and Layer
spacing (S) was varied between 0-1.2mm.
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observed. Video data was used in this case to approximate a point of crack initiation to cal-

culate initiation fracture energy. An elastic-plastic Mode-I J-integral was used to determine

the fracture behavior and crack growth resistance (J–R curve) of the samples as defined in

ASTM E1820-20b [41]. To meaningfully quantify fracture energy, we compare the J value

at a crack growth equivalent to one layer crack extension and is denoted here as J1L. This

definition of J1L allows for a direct comparison of the fracture energy at a consistent amount

of crack growth and is not meant to serve as a standard method for calculating material

fracture energy.

4.5 Results

4.5.1 Micro-layered Polymers

Representative load-displacement data for μ-SENB tests on FD, PO, JS, and FS beams are

shown in Figure 4.5, and data for all tested beams are shown in Figure 4.6. Both bending

stiffness and peak load predictably decrease with increasing layer spacing, ranging from 0.5-

2.2 kN/m and 3.9-10.5 mN, respectively. As compared to the parent material (FD), the

PO samples demonstrate marginal drops in peak load and bending stiffness, whereas the FS

samples demonstrate a significant decrease in both.

J-R crack resistance curves are analyzed to understand changes in failure behavior, as

shown in Figure 4.5. The FD beams show a high peak load but undergo catastrophic failure,

and J-integral curves are seen to plateau at ∼ 65 J/m2. This indicates that the fracture-

yielding zone in this material is fully developed, leading to brittle fracture as governed by

linear elastic fracture mechanics (LEFM). The PO beams show an ∼2x increase in strain to

failure with minimal reduction in peak load as compared to the FD beams. These beams

demonstrate slower crack propagation as compared to the FD beams, yet they fracture

completely. J-R curves rise initially but eventually plateau, meaning that fracture behavior
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is starting to deviate from LEFM-type fracture. Toughness increases from ∼ 85 to ∼200

J/m2 as layer spacing increases from -0.3 - 0.3 μm. The JS beams show a clear start-

stop behavior in the crack growth as the crack stops after propagating through every layer

before reinitiating in the next layer. This can be seen clearly in ‘step’ behavior in the load-

displacement and J-R curves, resulting in significant increase in fracture resistance sim 300

J/m2. These J-curves did not plateau hence, we estimate the total fracture energy of these

materials to be significantly higher.

The FS beams show a complex mixed-mode fracture behavior, leading to pronounced

toughening. Similar to the JS beams, the crack propagates in a ‘start-stop’ manner, reiniti-

ating at every interface, but the crack tip also exhibits blunting, and the crack grows in the

Figure 4.5: Fracture in Nano-layered Samples: a. Load vs displacement behavior, b.
J-R crack growth curve of FD, PO, JS, and FS samples. c,d,e,f - sequence of images going
left to right showing SEM images of the layered beams as printed, after crack has initiated
in the first layer and after final fracture for FD, PO, JS, and FS samples, respectively. Scale
bar: 10 μm
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Figure 4.6: Nanomechanical Data: Load-displacement and J-R curves for samples with
layer spacing (S) between 1 - 3.1 μm.

Figure 4.7: Fracture Energy of micro-layered Materials: J1L vs S plot showing fracture
energy and resultant toughening mechanisms for different μ-layered materials. Insets show
representative images of the beam front after test completion.
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plane before propagating to the next layer. This blunting behavior is observed to increase

with S. In the extreme case where S = 2.1 μm, the large interlayer separation prevents the

crack from propagating at all; as a result, the crack completely deflects along the interface

and propagates in a pure mode-II manner. All FS samples demonstrate large plastic plateaus

with significantly enhanced strains to failure, and at displacements > 18 μm, the sides of the

indenter tip start touching the top edge of the beam, at which point the test becomes in-

valid, meaning that these beams cannot be taken to final fracture with the current specimen

geometry.

One notable feature of these micro-layered materials is that the peak load does not drop

significantly with increasing layer spacing or decreasing density upto an intermediate layer

spacing. An substantial increase in toughness almost always corresponds to a significant

drop in the strength of the material, but utilization of size-enhanced ductility helps maintain

strength while amplifying toughness.

Comparing the J1L values for all samples, we observe a remarkable ∼5x increase in

toughness as compared to the parent material (Figure 4.7). It is important to note that the

∼5x factor is an underestimation of the maximum toughness amplification since the enhanced

ductility and mixed-mode crack propagation complicate the J-integral analysis for the JS and

FS samples and do not give accurate values. Nevertheless, four distinct toughening regimes

are observed. Since the layers are still merged in the PO samples, toughening originates

from the creation of stiffness heterogeneity (f inh) ahead of the crack tip, which increases

with S [68, 42]. Once the layers separate (i.e., JS samples), we see a jump in the J1L vs.

S curve, indicating the activation of another toughening mechanism. We hypothesize this

enhanced toughening in the JS samples comes from the activation of size-enhanced ductility

in the sufficiently small layers. To discern if the enhanced toughening is due to the size

effect or simply an effect of the architecture, we analyze large-scale layered samples where
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Figure 4.8: Toughness vs max load showing optimization of both strength and toughness
with decreasing relative density

size-enhanced ductility is not activated.

4.6 Fracture in Sufficiently Large Layers

To understand how toughness amplification changes when L >> rp, large-scale layered SENB

samples were fabricated using Digital Light Synthesis (Carbon 3D) with a photopolymer -

Loctite IND147 black. Fracture experiments reveal trends similar to the samples with L < rp.

Both peak load and stiffness decrease while toughness increases with increasing S. When

layers are completely separated, crack growth occurs in a start-stop manner as the crack

reinitiates at every interface, resulting in enhanced toughness. However, the key difference

was that all samples experienced brittle fracture irrespective of S. In samples with large S

values, initial crack propagation was hindered by creation of a layered architecture, but after

crossing peak load, the crack instantaneously propagated through the rest of the sample.
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Figure 4.9: Load vs Displacement Data for Macroscale Layered Materials: Data
for FD, PO and FS samples with L=0.6 mm and S = 0, 0.6 mm and 1.2 mm, respectively,
showing emergent ductility but ultimate brittle fracture.

4.7 Size-Affected Material Toughening

For a crack propagating through two dissimilar materials, there are three possibilities when

it reaches the interface: propagating through the interface, deflecting at the interface, or

getting arrested. Which of these occurs depends on the material and interfacial fracture

energy, and the crack will always choose a path of least resistance or lower toughness [90].

In both the macro- and micro- layered materials here, as the layer separation increases,

the interface toughness decreases, hence, it becomes easier for the crack to deflect than to

penetrate. This deflection amplifies toughness, as already known from analytical studies and

from fracture in naturally occurring architected materials [90, 36, 1]. If the toughening in

the micro-layered materials was completely due to this architectural effect, we would see

comparable toughness amplification between the macro- and micro-layered materials given

comparable layer thickness to spacing ratios.
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Figure 4.10: Cascading Material and Architectural Toughening Mechanisms: A.
Illustration showing how designing architected materials at the right feature size enhances
ductility and toughness. B. Normalized work of fracture vs relative density for macro-
and micro- layered materials. Inset: post-fracture images. C. Effective rp of micro-layered
materials. D. FE images showing rp in FD and JS samples.
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Comparing the work of fracture (Emax) of the macro- and micro-layered materials to

that of the parent material (Eo) highlights some notable differences. Figure 4.10 reveals

that although the creation of an architecture amplifies toughness in both cases, architecture

with size-affected constituents shows significantly enhanced toughness and overall delayed

fracture. Although the large ductility for many of the low relative density micro-layered

samples prevented the quantification of total fracture energy, but the high relative density

data points already show how much more toughness amplification is possible simply with

the right feature size.

Each fiber can be thought of as a crack-bridging element. For the IP-Dip material com-

prising the micro-layered materials, we estimate the bridging toughness to increase from 70

J/m2 to 150 J/m2 going from bulk to nanofiber, respectively [15, 62]. If the size of the

fiber is significantly larger than the size of the fracture-yielding zone (L >> rp), then the

toughness of the layered materials will increase with increasing S due to crack deflection, yet

it wouldn’t utilize the maximum material toughness available from the fibers. When fibers

are sufficiently small (L < rp), as the layers get fully separated, toughening doesn’t only

occur because of crack deflection, but also due to delayed penetration, resulting in larger

toughness amplification. Thus, architecture at the right length scale is key to fundamentally

engineering toughness in any material. Gradually increasing layer spacing suppresses the

catastrophic failure and induces ductility in the system. In contrast, in the macro-layered

materials with L >> rp, toughness increased with S without significant ductility and overall

catastrophic failure.

4.8 Architectural Toughening

Lastly, it is important to comment on the role of architecture on the effective toughness.

Using the fracture energies calculated from μ – SENB experiments and yield strength from
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Figure 4.11: Fracture Yielding Zone of Architected Materials: Numerical model and
resultant fracture yielding zone shape and size of FD, PO and FS samples showing a growing
anisotropic rp with increasing architectural heterogeneity.
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three-point bending experiments on unnotched samples, we estimated the effective rp of the

micro-layered materials, as shown in Figure 4.10C. We see that rp increases with increasing

S, approaching and expanding beyond the size of the sample. From a fracture size-effect

perspective, the enhanced ductility of samples with larger S could also be understood from the

fact that the effective rp of these materials is larger than the width of the beam. Additional

Finite element elastic-plastic-damage modeling was done to understand the shape of these

emergent rps, as shown in Figure 4.11.

4.9 Origins of Toughness in Natural Materials

This work also helps us understand the remarkable toughness observed in many natural

structural materials. For instance, Nacre or abalone shells are primarily composed of brittle

aragonite yet exhibit significant damage tolerance. They are composed of layers or tablets

of aragonite that are L ∼ 400 nm thick and stuck together with a soft protein glue. This

stiff-soft composition of nacre has long been hypothesized as the primary driver of its re-

markable toughness resulting in mechanisms like tablet sliding and crack deflection. Despite

understanding the diverse toughening mechanisms, nacre-inspired artificial materials have

still not been able to achieve that level of toughness amplification. This is in part because

the constituent materials and length scales used in such bioinspired materials design endeav-

ors are usually arbitrary. Using the fracture energy (JIC = 10 J/m2) and yield strength

(σys = 160 MPa) reported in previous works [12], we estimate the fracture yielding zone for

aragonite to be rp ∼ 3 μm, meaning that the nacre tablets are sufficiently small (L < rp) to

activate size enhanced ductility and suppress catastrophic failure characteristic of the con-

stituent aragonite. Moreover, if we calculate the effective rp of nacre (JIC = 1.5 kJ/m2, E

= 70 GPa, σys = 75 MPa), we find it to be ∼ 3 mm, approaching the typical thickness of

nacre shells [12]. Nature thus combines both architecture and material at the right length
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Figure 4.12: Toughening in Nacre Nacre microstructure, toughness of constituent arago-
nite and nacre.

scale to create damage-tolerant structures from any starting material.

4.10 Continuous and Discontinuous Micro-layered Composites

4.10.1 Design

μ-SENB polymeric beams fabricated using two-photon lithography were coated with ALD

alumina (E ∼ 164GPa) to further alter the Emin/Emax ratio and understand the change in

resulting toughness. Samples were conformally coated with Al2O3 using an ALD process

(Picosun R-200). The chamber was held at 50◦C with a recipe consisting of pulsing H2O

for 15 ms, purging for 20 s, pulsing trimethyl aluminum for 15 ms, purging again for 20 s,

and repeating the process for the desired layer thickness. The system was run for 200 cycles

(corresponding to 25 nm) with N2 as the carrier gas at a flow rate of 20 sccm.

4.10.2 Results

Load-displacement data for μ-SENB tests on FD, PO, JS, and FS composite beams are shown

in Figure 4.13. Both bending stiffness and peak load predictably decrease with increasing

layer spacing, ranging from 0.36-1.9 kN/m and 2.1-10.5 mN, respectively.
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Figure 4.13: Nanomechanical Behavior of micro-layered composite beams: (Top
left) Load vs displacement for different layer spacings (Top right) J vs crack extension for
different layer spacings (Bottom) J1L vs layer spacing showing transition in fracture behavior.

J-R crack resistance curves are analyzed to understand changes in failure behavior, as

shown in Figure 4.13. The PO beams break completely, but the fracture is stable, and

the crack gradually grows through the beam. J-R curves do not show a rise like the pure

polymer PO beams, probably caused by the presence of brittle alumina. Toughness increases

from ∼ 85 to ∼200 J/m2 as layer spacing increases from 1.0 - 1.9 μm. The JS beams show

microcracking around the crack tip and some start-stop behavior in the crack growth, seen

clearly in ‘step’ behavior in the load-displacement curves. This results in rising J-R curves
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Figure 4.14: Fracture in micro-layered composites: SEM images showing before and
after testing as well as a magnified view of the crack region in polymer alumina composite
beams with S = 0.1, 0.7, 1.1 and 1.5 μm.

which eventually plateau, leading to enhanced fracture resistance ∼ 250 J/m2.

The FS beams show a complex mixed-mode fracture behavior and demonstrate consid-

erable ductility. Unlike the JS beams or the pure polymer FS beams, the crack does not

propagate in a ‘start-stop’ manner. Instead, we observe significant micro-cracking around

the crack tip (Figure 4.14), leading to layer fracture, and the entire sample breaks eventually.

Further analysis is needed to fully understand the behavior of these multi-material systems.
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Chapter 5

TOUGHENING BY INTERPENETRATING LATTICES

This chapter has been adapted from:

Patel, Zainab S., et al. “Anistropic Fracture in Ductile and Brittle Nanoarchitected Inter-

penetrating Lattices” (In Preparation)

Contributions: Designed and fabricated samples, conducted experiments, analyzed data,

and wrote manuscript.

5.1 Chapter Summary

In this chapter, we explore how the idea of size-affected (intrinsic) and architectural (extrin-

sic) toughening can be applied to traditional lattice materials. Fracture Toughness in lat-

tices decreases with unit cell size and relative density, presenting significant challenges in the

development of lightweight damage-tolerant structures. We develop nano-interpenetrating

lattices (n-IPLs) by weaving two separate lattices through the same volume and change the

constituent composition to create n-IPLs with and without size-enhanced ductility. It is

hypothesized that the different preferred crack growth paths of the sublattices will enlarge

the effective fracture yielding zone size of the n-IPL, which will be further amplified by the

use of size-controlled constituents. n-IPLs are fabricated using two-photon lithography and

designed in a micro-single edge notch bend (µ-SENB) configuration with relative densities ρ

between 15% to 30%. Experiments demonstrate that n-IPL architecture with preserved size

effects not only increases toughness but significantly delays crack initiation, creating a path-
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way to engineering lightweight fracture-resistant structures from a single effective material.

5.2 Background

Lattices are an ideal model system for creating architected materials due to their straight-

forward definition, versatile design possibilities, and the availability of existing architectural

libraries. The recent surge in additive manufacturing techniques has not only increased the

use of lattice materials but also broadened the range of manufacturable designs. As lattices

become more prevalent in real-world structural applications, research and development ef-

forts are increasingly focusing on material properties beyond just strength and stiffness, like

toughness. Due to their geometric complexity and the imperfections inherent in manufactur-

ing processes, lattices are prone to defects such as missing or malformed struts. This concern

is further compounded by the fact that the fracture toughness (Kic) of cellular materials,

including foams and lattices, is expressed as [45]:

Kic = Cσf
√
πLρ̄3/2 (5.1)

where (ρ̄) is the relative density, (L) is the cell size, σf is the fracture strength of the material,

and C is a fitting constant. This shows that fracture toughness is expected to drop with

relative density and cell size, meaning both nanolattices as well as lightweight lattices are

expected to be fracture-prone as compared to their denser, macroscale counterparts, present-

ing a significant challenge. However, given the broad structural tunability, lattices offer the

potential to architect new ‘toughening mechanisms’, much like is shown in the earlier parts

of this dissertation.

Recent work on interpenetrating lattices explores toughening behavior in lattices com-

posed of multiple 3D connected lattices, woven through the voids of each other, creating

an effective multi-body material [136]. It was shown that as damage progresses unequally
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through the two lattices, they make contact, re-distributing loads and dissipating energy via

crack bridging, friction, and distributed fracture. Elastic anisotropy between the two sub-

lattices results in two separate cracks of differing lengths in the two distinct sub-lattices, but

load sharing is induced through contact, causing the development of an effective bridging

zone that forces the two sub-lattice cracks to grow simultaneously and stably. What is re-

markable is that this significant toughening is achieved via a single material and even though

the lattices were made out of brittle constituents, they demonstrated a considerably enlarged

fracture process zone and increased fracture energy. Notably, this toughening did not occur

when similar lattices were combined. While some work has argued that ductile interpene-

trating lattices are unlikely to be tougher [125], there was a fundamental missing insight that

dissimilar lattices have different anisotropic FPZs that affect their resulting toughness. This

work explores how anisotropic FPZs interact to create larger process zones and enhance the

extrinsic size-affected toughening.

Figure 5.1: Design of µSENB Interpenetrating Lattices Beams. (a,b,c) Describe
rendering of the OC, RD and (OC+RD) IPLs. (d) Helical write path for creating uniform
lattice struts showing the x and y radii of the helix ax and ay respectively and the pitch (p).
(e) Final µSENB of the IPL beam showing the geometrical dimensions (Scale bar: 20µm).
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Figure 5.2: Controlling Mechanical Behavior of Interpenetrating lattice beams
(a,b,c) Describe rendering of the OC, RD and (OC+RD) IPLs. (d) Helical write path for
creating uniform lattice struts showing the x and y radii of the helix ax and ay respectively
and the pitch (p). (e) Final µSENB of the IPL beam showing the geometrical dimensions
(Scale bar: 20µm).

5.3 Design

To understand the fracture behavior of interpenetrating lattices, three specimen types were

created: Rhombic Dodecahedron (RD) lattice, Octet (OC) or Face-centered cubic(FCC)

lattice, and an (RD+OC) Interpenetrating Lattice (IPL) as seen in Figure 5.1a,b,c. To

create beams with final relative density equal to 25%, strut dimensions in all three lattices

were kept constant and the unit cell size (l) was varied instead. This is because previous

work has shown that surface roughness causes a significant reduction in effective properties of

additively manufactured features as the feature size decreases, making comparisons between

different lattices with different strut diameters inherently convoluted [121].

To create free standing µSENB specimens, a support lattice is written below the test

beam to avoid stacking errors, as proposed by Gross et al. [51]. However, if the test beam is

also a lattice, it would mean that both the support lattice and test lattice would get etched,



98

destroying the test beam. To avoid this, a helical laser trajectory was used to create thicker

beams with uniformly cross-linked cross section which would survive the etching process as

also proposed by Gross et al. [51] (Figure 5.1d). Beams had 4 unit cells across the thickness

W=4l and 2 unit cells across the width B=2l. The span length (S) was kept equal to 4 times

the width S=4W as defined in [59] and seen in Figure 5.1e. Notches were designed to be one

unit cell wide and 1.5 times the unit cell width in height. Separate loading pads were also

printed at the bottom of the beam where the beam touches the three-point bend supports

and on the top center of the beam where the indenter head comes in contact. This is done

to prevent local indentation as recommended in ASTM C393 for sandwich beams [60].

To study how fracture behavior changes with the activation of size-effects, two sample

types were created. The lowest laser power was used to create RD, OC, and IPL lattices in

which the struts have DC = 17%, and these will be denoted as RDduc, OCduc, and IPLduc.

One batch of the DC 17 samples was tested as is, and the other was heated in a vacuum

furnace at 200◦C to create lattices in which the struts have DC = 80%, and these will be

denoted as RDbri, OCbri, and IPLbri as shown in Figure 5.2.

5.4 Fabrication

The entire three-point bend assembly and the nano-Bouligand beams are designed in Python

and imported into Quantum-X Professional DLW system (Nanoscribe GmbH). Specimens

were fabricated on silicon substrates, which were first etched for 5 minutes in oxygen plasma

(Plasma Etch - 25 system) and then functionalized using 3-(Trimethoxysilyl) propyl methacry-

late to improve adhesion and prevent peeling off of supports during fracture tests. Subsequent

writes were done using two-photon lithography (TPL) direct laser writing (DLW) system

(Nanoscribe, GmbH). A proprietary acrylate-based resist, IP-Dip (Nanoscribe, GmbH), was

used with a 63x objective to obtain high-precision sub-micron resolution writes. A one-hour
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hold time was used to enable refractive index matching of the IP-Dip resin with the 63x

objective. Printed structures were immersed in a propylene glycol monomethyl ether acetate

(PGMEA) solution for 20 mins, then in ultrapure IPA for 30 mins followed by critical point

drying (Autosamdri-931 system Tousimis). These were subsequently etched in a downstream

oxygen plasma etcher (YES CV200 RFS downstream etcher) at 45°C with 65 W power, a

pressure of 760 millitorr, and 100 SCCM O2 flow [51].

5.5 Mechanical Testing

In-situ fracture tests were performed using the displacement-controlled mode in an Alemnis

ASA nanoindentation system. Specimens were tested either to complete fracture, or to a

displacement of 50-60 µm, and video data was captured for each test. Instantaneous load line

stiffness was calculated using the unloading slope of the CSM data, and crack initiation was

determined as the point where the unloading stiffness began to decrease. Crack lengths were

obtained using a compliance calibration procedure [55] by correlating the crack initiation

point with the instantaneous stiffnesses thereafter. The tool was installed in a Thermo-

Fisher Scientific Apreo SEM, and testing was done with a 2 µm radius conductive diamond

wedge tip. A loading rate of 60 nm/sec, a sinusoidal signal of amplitude 60 nm and frequency

6 Hz were superimposed to perform continuous stiffness measurement (CSM) and thereafter

compute instantaneous crack lengths. All test videos were recorded using a 300 ns refresh

time and 2-frame integration.

Load measured during nanomechanical testing always contains some thermal drift, which

increases with time. To account for this, we kept the nanoindenter assembly installed for

a time greater than 12 hours prior to testing for the drift to stabilize. We additionally

added ‘out-of-contact’ segments before and after the compression step where the tip is not in

contact with the sample to correct for any drift in the system. Thermal drift showed linear
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Figure 5.3: Post fracture crack fronts and µSENB test data. (Top) Left to right OC,
RD and IPL beams respectively. Damage initiates in both the OC and RD beams, as seen
by the broken struts. No damage is observed in the IPL beam (right). (Bottom) Load vs
displacement data during fracture test in OC, RD and IPL lattices. Both OC and RD show
load drops corresponding to strut failure, but the load in the IPL continues to increase.
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correlation with time for short experiment times (less than 30 minutes) and was subsequently

subtracted from the load data during data processing. Despite these efforts, CSM data can be

noisy, and since that can significantly affect the computation of crack lengths and J-curves,

an amplitude based Fast Fourier Transform (FFT) noise filtering algorithm was applied on

the load-displacement data. Subsequent CSM Data was smoothed using the Savitzky-Golay

filter by fitting a third order polynomial for every 300-400 data points.

5.6 Brittle Lattices

µSENB fracture tests were conducted on the OC, RD and IPL samples on the piezo-driven

in-situ nanoindentation system (ASA, Alemnis AG) using the same procedure as described

in Chapter 2. Although the goal was to test each specimen to fracture, due to technical

challenges, all beams could only be tested to part of the failure displacement as visible in

Figure 5.3.

Despite that, we observed interesting differences in the fracture behaviour of different

samples. Figure 5.3 shows the post fracture crack fronts in the three lattices as well as the

load-displacement response during fracture. Similar to White et al. in [135], we observe

that the OC lattice has the highest stiffness and the RD lattice has the lowest stiffness with

the (OC+RD) IPL showing an intermediate stiffness between the two. In terms of fracture,

we see that with increasing displacement damage initiates in both the OC and RD lattices,

resulting in fracture of individual struts near the crack tip. This happens at a displacement

of ∼18µm in the RD beams and ∼24µm in the OC beam. In contrast, we do not see any

damage initiate in the IPL beam and the load continues to increase.

5.7 Ductile Lattices

Preliminary experiments on lattices with DC=17% revealed enhanced strain to failure as

compared to the lattices made of brittle constituents. This was true even for the single RD
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and OC lattices, although the most significant impact was on the IPL lattices. Even at very

high strains, IPL beam did not show any crack propagation, but simply continued to deflect

under the applied load. This is shown in Figure 5.4

Figure 5.4: Comparing Fracture in Brittle and Ductile Architected Lattices
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Chapter 6

SUMMARY AND OUTLOOK

6.1 Summary

This dissertation demonstrates the creation of fracture-resistant nanoarchitected materials

that acquire their enhanced properties through a combination of small-scale fracture size

effects and architectural toughening mechanisms. More broadly, we show that toughness at

the nano/microscale is not an “intrinsic” material property, but one that can be affected

by molecular or nanoscale heterogeneity in a unique and controllable way. This is primarily

accomplished through a combination of nanofabrication methods like two-photon lithography

and oxygen plasma etching that enable the creation of free-standing polymeric nanostructures

and in-situ nanomechanical testing that allows visual and physical insight into how different

structures break.

By isolating and changing the orientation of materials comprised of twisted polymeric

nanofibers, we show that toughness is significantly improved by the activation of size-

enhanced plastic energy dissipation and nanoscale heterogeneity. We further show that

nanostructure in materials can be generated explicitly using fiber architecture or indirectly

via spatial property gradients, and both of these can drastically alter toughening behaviors.

An important step was to systematically investigate the mechanistic origins of the size-

enhanced ductility demonstrated by the polymeric nanofibers in the framework of a size-

effect study. Through small-scale experiments and numerical modeling on polymeric beams

of varying degrees of crosslinking, we found that ductile to brittle transitions can be ex-

plained via a fracture size effect framework where fracture behavior is governed by the size
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of the fracture yielding zone with respect to the size of the structure. This work provided a

crucial insight that ductility is a size-induced property that occurs when features are reduced

below a characteristic fracture length scale and that strength, stiffness, and toughness alone

are insufficient predictors of ductility. Understanding characteristic fracture lengths is thus

crucial for designing any component where mechanical performance is a priority.

We then used this insight to demonstrate how the incorporation of size effects in the

design of architected materials can fundamentally alter toughness. By creating μ-layered

polymeric beams where layer thickness was controlled to be smaller than the size of the

constituent material’s fracture-yielding zone, we show that a combination of size-enhanced

ductility and architectural heterogeneity amplify toughness significantly more than what is

possible by their non-size-affected counterparts.

Lastly, we explore the world of interpenetrating lattices, comprising two separate lattice

structures woven through the voids of another. Similar to the layered structures, these lattices

are constructed with feature sizes that can activate and deactivate size-affected ductility.

But the key idea here is to understand how architectural hierarchy, achieved by combining

different preferred paths for crack propagation in both of the sub-lattices, amplifies toughness.

We show that ductile nano-interpenetrating lattices significantly resist crack initiation and

propagation as compared to both separate lattices and nano-interpenetrating lattices with

brittle constituents, underscoring the role of feature size in fundamentally utilizing size effects

to create architected materials with unprecedented properties.

6.2 Outlook

I believe the work in this dissertation enables the ability to make any material tough by uti-

lizing the fundamental principles that govern intrinsic (material) and extrinsic (architectural)

fracture size-effects.
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This has direct implications for the printing of any additively manufactured material,

particularly materials that are lightweight and made using a TPL process. There are inherent

gradients in all materials, but additive manufacturing enables the intentional introduction

of gradients based on print paths and layer thicknesses. It is now apparent that any internal

stiffness gradient in a material can be beneficial for crack growth resistance and should be

carefully considered in part design. While it is challenging to create high-density nanofibrous

materials using the TPL process here due to proximity effects, other fabrication methods that

allow for the creation of dense, separated nanofibers could also have marked improvements

in toughness.For instance, tougher engineering composites can be created by controlling the

fiber spacing or fiber diameter in a reinforced composite.

This work has long-term applications in sustainable materials development, wherein

earth-abundant materials that are thought to be intrinsically brittle, like silica, can be made

ductile and used in tough composites, much like what is found in natural materials. Pro-

cessing or compositional changes such as heating, filler addition, or grain size modification

inevitably alter process zone sizes and can drastically alter fracture behaviors. By character-

izing fracture size effects, ductile to brittle transitions can be accounted for in such materials,

and feature sizes in components can be controlled to prevent catastrophic failure. In the con-

text of additively manufactured materials, there is a new potential to design feature sizes

to match constituent characteristic length scales and maximize toughness while maintaining

strength and stiffness. Moreover, the strength and stiffness of a structure can be controlled

by altering the material composition, while the fracture behavior can be modified by adjust-

ing the feature sizes within the architecture. There is, therefore, an enormous potential for

fundamentally re-investigating the origins of fracture toughness and cascading multiple dam-

age mechanisms in hierarchical architectures to develop highly tough and damage-tolerant

materials with properties approaching that seen in natural structural materials.
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Appendix A

QUANTIFYING TOUGHENING DUE TO
NANO-HETEROGENEITY

To directly quantify the increase in material toughness caused by stiffness variation, the

inhomogeneity-based fracture energy equation can be further reduced as follows:

Jtip = Jfar + Cinh = Jfar (1 + Finh) (A.1)

where Finh only depends on the stiffness and thickness of different materials in the stack.

Finh can be further expressed as:

Finh = po

∫ T

0
(

Eo

E(a + ε)
–

Eo

E(a – ε)
)
1

πε
dε – p

′
o(

Eo

E(a)
–
1

T

∫ T

0

Eo

E(x)
dx ) (A.2)

Here T is the total stack thickness, a is the crack length, z is the coordinate perpendicular

to the crack front propagation, ε is the relative coordinate ahead of the crack tip (ε = z - a),

E(z) is the elastic modulus oscillation, and po and po’ are defined as po = 3-4v/(4-4v) and

po’ = 1-2v/(2-2v) for plane strain [43].

The computation of Finh thus requires a modulus function that describes how the stiffness

changes through the thickness of the material. Previous studies have used a 1D sinusoidal

function (E (z )) [43, 133]. In the nano-Bouligand materials studied here, these stiffness gradi-

ents exist at the voxel level, meaning the constituent fiber has a stiff core and soft edge. The

combination of these fibers creates 3D stiffness gradients (E (x , y , z )) that require additional

consideration to incorporate into a toughening model properly. To demonstrate the com-
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Figure A.1: Variation in Stiffness Gradients Cross-sections in HD-30° and LD-30° nano-
Bouligand beams demonstrating the variation in stiffness. Line plots show variation in
stiffness at a particular line taken along the beam width, demonstrating the complex variation
of stiffness through the material.
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plexity of the stiffness inhomogeneity, we modeled the stiffness variation in a voxel in both

x (along beam width) and z (along beam height) directions as a gaussian function and gen-

erated corresponding stiffness gradient maps and stiffness line plots at different x-positions.

These demonstrate that pre-existing Finh and Finh quantification methodologies using sinu-

soidal stiffness variation cannot truly capture the toughening due to the inhomogeneity in

these materials. It should be noted that most existing analyses only exist for linear elastic

materials.

In the nano-Bouligand materials here, the center of the nanofiber – i.e. the middle of

the line write path – is the stiffest part of the material (E = Emax ), the midpoint between

nanofibers is the most compliant (E = Emin), and the void regions around the fibers have

zero stiffness (E = 0 ). These spatial gradients in stiffness create a complex network of

crack shielding and anti-shielding regions that become more inhomogeneous with increasing

twist angles. In the HD nano-Bouligand beams, this inhomogeneity has an aggregate crack

shielding effect (Cinh < 0) and leads to a delayed crack initiation, thereby causing both a

higher initiation toughness and a higher J1L with increasing twist angles (Figure 2.6). In

the MD and LD beams, there is an even greater gradient between the layers, which should

also create a crack shielding effect, but the high porosity significantly reduces the material

activated during fracture and enables the crack to easily propagate along the zero-resistance

void regions (Cinh > 0), resulting in a lower J1L. It should be noted that all the materials in

this study have a 3D spatial variation in stiffness (Figure A.1), meaning this Jtip analysis is

overly simplified but provides a useful qualitative description of the observed phenomenon.

The authors have applied the above framework in Equation (A.2) using the stiffness line

profiles in Figure A.1 to quantify and compare the toughening between some of the nano-

Bouligand beams in this study. We obtained Jtip/Jfar values for HD-0
◦, 5◦, and 30◦ beams

and show them in Figure A.2. A Jtip/Jfar value less than 1 indicates material toughening,
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Figure A.2: (Top) Stiffness variation as a function of z-position (along beam height) for
HD-0◦, 5◦, and 30◦ nano-Bouligand beams. (Bottom) Corresponding Jtip/Jfar vs z-position
showing increasing toughening with twist angle due to decreasing value of Finh.
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Figure A.3: (Top) Stiffness variation as a function of z-position (along beam height) for
HD 30◦ nano-Bouligand beams. ±200 nm are chosen to demonstrate variation across the
width of a voxel. (Bottom) Corresponding Jtip/Jfar vs z-position showing high variability
depending on what stiffness z-position is chosen.
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with increasing toughness as Finh decreases. It can be seen that the HD-0◦ beams have little

to no toughening due to the heterogeneity, while the HD-30◦ have a pronounced toughening

from the architecture. It should be noted that this analysis only represents Finh for a single-

line variation in stiffness. As seen in Figure A.3, for the same nano-Bouligand beam, we

can get very different Jtip/Jfar values depending on the z-position of the E profile. To fully

understand the effect of inhomogeneity, a 3D theoretical framework, and numerical modeling

are required.
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Appendix B

NANOBOULIGAND RELATIVE DENSITY

Relative density calculations were made using CAD renderings of the material. Modeled

voxel dimensions were measured from SEM images and bridging zones were incorporated to

account for the additional cross-linking at layer intersections that occur due to proximity

effects. The center-to-center distance between layers (l) is set equal to 1500 nm in all beams,

creating a minimum overlap (δ) equal to 150 nm between two layers. The high laser exposure

during fabrication results in the voxel having a slightly hyperbolic (peanut-shaped) cross-

section rather than an elliptical one. Figure B.1 shows the fiber shape as well as the shape

of the intersection region between fibers. Given the voxel size uncertainty and variation in

bridging zone size, it is estimated that the calculated relative densities (Table B.1) have

a variance of ±5%, and introducing a twist causes less than 0.8% variation in the relative

density.

Measured Volume Excess Plate Corrected Fiber Volume Beam Volume Bridging region Density
LD-0 64.68 5.2 59.48 124 130 nm 0.47967742
LD-30 63.63 5.2 58.43 124 130 nm 0.47120968
MD-0 86.79 8 78.79 124 200 nm 0.63540323
MD-30 86.4 8 78.4 124 200 nm 0.63225806
HD-0 110.23 10 100.23 124 250 nm 0.80830645
HD-30 109.86 10 99.86 124 250 nm 0.80532258

Table B.1: Relative Density Measurements from Solidworks
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Figure B.1: Intersection volume between fibers in a θ = 30◦ nano-Bouligand beam.
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Appendix C

NANOMECHANICAL FRACTURE DATA ANALYSIS

The load-displacement and CSM data obtained from in-situ fracture tests were post-

processed for thermal drift, noise, and testing instabilities to get a smooth and continuous

J-R curve. First, the total drift during the test was calculated by using the initial and final

out-of-contact segment and considering a linear drift function (The linear drift was verified

by doing a 24 hr long in-situ hold experiment). This drift was then subtracted from the

data. The initial knee and the final out-of-contact segment were subtracted. The data is

then smoothened using an Fast-Fourier transform amplitude based filter as well as other

data smoothing filters like Savitzky–Golay. The unloading segments of the CSM loading

are then identified from the smoothened data to calculate unloading stiffness. At this point

the Load-displacement data is reduced to peak to peak load-displacement data for ease of

analysis. Instantaneous crack lengths are then calculated using Haggag’s formulation[55]. J-

integrals are then calculated based on ASTM-E1820 [41]. Finally, in-situ videos are trimmed

and synced to the Load-displacement data.

1

2

3 #### Import Libraries

4 import numpy as np

5 from math import *

6 import matplotlib as mpl

7 import matplotlib.pyplot as plt

8 from scipy.signal import savgol_filter
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9 from scipy.stats import linregress

10 from sympy import symbols , Eq , solve

11 from scipy.fft import fft , ifft , fftfreq , rfft

12 # import cv2

13 # import imageio

14 from scipy.stats import linregress

15

16 ### Functions for Data Analysis

17 def Trim_data(Load_array , Disp_array , Time_array , condition1_load ,

condition2_disp , maxdisplacement = False):

18 if max(Load_array) <0.3:

19 C1=Load_array >0.11

20 else:

21 C1 = Load_array >condition1_load

22 # if maxdisplacement:

23 # C2 = Disp_array ==max(Disp_array)

24 # else:

25 # C2 = np.around(Disp_array -condition2_disp , decimals = 1)==0

26

27

28 if maxdisplacement:

29 C2 = Disp_array ==max(Disp_array)

30 else:

31 if condition2_disp <max(Disp_array):

32 C2 = np.around(Disp_array -condition2_disp , decimals = 1)==0

33 else:

34 C2 = Disp_array ==max(Disp_array)

35

36

37 for i,a in enumerate(C1):
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38 if a:

39 trim = i

40 break

41 for i,a in enumerate(C2):

42 if a:

43 trim_end = i

44 break

45 Newload_array = Load_array[trim:trim_end]

46 Tempdisp_array = Disp_array[trim:trim_end]

47 Temptime_array = Time_array[trim:trim_end]

48 Newdisp_array = Tempdisp_array -min(Tempdisp_array)

49 Newtime_array = Temptime_array -min(Temptime_array)

50

51 return(np.array(Newload_array), np.array(Newdisp_array), np.array(

Newtime_array))

52

53 def Drift_correction(Time_array ,Load_array , initial_points , final_points):

54 Point1 = [Time_array[initial_points], np.average(Load_array [0:

initial_points ])]

55 Point2 = [Time_array[final_points], np.average(Load_array[final_points

:])]

56 slope = (Point2 [1]- Point1 [1])/( Point2 [0]- Point1 [0])

57 intercept = (Point2 [0]* Point1 [1]- Point1 [0]* Point2 [1])/( Point2 [0]-

Point1 [0])

58 Drift = [slope*t+intercept for t in Time_array]

59 Corrected_Load = [L-D for L,D in zip(Load_array , Drift)]

60 return(np.array(Corrected_Load), Drift , [Point1 , Point2 ])

61

62 def FFT(Load_array , Disp_array , Time_array , cutoff , amplitude=True ,

Plot_FFT= False , trimstart = 100, trimend = -150):
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63 t = Time_array

64 x1 = Disp_array

65 x2 = Load_array

66 sampling_rate = int(len(t)/(t[-1]-t[0]))

67 N = (t[1]-t[0])*len(t)*sampling_rate

68 #Calculate FFTs

69 y1 = fft(x1) #Disp FFT

70 y2 = fft(x2) #Load FFT

71 xf = fftfreq(int(np.ceil(N)) ,1/ sampling_rate)

72 PSD1 = [np.abs(i) for i in y1] #Power spectrum density for Disp

73 PSD2 = [np.abs(i) for i in y2] #Power spectrum density for Load

74 if Plot_FFT:

75 plt.close(’all’)

76 plt.rc(’xtick’,labelsize =20)

77 plt.rc(’ytick’,labelsize =20)

78 fig , (ax21 , ax22)= plt.subplots (1,2, figsize =(14 ,9), dpi =128)

79 ax21.plot (2*np.pi*xf[:len(PSD1)], PSD1 , ’.--’)

80 ax22.plot (2*np.pi*xf[:len(PSD2)], PSD2 , ’.--’)

81 ax21.set_xlabel(’Frequency (Hz)’)

82 ax21.set_ylabel(’FFT Displacement ’)

83 ax22.set_xlabel(’Frequency (Hz)’)

84 ax22.set_ylabel(’FFT Load’)

85 indices =[]

86 PSD2clean =[]

87 y2clean =[]

88 if amplitude:

89 for i in range(len(PSD2)):

90 if PSD2[i].real >cutoff: #Get this value y=data cutoff ,

usually between 15-30

91 indices.append (1)
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92 else:

93 indices.append (0)

94 for i in range(len(indices)):

95 PSD2clean.append(PSD2[i]* indices[i]) #Use this to check how

FFT looks after filtering

96 y2clean.append(y2[i]* indices[i])

97 ffilt_load = np.abs(np.fft.ifft(y2clean)) #Final Cleaned Load

Data from inverse FFT

98 else:

99 for i in range(len(PSD2)):

100 if -cutoff <xf[i]<cutoff: #8 Get this value y=data cutoff

101 indices.append (1)

102 else:

103 indices.append (0)

104 for i in range(len(indices)):

105 PSD2clean.append(PSD2[i]* indices[i]) #Use this to check how

FFT looks after filtering

106 y2clean.append(y2[i]* indices[i])

107 ffilt_load = np.abs(np.fft.ifft(y2clean))

108 ### returning filtered load , old displacement and time - trimmed on

both ends

109 return (ffilt_load[trimstart:trimend], x1[trimstart:trimend], t[

trimstart:trimend ])

110

111 def UnloaD_SegmentS(Load_array , Disp_array , Time_array ,c):

112 L = Load_array

113 D = Disp_array

114 T = Time_array

115 a = b = 1

116 LD = len(D)-c
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117 UL = []

118 while a and b:

119 a = next((i for i in range(b,LD) if all(L[i]>=x for x in L[i:i+c])

and all(D[i]>=x for x in D[i:i+c])),False) #all(L[i]>=x for x in L[i

:i+c]) and

120 b = next((i for i in range(a,LD) if all(L[i]<=x for x in L[i:i+c])

and all(D[i]<=x for x in D[i:i+c])),False) #all(L[i]<=x for x in L[i

:i+c]) and

121 if a and b and b>a+c: UL += [[a,b]] #; L_mod += list(L[a:b]) ;

D_mod += list(D[a:b]); T_mod += list(T[a:b])

122 # D_mod_temp = [D[UL[i][0]: UL[i][1]] for i in range(len(UL))]

123 # L_mod_temp = [L[UL[i][0]: UL[i][1]] for i in range(len(UL))]

124 # T_mod_temp = [T[UL[i][0]: UL[i][1]] for i in range(len(UL))]

125 # D_unload = [j for x in D_mod_temp for j in list(x)]

126 # L_unload = [j for x in L_mod_temp for j in list(x)]

127 # T_unload = [j for x in T_mod_temp for j in list(x)]

128 L_val =[]; D_val =[]; T_val =[]

129 for a,b in UL:

130 L_val += [L[a]]; D_val += [D[a]]; T_val += [T[a]]

131 return(np.array(L_val), np.array(D_val), np.array(T_val), UL) #np.

array(L_unload), np.array(D_unload), np.array(T_unload),

132

133 def Unload_Slope(Load_array , Disp_array , Time_array ,Unloading_Segments ,

window_length =7, polyorder =3):#window_length =41

134 L = Load_array

135 D = Disp_array

136 T = Time_array

137 UL = Unloading_Segments

138 #Find Modulus

139 CSM = []; R2 = []; CSM_final =[]
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140 for a,b in UL:

141 fit = linregress(D[a+1:b-1],L[a+1:b-1]) #contains slope , intercept

, rvalue , pvalue , stderr

142 CSM += [fit.slope]; R2 += [fit.rvalue **2]

143 for eta ,i in enumerate(CSM):

144 if i<0:

145 CSM[eta] = 0

146 return (savgol_filter(CSM , window_length ,polyorder), CSM)

147

148 def Modulus(Load_array , Disp_array , Span , Width , Thickness ,a,b):

149 Stress_i = ((3* Span)/(2* Width*Thickness*Thickness))*Load_array

150 Strain_i = (6* Thickness /(Span **2))*Disp_array

151 Strain = Strain_i -min(Strain_i)

152 Stress = Stress_i -min(Stress_i)

153 fit = linregress(Strain[a:b],Stress[a:b])

154 mod = fit.slope; C=fit.intercept

155 Y = [0, max(Stress)] #Stress[a]

156 X = [(y-C)/mod for y in Y]

157 return (mod , C,X,Y, Stress , Strain)

158

159 def DynamicModulus(Load_array , Disp_array , a, b):

160 fit = linregress(Disp_array[a:b],Load_array[a:b])

161 mod = fit.slope; C=fit.intercept

162 # Y = [0, max(Stress)] #Stress[a]

163 # X = [(y-C)/mod for y in Y]

164 return (mod , C)

165

166 def Plot_slope_fit(Stress ,Strain ,modulus , X,Y,point1 , point2 , File_name):

167 plt.plot(Strain [:int(2*len(Strain)/3)],Stress [:int(2*len(Strain)/3)],’

.--’, label = File_name+’raw’)
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168 plt.plot(Strain[point1],Stress[point1], ’o’)

169 plt.plot(Strain[point2],Stress[point2], ’o’)

170 plt.plot(X,Y,’.--’, label = str(File_name)+’mod=’+str(modulus))

171 plt.legend ()

172

173 def faW(a_faw ,W_faw):

174 k = a_faw/W_faw

175 f_aW = 3*np.sqrt(abs(k))*(1.99 -k-k*(2.15 -3.39*k+2.7*k**3))/(2*(1+2*k)

*(1-k)**(3/2))

176 return(f_aW)

177

178 def U_var(s_var ,F_value):

179 uvalue = 1/(1+np.sqrt(F_value/s_var))

180 return (uvalue)

181

182 def a_Compliance_Calibration(CSM_slopes_array , ao ,W,test_zero , Smooth ,

window_length =21, polyorder =3): ##41

183 Co= 1/max(CSM_slopes_array) # Minimum

Compliance (Compliance at crack initiation), KPa -1

184 cii = list(CSM_slopes_array).index(max(list(CSM_slopes_array)))

#crack initiation index

185 Ux = symbols(’Ux’)

186 Equation_1 = solve (0.997 - 3.58* Ux -1.51*Ux**2 -110.00*Ux**3 +

1231.00* Ux**4 - 4400.00* Ux**5- ao*e** -6/(W*e**-6) ,Ux,dict=True)

187 Uxi2 = float(Equation_1 [0][Ux])

188 F_val = (1/Co)*(1/Uxi2 -1)**2

189 ### Now we use the calibrated parameters to calculate crack lengths

using CSM stiffness

190 a_initialize = [ao]*cii
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191 a_growth = [(0.997 - 3.58* U_var(s,F_val) -1.51* U_var(s,F_val)**2

-110* U_var(s,F_val)**3 + 1231* U_var(s,F_val)**4 - 4400* U_var(s,F_val)

**5)*W for s in CSM_slopes_array[cii :]]

192 a_total = np.array(a_initialize + a_growth)

193 if test_zero:

194 ###Make sure solver is finding the closest zero

195 test = (0.997 - 3.58* Uxi2 -1.51* Uxi2 **2 -110.00* Uxi2 **3 +

1231.00* Uxi2 **4 - 4400.00* Uxi2 **5)*W

196 print(’Given crack length:’,ao, ’ and Equation solution is:’ ,

test)

197 print(len(a_total))

198 if Smooth:

199 a_total[np.isnan(a_total)] = 0

200 a_total = savgol_filter(a_total , window_length , polyorder)

201 return (a_total)

202

203 def a_increase(crack_lengths):

204 for neta ,i in enumerate(crack_lengths [:-1]):

205 if i>crack_lengths[neta +1]:

206 crack_lengths[neta +1]=i

207 return(np.array(crack_lengths))

208

209 def J_integral(Load_array , Disp_array , Time_array , CSM_slopes_array ,

CSM_unload_array ,crackinitiationindex , PeaktoPeak_Load ,crack_lengths ,

ao,W,B,S,nu,E):

210 L=Load_array; D=Disp_array; T=Time_array

211 cii = crackinitiationindex# list(CSM_slopes_array).index(max(list(

CSM_slopes_array))) #crack initiation index

212 J_values = []

213 Jval=0
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214 neta = 1.9 #empirical constant

215 gamma = 0.9 #empirical constant

216 Jp = 0 #Initiation value

217 K_prefactor = (1-nu**2)/E

218

219 ### This loop calculates elastic J value

220 K_ivalue = np.array ([P_l*S*faW(a_faw ,W)/(B*W**(3/2)) for P_l ,a_faw in

zip(PeaktoPeak_Load ,crack_lengths )])

221

222 ### Calculating Incremental Plastic Area #Units:mN*um

223 # Delta_Area = [((L[CSM_unload_array[index +1][0]]+L[p])*(D[

CSM_unload_array[index +1][0]] - L[CSM_unload_array[index +1][0]]*

CSM_slopes_array [[ index +1][0]] -D[p]+L[p]* CSM_slopes_array[index]))/2

for index ,[p,q] in enumerate(CSM_unload_array [:-1])]

224 Delta_Area = [((L[CSM_unload_array[index +1][0]]+L[p])*(D[

CSM_unload_array[index +1][0]] - L[CSM_unload_array[index +1][0]]/

CSM_slopes_array [[ index +1][0]] -D[p]+L[p]/ CSM_slopes_array[index]))/2

for index ,[p,q] in enumerate(CSM_unload_array [:-1])]

225

226 #[((L[PData[f][’aUL ’][index +1][0]]+L[p])*(D[PData[f][’aUL ’][index

+1][0]] - L[PData[f][’aUL ’][index +1][0]]* PData[f][’aCSM (kN/m) ’][[ index

+1][0]] -D[p]+L[p]* PData[f][’aCSM (kN/m) ’][index]))/2 for index ,[p,q] in

enumerate(PData[f][’aUL ’][:-1])]

227

228 ### This loop calculates plastic J value

229 for i in range(len(Delta_Area)):

230 Jp = Jval

231 Jval = (Jp+(neta/(W-crack_lengths[i]))*( Delta_Area[i]/B))*(1- gamma

*( crack_lengths[i+1]- crack_lengths[i])/(W-crack_lengths[i]))

232 J_values.append(Jval)
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233 ##Jval units are KJ/m2

234

235 ### Adding elastic and plastic parts to calculate total J, multiplying

by 1000 to get values in J /m2

236 J_integral =np.array(J_values)*10**3+ K_ivalue [1:]**2* K_prefactor #

#*10**3

237 J_integral[np.isnan(J_integral)] = 0

238 return (savgol_filter(J_integral , 51, 3),K_ivalue , np.array(Delta_Area

), J_integral)

239

240 def add(*A):

241 ’’’Return sum of input vectors ’’’

242 return [sum(x) for x in zip(*A)]

243

244 def mult(a, b):

245 ’’’Return a constant ’a’ multiplied into a vector ’’’

246 return [a*x for x in b]

247

248

249 def poInt(a1 , v1 , a2 , v2):

250 ’’’Returns the point of intersection of two lines in 2D’’’

251 if not v1[0]:

252 s = (a1[0] - a2[0])/v2[0]

253 else:

254 s = (a1[1]-a2 [1]+(a2[0]-a1[0])*v1[1]/v1[0])/(v2[1]-v2[0]*v1[1]/v1

[0])

255 return add(a2 ,mult(s,v2))

256

257 ##(180 ,255)
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258 def CTOD(image , cgth , initial_crack_length , thresh =150, smooth=3,

Normal_detect = True , Extra_detect = False):

259 #Convert Image to Grayscale

260 imgGrey = cv2.cvtColor(image ,cv2.COLOR_BGR2GRAY)

261

262 #Threshold the Image to Alter Contrast

263 _,imgThresh = cv2.threshold(imgGrey , thresh , 200, cv2.THRESH_BINARY) #

255

264

265 # #Smooth the Image by Eroding then Dilating

266 kernel = np.ones ((5 ,5),np.uint8)

267 imgErode = cv2.erode(imgThresh ,kernel ,iterations = smooth)

268 smoothImage = cv2.dilate(imgErode ,kernel ,iterations = smooth)

269 # cv2.imshow(’eroded ’, imgErode)

270 # cv2.imshow(’dilated ’, smoothImage)

271

272 bEdge = [len(smoothImage)-np.argmin(x[:: -1]) for x in smoothImage.T]

273

274 # # NewbEdge=bEdge

275 for eta ,n in enumerate(bEdge):

276 if n-bEdge[eta -1] >20:

277 bEdge[eta] = bEdge[eta -1]

278

279 # bEdge_values = Edgesmooth(NewbEdge , thresholdvalue =3, incrementvalue

=0.35)

280 # bEdge = bEdge_values [0]

281

282 #Find Crack Tip

283 iL = len(bEdge); i1 = int(iL/4); i2 = int(iL/2); i3 = int (3*iL/4)

284 itip1 = int(iL/3); itip2 = int(2*iL/3);
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285 bTip = min(bEdge[itip1:itip2])

286

287 bTip_x =bEdge[itip1:itip2]. index(bTip)+itip1

288 iTips = [i1+i for i,x in enumerate(bEdge[i1:i3]) if x == bTip]

289 iTip = int(sum(iTips)/len(iTips))

290

291 ##Find Corners

292 # C1 = bEdge[bEdge_values [1]] ; iC1 = bEdge_values [1]

293 # C2 = bEdge[bEdge_values [2]] ; iC2 = bEdge_values [2]

294 C1 = max(bEdge[:i2]); iC1 = bEdge.index(C1) ##

295 C2 = max(bEdge[i2:iL]); iC2 = i2+bEdge[i2:iL]. index(C2) ##

296 # print(’Corner1: ’, C1, ’, Crack Tip: ’, iTip , ’ Corner2: ’, C2)

297 corner1 = [iC1 , C1]; corner2 = [iC2 , C2]

298

299 #Fit Line to Top Edges

300 eFit1 = linregress(range(iC1),bEdge [:iC1])

301 eFit2 = linregress(range(iC2 ,iL),bEdge[iC2:])

302

303 #Fitting bottom edge to a curve to find crack length

304 xbottom = [x for x in range(len(bEdge))]

305 ybottom = [eFit1.intercept+x*eFit1.slope for x in range(int(0), int(iL

/2))]+[ eFit2.intercept+x*eFit2.slope for x in range(int(iL/2), int(iL))

]

306

307 fitparams = np.polyfit(xbottom [:len(ybottom)], ybottom , 2)

308 cbeambase = [fitparams [0]*np.square(i) + fitparams [1]*i + fitparams [2]

for i in xbottom]

309 # cbeambase = savgol_filter(ybottom , 71,3)

310

311 ##Estimating Crack Length
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312 # clth =cbeambase[i2]-bTip ### this is the crack length

313 clth =max(cbeambase)-bTip

314 cgth.append(clth)

315

316 # bpoint = [int(iL/2),cbeambase[xbottom.index(int(iL/2))]]

317 # bpoint = [i2, cbeambase[i2]]

318 bpoint = [np.argmax(cbeambase), max(cbeambase)] ##[ xbottom[np.argmax(

cbeambase)], max(cbeambase)]

319 return [0,bTip ,bTip_x ,i2],[bEdge ,smoothImage ],[xbottom ,cbeambase ,clth ,

cgth , bpoint],[corner1 ,corner2]

320

321

322 def Plotting(Files_list , input_dictionary , X_data_key , Y_data_key ,

Y_data2_key ,XLabelname , YLabelname ,YLabelname2 ,Naming_list , twin =

False ,lineWidth =1, markerSize =4, markerScale = 4, LabelSize = 18,

linepattern = ’.--’, linepattern2 = ’^--’):

323 PlotData = input_dictionary

324 plt.close(’all’)

325 plt.rc(’xtick’,labelsize=LabelSize)

326 plt.rc(’ytick’,labelsize=LabelSize)

327 fig ,(ax1) = plt.subplots(nrows=1,ncols=1,figsize =(14 ,9), dpi =128)

328 if twin:

329 fig.subplots_adjust(hspace =.5, wspace =0.4)

330 ax2 = ax1.twinx()

331 for eta ,temp in enumerate(Files_list):

332 Plot1 = ax1.plot(PlotData[temp][ X_data_key], PlotData[temp][

Y_data_key], linepattern ,markersize = markerSize , linewidth = lineWidth

,label=Naming_list[eta])

333 if twin:
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334 Plot2 = ax2.plot(PlotData[temp][ X_data_key], PlotData[temp][

Y_data2_key], linepattern2 ,markersize = markerSize , linewidth =

lineWidth , label=Naming_list[eta])

335 ax1.set_xlabel(XLabelname , fontsize=LabelSize)

336 ax1.set_ylabel(YLabelname , fontsize=LabelSize)

337 ax1.legend(title = Y_data_key , fontsize=LabelSize , markerscale =

markerScale)

338 if twin:

339 ax2.set_ylabel(YLabelname2 , fontsize=LabelSize)

340 ax2.legend(title = Y_data2_key , fontsize=LabelSize , markerscale =

markerScale)

341 plt.tight_layout ()

342

343 def adjust_lightness(color , amount =0.5):

344 import matplotlib.colors as mc

345 import colorsys

346 try:

347 c = mc.cnames[color]

348 except:

349 c = color

350 c = colorsys.rgb_to_hls (*mc.to_rgb(c))

351 return colorsys.hls_to_rgb(c[0], max(0, min(1, amount * c[1])), c[2])

352

353 def Video_Sync(Folder , Playback_speed , Displacement_array , Load_array ,

Time_array , Crack_lengths_array , J_values_array , Five_subplots=True):

354 folder = Folder #r"C:\\ Users\\ zspat\\ OneDrive - UW\\PhD Research \\

Results \\ Nanoindentation \\ Polymer Bouligand Project \\210518

_Sweep71_Test9 \\ Synced Videos \\"

355 dFolder = Folder #"LD_a_J_Videosync \\" #data subfolder

356 vFolder = Folder #"LD_a_J_Videosync \\" #video subfolder
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357 lCrop =0.3##0.1 #left crop

358 rCrop = 0.7###0.9 #right crop

359 tCrop = 0.06###0.01 #top crop

360 bCrop = 0.875###0.975 #bottom crop

361 lCrop2 =0.1 #left crop

362 rCrop2 = 0.9 #right crop

363 tCrop2 = 0.01###0.01 #top crop

364 bCrop2 = 0.975###0.975 #bottom crop

365 show = False

366 speedMult = 1

367 speedx = Playback_speed #60

368

369 ## Find Files

370 dataFiles = [x for x in os.listdir(dFolder) if ’.txt’ in x]

371 VNames = [(g.replace(’.txt’,’ degree ’)).replace(’_’, ’ ’) for g in

dataFiles]

372

373 ##Denote Test Type

374 Type = {f:[] for f in dataFiles}

375

376 ## Process Data

377 for eta ,dFile in enumerate(dataFiles):

378 ### removing stuff to create plot title

379 name_final = dFile.replace(’.txt’, ’ deg’)

380

381 ## Check Data

382 # Check Video Filepath

383 videoFile = vFolder+dFile [: -4]+’.mp4’

384 if not os.path.isfile(videoFile):

385 print(’The video file ’ + videoFile + ’ cannot be found.’)
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386 continue

387

388 # Name The New Video

389 newFile = vFolder + dFile [:-4]+’_Synced_ ’+str(speedx)+’x’ + ’

_Video.avi’

390 if os.path.isfile(newFile):

391 print(newFile+’ already exists ’)

392 continue

393 else:

394 print(’Writing ’ + newFile.replace(folder ,’’) +

395 ’, file ’ + str(dataFiles.index(dFile)+1) + ’ of ’ + str

(len(dataFiles)))

396

397 Displacement = Displacement_array

398 Load = Load_array

399 Time = Time_array

400 Crack_lengths = Crack_lengths_array

401 J_values = J_values_array

402

403 ## Read Video

404 #See https :// docs.opencv.org /2.4/ modules/highgui/doc/

reading_and_writing_images_and_video.html

405 aVideo = cv2.VideoCapture(videoFile)

406 scale = 1

407 # Video Metadata

408 vidWidth = aVideo.get (3)*scale

409 vidHeight = aVideo.get(4)*scale

410 vidFPS = aVideo.get (5)

411 vidnFrames = aVideo.get(7)

412
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413 ## Set Video Parameters

414 #Get max displacement points

415 vidMaxDispFrame = vidnFrames #input(’What frame had the max

displacement ?: ’)

416 dataDispMaxIdx = Displacement.argmax ()

417

418 #Set Starting Frame

419 dataTimeDiff = (Time[-1]-Time [0])

420 startFrame = 0

421

422 #Set runtime values

423 dataTime = (Time[-1]-Time [0])

424 nFrames = min(int(dataTime*vidFPS),int(vidnFrames -startFrame))

425

426 ## Create Combined Video

427 #Set new video

428 CombinedVideo = imageio.get_writer(newFile , fps=vidFPS)

429

430 #Open Alemnis video

431 aVideo = imageio.get_reader(videoFile , ’ffmpeg ’)

432

433 if Five_subplots:

434 #Set up plot

435 if not show: plt.ioff()

436 fig1 = plt.figure(figsize =(27 ,12),gridspec_kw ={’width_ratios ’

:[1 ,1.2 ,1 ,1 ,1]})#, constrained_layout=True)

437 fig1.suptitle(VNames[eta], fontsize = 18, fontweight = ’bold’)

438 gs = fig1.add_gridspec (2,3)

439 ax1 = fig1.add_subplot(gs[0, 0])

440 ax2 = fig1.add_subplot(gs[:2 ,2])
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441 ax3 = fig1.add_subplot(gs[1, 0])

442 ax4 = fig1.add_subplot(gs[0, 1])

443 ax5 = fig1.add_subplot(gs[1, 1])

444

445 #Check time

446 sTime = time.time()

447

448 #Start making video

449 for frame in range(startFrame ,nFrames+startFrame ,speedMult):

450 # Clear the Axes

451 ax1.cla()

452 ax2.cla()

453 # ax3.cla()

454

455 # Determine Time Position

456 pos = (np.abs(Time/speedx -(frame -startFrame)/vidFPS)).

argmin () #Find video time closest to Alemnis time

457

458 # Plot Data

459 ax1.plot(Displacement , Load , ’.-’, color=’0.75’)

460 ax1.plot(Displacement [0:pos], Load [0:pos], ’.-’, color =’#

aa5500 ’)

461 ax1.plot(Displacement[pos], Load[pos], ’o’, color=’#000000

’)

462 ax1.grid(axis =’both’, which = ’both’, linestyle = ’--’,

linewidth =1)

463 ax1.set_ylim(bottom = 0.)

464 ax1.set_xlim(left = 0.)

465

466 # ax3=ax1.twinx ()
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467 ax3.plot(Displacement , Crack_lengths , ’.-’, color=’0.75’)

468 ax3.plot(Displacement [0:pos], Crack_lengths [0:pos], ’.-’,

color=’#aa0000 ’)

469 ax3.plot(Displacement[pos], Crack_lengths[pos], ’o’,

color=’#000000 ’)

470 ax3.grid(axis =’both’, which = ’both’, linestyle = ’-.’,

linewidth =1)

471 ax3.set_ylim(bottom = 0.)

472 ax3.set_xlim(left = 0.)

473

474 Displacementx = Displacement [1:]

475 ax5.plot(Displacementx , J_values , ’.-’, color=’0.75’)

476 ax5.plot(Displacementx [0:pos -1], J_values [0:pos -1], ’.-’,

color =’#005500 ’)

477 ax5.plot(Displacementx[pos -1], J_values[pos -1], ’o’,

color=’#000000 ’)

478 ax5.grid(axis =’both’, which = ’both’, linestyle = ’-.’,

linewidth =1)

479 ax5.set_ylim(bottom = 0.)

480 ax5.set_xlim(left = 0.)

481

482 # Write Axis Labels

483 s=15

484 ax1.set_xlabel(’Alemnis Displacement $(\mu m)$’,fontweight

=’bold’, fontsize=s)

485 ax1.set_ylabel(’Load (mN)’,fontweight=’bold’, fontsize=s)

486 ax3.set_xlabel(’Alemnis Displacement $(\mu m)$’,fontweight

=’bold’, fontsize=s)

487 ax3.set_ylabel(’Crack Extension , $\Delta$a $(\mu m)$’,

fontweight = ’bold’, fontsize=s)
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488 ax5.set_xlabel(’Alemnis Displacement $(\mu m)$’,fontweight

=’bold’, fontsize=s)

489 ax5.set_ylabel(’J Integral $(J/m^2)$’, fontweight = ’bold’

, fontsize=s)

490

491 ## Plot Video Frame

492 image = aVideo.get_data(frame)

493 ax2.axis(’off’)

494 ax2.imshow(image[int(vidHeight*tCrop):int(vidHeight*bCrop)

,int(vidWidth*lCrop):int(vidWidth*rCrop) ,:])

495 fig1.tight_layout ()

496

497 ## Plot Video Frame

498 image = aVideo.get_data(frame)

499 ax4.axis(’off’)

500 ax4.imshow(image[int(vidHeight*tCrop2):int(vidHeight*

bCrop2),int(vidWidth*lCrop2):int(vidWidth*rCrop2) ,:])

501 fig1.tight_layout ()

502

503 ## Save Video Frame

504 fig1.canvas.draw()

505 w,h = fig1.canvas.get_width_height ()

506 alemnisFrame = np.frombuffer(fig1.canvas.tostring_rgb (),

dtype=’uint8 ’)

507 alemnisFrame.shape = (h, w, 3)

508 CombinedVideo.append_data(alemnisFrame)

509

510 ## Output Time Passed

511 if (frame -startFrame)%(30* speedMult)/speedMult == 0:

512 eTime = round(time.time()-sTime ,2)
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513 sTime = time.time()

514 print(’Frame ’ + str(int((frame -startFrame)/speedMult)

) + ’ out of ’ +

515 str(int(nFrames/speedMult)) + ’ has been written

after ’ + str(eTime) + ’ seconds.’)

516

517 plt.close(’all’)

518 aVideo.close()

519 CombinedVideo.close () #release the newly created video

520 # for f,t in zip ([880 ,932 ,988 ,1047] ,[200 ,200 ,200 ,600]): Beep(f

,t) #make some noise

521 print(newFile + ’ has been written ’)

Listing C.1: Nanomechanical Fracture Data Analysis
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Appendix D

INTERPENETRATING LATTICE DESIGN

To fabricate lattices with precise feature sizes that survive the oxygen etching, codes were

developed to print latticed using both the piezo and galvo modes on the Nanoscribe. In the

piezo mode, writing can be done in three dimensions and hence a helical laser trajectory was

chosen to write lattices where struts are fully crosslinked. The print speed in this is really

slow, often leading to over 6 hrs for a 24 um * 48 um* 200 um part. Hence, a galvo code

was also developed in which only 2D layer by layer writing is possible, but is almost 50 times

faster.

1 def power_adj(structure , x, y, z, power):

2 ’’’

3

4 Parameters

5 ----------

6 structure: list of structure lines

7 DESCRIPTION: input the list that needs to have laser power

adjustment

8 x (range) : list [x1,x2] or multiple ranges [[x1,x2],[x3,x4]]

9 DESCRIPTION: range over the x values

10 y (range) : list [y1,y2] or multiple ranges [[y1,y2],[y3,y4]]

11 DESCRIPTION: range over the y values

12 z (range) : list [z1,z2] or multiple ranges [[z1,z2],[z3,z4]]

13 DESCRIPTION: range over the z values

14 power : integer
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15 DESCRIPTION: laser power value

16

17 Returns

18 -------

19 list of new power adjusted lines of structure

20

21 ’’’

22 counter = 0

23 new_structure = [] #new power added list of the lines of the structure

24 for i in structure:

25 counter +=1

26

27 if type(x[0]) != list: # check if only one range is given

28

29 if x[0]<=i[0][0] <=x[1] and y[0]<=i[0][1] <=y[1] and z[0]<=i

[0][2] <=z[1]: #check for each line if it falls under the range

30 new_structure.append ([[i[0][0] , i[0][1] , i[0][2] , power],

[i[1][0] , i[1][1] , i[1][2] , power ]]) # add 4th value of power

31

32 else: # if the line is outside

range , then do not change or add anything

33 new_structure.append(i)

34

35

36 else: # this is for multiple

ranges

37 for j in range(len(x)):

38

39 if x[j][0]<=i[0][0] <=x[j][1] and y[j][0] <=i[0][1] <=y[j][1]

and z[j][0] <=i[0][2] <=z[j][1]:



138

40 new_structure.append ([[i[0][0] , i[0][1] , i[0][2] ,

power], [i[1][0] , i[1][1] , i[1][2] , power ]])

41 break #break the j for loop to prevent lines falling

under multiple ranges to be duplicated

42

43 if counter > len(new_structure): # if the line does not fall

under any range

44 new_structure.append(i)

45

46

47 return new_structure

Listing D.1: Piezo power adjustment

1 def Lattice_crack(Lattice ,a, w, ycenter , zheight):

2 Newlattice = []

3 for j,S in enumerate(Lattice):

4 for k in S:

5 # print(k[1], ycenter -w/2, ycenter+w/2)

6 if (k[1]<(ycenter -w/2)) or (k[1]>( ycenter+w/2)):

7 if S not in Newlattice:

8 Newlattice.append(S)

9 # print(j,S)

10 if ((ycenter -w/2)<k[1]) or (k[1]<( ycenter+w/2)):

11 if k[2] >=( zheight+a):

12 if S not in Newlattice:

13 Newlattice.append(S)

14 # print (j,S)

15 for j,S in enumerate(Newlattice):

16 for k in S:

17 if ((ycenter -0.5)<k[1]<( ycenter +0.5)):
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18 if k[2]<( zheight+a):

19 if S in Newlattice:

20 Newlattice.remove(S)

21 # print (j,S)

22 for j,S in enumerate(Newlattice):

23 for k in S:

24 if k[1]== ycenter:

25 if k[2]<( zheight+a):

26 if S in Newlattice:

27 Newlattice.remove(S)

28 return(Newlattice)

Listing D.2: IPL crack

1 ### IPL Lattice

2 if Choosebeamtype == ’IPL’:

3 helices_IPL =[]

4 finalhelix_IPL =[]

5 UCbeam_IPL ,Bravbeam_IPL ,Vertbeam_IPL = UC_IPL(W_latticebeam_OC ,

W_latticebeam_RD)

6 Structure_latticebeam_IPL = Lattice(UCbeam_IPL , X_latticebeam_IPL ,

crop_IPL , Bravbeam_IPL)

7 for i in range(len(Structure_latticebeam_IPL)):

8 for j in range (2):

9 Structure_latticebeam_IPL[i][j][0] = Structure_latticebeam_IPL

[i][j][0]+ cx_latticebeam_IPL

10 Structure_latticebeam_IPL[i][j][1] = Structure_latticebeam_IPL

[i][j][1]+ cy_latticebeam_IPL

11 Structure_latticebeam_IPL[i][j][2] = Structure_latticebeam_IPL

[i][j][2]+ cz_latticebeam_IPL

12 ## IPL Lattice crack
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13 latticewithcrack_IPL = Lattice_crack_IPL(Structure_latticebeam_IPL ,

a_IPL , w_IPL , Width_latticebeam_IPL*W_latticebeam_OC /2+

cy_latticebeam_IPL ,cz_latticebeam_IPL)

14

15 ## Creating Helical Laser Path in IPL Lattice

16 for S in latticewithcrack_IPL: #Structure_latticebeam_IPL :#

17 if S[0][1]==S[1][1]:

18 ISpring = IellipticalHelix(ay_IPL ,ax_IPL ,p_IPL ,points_IPL ,S

[0],S[1])

19 helices_IPL.append(ISpring)

20 else:

21 ISpring = IellipticalHelix(ax_IPL ,ay_IPL ,p_IPL ,points_IPL ,S

[0],S[1])

22 helices_IPL.append(ISpring)

23 for i,S in enumerate(helices_IPL):

24 for j,a in enumerate(S):

25 finalhelix_IPL.append(a)

26 Final_beam_IPL = Structure_pad1 + Structure_pad2 + finalhelix_IPL +

Structure_pad3 ##

27

28

29 if Choosebeamtype == ’IPL’:

30 x_start = cx_latticebeam_IPL

31 y_start = cy_latticebeam_IPL

32 z_start = cz_latticebeam_IPL

33

34 shell_thickness = (Unitcellsize /2) +0.5

35 w = Width_beam

36 l = Length_beam

37 h = Height_beam
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38

39 x_end = x_start+l

40 y_end = y_start+w

41 z_end = z_start+h

42

43 side_left = [[x_start -5, x_start+shell_thickness ],[y_start -5, y_end +5], [

z_start -5, z_end +5]]

44 side_right = [[x_end - shell_thickness , x_end +5],[y_start -5, y_end +5], [

z_start -5, z_end +5]]

45 side_top = [[x_start -5, x_end +5],[ y_end - shell_thickness , y_end +5], [

z_start -5, z_end +5]]

46 side_bottom = [[x_start -5, x_end +5],[y_start -5, y_start + shell_thickness

], [z_start -5, z_end +5]]

47 side_upper = [[x_start -5, x_end +5],[y_start -5, y_end +5], [z_end -

shell_thickness , z_end +5]]

48 side_lower = [[x_start -5, x_end +5],[y_start -5, y_end +5], [z_start -5,

z_start + shell_thickness ]]

49

50 if Choosebeamtype == ’IPL’:

51 IPL_final = power_adj(Final_beam_IPL ,[ side_lower [0], side_left [0],

side_top [0], side_right [0], side_bottom [0], side_upper [0]],[ side_lower [1],

side_left [1], side_top [1], side_right [1], side_bottom [1], side_upper [1]],[

side_lower [2], side_left [2], side_top [2], side_right [2], side_bottom [2],

side_upper [2]], LPshell)

Listing D.3: Helical lattice write for IPL
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Alexander M Korsunsky. A review of experimental approaches to fracture toughness
evaluation at the micro-scale. Materials & Design, 173:107762, 2019.

[9] Johannes Ast, Mikhail N Polyakov, Gaurav Mohanty, Johann Michler, and Xavier
Maeder. Interplay of stresses, plasticity at crack tips and small sample dimensions re-
vealed by in-situ microcantilever tests in tungsten. Materials Science and Engineering:
A, 710:400–412, 2018.

[10] Tomas F Babuska, Mark A Wilson, Kyle L Johnson, Shaun R Whetten, John F Curry,
Jeffrey M Rodelas, Cooper Atkinson, Ping Lu, Michael Chandross, Brandon A Krick,



143

et al. Achieving high strength and ductility in traditionally brittle soft magnetic in-
termetallics via additive manufacturing. Acta Materialia, 180:149–157, 2019.

[11] Tommaso Baldacchini, Maxwell Zimmerley, Chun-Hung Kuo, Eric O Potma, and
Ruben Zadoyan. Characterization of microstructures fabricated by two-photon poly-
merization using coherent anti-stokes raman scattering microscopy. The Journal of
Physical Chemistry B, 113(38):12663–12668, 2009.

[12] F Barthelat and HD Espinosa. An experimental investigation of deformation and
fracture of nacre–mother of pearl. Experimental mechanics, 47:311–324, 2007.

[13] Francois Barthelat, Jee E Rim, and Horacio D Espinosa. A review on the structure and
mechanical properties of mollusk shells–perspectives on synthetic biomimetic materials.
Applied scanning probe methods XIII: biomimetics and industrial applications, pages
17–44, 2009.

[14] J. Bauer, A. Schroer, R. Schwaiger, and O. Kraft. Approaching theoretical strength in
glassy carbon nanolattices. Nature Materials, 15(4):438–443, 2016.

[15] Jens Bauer, Anna Guell Izard, Yunfei Zhang, Tommaso Baldacchini, and Lorenzo
Valdevit. Programmable mechanical properties of two-photon polymerized materials:
From nanowires to bulk. Advanced Materials Technologies, 4(9):1900146, 2019.

[16] Jens Bauer, Anna Guell Izard, Yunfei Zhang, Tommaso Baldacchini, and Lorenzo
Valdevit. Thermal post-curing as an efficient strategy to eliminate process parameter
sensitivity in the mechanical properties of two-photon polymerized materials. Optics
Express, 28(14):20362–20371, 2020.

[17] Jens Bauer, Lucas R Meza, Tobias A Schaedler, Ruth Schwaiger, Xiaoyu Zheng, and
Lorenzo Valdevit. Nanolattices: an emerging class of mechanical metamaterials. Ad-
vanced Materials, 29(40):1701850, 2017.

[18] Jens Bauer, Almut Schroer, Ruth Schwaiger, and Oliver Kraft. Approaching theoretical
strength in glassy carbon nanolattices. Nature materials, 15(4):438–443, 2016.
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[22] Zdeněk P Bažant. Scaling theory for quasibrittle structural failure. Proceedings of the
National Academy of Sciences, 101(37):13400–13407, 2004.
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