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University of Washington

Abstract

Application of Ab-initio Calculations to Modeling of Nanoscale

Diffusion and Activation in Silicon
by Milan Diebel

Chair of Supervisory Committee:

Professor Scott T. Dunham
Electrical Engineering

As ULSI devices enter the nanoscale, ultra-shallow and highly electrically active junc-
tions become necessary. New materials and 3D device structures as well as new process
technologies are under exploration to meet the requirements of future devices. A de-
tailed understanding of the atomistic mechanisms of point-defect /dopant interactions
which govern diffusion and activation behavior is required to overcome the challenges
in building these devices. This dissertation describes how ab-initio calculations can
be used to develop physical models of diffusion and activation in silicon. A hierarchy
of approaches (ab-initio, kinetic lattice Monte Carlo, continuum) is used to bridge
the gaps in time scale and system size between atomistic calculations and nanoscale
devices. This modeling approach is demonstrated by investigating two very differ-
ent challenges in process technology: F co-implantation and stress effects on dopant
diffusion/activation.

In the first application, ab-initio calculations are used to understand anomalous F
diffusion behavior. A set of strongly bound fluorine vacancy complexes (F,V,,) were

found. The decoration of vacancies/dangling silicon bonds by fluorine leads to fluo-



rine accumulating in vacancy rich regions, which explains the fluorine redistribution
behavior reported experimentally. The revealed interactions of F with point-defects
explain the benefits of F co-implantation for B and P activation and diffusion. Based
on the insight gained, a simplified F diffusion model at the continuum level (50-100 nm
scale) is extracted that accounts for co-implantation effects on B and P for various
implant energies and doses.

The second application addresses the effect of stress on point-defect/dopant equi-
librium concentration, diffusion, and activation. A methodology is developed to ex-
tract detailed stress effects from ab-initio calculations. The approach is used to extract
.induced strains and elasticity tensors for various defects and impurities in order to
predict the impact of arbitrary stress tensors (i.e., not just hydrostatic case). The
results from first-principles calculations are used in lattice Monte Carlo simulations
to quantify stress-driven anisotropies in I and B diffusion. The result is a prediction
of strongly anisotropic diffusion of B (as well as I) under biaxial strain. Following
the same methodology, a stress dependent B solubility model was developed which

predicts large enhancements of B solubility under compressive stress conditions.
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mum and conduction band miniraum for a two atom cell. L = x/b(1,1,1),
T' = 27/b(0,0,0), and X = 2x/b(1,0,0) with b = 5.43 A are the high
symmetry points of the first Brillouin zone. The green (dashed) line in-
dicates the valence band edge, whereas the blue arrow marks the silicon
band gap. The orange dashed line indicates the k-points used in a 23
Monkhorst-Pack k-point sampling calculation with a cubic super-cell
of size b (8 Si atom super-cell), whereas the blue dashed line indicates
a super-cell of size 2b (64 Si atom super-cell). The above band struc-
ture was determined using DFT with a GGA functional. The energy
difference between I' and L of the top valence band is 1.19eV, which
agrees very well with various other theoretical (1.05-1.28¢V) and ex-
perimental (1.2 + 0.2eV) results [4]. DFT predicts the valence band
structure of silicon very reliably, however due to well known underes-
timation of the band gap, predicting the energies of conduction band

states is problematic. . . . . . . .. ..o oL

3.4 3D view of a neutral single FV complex. The fluorine atom has moved
toward one silicon atom out of the substitutional site. The Si-F bond
length is 1.68 A (71 % of the Si—Si bond length). The silicon atoms are

drawn in amber (light), while the fluorine atom is presented in blue

vii



3.5

3.6

3.7

3.8

3.9

3.10

View down the (100) direction (see Fig. 3.4) of the four neutral F,,V
structures. An increasing distortion of the surrounding silicon lattice is
observed when adding more fluorine atoms. This is due to the repulsion
of the F atoms, which becomes particularly apparent by comparing FV
with the other clusters. Simultaneously the Si—F bond length is reduced
from 1.68 A in FVto 1.57TA I F V. . .. .. ... ... .. ...

Binding energies of F,,V and F,, V; configurations for Fr = Fyv+0.45eV
(intrinsic Fermi level at 650 °C [5]) in reference to V and V, respectively.

Table 3.2 lists the numerical values. . . . . . . . . . .. ... . ...

Equilibrium concentration of various F,,V,, structures vs. total F con-
centration at 650°C. The Fermi level is assumed to be at midgap
(0.45eV above the valence band edge [5]). For low Cp,,, the dominant
species is F; due to the entropy of mixing. At high Cp,,, the major F
contribution comes from FgV, clusters. The vacancy formation energy

is included in these caleidations. . . . . . . . . . . ... ...

Schematic layout of the different regions considered in the simulation

to model the anomalous F diffusion reported by Jeng et al. [3]. . . . .

Comparison of simulation (left) with experimental data [3] (right) for
108 em™? 30keV F* implant annealed for 30 min at various tempera-
tures. The simulation includes F,,V, F,, V5, and F1 clusters in addition
to an extended defect model [6]. The initial defect/fluorine profiles
were obtained with Monte Carlo implant simulator UT-Marlowe 6.0

and kinetic damage accumulation model. . . . . . . .. ...

As-implanted fluorine and defect profiles of a 102 ecm=2 30keV F im-
plant using MC implant simulator UT-Marlowe [7]. . . . . ... ...

viii

35

36

37

40

42



4.1

4.2

4.3

4.4

4.5

4.6

Predicted F, V,, concentration vs. total F concentration in local equi-

librium at 650°C (left) and 1000°C (right). . . . . .. ... ... ..

Simulated fluorine dose (depth integrated concentration) versus time
during a 30 min anneal at 650°C after a 10 cm™2 30keV F* implant.
The model used is described in detail in Chapter 3. Only the most
significant F,,V,, clusters are shown here. The time evolution can be
split into two phases; phase 1: formation of F3V and FgV,, phase 2:
dissolution of F3V and FgVo. . . . . oo

This diagram illustrates the mechanism by which F impacts B and P
diffusion. The depth of the amorphous-crystalline interface (dashed
green line) and the implant depth of fluorine are the key parameters.
In the non-amorphized regions, B and P diffusion get enhanced due to
excess interstitials I, while in amorphized regions, diffusion is retarded

duetogrown-in FsV. . . . . . . ...

Measured and predicted concentration profiles of 20 keV 3x 10" cm™2 F
before and after a 1050 °C spike anneal in the absence of other dopants.

The SIMS data was provided by Texas Instruments Inc. [8]. . . . . .

Arsenic pre-amorphized sample with a 4 x 10'®ecm ™2 P implant. The
effect of F is investigated via 2 x 10 cm ™2 F implants at 10keV and
30keV and a 1050°C spike anneal. The SIMS data was provided by

Texas Instruments Inc. [8]. . . . . . . .. .. ... L

Sb/BF; pre-amorphized sample including a 40keV 9 x 10" cm™2 P im-
plant. The effect of F is investigated via a 20keV 10 cm~2 F implant
followed by 950°C and 1050°C spike anneals. The SIMS data was

provided by Texas Instruments Inc. [8]. . . . . . . .. ... ... ...

ix

45

46

47

19

o1



4.7

4.8

5.1

5.2

A dose of 3x 10 cm™2 B is implanted and the effect of F is investigated
via a 10keV 2 x 10 cm ™2 F implant and a 1050 °C spike anneal. The
SIMS data was provided by Texas Instruments Inc. [8]. . . . . . . ..

Shallow arsenic pre-amorphized sample including a 10 keV 6 x 10'3 cm =2
B implant. The effect of F is investigated via a 10keV 10%cm™ F
implant followed by 950 °C and 1050 °C spike anneals. The SIMS data

was provided by Texas Instruments Inc. [8]. . . . . ... .. .. ...

Cubic 8 silicon atom super-cell with lattice dimensions b,, b,, and b,
as indicated. Arbitrary strain states can be simulated by varying the

lattice dimension in the different directions. . . . . . . . . .. .. ..

Energy vs. lattice constant b for Si under hydrostatic (red line) and
uniaxial strain (blue line). The shown uniaxial strain data does not
include any compensation effects due to Poisson’s ratio. All energies
are reported with respect to their minimum energy strain condition
(unstrained Si). The data shown corresponds to a 64 Si atom super-

cell GGA caleulation. . . . . . . . . o .

92

53

57



5.3

5.4

9.5

5.6

Comparison of LDA (left) and GGA (right) calculation of the elastic
properties of Si with the experimental parameters. Solid lines indicate
the LDA/ GGA results, whereas dashed lines correspond to the expei‘i—
mental values. Shown is energy vs. hydrostatic (red lines) and uniaxial
strain (blue lines) using a cutoff of 250 eV, 23 Monkhorst—Pack k-point
sampling, and high precision FFT-grids (see Ref. [9]) for both DFT
functionals. All energies are reported with respect to their minimum
energy strain condition. The data shown corresponds to a 64 atom
super-cell calculation. € = 0 response to the LDA/GGA Si lattice con-
stant reported in Table 5.1. All extracted values are listed in Table

0. . e

Energy vs. unit cell lattice constant b for hydrostatic strain for system
with 2 X 2 x 2 = 8 cells (64 Si atoms in defect-free system). The
reference energy Fy is defined as the minimum energy as function of

unit cell size for a given configuration. . . . . ... .. .. ...

The gray atoms illustrate the structure of a [110] split/dumbbell inter-
stitialey (Ispiiz). Note that for this structure, the interstitial is not a

single atom, but rather two atoms in place of a single atom. . . . . .

Energy vs. uniaxial strain in different directions for Si and Iy, ori-
ented in the {110] direction. The reference energy FEy is defined as the

minimum energy for a given configuration. . . . . . . .. ... ...

Xi

62

64

66

67



5.7

6.1

6.2

6.3

Strain dependence of C} (¢) /Cy(0) and C5(¢) /C¥(0) in biaxially strained
Siat T = 1000 °C. For strain applied in the 2~y plane, 1/3 of all <110>

‘interstitials are purely in-plane, while 2/3 have out-of-plane compo-

nents. The plot shows the contributions from the different I alignments
and the resulting total. Vacancies show the opposite effect in compar-
ison to interstitials due to the different sign of the induced strain (see
Table 5.3). C% gets enhanced under compressive strain and is reduced

for tensile conditions. . . . . . . . ...

Schematic plot of the energetics of a typical diffusion process of species
X. The transition rate I to ovércome the barrier is I' = I'g exp(—EX /kT).
T indicates the transition state, which is defined by the lowest energy
migration saddle-point between the initial and final X configuration.
E,, is the migration barrier, whereas I'y is the attempt frequency in-

cluding all entropy differences between X and T. . . . . . . ... ...

Stress effect on migration kinetics of defect X. AF, is the change in
migration barrier due to an applied stress. The blue solid line indicates
the migration barrier in absence of stress, whereas the red dashed line
shows an increase in the migration barrier by AEX. The migration
barrier is reported with respect to the energy of the complex X. This
is important since the formation energy of the complex X can be also

stressdependent. . . . ... .. ... ... .. .. o
Left: Schematic plot of vacancy transition. Green circles indicate Si
atoms, whereas the green-dashed circle represents a vacancy. Right:
Energétics of vacancy migration process in unstrained Si. The migra-

tion barrier and transition state was determined with the NEB method

[10, 11, 12]. © o o

xii

69

71

72



6.4

6.5

6.6

6.7

6.8

Energy vs. hydrostatic strain for system with 2 x 2 x 2 = 8 cells (64
Si atoms in defect-free system). The graph shows the behavior of the
vacancy transition state under hydrostatic strain. All energies are re-

ported with respect to the energies in unstrained Si. Strains are re-

ported in reference to the GGA Si equilibrium lattice parameter of

BABT A,

Relative V diffusivity change under biaxial strain at 7" = 1000°C. V
diffusivity gets enhanced under compressive biaxial strain. CyDy(0) is

the diffusivity of V in unstrained Si. . . . . .. ... ..o 0oL

Toptit — Lnes — Lspir transition calculated using the NEB method (10,
11, 12] in unstrained Si (GGA Si equilibrium lattice parameter by =
BASTA). o

Schematic illustration of stress effect on two-step transition. The blue
solid line shows the transition path in unstrained Si. When stress/strain
is present the transition path gets altered (red dashed line), and for
anisotropic strain, the migration barriers of T; and Ty are no longer

the same which can result in anisotropic diffusion. . . . . . . . . . ..

Lipiit — Ipeq transition determined using the NEB method in unstrained

Si (GGA Si equilibrium lattice parameter by = 5.457A). . . . . . . ..

xiii

76

77

78

79



6.9

6.10

6.11

6.12

Energy vs. hydrostatic strain for system with 2 x 2 x 2 = 8 cells (64
Si atoms in defect-free system). The reference energy FEy is defined as
the minimuxﬁ energy as a function of unit cell size for a given config-
uration. The graph shows the behavior of the vacancy and interstitial
transition state under hydrostatic strain. The vacancy transition state
shows a negative induced strain, which translates into a reduction in
the diffusion activation energy under compressive strain, whereas the
interstitial transition shows the opposite effect. Strains are reported in

reference to the GGA Si equilibrium lattice parameter of 5.457 Al

Energy vs. uniaxial strain in different directions for the transition state
of Ispiit|110]— Inex with hop vector (3, 1,1)b/8, where b is the Si lattice
constant. Note that the strain effect is largest in the dominant direction

of motion. . . . . . .

Lepiis site (red atom) with its 12 surrounding hexagonal interstitial sites
(white atoms). Originating from the Iy, site shown in red, there are

72 possible two-step transitions (Lsprir — Ipew — Isprit). - - - - - o - .

Schematic illustration of the two-step process for interstitial migration.
Originating from the split site shown in red, there are 72 possible two-
step transitions (I — Ihes — Lspiir). 12 different initial Iop — Ipes
transitions followed by 6 possible Iy, — Ly transitions for each initial

transition. . . . . . . . L L L e

Xiv

81

32

83



6.13

6.14

6.15

6.16

Relative I and V diffusivity change under biaxial strain at 7' = 1000°C
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DOS of By and 63 Si atoms in a neutral super-cell (255 electrons).
The green (dashed) lines indicate the locations of the valence and con-
duction band of Si at 7/(4b)(1,1,1) in the first Brillouin zone (BZ)
respectively. b = 5.4578 A is the GGA lattice constant of unstrained
Si. Since the calculation was performed using 2° Monkhorst-Pack k-
point sampling (4 irreducible k-points) including spin, every state is
8-fold degenerate. The total number of electrons N is determined by
N =y,(1/4 E?;q ni;). 1/4 is the weighting factor due to the k-point
sampling and n; is the occupation. ¢ runs over all bands. All energies

are reported with respect to the valence band edge of Si. . . . . . ..

DOS of B3l and 62 Si atoms in a neutral super-cell (257 electrons).
The green (dashed) lines indicate the locations of the valence and con-
duction band of Si at 7/(4b)(1,1,1) in the first’ Brillouin zone (BZ)
respectively. b = 5.4578 A is the GGA lattice constant of unstrained Si.
Since the calculation was performed using 2° Monkhorst-Pack k-point
sampling (4 irreducible k-points) including spin, every state is 8-fold
degenerate with the exception of the states in band 128 and 129. Each
of these have a 4-fold degeneracy. The total number of electrons N
is determined by N = 3,(1/4 Z?Zl ni;). 1/4 is the weighting factor

due to the k-point sampling and n;; is the occupation. ¢ runs over all
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bands. All energies are reported with respect to the valence band of Si. 107
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7.6

7.7

7.8

DOS of a icosahedron Bqsl7 cluster and 59 Si atoms in a neutral super-
cell (272 electrons). The green (dashed) lines indicate the locations of
the valence and conduction band of Si at 7/(456)(1,1,1) in the first
Brillouin zone (BZ) respectively. b = 5.4578 A is the GGA lattice
constant of unstrained Si. Since the calculation was performed using
23 Monkhorst-Pack k-point sampling (4 irreducible k-points) including
spin, every state is 8-fold degenerate. The total number of electrons
N is determined by N = 3,(1/4 238.21 ni;). 1/4 is the weighting factor

due to the k-point sampling and n;; is the occupation. 4 runs over all

bands. All energies are reported with respect to the valence band of Si. 108

Local equilibrium concentration of B, Bsl, and Byl as a function of

total B concentration in unstrained Si at 7" = 1000°C . . . . . . .. | .

Energy vs. hydrostatic (solid lines) and uniaxial strain (dashed lines)
for Bs, Bsl, and Bisl;.  All energies are reported with respect to
their values in unstrained Si. Due to the symmetry of the complexes
(z < y < 2) the induced strain Ae is the shift of the minimum from
¢ = 0 (unstrained Si) under hydrostatic strain. AC1; and ACyy are
determined from the curvatures. The data shown corresponds to a
64 atom super-cell calculation. ¢ = 0 response to the GGA Si lattice

constant bg; = 5.4578 A. The extracted values are listed in Table 7.2. .
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7.9 Comparison of experimental data [15] with our ab-initio results for the
Si lattice parameter as a function of B concentration. Theoretically the
Si lattice constant can be expressed in terms of the induced strain Ae
(see Table 7.2) of substitutional B and the fractional B concentration
x = Cp/Cs as b = (1 + xAe)bg;, where ag; is the lattice parameter of
bulk Si. Ae = —0.327 corresponds to a lattice contraction coefficient
B = 6.54 x 1072* cm®. Sardela et al. report § = (6.340.1) x 1072* cm?
based on active B concentration. For other experiments, cluster for-

mation at high B concentration may lead to lower strain levels. . . . .

7.10 Predicted boron solubility enhancement as a function of biaxial strain

for various temperatures. Positive strains are tensile. . . . . . . . ..

7.11 Comparison of stress effect on B solubility under biaxial strain using the
simplified solubility model of Eq. 7.11 with the more extended model
including B, Bsl, and Bysl; shown in Fig. 7.10. . . .. .. ... ...

A.1 Local equilibrium concentration of B, Bsl, and Biol; as a function of

total B concentration at T' = 800°C at (C;/C}) = 1 (see Chapter 7). .

B.1 The gray atoms illustrate the structure of a [110] split/dumbbell inter-
stitialcy (Ispiz). Note that for this structure, the interstitial is not a

single atom, but rather two atoms in place of a single atom. . . . . .
B.2 The gray atom marks a tetrahedral interstitial site (Ije). . . . . . . .
B.3 The gray atom marks a hexagonal interstitial site (TIpez). . . - . . . .

B.4 The gray atom marks a bond-centered interstitial site (Iz). . . . . . .
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C.1

C.2

C.3

C4

DOS of interstitial Fp., Fiot, Frer, and substitutional F, were calcu-
lated using a neutral 64 Si atom super-cell. Neutral Fp, and F, have
partially filled states near the conduction band minimum, so they will
be positively charged for most Fermi levels. In contrast, neutral Fy.
and Fje, show partially filled states near the valence band maximum,

so they will be negatively charged for most Fermi levels. . . . . . ..

DOS of FV, FyV, F3V, and F,V were calculated using a neutral 64
Si atom super-cell. Neutral F,V shows some unoccupied states near
the conduction band, so it will be neutral for most Fermi levels. For a

Fermi level close to midgap FsV isneutral. . . . . ... .. ... ...

DOSof V, Vy, FVy, and F,V, was calculated using a neutral 64 Si atom
super-cell. Neutral V shows some unoccupied states near midgap, SO

for a Fermi level below these gap states V is neutral. . . . . ... ..

DOS of F3Vs, F4V2,’ F5Vy, and FgVy was calculated using a neutral 64
Si atom super-cell. Neutral FgVy shows some unoccupied states near

the conduction band, so it will be neutral for most Fermi levels.
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D.1

b.2

DOS of interstitial Fj. and 64 Si atoms of a neutral (left) and pos-
itively charged (right) super-cell calculation (263 electrons/262 elec-
trons). The green (dashed) lines indicate the locations of the valence
and conduction band of Si at 7/(40) (1,1, 1) in the first Brillouin zone
(BZ) respectively. b= 5.43 A is the experimental lattice constant of un-
strained Si. Since the calculation was performed using a cutoff of 320eV
and 2° Monkhorst-Pack k-point sampling (4 irreducible k-points) in-
cluding spin, every state is 8-fold degenerate. The total number of
electrons N is determined by N = 3-;(1/4 Z?:1 ni;). 1/4 is the weight-
ing factor due to the k-point sampling and n;; is the occupation. 7 runs

over all bands. All energies are reported with respect to the valence

band of Si. . . . . . o

DOS of interstitial Fy; and 64 Si atoms of a neutral (left) and neg-
atively charged (right) super-cell calculation (263 electrons/264 elec-
trons). The green (dashed) lines indicate the locations of the valence
and conduction band of Si at 7/(4b) (1,1, 1) in the first Brillouin zone
(BZ) respectively. b = 5.43 A is the experimental lattice constant of un-
strained Si. Since the calculation was performed using a cutoff of 320eV
and 2® Monkhorst-Pack k-point sampling (4 irreducible k-points), in-
cluding spin every state is 8-fold degenerate. The total number of
electrons N is determined by N = 3,(1/4 E§:1 ni;). 1/4 is the weight-
ing factor due to the k-point sampling and n;; is the occupation. 4 runs

over all bands. All energies are reported with respect to the valence

band of Si. . . . . . e,
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D3

DFT calculation of the silicon band structure near the valence band
maximum and conduction band minimum for a two atom cell. L =
7/b(1,1,1),T = 21/ (0,0,0), and X = 27/b(1,0,0) with b = 5.43 A are
the high symmetry points of the first Brillouin zone (BZ). The green
(dashed) line indicates the valence band edge, whereas the blue arrow
marks the silicon band gap. The orange dashed line indicates the k-

points used in a 2* Monkhorst-Pack k-point sampling calculation with

a cubic super-cell of size b, whereas the blue dashed line indicates a

D4

E.1

super-cell of size 2b. The 3D shapes of the different 1st BZ are shown
inFig. D4, . ..o

First Brillouin zone (BZ) of silicon for different super-cell sizes. The
wire frame shows the BZ of two silicon atom cell, the open box is BZ
for 8 silicon atom cell, and the closed box is for 64 silicon atom cell.
The <100> directions are indicated by the black coordinate axes. The
figure shows that the location of the L point for a two and 8 silicon
atom super-cell is identical, whereas the L point in the case of a 64
silicon atom super-cell is located at L/2 of the two/8 silicon atom
super-cell. Figure 3.3 shows the corresponding Si band structure along

the A-direction (T' to L) and A-direction (I'to X). . .. ... .. ..

Application of a tensile uniaxial stress ¢ leads to a compressive strain
in the perpendicular directions until the surfaces in the perpendicular

directions are stress free. . . . . . L L L
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F.1

F2

G.1

G.2

Schematic illustration of the two-step process for I and B migration.
In the case of an interstitial, originating from the I split site shown in
red, there are 72 possible two-step transitions (Ispi; — Ires — Isprit), 12
different initial L — Ipep transitions followed by 6 possible Ipe, —

L transitions for each initial transition. . . . ... . ... .. ...

KLMC lattice for interstitial diffusion Iy — Ipes — Igpe. S1-S6 (ved
symbols) are the 6 Ig;: configuration on the sub-lattice with origin
at (0,0,0), S1-S6 (green symbols) are the 6 I,y configuration on the
sub-lattice with origin at (1/4,1/4,1/4), and H1-H4 are the 4 unique
hexagonal interstitial sites connecting the various Ly configurations.

The arrows indicate the transition vectors of the possible transitions.

Table F.9 lists the individual transition vectors of the KLMC lattice. '

Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using 23
Monkhorst-Pack k-point sampling and a high precision FFT-grid (see
Ref. [9]), but different cutoff energies. All energies are reported with
respect to their minimum energy strain condition. The data shown
corresponds to a 64 atom super-cell LDA calculation. € = 0 corresponds
to the lattice constant b = 5.393 A. The extracted values are listed in

Table G.1. . . . . .

Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using a
250 eV energy cutoff and a high precision FFT-grid (see Ref. [9]), but
different Monkhorst-Pack k-point sampling. All energies are reported
with respect to their minimum energy strain condition. The data shown
corresponds to a 64 atom super-cell LDA calculation. € = 0 corresponds
to the lattice constant b = 5.393 A. The extracted values are listed in

Table G.2. . .. .
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G.3

G.4

G.5

Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using 2°

Monkhorst-Pack k-point sampling and a high precision FFT-grid (see
Ref. [9]), but different cutoff energies. All energies are reported with
respect to their minimum energy strain condition. The data shown cor-
responds to a 64 atom super-cell GGA calculation. ¢ = 0 corresponds
to the Si GGA lattice constant b = 5.457 A. The extracted values are
listedin Table G.3. . . . . ... . ...

Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using
a 250 eV energy cutoff and a high precision FFT-grid (see Ref. [9]),
but different Monkhorst-Pack k-point sampling: All energies are re-
ported with respect to their minimum energy strain condition. The
data shown corresponds to a 64 atom super-cell GGA calculation. € = 0
corresponds to the Si GGA lattice constant b = 5.457 A. The extracted

values are listed in Table G.4. .. .. . . . .. .. .

Energy vs. hydrostatic (left) and uniaxial strain (right) for V using 23
Monkhorst-Pack k-point sampling and a high precision FFT-grid (see
Ref. [9]), but different cutoff energies. All energies are reported with
respect to their minimum energy strain condition. The data shown cor-
responds to a 64 atom super-cell GGA calculation. € = 0 corresponds
to the Si GGA lattice constant b = 5.457 A. The extracted values are
listed in Table G5, . . . . . . . .

XXV

170

171

173



G.6

G.7

G.8

G.9

Energy vs. hydrostatic (left) and uniaxial strain (right) for V using
a 250eV energy cutoff and a high precision FFT-grid (see Ref. [9]),
but different Monkhorst-Pack k-point sampling. All énergies are re-
ported with respect to their minimum energy strain condition. The
data shown corresponds to a 64 atom super-cell GGA calculation. € = 0
corresponds to the Si GGA lattice constant b = 5.457 A. The extracted

values are listed in Table G.6. . . . . . . . . . . . ... ... ...

Energy vs. z-strain for Iy, using 2% Monkhorst-Pack k-point sampling
and a high precision FFT-grid (see Ref. [9]), but different cutoff ener-
gies. All energies are reported with respect to their minimum energy
strain condition. The data shown corresponds to a 64 atom super-cell
GGA calculation. ¢ = 0 corresponds to the Si GGA lattice constant
b= 5.457 A. The extracted values are listed in Table G.7. . . . . . . .

Energy vs. hydrostatic (left) and z-strain (right) for Ly, using a 280 eV
energy cutoff and a high precision FFT-grid (see Ref. [9]), but differ-
ent Monkhorst-Pack k-point sampling. All energies are reported with
respect to their minimum energy strain condition. The data shown cor-
responds to a 64 atom super-cell GGA calculation. € = 0 corresponds
to the Si GGA lattice constant b = 5.457 A. The extracted values are
listed in Table G.8. . . .. . .. .. . oo

Energy vs. hydrostatic strain for Vi.q,s using a 250eV energy cutofl,
but different Monkhorst-Pack k-point sampling. All energies are re-
ported with respect to their minimum energy strain condition. The
data shown corresponds to a 64 atom super-cell calculation. ¢ = 0

response to the GGA Si lattice constant b = 5.457 Ao
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G.10 Energy vs. hydrostatic (left) and uniaxial strain (right) for B, using
2% Monkhorst-Pack k-point sampling, but different cutoff energies. All
energies are reported with respect to their minimum energy strain con-
dition. The data shown corresponds to a 64 atom super-cell calcula-
tion. ¢ = 0 response to the GGA Si lattice constant b = 5.4578 A. The

extracted values are listed in Table G.10. . . . . . . .. .. .. ....

G.11 Energy vs. hydrostatic (left) and uniaxial strain (right) for B, using a
340 eV energy cutoff, but different Monkhorst-Pack k-point sampling.
All energies are reported with respect to their minimum energy strain
condition. The data shown corresponds to a 64 atom super-cell calcu-
lation. ¢ = 0 response to the GGA Si lattice constant b = 5.4578 A.
The extracted values are listed in Table G.11. . . . . .. ... .. ..
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Summary of some of the characteristic device parameters for current
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Time and distance scales for various modeling techniques currently
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Binding energies of F,,V,, configurations for Ep = Ev+0.45eV (intrin-
sic Fermi level at 650°C [5]). For midgap Fermi level, the dominant
clusters are charge neutral. The decreasing binding energy of the F,,V
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GLOSSARY

BIC: Boron interstitial cluster.

BZ: Brillouin zone.

CMOS: Complementary metal oxide semiconductor.
DFT: Density functional theory.

DOS: Density of states.

EOR: End of range.

GGA: Generalized gradient approximation.

ITR.S: International technology roadmap for semiconductors.
KLMC: Kinetic lattice Monte Carlo.

LDA: Local density approximation.

MBE: Molecular beam epitaxy

MC: Monte Carlo.

MD: Molecular dynamics.

NEB: Nudged elastic band.
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NMOS: Negative-channel metal oxide semiconductor.
QMD: Quantum molecular dynamics.

RTA: Rapid thermal anneal.

SIMS: Secondary ion mass spectroscopy.

SOI: Silicon-on-insulator.

TCAD: Technology computer aided design.

TED: Transient énhanced diffusion.

PMOS: Positive-channel metal oxide semiconductor.
PW91: Perdew-Wang GGA functional.

QM: Quantum mechanics.

ULSI: Ultra large scale integration.

VASP: Vienna ab-initio simulation package.

VLSL Very large scale integration.

XTEM: Cross-sectional transmission electron microscopy.
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Chapter 1

INTRODUCTION

Silicon technology has sustained an ongoing revolution during the almost 50 years
since Jack Kilby (2000 Nobel Prize in Physics) built the first integrated circuit. During
the summer of 1958, Jack Kilby was working at Texas Instruments in Dallas, and with
borrowed and improvised equipment he conceived and built the first electronic circuit
in which all of the components, both active and passive, were fabricated in a single
piece of semiconductor material half the size of a paper clip. The successful laboratory
demonstration of that first simple microchip on September 12th, 1958 made history
[21]. The success story of VLSI technology is nicely illustrated by looking at the
number of transistors per chip as a function of time, which is shown in Fig. 1.1. In
1965, Gordon Moore postulated that the number of transistors pef chip would double
every 18 months [1]. Figure 1.1 shows Moore’s actual data (green line) as well as
the development of memory (red line) and microprocessor chips (orange line) during
the last 40 years. Moore’s prediction still holds today; in fact, the original empirical
observation is now referred to as Moore’s law. The International Technology Roadmap
for Semiconductors (ITRS) [16] lists the specifications of future devices which are

required to meet this aggressive scaling law.

In 2000, the size of a single device reached the sub-100nm regime. Hence, in-
stead of talking about microchips, state-of-the-art devices are better referred to as
nanochips. In fact, VLSI technology is among the first profitable mass-production

applications of nanotechnology. Figure 1.2 shows a transistor of Intel’s 90 nm gener-
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Figure 1.1: Tlustration of Moore’s law [1] based on the development of memory chips
and Intel’s well known microprocessor families [2]. Shown is the number of transistors
per die (chip) as a function of time.

ation. The channel length of this device is only 50nm. Table 1.1 lists some of the
characteristic parameters of current CMOS devices and the predictions of the I'TRS
for coming years. In order to fulfill the challenges set by the ITRS, future devices will
require the development of many new technologies. New materiais like SiGe, high-K
oxides or metal gatesywﬂl be introduced. Also new geometries/device structures will
be required. Currently silicon-on-insulator (SOI) technologies are already in use. The
demand for multi-gate structures is just a matter of time. In the past, many choices
for new technologies were explored predominantly by experiments. Nowadays the
cost for such experiments is increasing dramatically, which demands very accurate
process and device modeling in order to identify the key experiments. This requires
the utilization of all available modeling techniques and their use in a complementary

way. Technology computer aided design (TCAD) will play a crucial role in meeting
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Figure 1.2: 90nm generation NMOS device produced by Intel (50 nm channel length)
using strained silicon technology [2].

Table 1.1: Summary of some of the characteristic device parameters for current and
future CMOS devices published in the 2003 International Technology Roadmap for
Semiconductors [16].

Year of production 2004 | 2007 | 2010 | 2013 | 2016
Technology node 90nm | 65nm | 45nm | 32nm | 22nm
DRAM 1/2 pitch [nm] 90 65 45 32 22

MPU printed gate length [nm] 53 35 25 18 13
MPU physical gate length [nm] 37 25 18 13 9
S/D extension depth [nm] 204 | 13.8 7.2 104 7.2

Equivalent oxide thickness [nm] | 1.2 0.9 0.7 0.6 0.5

the future goals set by the ITRS.

This dissertation shows how ab-initio techniques can be used to address a range of

critical problems in current VLSI technology. We study the fundamental interactions



of impurities and intrinsic point-defects at the quantum level using density functional
theory (DFT). The goal is to connect atomistic processes to macroscopic behavior,
such as dopant diffusion and activation. In particular, we investigated using ab-
initio methods two very different questions in VLSI technology: F co-implantation
and stress effects on dopant diffusion/activation. This dissertation makes important
contributions to the understanding of the underlying physical mechanism of these

phenomena.

By determining formation and migration energies for various fluorine (F) com-
plexes, we found a unique reaction mechanism which explains the anomalous F be-
havior. This is the first ab-initio work of this kind, as previous theoretical studies
were limited to F migration without including the interaction of F with intrinsic
point-defects {22, 23]. The mechanism found is the key to understanding the anoma-
lous F behavior and effects of F on boron (B) and phosphorus (P) diffusion and
activation. In addition, we developed a new methodology to address stress effects on
dopant diffusion and activation from first-principles. This new method is capable of
determining stress effects under arbitrary conditions. This enables the determination
of anisotropies associated with more complex strain states. Our work is a generaliza-
tion of previous work [24, 25, 26, 27, 28, 29|, since we used a unique way to determine
the general induced strain and elasticity tensors. We applied this methodology to

study the effects of stress on point-defect /dopant diffusion and activation.

Chapter 2 gives a general overview of currently available modeling techniques. In
addition, it is shown how the different modeling approaches form a modeling hier-
archy in terms of the time and distance scales they operate at. Density functional
theory (DFT), the ab-initio method in this work, plays a special role in this mod-
eling hierarchy since it provides the foundation and thus contributes to all levels in
the hierarchy. In the subsequent chapters, we utilize this fact and apply an ab-initio
driven modeling approach to study selected problems in VLSI technology: the effect

of fluorine (F) co-implantation (Chapters 3 and 4) and stress effects on point-defect



and dopant diffusion and activation (Chapters 5, 6, and 7) in silicon.

It has been shown experimentally that F co-implantation has beneficial effects on
boron (B) and phosphorus (P) diffusion and activation. However, these effects are
strongly dependent on the implant conditions. In addition, F exhibits anomalous
diffusion behavior. In Chapter 3, we report the result of ab-initio calculations which
explain the anomalous F behavior. We found strongly bound fluorine/vacancy com-
plexés. Based on these results an extended multi-cluster model is developed to model
the F behavior at the continuum level. In Chapter 4, the previous model is analyzed
and reduced to a simplified version to model the co-implantation effects of F on boron
and phosphorus diffusion.

Chapters 5, 6, and 7 address a very different open question in VLSI technology:
stress effects on point-defect and dopant equilibrium concentration, diffusion and
activation. Stress effects become more important in VLSI technology as steep doping
gradients and hetero-interfaces induce stress gradients and reduced dimensions make
any variation in diffusivity critical. On top of this, stress is induced purposefully
to enhance carrier mobility. Figure 1.2 shows an NMOS device produced by Intel
(90 nm generation), which utilizes stress effects to improve device performance. After
developing a methodology to treat stress effects from first-principles (Chapter 5),
ab-initio techniques are used to extract induced strains and elasticity tensors for
various defects and impurities in order to predict the impact of arbitrary stress tensors.
The results from first-principles calculations are used to describe analytically the
effect of stress on point-defect and dopant diffusion, while kinetic lattice Monte Carlo
simulations are used to quantify the full diffusivity tensor of interstitial (I) and B
(Chapter 6). In Chapter 7, the effects of stress on B activation are investigated.
Following the methodology in Chapter 5, a stress dependent B solubility model is
developed. Finally, Chapter 8 summarizes the conclusions of the dissertation and

suggest areas for future follow-on work.

In addition, there are six supporting chapters in the Appendices. Appendix A re-



views the concepts of local equilibrium of defects/impurities in solids which are used
throughout this dissertation. Appendix B shows the structures of various interstitial
configurations which are located at high symmetry points of the silicon lattice. In Ap-
pendices C and D, the density of states (DOS) of various fluorine/vacancy complexes
are listed and details of the analysis of uncharged vs. charged super-cell calculations
are discussed. Appendix E summarizes general analytic stress/strain relations, which
are used in the Chapters 5, 6, and 7. Appendix F lists the transition vectors used
in the analysis of stress effects on point-defect and dopant diffusion in Chapter 6.
Finally, Appendix G addresses technical details and convergence issues of the DFT

calculations with respect to the extracted parameters used in the Chapters 5, 6, and
7.



Chapter 2

MODELING TECHNIQUES

2.1 Modeling Hierarchy

The main goal in front-end process modeling [17] is prediction of the final doping
profiles and their activation levels. Once these are known, Poisson’s equation coupled
with the carrier transport equations determines the device behavior {30, 31]. In the
past, due to the size of the devices of interest, 1D doping profiles were sufficient to
predict the device behavior reasonably well. However as ULSI technology reaches
the nanoscale, accurate 2D and 3D doping profiles become necessary. In order to
predict these profiles correctly and to use front-end process simulatioﬁs in making the
most beneficial process choices, a detailed understanding of the underlying physical
mechanisms which control dopant diffusion and activation is required. In the past,
front-end process modeling focused primarily on continuum simulations. The notion
of point-defect mediated diffusion (see Section 2.2) is the key to modeling diffusion
and activation at the macroscopic level. Section 2.3 summarizes the basic concepts of
dopant diffusion and activation at the continuum level. However, this approach suffers
from the fact that it usually involves many parameters, which need to be determined
by fitting models to experimental data. Historically, many continuum models were just
effective models without a strong foundation in terms of their physical mechanisms.
While following Moore’s law, parameters had to be refitted to new experimental data

once a new technology generation with reduced device size was developed.

Since macroscopic phenomena like dopant diffusion and activation are directly

related to atomistic processes (e.g., dopant diffusion in a solid is believed to be point-



defect mediated [30, 32, 17] (see Section 2.2)), ab-initio techniques can be used to
determine the physical reaction mechanisms and parameters of the macroscopic pro-
cesses. ldeally it is desired to treat a complete device at the atomistic level and
simulate its behavior from first-principles. However this is currently still a hopeless
task due to the involved time and distance scales. Currently available computational
resources are not sufficient to treat such systems. However, it turns out that this
problem can be overcome in a different way, since there are other techniques to bridge
the gap in time and distance scales. Figure 2.1 shows the modeling hierarchy, which
illustrates schematically some of the currently available techniques. On the most
fundamental level there are ab-initio calculations. The ab-initio method used in this
dissertation is density functional theory (DFT). A brief overview of DFT is given in
Section 2.5. On the other end of the hierarchy there is continuum modeling. Sec--
tion 2.3 reviews this approach. Molecular dynamics (MD) and kinetic lattice Monte
Carlo (KLMCQ) (see Section 2.4) bridge the gap between the atomistic and continuum
level. The basic idea is to utilize the whole modeling hierarchy by determining reaction
mechanisms and/or parameters of less fundamental models from more fundamental
theories. The arrows in Fig. 2.1 illustrate this approach. Since ab-initio calculations

are most fundamental, they contribute to all levels in the modeling hierarchy.

Table 2.1 gives an overview of the potential of the different techniques with re-
spect to currently available computational resources. Listed are system size (number
of atoms and dimension) and corresponding physical time, which can be simulated
currently within one day of CPU time. The number of atoms range from 100 in a
1nm DFT super-cell to 102 in a continuum model for a 100 nm device. The simulated
time scales range from psec in the case of quantum molecular dynamics (QMD) using
DFT to msec/sec at the continuum level, where real process steps are simulated (e.g.,

RTA anneals).

In order to bridge the gap in time and distances scales, QMD can be approxi-

mated by standard classical MD. In molecular dynamics (MD) the time evolution



Figure 2.1: The modeling hierarchy shown above illustrates the different modeling
techniques that address problems at very different time and distance scales (see Ta-
ble 2.1). More fundamental methods are used to determine parameters of less fun-
damental theories (indicated by arrows). Ab-initio techniques set the foundation of
this hierarchy. At the macroscopic level there are continuum simulations. Molecular
dynamics (MD) and kinetic lattice Monte Carlo (KLMC) help bridge the gap between
the atomistic and continuum level.

Table 2.1: Time and distance scales for various modeling techniques currently acces-
sible within one day of CPU time (Pentium 4). The modeling techniques included
make up the modeling hierarchy shown in Fig. 2.1.

Technique DFT MD KLMC Continuum
Interaction QM | empirical potentials | migration barriers | reaction kinetics
Number of atoms | 100 10 108 108
Length scale 1nm 10nm 25 nm 100 nm
Time scale = psec ~ nsec /2 msec R sec

of a system of atoms is determined based on the classical trajectory of the indi-
vidual atoms according to chosen inter-atomic potential functions. This treatment
assumes that the electron density responds instantaneously to ionic movements and
thus the electronic degrees of freedom can be separated from the ionic degrees of

freedom (Born-Oppenheimer approximation). These potential functions are based on
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ab-initio calculations in QMD or empirical potentials for standard MD (e.g., in the
simplest case Lennard-Jones type pairwise interaction potentials). For silicon sys-
tems the more complicated empirical potentials developed by Stillinger-Weber [33]
and Tersoff [34] have proven to describe some physical systems reasonably accurately.
These potentials also account for multi-body interactions. Since lattice vibrations,
which determine the time evolution scale in standard MD simulations, are on the
order of psec, only nseés can be simulated with state-of-the-art computers. However
there are various techniques to speed up time evolution in MD simulations: kinetic
Monte Carlo (KMC) [35, 36], hyperdynamics [37], parallel replica method [38], tem-
perature accelerated dynamics (TAD) [39], and dimer-KMC [40, 41] just to mention
a few. The basic idea in all these techniques is to take advantage of the natural sep-
aration of time scales: vibration vs. transition times. At room temperature, atomic
systems typically undergo 100 lattice vibrations before changing their spatial atomic
configuration significantly. This is exactly the reason why currently standard MD
simulations are limited to nsecs. The latter transitions can be described by transition
state theory (TST). They are “rare events” in comparison to the lattice vibrations.
The acceleration methods try to speed up the MD simulation by estimating the time
of the next transition using different approaches.

KLMC is a special type of KMC. Lattice vibrations are completely ignored and
only used to provide a general time scale. In KLMC the system is restricted to
a finite number of well characterized transitions on a lattice. This is sufficient to
treat diffusion in a crystalline material like Si, but does not allow the treatment of

amorphous materials. Section 2.4 summarizes the basic ideas of the KLMC technique.

In the near future, MD simulations will become particularly important, since there
is great need to model processes like low energy ion-implantation and epitaxial re-
growth with parameter free physical models. Anneal times have reached time scales
where technologically important physical processes happen during the epitaxial re-

growth. One example is the accurate description of implant damage, which has direct
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impact on dynamic processes like transient enhanced diffusion (TED) [42, 17} and
dopant activation. Modeling ion-implantation and epitaxial regrowth involves the
treatment of amorphous materials. Currently ab-initio techniques are computation-
ally too intensive due to the high number of degrees of freedom of such systems; MD
is the only current technique available.

In this dissertation we will show how this hierarchy of techniques can be used to
describe macroscopic phenomena at the continuum level, based on ab-initio calcula-
tions and KLMC simulations. Physical problems need to be modeled by utilizing all
techniques of the modeling hierarchy with particular focus on their individual model-
ing strengths. The modeling hierarchy needs to be understood as one modeling tool

and not only as individual techniques.

In the following sections, the concepts of the different modeling techni@ues are
summarized and it is shown how they contribute to the modeling hierarchy. Since
point-defect mediated diffusion is an atomistic process which links all the techniques
together, it is reviewed first in the next section.‘ Then starting at the macroscopic
end of the modeling hierafchy, the different techniques are summarized. Contimium
modeling in Section 2.3, followed by the kinetic lattice Monte Carlo (KLMC) technique
in Section 2.4, and finally density functional theory (DFT) in Section 2.5.

2.2 Point-defect mediated diffusion

At finite temperature, intrinsic point-defects are present in any crystalline material,
since this reduces the energy of the crystal due to the associated entropy of mixing
[30]. These point-defects are the key to understanding diffusion of impurities in a
solid. The simplest point-defects are vacancies (vacant lattice site) and interstitials
(additional atom in interstitial lattice site). While most impurities located at lattice
sites are considered immobile, these become mobile by interacting with intrinsic point-

defects. The impurity and the point-defect form a mobile impurity/point-defect pair.
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Since there are two types of basic point-defects, there are also two different migration

mechanisms.

Figure 2.2: Left: Vacancy-assisted diffusion. Right: Interstitial-assisted diffusion.

Figure 2.2 shows the processes for vacancy-assisted (left) and interstitial-assisted
diffusion (right) in a simple 2D square lattice. In the case of vacancy-assisted diffusion,
the impurity atom A (blue solid circle) jumps from its original position into the vacant
site V (green dashed circle). The mobile species is called an AV pair. For further
diffusion, either an additional vacancy needs to be present or the original vacancy
needs to approach the defect atom from a different direction by passing through a
second nearest neighbor (NN) site (3rd NN in case of Si or diamond structure). In
the case of interstitial-assisted migration, there are several different mechanisms. The
primary reason for this is the existeﬁce of many interstitial configurations (e.g., <100>
split interstitial (I,p;:), interstitial in tetrahedral location Ly, interstitial in hexagonal
site Ine; ). The spatial configurations of these point-defects are shown in Appendix B.
The so called “kick-out” mechanism shown in Fig. 2.2 (right) best illustrates the idea
of interstitial-assisted diffusion. A mobile intefstitial atom kicks out the substitutional
impurity atom A into an interstitial lattice site. This interstitial impurity atom Al

is now mobile and migrates through the solid, until it “kicks out” a Si atom from its
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lattice site.
The transition barriers associated with the different transitions can be calculated
using ab-initio methods (see Section 2.5). The diffusivity is directly related to the

migration barrier F,,:

D = Dgexp (~f—;> : (2.1)

Since there are two migration mechanisms, in principle an impurity can utilize
both of these mechanisms to diffuse. In fact, some impurities diffuse using both
migration methods, others predominantly use just interstitial or vacancy-assisted mi-

gration. Table 2.2 lists the experimental observations for various dopants. f; and

Table 2.2: Migration method of Si and other common dopants in silicon {17, 18]. f
and fy = (1— f1) are the fractions of interstitial and vacancy-assisted diffusion respec-
tively for intrinsic material at equilibrium. f; and fy show only a weak temperature
dependence.

Impurity | fi | fv

Si 0.6 | 04
B 0.99 | 0.01
| 0.98 | 0.02
As 04 | 06
Sb 0.02 | 0.98

fv = (1 = f1) are the fractions of interstitial and vacancy-assisted diffusion respec-
tively. The fact that diffusion of impurities requires point—defects has interesting con-
sequences on non-equilibrium diffusion. As an example, ion-implantation introduces
additional interstitials. The interstitial concentration C} increases in comparison to
the equilibrium interstitial concentrations Cf (Cy > Cf). This leads to an enhanced
diffusivity for interstitial diffusers like B. Energetically, the formation of a BI pair is

favored in the presence of additional interstitials. Equation 2.2 summarizes this fact
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mathematically. The effective diffusivity of a species A is expressed as a function of

the point-defect concentrations C and Cy:

C C
it = by (f—i+f V), 2.2)
A A IC[* VC{k/ (

where D} is the equilibrium diffusivity of species A. Cf and C% are the equilibrium
point-defect concentrations of I and V respectively. C7 and Cy label the present
point-defect concentration of I and V respectively.

The next section explains, how the idea of point-defect mediated diffusion can be

applied to modeling dopant diffusion and activation at the continuum level.

2.3 Continuum modeling

Amongst the most important phenomena in front-end process modeling are dopant
diffusion and activation [17]. Out-of-equilibrium dopant diffusion (e.g., following ion-
implantation) can no longer be described by simple Fickian diffusion [32]. Point-
defects are key to understanding dopant diffusion and activation in a crystalline ma-
terial. The previous section focused on summarizing the basic ideas of point-defect
mediated diffusion by looking at the atomic processes involved. Based on these ideas
Sections 2.3.1 and 2.3.2 illustrate how dopant diffusion and activation are modeled at

the continuum level.

2.3.1 Dopant diffusion

Based on the atomistic processes described in the previous section, diffusion can be
modeled at the continuum level. For illustration purposes, we consider boron diffusion.
Table 2.2 shows that B is essentially a pure interstitial diffuser, which reduces the
number of equations used to describe the diffusion process. It is straightforward to
extend the approach to other impurities with different point-defect interactions.

In the following, we develop a very simplified B diffusion model, which includes

only B, BL, I, and V. In reality, B interacts strongly with larger point-defect clusters;
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however, for illustration purposes it is convenient to consider only a few species. Sec-
tion 2.3.2 addresses the clustering behavior of B into B, 1, clusters and the associated
deactivation process.
Equation 2.3 lists the possible reactions of all species with each other. I, V, and
BI are considered mobile, whereas B is immobile. The first equation describes the
formation of a mobile BI pair, whereas the second the dissolution of a BI pair with a
V. The third reaction accounts for I-V recombination:
- B + I <« BI,
BI + V & B, (2.3)
I + V & 0. _
In equilibrium, the law of mass action relat_es the concentrations of the initial
species of a reaction to the concentrations of the final complexes. The products of

the concentrations of the initial and final species are proportional to each other:
CC1 = Keo(T)Ch,
Caily = Kof(T)Cg, (24)

where K o(T) and K, (T) are proportionality constants, which are only a function of -
temperature. These constants are determined by the difference in formation energies
of the individual complexes. Appendix A discusses how the formation energy of a
complex determines its equilibrium concentration and thus determines K.,(7T") and
Ko(T) using Eq. 2.4.

The relations in Eq. 2.4 only apply in equilibrium; however, we are interested in
the diffusion of B in out-of-equilibrium conditions. A reaction rate R; is associated
with each of the above reactions. In equilibrium this rate vanishes (R; = 0). The
reaction rate R; for B +1 < Bl can be written as:

Ry = kiCsCi— k,Chi,

k.
= ks(CpCi — E—CBI),
f

- 47((],D1(CBCI - KeqCBI)- (2.5)
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Similar to the law of mass action, the forward and reverse reaction rates are pro-
portional to the product of the concentrations of the reacting species, with k; and
k. the respective proportionality constants. In equilibrium R; has to vanish, thus
kr/ky = K. Since ks and k. are just constants, this relation also holds out-
of-equilibrium. Assuming diffusion limited reactions, k; can be parameterized as
ks = 4maDy, where Dy is the diffusivity of I and a is the effective capture radius. Sim-

ilarly, the reaction rates for the remaining two reactions in Eq. 2.3 can be determined:

Ry, = 4no (DBI -+ Dv) (CBICV - f(eqCB),
Ry = 47TG(D[ -+ Dv) (CICV — CI*C{;), (2.6)

where Dgy, Dy, and Dy are the diffusivities of BI, I, and V. C} and C¥; are the intrinsic
[ and V equilibrium concentrations.
The time evolution of every single species is described by the generalized contin-

uum equation:

C - .
—a~—+V-J:}:Rm (2.7)
ot -
where J = —DVC is the diffusion flux of a mobile species and ), K, is the sum

of reaction rates with other complexes. Combining these equations leads to a set

of partial differential equations describing the diffusion of B for arbitrary I and V

concentrations:

oCg

o - i
oC - -

8;31 = V- (DBIVCBI) + Ry — Ry,

oC - .

—855 = V- (DVC)) — Ry — R,

C = ey

8Btv = V- (DvVCy) — Ry — Ry. (2.8)

The parameters of this model are K, f(eq, Dy, Dy, Dgy, and a, which can be deter-
mined from ab-initio calculations or fit to experimental data. Once the initial spatial

concentrations and boundary conditions of the different species are known, the time
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evolution can be computed. Commercial TCAD process simulators like TSUPREM4
[43] or ISE-FLOOPS [44] solve such sets of differential equations.

2.3.2 Dopant activation

Dopant activation/deactivation is closely related to clustering of dopants with point-
defects. As an example, group III or V dopants located at substitutional lattice sites
accept or donate ohe electron to the Si crystal. Thus every dopant atom ideally
contributes one electron or hole to the conduction. However, since dopant atoms
usually interact with point-defects forming e.g., charge neutral dopant/defect clusters,
not every dopant atom can be considered electrically active. In the case of B, B, 1,
clusters reduce the fraction of electrically active B and therefore are responsible for
deactivation. In order to model this dynamic process, the formation and dissolution
of such clusters need to be considered. Besides the effect on the electrical properties
of the material, B,l,, clusters also alter the diffusion behavior of B, since the B,I,,
clusters are considered immobile for n,m > 1.

Equation 2.9 lists schematically the additional B,1,, cluster formation and disso-

lution reactions:
BnIm + Bl & Bn+11m+17

BnIm + I < Bn1m+17 (2'9)
BnIm + v @ BnIm—l-
In addition, larger extended point-defect clusters have a strong impact on the B

activation process. Equation 2.10 lists the interaction cascade of I,, and V,, clusters:

+ And I’n+17

(2.10)
_+_

V, +

I, I
I, + V & 1,41,
Vi, V e Vuy,
I & V.
Once the formation energies of the individual dopant/point-defect clusters are

known, following the approach of the previous section, an extended set of partial
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differential equations describing the activation/deactivation process can be derived.
Often the parameters of such extended models are determined using an inverse mod-
eling approach, however ab-initio calculations can also be used to identify the en-
ergetically favorable reactions by determining the formation energies and transition
barriers of the involved reactions. This is a particularly powerful approach, since it
leads to more physically accurate models which can be used to predict new situations

for which there is not experimental data.

2.4 Kinetic lattice Monte Carlo

This section summarizes the basic idea behind the kinetic lattice Monte Carlo tech-

nique. More details can be found in the Refs. [45, 32].

To overcome the limitations in terms of physical simulation time in standard MD
simulations, lattice vibrations are completely ignored in kinetic Monte Carlo simula-
tions (KMC) [35, 36]. All transitions are modeled via transition state theory (TST)
and the time evolution of an atomic system is determined via a set of predetermined
states and transitions. The time scale associated with the lattice vibrations (attempt
frequency) is only used to convert system time into real physical time. Lattice vi-
brations are responsible for the equilibration process in between transitions. This
process is assumed to happen on a timescale short compared to the time between
transitions. This is a valid assumption as long as all transition states are separated
from the ground state configurations by several kT

Kinetic lattice Monte Carlo (KLMC) is a special variation of kinetic Monte Carlo
(KMC). Instead of describing the system states in the continuum, a lattice is used
to define system states. This is a valid assumption in a crystalline solid, but breaks
down for ainorphous materials. The definition of states on a crystal lattice is very
simple, since the crystal itself discretizes the atomic configurations.

Figure 2.3 (left) shows schematically such a lattice. Here, for simplicity we only
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Figure 2.3: Left: KLMC lattice for a defect /impurity atom X (blue dashed atom) in a
crystal. The defect can only occupy lattice sites and the transition rates for transition
in the individual directions are given by I';-I'y. These rates determine the transition
probabilities and therefore the time evolution of the system. Right: Transition barrier
E:, for transition i. T; is the transition state.

consider the time evolution of a single defect/impurity atom (blue dashed circle). The
defect /impurity atom can reside on each lattice site. The reaction rates in the different
directions are [';-I'y. To migrate from one lattice site to the next, the defect /impurity
needs to overcome a transition barrier (see Fig. 2.3 (right)). In harmonic transition
state theory (WTST), the transition rate is directly related to the migration barrier

E:. by:

Iy =Tgexp (——f}”) , (2.11)

where Ty is proportional to the lattice vibration frequency [32]. Ab-initio techniques
can be used to determine the migration energies Ef and rates [46]. The transition
rates completely determine the time evolution of the system. Assuming uncorrelated

events (the equilibration process between transitions assures this), the transition rates
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determine the jump probabilities p; in the different directions:

pr= =t
' 34':1 Pj'

Once these probabilities are known, the time evolution of the system can be simu-

(2.12)

lated using the standard Monte Carlo approach. The defect/impurity atom performs
a random walk through the solid. To keep track of the actual physical system time, the
time for each migration process At can be calculated using the individual transition
rates: At = 1/T", where
' 1 1
7= Z T (2.13)
Diffusion can be also viewed as a stochastic process; early work by Einstein relates
the macroscopic diffusivity tensor D to the average displacement vector AZ of a
random walk [32]:

Dy = %(Amxﬁ, (2.14)
where ¢ is the time of a N-step random walk (t = N | At;) and Az, is a component of
the displacement vector AZ. Using KLMC, the diffusivity of a defect/impurity can be
determined. This approach is used in Chapter 6 to study the effect of stress on inter-
stitial diffusion. So far we only considered the migration of a single defect/impurity
atom. However this approach can be extended straightforwardly to include more
complex multi-atom clusters and multiple defects/impurities. To predict the time
evolution of such complex states, all possible states and transitions rates need to be
provided.

KLMC can be used in various ways. Fundamental questions like effect of stress
on dopant diffusion (see Chapter 6) can be studied, in addition to prediction of 2D
and 3D doping profiles, including, for example, the effect of dopant fluctuations [45].

2.5 Density functional theory

In the following section, the basic ideas of density functional theory (DFT) are sum-

marized, and then it is shown how DFT calculations are used to address diffusion and
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activation phenomena in semiconductors.

2.5.1 Theoretical overview

Calculations of ground state and excited state properties have been one of the major
goals of condensed matter physics. Solving an N-electron problem is extremely dif-
ficult. Even numerical approaches are limited to small atomic or molecular Systems,
due to complexity of the calculations. The’computational effort depends exponen-
tially on the number of electrons. Besides the additional difficulties associated with
the Coulombic interactions of the electrons [47], the high dimensionality of the V-
electron wave function 9(7, ..., 7xy) makes a brute force approach impossible. The
basic idea of density functional theory (DFT) is very similar to the Hartree-Fock (HF)
approximation. In HF, instead of solving the exact N-electron Schrédinger equation,
one solves a set of one-electron Schridinger equations with an effective potential that
approximates the interactions with the other N — 1 electrons. This effective one-
electron potential is derived by approximating the N-particle wave function by a
Slater determinant of single electron orbitals. Applying a variational functional leads
to the Hartree-Fock equations, which can be solved self-consistently. In DFT, instead

of solving the original problem associated with the N-particle Hamiltonian:

~

N ;
i=1
an equivalent problem, which just depends on the electron density:

n(r) = Yl (PP(R)) (2.16)

instead of the N-particle wave function (77, ...,ry) is solved. T and V,. are the
operators of the kinetic and electron-electron interaction energy respectively. Ve is
some external potential (e.g., the ionic potential in a solid). The justification of this

approach is the Hohenberg-Kohn theorem [48]. Hohenberg and Kohn showed that
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there exists a variational functional E[n(7)] for the ground state energy of the N-
electron problem, where the electron density n(7) is the varied quantity. In principle,
this theorem makes DFT an exact theory for the ground state without any approxi-

mation. The theorem further states the general form of the functional F{n(7)]:
Ey,.[n] = / &1 Vour (F)n(7) + Fln] > Egs, (2.17)

where
Fln] = min WIT + Vo). (2.18)

The functional F'[n] describes an interacting N-electron gas. Once F[n] is known,
Ey,,.[n] follows directly for any arbitrary external potential V.;(¥) using Eq. 2.17.
The minimum in Eq. 2.18 is taken over all N-electron wave functions 1, which lead
to the same electron density n. Fgg is the ground state energy of the system with
Elngs] = Egs. Equation 2.18 shows the definition of F[n| by Levy [49], who further
generalized the original work by Hohenberg and Kohn.

This theorem created a lot of excitement, since it promotes DFT to an exact
theory once the universal functional F'[n] is found. Unfortunately the Hohenberg-
Kohn theorem does not provide the exact functional form of Fn]. The search for
this furictional F'[n] has been restricted to educated guesses and so far it has not been
found.

Currently, the most widely used functional was suggested by Kohn and Sham [50].

It predicts very accurately many ground state properties:

(P
Exsldr, ..., on] = /d3r——|V¢zl2 3 //d3rd3 ?;) 7(:7|) (2.19)
Edzrect
+Eyoln] + / PV (Fn(P), (2.20)
Bt

where

n(r) = Zl |6:(7) 2. (2.21)
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In contrast to early versions of DFT| e.g. the Thomas-Fermi model, which suffers from
the inadequate description of the kinetic enérgy operator, Kohn and Sham overcame
this problem by reintroducing single electron orbitals ¢; to describe the kinetic energy
operator. The physical meaning of these orbitals and single particle energies is unclear.
Key to the Kohn-Sham functional is the exchange-correlation functional E,.[n], which
accounts for the Fermionic behavior of electrons (effects due to the Pauli exclusion
principle and anti-symmetry of the wave function). The Kohn-Sham equations are
derived by applying a variational functional in respect to n and ¢; on Eq. 2.20. Similar
to the Hartree—Foék approach, the resulting equations, which depend on n and ¢;, can
be solved self-consistently by using the relation between the electron density n and
the single electron orbitals ¢; shown in Eq. 2.21.

Considerable effort has been spent on finding improved exchange-correlation func-
tionals Fy.[n]. In local density approximation (LDA), E,.[n] is expressed by the ex-
change functional of a homogeneous non-interacting electron gas Ey.[n] o< [ d®r n*/3(7).
LDA can be extended to also account for spin effects by separating the electron den-
sity n into spin-up n; and spin-down n, electron densities. This version of LDA is
referred as local spin density approximation (LSD). Another variation is the gener-
alized gradient approximation (GGA). To account for local weak gradients in the
electron density, the exchange-correlation functional F,.[n] is parameterized by n and
|Vn|: Egln] = [d3 f(n,|Vn|). There are different versions of GGA, which differ in
the parameterizing function f(n, |Va|) [51, 19]. In this dissertation, we use the widely
used GGA functional PW91 [51]. In contrast to metallic materials which have a fairly
uniform electron density, semiconductors exhibit large local gradients in the electron
density within the unit cell due to covalent bonds. This suggests that GGA func-
tionals are the better choice in comparison to LDA. Besides LDA and GGA there are
other flavors of DFT. For example, a very popular functional in quantum chemistry

is B3LYP.

Table 2.3 compares the experimental atomization energies of various molecules
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Table 2.3: Comparison of the experimental atomization energy of various molecules
with the theoretical predictions of different techniques (Hartree-Fock, LDA, GGA)
[19].

Liy CoH, 20 simple molecules

(mean absolute error)

Experiment, 1.04eV | 17.56eV -
Theoretical errors:

Hartree-Fock —0.91eV | —4.81eV 3.09eV
LDA —0.04eV | 2.39eV 1.36eV
GGA (PW91) —0.17eV | 0.43eV 0.35eV

with Hartree-Fock, LDA and GGA calculations. Both LDA and GGA show strong
improvement in the predictive power over Hartree-Fock. Comparing LDA with GGA
predictions suggests GGA to be more accurate. In general, DFT gives high quality
predictions for differences in total energy (e.g., atomization energies). Nevertheless,
there are well known problems. For example, LDA and GGA underpredict the Si
band gap or, even worse, predict Ge to be a metal rather a semiconductor. Since the
Kohn-Sham theory tries to capture correlation effects without explicitly building them
into the wave function, phenomena which require explicit treatment of correlation
effects like superconductivity in bulk matter or Van der Waals interactions between

molecules, cannot be treated reliably [52].

George Bertsch states: “DFT is not at all systematic, and in the end its only
justification is the quality of its predictions. However, it is rightly described as an ab-
initio framework, giving theories whose parameters are determined a priori by general
considerations” [52]. More complete reviews on general many-body physics and DFT

can be found in the Refs. [53, 54, 52, 47].
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Figure 2.4: Left: Schematic plot of the transition paths between local minima. P1-
P4 correspond to paths on the 3N dimensional energy surface shown on the right.
Right: Schematic plot of the energy surface of a system of N atoms (3N spatial
degrees of freedom). To determine transition barriers the saddle points 1-4 need to
be determined. :

2.5.2  Applications of DFT

In this dissertation, we use DF'T to study diffusion and activation in silicon. Both
phenomena are related to calculating formation and migration energies and entropies
of impurities and intrinsic defects including their complexes in a solid. Assuming the
Born-Oppenheimer approximation, which allows the separation of the electronic and
ionic degrees of freedom, the ground state energies of arbitrary ionic configurations
can be determined.

Figure 2.4 (right) shows schematically the energy surface corresponding to the
ionic degrees of freedom of a system with NV atoms (3N spatial degrees of freedom).
Each point on this energy surface corresponds to a specific atomic configuration. As

“mentioned in Sections 2.3 and 2.4, to study diffusion and activation at the different
levels in the modeling hierarchy, we are interested in finding the minimum energy
configurations of certain atomic topologies as well as the transition paths and migra-

tion barriers between these individual low energy atomic configurations (see Fig. 2.4
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(left)). To determine the migration barriers, the energies of the saddle points shown
in Fig. 2.4 (right) need to be determined.

Due to the high dimensionality of the problem (there are 3N degrees of freedom),
special techniques need to be used to find these saddle points. In this dissertation
we extensively used the nudged elastic band (NEB) method [10, 11, 12]. In this
approach, the initial and final ionic configuration need to be specified. The transition
path is guessed by linear interpolation and improved successively by calculation of the
gradient of the energy surface (ionic forces). Other approaches, like the dimer method
[55], do not require the specification of the final transition state. This ﬁechnique is
very powerful for exploring energy surfaces such as that shown in Fig. 2.4 and finding
new transition paths and minimum energy configurations.

More details on these techniques can be found in the respective references.

2.6 Summary

In this chapter, an overview of various modeling techniques was given. Each of
these techniques targets a special time and distance scale with a particular mod-
eling strength. Considering the fact that all methods are part of a global modeling
hierarchy, it is extremely important to utilize all of them to complement each other
in order to overcome the challenges of future solid state processes. The modeling
hierarchy needs to be understood as one modeling tool and not only as individual
techniques.

In this work, we will use DFT to calculate minimum energy configurations and
" the transition energies between them. These determine the transition rates used in
KLMC (see Section 2.4) and provide reaction rates and diffusivities at the continuum
level (see Section 2.3). In the following chapters we show that DFT calculations are an
excellent tool to explore reaction mechanisms to develop physical continuum models

and predict experimentally difficult to determine parameters.
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Chapter 3

FLUORINE DIFFUSION IN SILICON

Implanted fluorine has been observed to behave unusually in silicon, manifesting
apparent uphill diffusion [3] and reducing diffusion and enhancing activation of boron
[56, 57, 58, 59, 60]. To investigate fluorine behavior, we calculated the energy of
fluorine defect. structures in the framework of density functional theory (DFT). We
identified the ground state configuration and diffusion migration barrier of a single
fluorine atom in silicon and found a set of energetically favorable fluorine vacancy
complexes (F,V,,). The decoration of vacancies/dangling silicon bonds by fluorine
suggests that fluorine accumulates in vacancy rich regions, which explains the fluorine

redistribution behavior reported experimentally.

3.1 Anomalous F diffusion

As ULSI devices enter the nanoscale, ultra-shallow and highly electrically active junc-
tions become necessary. The current method of choice to introduce dopants into sil-
icon is ion-implantation. During the implant process, the crystal structure of the
host material (silicon) gets severely damaged. Subsequent high temperature anneals
are required to heal the damage as well as activate the introduced dopants. During
such anneals, transient enhanced diffusion (TED) of dopants is observed. Reduction
in TED and enhanced dopant activation are of crucial importance for the formation
of ultra-shallow junctions in future silicon process technology. Experimentally, fluo-
rine (F) has been shown to have beneficial effects, reducing TED for boron (B) and

phosphorus (P) [56, 57, 58, 59, 60] and enhancing boron activation [56, 57]. How-
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ever, to utilize these benefits effectively, a fundamental understanding of the complex
F behavior is necessary, particularly since F shows anomalous diffusion [3}. In this
chapter, we present ab-initio calculations conducted within the framework of density
functional theory (DFT), which find energetically favorable fluorine defect structures.
These structures suggest a distinct redistribution behavior of F and also explain the

beneficial effects of F on B and P TED reduction and enhanced dopant activation.
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Figure 3.1: Fluorine SIMS profiles for a 10¥cm™2 30keV F' implant (sub-
amorphizing) after a 30 min anneal at various temperatures reported by Jeng et al

3].

Figure 3.1 shows data reported by Jeng et al. [3]. In their experiment, a sub-
amorphizing dose of 101 cm™ F* was implanted at 30keV and annealed for 30 min
at various temperatures. The anomalous fluorine redistribution behavior consists of
two key features. First at temperatures below 550 °C, no noticeable F diffusion takes
place, while at higher temperatures, rapid F diffusion is reported. This behavior

suggests the formation of strongly bound F complexes, since ab-initio calculations
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Table 3.1: Formation energies of single F configurations in reference to a F* interstitial
in the bond-centered location with the Fermi level at the top of the valence band.
Figure 3.4 shows the structure of the F'V complex. Its formation energy is preferred
by 0.59eV over the symmetric substitutional configuration. Er is the energy of the
Fermi level, whereas Ey is the energy of the top of the valence band.

Structure E; [eV]

Fif 0.00 +(Eg — Ev)
Fr, 0.71 —(Ey — Ev)
F,.. 1.32 —(Fy — Ey)
FV+ 1.59 +(Ep — By)
Fi, 2.18 -+(Ep — Ey)

give a migration barrier of only 0.7-1.3eV [22, 23], which indicates that single F
atoms should be highly mobile well below 550°C. The second part of the anomalous
behavior is the shapes of the annealed profiles. Instead of broadening, the annealed

profiles sharpen and shift toward the surface.

3.2 Ab-initio calculations to understand F behavior

To investigate fluorine behavior in silicon, the energies for various configurations were
calculated using the DFT code VASP [61, 62] with the PW91 GGA functional [51]
and ultrasoft Vanderbilt-type pseudo-potentials [63, 64]. All calculations were per-
formed in a nominally 64 atom super-cell with periodic boundary conditions and 23
Monkhorst-Pack k-point sampling. A large energy cutoff of 320 eV was required due
to the electronic properties of F. The structures were fully relaxed to a maximal
force of less than 0.005eV/ A per atom. The calculations were performed using the
experimental Si lattice constant of b = 5.43 A.

Figure 3.2 and Table 3.1 show the formation energy of various single F configura-



30

vfs':'|:||r?‘i‘||||lll

E, [eV]
7

Illl1||ll|ll%|l]lli'll

b1

L. [ REE R
0 0.1 0.2 03 0.4 0.5
EF - EV [eV]

Figure 3.2: Fermi level dependence of various single F complexes. Our calculations
show that there are no gap states for the shown complexes in the lower half of the
band gap, which indicates that the listed charge states are the lowest energy states
of a particular configuration for Fermi levels below midgap. For Fermi levels in the
upper half of the band gap the formation energy and charge state depend on the exact
location of the gap states, which can be expected to be subject to a correction that is
some fraction of the DFT band gap error. All formation energies are in reference to
F}. with the Fermi level at the valence band edge and perfect Si. Table 3.1 lists the
analytic results.

tions as a function of the Fermi level. The spatial configurations of these F complexes
are shown in Appendix B. The analysis of the density of states (DOS) shows that
none of the listed F complexes have states in the lower half of the Si band gap (see
Appendix C). Therefore we conclude that a single F atom prefers to reside in a
bond-centered (F}) interstitial site for Fp < Ey + 0.36eV. For higher Fermi levels
the tetrahedral (Fj,) interstitial configuration is the ground state. The calculation

of the formation energies of the other F complexes under such conditions is compli-
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cated, since it involves the knowledge of the exact location of the gap states which
are coupled to known drawback of DFT, a too small band gap.

In our analysis we used the DOS of charged and uncharged super-cell calculations
to identify the gap states and the charge of a particular configuration as a function of
the Fermi level. We verified our method of using uncharged super-cell results to predict
formation energies of charged super-cells by comparing with actual charged super-
cell calculations for all structures reported in Fig. 3.2 as well as F3V (see Appendix
D). In the case of Fj, the predicted value differs by only 0.003eV. The error for
Fi.: is 0.07eV, which is the largest difference found. These results suggest that in
the case of the F,,V,, structures of interest, uncharged éuper—cell calculations can be
used to identify gap states and the charge and energy of a particular configuration
as a function of the Fermi level. The values reported in Fig. 3.2 are based on the
actual charged super-cell calculations for accuracy. In a 64 atom super-cell with 23
Monkhorst-Pack k-point sampling, the valence band is taken at 7/(4b)(1,1,1) in the
BZ, which has an energy of AE = 0.2845¢eV lower than the valence band maximum
at the I' point. The reported energies for negatively charged F configurations have
been corrected accordingly. Figure 3.3 illustrates this fact. More details can be found
in Appendix D.

The same reference structures were found by Taguchi et al. [23]. Previous DFT
calculations show interstitial F to be highly mobile (Eff < 1.3eV [23], Eft | =
0.7eV [22]). We also determined the migration path between different F configurations
using the nudged elastic band (NEB) method [10]. In p-type material we found
the lowest migration path to be Fj, — Ff, — Fj, where Ff, is an intermediate
metastable state of the two-step transition. The associ@ted transition state Firgns
is also positively charged. In contrast, for n-type material Fr, is the lowest single
F enefgy configuration with a simple one-step migration path. The transition state
is almost identical to ¥ . The migration eunergy between bond-centered sites is

EF. = 1.38eV, whereas the migration barrier for £7" is 0.60eV. These results agree
be

tet
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Figure 3.3: DFT result of the silicon band structure near the valence band max-
imum and conduction band minimum for a two atom cell. L = =x/b(1,1,1),
I' = 27/b(0,0,0), and X = 27/b(1,0,0) with b = 5.43 A are the high symmetry
points of the first Brillouin zone. The green (dashed) line indicates the valence band
edge, whereas the blue arrow marks the silicon band gap. The orange dashed line in-
dicates the k-points used in a 2° Monkhorst-Pack k-point sampling calculation with a
cubic super-cell of size b (8 Si atom super-cell), whereas the blue dashed line indicates
a super-cell of size 2b (64 Si atom super-cell). The above band structure was deter-
mined using DFT with a GGA functional. The energy difference between I and L of
the top valence band is 1.19eV, which agrees very well with various other theoretical
(1.05-1.28¢eV) and experimental (1.2 £ 0.2eV) results [4]. DFT predicts the valence
band structure of silicon very reliably, however due to well known underestimation of
the band gap, predicting the energies of conduction band states is problematic.

well with previous work [23, 22]. In contrast to Taguchi et al. and Van de Walle et al.,
who did not calculate the energy of the transition states to find the migration barriers
for the different I diffusion paths, but only estimated the barriers by comparing
different metastable F structures including their charge states, in our work, we used

the nudged elastic band method to actually calculate the energy and structure of the
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transition states. Therefore our results are a confirmation of the educated guesses by
Taguchi et al. and Van de Walle et al.. For midgap Fermi levels, F diffusion will be
dominated by F, due to both a lower formation and migration energy.

In addition to fluorine structures, interstitial (I) and vacancy (V) ground state
energies were calculated as references. The calculated formation energies of neutral

I (<110> split) and V are 3.78 eV and 3.38 eV respectively, consistent with previous
work [46].

pet

Figure 3.4: 3D view of a neutral single FV complex. The fluorine atom has moved
toward one silicon atom out of the substitutional site. The Si-F bond length is 1.68 A
(71% of the Si-Si bond length). The silicon atoms are drawn in amber (light), while
the fluorine atom is presented in blue (dark).

We found F, V,, structures to have a rather high binding energy, suggesting dec-
oration of vacancies by fluorine. The passivation of Si dangling bonds by fluorine is

known from surface studies [65]. For substitutional F, the F is shifted away from the
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Table 3.2: Binding energies of F,,V,, configurations for Er = Ey + 0.45eV (intrinsic
Fermi level at 650°C [5]). For midgap Fermi level, the dominant clusters are charge
neutral. The decreasing binding energy of the F,V structures is attributed to the
increasing crowding of the F atoms. This phenomenon is illustrated in Fig. 3.5. The
total binding energies (third column) are calculated with respect to lowest energy
interstitial fluorine configuration for the mentioned Fermi level (Fj;) and single va-
cancies (VY). The binding energies in the second column are the energy change upon
adding the final F to the structure. The fourth column lists the total formation energy,
which includes the formation energy of the necessary vacancies.

Structure | £y last F [eV] | E{** [eV] | Ef [eV]
v — — +3.38
FV —-1.95 —1.95 +1.43
FoV —1.80 —3.75 —0.37
F3V -1.51 —5.26 ~1.88
| A —-0.10 —-5.36 —1.98
Vs — —1.45 +5.31
FV, —2.31 —-3.77 +3.00
FaVo —2.43 —6.20 +0.57
F3V, —1.78 —7.98 -1.21
F4Vo —1.76 —-9.74 —-2.98
FsVq —1.59 —11.33 —4.57
FgVs —-1.13 —-12.46 —5.69

lattice site toward one of the neighboring Si atoms (see Fig. 3.4), which indicates that
this structure is more accurately considered an F interstitial decorating a vacancy
(FV). In Table 3.2, the formation and binding energies for different F,,V,, configura-
tions are listed. Here the reference point for the total binding energy is negatively
charged tetrahedral fluorine (Fy;) and single neutral vacancies. The Fermi level was

assumed to be the intrinsic Fermi level at 650°C (Er = Eyv + 0.45¢V [5]).
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The formation energy of FV was used to estimate the errors arising from the finite
energy cutoff, cell-size, and k-point sampling. Increasing the cutoff to 450 eV resulted
in a change in formation energy on the order of 0.02eV. Changing the cell-size to a
216 atom super-cell while leaving the cutoff and k-point sampling unchanged led to
a change in energy of 0.13eV. We also increased the k-point sampling from 22 to 4°
using the 64 atom super-cell with a 500 eV cutoff. The resulting change in formation

energy was 0.025eV.

Figure 3.5: View down the (100) direction (see Fig. 3.4) of the four neutral F,V
structures. An increasing distortion of the surrounding silicon lattice is observed
when adding more fluorine atoms. This is due to the repulsion of the F atoms, which
becomes particularly apparent by comparing FV with the other clusters. Simultane-
ously the Si-F bond length is reduced from 1. 68A in FV to 1.57 A in F,V.

For two or more F atoms, F, V,, structures are favored over the interstitial config-

uration. For F,,V structures, the binding energy gained by adding additional fluorine
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Figure 3.6: Binding energies of F,,V and F,,V, configurations for Fp = Ey +0.45eV
(intrinsic Fermi level at 650°C [5]) in reference to V and V, respectively. Table 3.2
lists the numerical values.

atoms decreases. This behavioris due to the increasing space requirements of the dec-
orating fluorine atoms. This becomes particularly apparent by comparing FoV with
F3V in Fig. 3.5. Three fluorine atoms in F3V are pushed away from each other and
a distortion of the surrounding silicon lattice is noticeable. The rather large drop in
marginal binding energy between F3V and F,V from 1.51eV to 0.10€eV (see Fig. 3.6)
can be explained with the same argument, since F4V shows an increasing distortion

of the lattice and reduction of the Si-F bond length (see Fig. 3.5).

We. also investigated ¥, Vs structures, which show a similar reduction in binding
energy with n, but no sharp drop-off, since more space is available to accommodate
F atoms at all six dangling bonds. In Fig. 3.7, the estimated equilibrium concen-
trations at 650°C of F structures versus total F concentration are shown (changes

in formation entropy are neglected). In the presence of non-equilibrium point-defect
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Figure 3.7: Equilibrium concentration of various F,V,, structures vs. total F' con-
centration at 650°C. The Fermi level is assumed to be at midgap (0.45eV above the
valence band edge {5]). For low Cp,,, the dominant species is F; due to the entropy
of mixing. At high Cy,,, the major F contribution comes from F¢Vy clusters. The
vacancy formation energy is included in these calculations.

concentrations, the local equilibrium F,V,, concentrations need to be multiplied by
(Cy/C%)™. Thus, in the presence of excess vacancies during the initial stages of im-
plant annealing, almost all fluorine will reside in F,V,, structures. The evolution
of F,V,,, clusters is particularly important during implant anneals due to the high

point-defect concentrations.

The saturated FgVy structure shows another interesting property: it is almost
stable in the presence of interstitials. Table 3.3 lists the energy change associated
with I reactions with F,V,, structures. Migration and/or reaction barriers, which
might further stabilize F,,V,, structures, are not included. Due to the strong binding

of the fluorine atoms with the silicon atoms surrounding vacancies, we believe these
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Table 3.3: Stability of the F,V,, cluster in the presence of 1. AF is defined as
E;»Vm 4+ B} — B Our calculations find that the fully saturated FgVy structure
is almost stable even at high I concentrations. This calculation does not include
possible migration/reaction barriers, which further stabilize F, V,, structures.

F,.V+1&enF,; AFE [eV]
n =1 +9.21
n=2 +3.41
n=23 +1.90
n=4 +1.80

F.Vo + 16 F,V +(n—4)F; | AE [eV]

n—4 +2.78
n=>5 +1.19
n==a6 +0.07

defects to be immobile.

All F,V,, calculations were performed with uncharged super-cells. The depen-
dences of the formation energies on the Fermi level were extracted from the DOS (see
Appendix C). For midgap Fermi levels, the dominant clusters (F,V and FgV3) are
all uncharged. Table 3.2 lists the formation energies under those conditions. The
analysis for incompletely F decorated F, Vs clusters is very complicated since they
have many gap states, which are introduced by the divacancy Vs.

We also investigated pairing of F; with T and F;. DFT predicts interstitial Fy to be
unbound, as the fluorine prefers to remain in an interstitial site rather than forming
an Fs bound state. F; binds to I with an energy of 0.46 eV. This number was deduced
by comparing F1 to F; and I separated within the same super-cell.

A recent study by Pi et al. [66] using positron-annihilation, SIMS, and XTEM

concludes (in agreement with our calculations) that F forms F,,V,,, complexes by dec-
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orating the dangling bonds of vacancy clusters. They also observe that F retards I-V
recombination, which is a direct conclusion of our calculations. Pi et al. analyzed the
initial stages of F redistribution and attributed the observed behavior to a F vacancy
diffusion mechanism with an activation energy of 2.19eV. Based on our ab-initio cal-
culations, we predict a similar activation energy for fluorine migration. However, we
attribute the redistﬂbution of F to release and diffusion of F interstitials rather than
diffusion of FV complexes. The binding energy for the last F atom added to a FgVy
cluster is —1.13eV, which can be combined with the calculated F; migration barrier

of 0.60eV to give a predicted activation energy for F migration of 1.73eV.

3.3 Continuum modeling of F diffusion

We used the results of the previously discussed ab-initio calculations, which suggest -
a distinct diffusion mechanism involving F,V,, clusters, to model fluorine diffusion
in the continuum limit. In the Si phase we implemented fluorine decoration of V
and Vy. All energetically favorable reactions are treated as diffusion limited and we
considered only I, V, and F; to be mobile in the Si phase. The associated formation

and dissociation reactions are:

FoVm +F; & FopyVi,
F,+1 & FI,
F,V+1 < nkF,,
F,Vo+1 & F,V+(n—4)F;,
FI+V o Fi. (3.1)

In addition, extended defect models, including I,, and V,, clusters up to size n = 10
plus {311} defects, are used [6]. The extended defect models are crucial for the
correct temperature behavior. To match the experimental set up, a thin oxide surface

layer of d = 20 A is included in the simulation. Figure 3.8 shows the schematic
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FrVm model

T

Figure 3.8: Schematic layout of the different regions considered in the simulation to
model the anomalous F diffusion reported by Jeng et al. [3].

layout of the different regions considered. In the graph the ambient phase is only
added for completeness, since the ambient/SiO4 interface is modeled as a perfect sink
for F. In the SiO5 phase only F is considered and modeled with a simple diffusion
model. The F concentration C2°? at the Si/SiOy interface is determined by the
experimental reported I segregation coefficient mg;/sio, = Cy'9?/C§ [20]. The model
parameters besides the formation energies of the F,V,, cluster, which were reported
in the previous se_ction, are shown in Table 3.4.

Figure 3.9 shows the simulation results compared to the experimental data. Quali-
tatively the correct I behavior is observed, however the simulations show a somewhat
~ stronger temperature dependence than observed experimentally. At 550°C, no sig-
nificant movement is predicted, while at 850°C, F is entirely removed from silicon.
A possible reason for the shortcomings at 550 °C might be the fact that the model
does not include mobile I, which are predicted by ab-initio calculations [67]. We
expect I to change the profiles especially in the I-rich tail regions, where mobile Iy
will annihilate V,, clusters, reducing F decoration. The discrepancy at higher T' may
be due to the fact that we only include V and V, decoration. The ab-initio calcu-

lations suggest that a complete model need to include also the decoration of larger



41

Table 3.4: The diffusivities and the segregation coefficient are assumed to have Arrhe-
nius dependences (e.g. D = Dyexp (—FE,,/kT)). The values for the fluorine diffusivity
in Si are based on ab-initio calculations assuming a purely interstitial migration mech-
anism. The fluorine diffusivity in SiOy was chosen to match the experimental results
[3]. The segregation coefficient of fluorine at the Si/SiO, interface is extracted from
experimental measurements [20]. We assumed mg = 1 since we do not have a basis
to predict a significant entropy difference for (interstitial) fluorine in the two phases.

F diffusivity | Do [em?/s] | Ep, [eV]
Dy 0.040 0.9
Dsio, 0.025 2.7
F segregation ™Mo Eoeq [€V]
MSi/Si0, 1 0.95

V., clusters, since large binding energies are anticipated. Larger more stable F,V,,
clusters can be expected to remain in the V-rich region near the surface. The F signal
near the surface might be also due to knock-ons from F segregation to the Si/SiO, iﬂ-
terface on oxide film. The presented model is highly sensitive to the initial F implant
damage and since predicting the latter one is extremely complicated due to the lack
of a direct way to measure implant damage, we believe that the uncertainty in the
initial damage profiles is a significant additional source of error for the quantitative
mismatch between experimental measurement and simulation. We used the Monte
Carlo implant simulator UT-Marlowe 6.0 and kinetic damage accumulation model to

predict the initial damage.

3.4 Summary and conclusion

In conclusion, ab-initio calculations predict strongly bound F,V,, clusters. No other
comparably stable structures were identified; the binding energy found for FI clusters

is significantly smaller. This DFT data can be used to identify the diffusion mecha-
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Figure 3.9: Comparison of simulation (left) with experimental data [3] (right) for
10" cm~2 30keV FT implant annealed for 30 min at various temperatures. The simu-
lation includes F,,V, F,, Vo, and FI clusters in addition to an extended defect model [6].
The initial defect/fluorine profiles were obtained with Monte Carlo implant simulator
UT-Marlowe 6.0 and kinetic damage accumulation model.

nism and explain the anomalous fluorine behavior reported by Jeng et al. [3]. Fast
diffusing F; decorate V,, forming immobile F,V,, clusters. At higher temperatures,
these clusters are annihilated by L. Figure 3.10 shows the as-implanted F' and point-
defect profiles. F decoration of V leads to F dissolving from deeper regions (I excess)
and accumulation near surface (V excess).

Due to the strong affinity of F for V, in pre-amorphized samples we expect incor-
poration of F,V,, clusters during regrowth. The consequences for boron diffusion in
such an environment would be TED reduction and activation for amorphizing condi-
tions due to excess V. However, in the case of non-amorphizing implants we expect
an increased I concentration due to the formation of ¥,,V,, clusters, which leads to
an enhancement of TED. These predictions for amorphizing conditions are supported

by experimental data [56, 58, 59] as discussed in Chapter 4.
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Figure 3.10: As-implanted fluorine and defect profiles of a 103 cm™2 30keV F implant
using MC implant simulator UT-Marlowe [7].
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Chapter 4

FLUORINE CO-IMPLANTATION EFFECTS ON DOPANT
REDISTRIBUTION

In the previous chapter the anomalous fluorine diffusion behavior was explained
based on ab-initio calculations. Using an extensive multi-cluster model, the fluorine
redistribution behavior was modeled successfully. Technologically, F is not of interest
to ULSI technology as a dopant due to its low solubility and high diffusivity. However,
F has been shown to have beneficial properties as a co-implant. Depending on the
process conditions, there is experimental evidence that F reduces B and P transient
enhanced diffusion (TED) [56, 57, 58, 59, 60|, as well as enhances B activation [56,
57]. However, to utilize these benefits effectively, a fundamental understanding of
the F dopant interaction is necessary, particularly since not only has implanted F
been observed to behave unusually in silicon, manifesting an apparent uphill diffusion
[3], but also, depending on the implant conditions, F has been shown to enhance
rather than retard B diffusion under some conditions (see Fig. 4.8). This chapter
focuses on the effects of co-implanted F on dopant redistribution. The previously
discussed F diffusion model is used to develop a comprehensive model to analyze
and explain the effects of co-implanted ¥ on B and P redistribution under various
implant conditions. Of particular interest is understanding the difference between
sub-amorphizing and amorphizing conditions on the effects of co-implanted fluorine

on boron and phosphorus.
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4.1 = Simplified fluorine model

Theoretically, ' can affect B and P diffusion in at least two distinct ways. A direct in-
teraction could explain the reported F effects if there is a large binding energy between
dopant and F atoms. The second possibility is an indirect interaction. If F interacts
strongly with point-defects, it alters the local point-defect concentrations, changing
the point-defect mediated diffusion behavior of B and P. Ab-initio calculations find
only about 1eV binding for dopant-fluorine complexes (B-F and P-F), which is insuf-
ficient to significantly influence diffusion behavior [68]. In contrast, strongly bound
fluorine vacancy clusters (F,V,,) are identified (see Chapter 3). This suggests that
the effects of F on B and P are primarily due to fluorine point-defect interactions. In
this case, it is expected that once the anomalous F diffusion is understood, the same

model should also explain the effects on B and P.
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Figure 4.1: Predicted F,,V,, concentration vs. total F concentration in local equilib-
rium at 650 °C (left) and 1000°C (right).

In the previous chapter, a multi-cluster continuum model was developed that con-

sidered formation of various F,,V,, cluster configurations based on ab-initio calcula-
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Figure 4.2: Simulated fluorine dose (depth integrated concentration) versus time dur-
ing a 30 min anneal at 650 °C after a 10'® cm™2 30keV F* implant. The model used is
described in detail in Chapter 3. Only the most significant F,,V,, clusters are shown
here. The time evolution can be split into two phases; phase 1: formation of F3V and
FgVs, phase 2: dissolution of F3V and FgV,.

tions. The model, which considered a large set of F,,V,, clusters and their associated
reaction pathways, successfully explained the anomalous fluorine diffusion behavior

in silicon. In this chapter, we further analyze this model to derive a simpler form of

the fluorine model.

Figure 4.1 shows the local equilibrium concentrations of different F,V,, as a
function of total F concentration at 650°C and 1000°C. The dominant clusters are
F3V and FgVy. For total F concentrations above 10 ecm™=3 (650°C) and 10'® cm™3
(1000 °C) respectively the dominant clusters are F3V and FgV,. Figure 4.2 illustrates
the time evolution of the dominant F, V,, clusters using the multi-cluster model dur-

ing a 30min anneal at 650 °C under sub-amorphous conditions. This time evolution
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Figure 4.3: This diagram illustrates the mechanism by which F impacts B and P
- diffusion. The depth of the amorphous-crystalline interface (dashed green line) and
the implant depth of fluorine are the key parameters. In the non-amorphized regions,
B and P diffusion get enhanced due to excess interstitials I, while in amorphized
regions, diffusion is retarded due to grown-in F3V.

can be split into two phases: formation of FsV and FgV,, and dissolution of FsV
and FgV,. Since the first phase is very brief (20s at 650°C, 0.5ms at 1000°C), we
can focus only on the dissolution of the clusters. Since both clusters have the same
F:V ratio, they have similar effects on point-defect concentration. Thus we utilize a
simplified model, which includes only a single cluster, F3V. The fluorine effects are

modeled via a single cluster dissolution reaction:
FsV+14 3F,;. (4.1)

In the model, the complete F dose is initialized as F3V (3 interstitial F atoms

decorating a vacancy). That effectively introduces +2/3 I for every F atom (three
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I minus one V divided by three F). Since we expect implanted F to be interstitial
fluorine F; (+1 I model), we correct by adding the missing +1/3 1 separately. This
treatment is also appliéable in the amorphous region, where we assume that F,V,,
clusters are grown in during the regrowth process since this minimizes the free energy

of the regrown region.

Figure 4.3 illustrates the interaction mechanism of F on B and P via local point-
defect concentration modifications. The diagram shows schematically ¥, dopant, and
interstitial profiles after regrowth. In the amorphous region (left of a/c interface),
vacancies (V) are grown in as F3V clusters, which leads to TED reduction of B and P.
In regions which are not amorphized, F enhances dopant diffusion due to the excess
+1/3 1. This treatment enables the model to predict the fluorine effect on B and
P in cases where the dopant concentration is divided by the amorphous-crystalline
interface. The depth of the amorphous-crystalline interface and the implant depth of

fluorine become the key parameters to understand the effect of fluorine on B and P.

The F behavior in SiOy (screen oxides) and at the Si/SiOs interfaces is treated

like in the previous chapter via simple diffusion and segregation.

4.2 Application of simplified F model

The model introduced in the previous section was implemented and compared to ex-
perimental data for a range of conditions. In the next section, it is shown that the
simple model reproduces the experimentally observed anomalous F diffusion behavior.
Afterwards the impact of F on P and B is compared for two different experimental
conditions: high energy/high dose implants (source/drain conditions) and high en-
ergy/low dose implants (halo conditions). The results are shown in Sections 4.2.2 and

4.2.3 for P and B respectively.
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4.2.1 Anomalous F behavior

Figure 4.4 shows the profiles of 20 keV 3 x 10'> cm 2 F as-implanted and after a 1050 °C
spike anneal [17] in the absence of other dopants. The implantation was performed
through a 10 nm screen oxide. The model predicts correctly the characteristic anoma-
lous fluorine diffusion behavior. The SIMS data suggests the amorphous-crystalline
(a/c) interface to be at 36 nm, visible through the F accumulation at the end-of-range
(EOR), whereas the simulation data indicates an a/c depth of 55nm. In all subse-
quent graphs the simulation value of the a/c depth is indicated for profile prediction.
The trapping of F in the pre-amorphized region strongly supports the assumption of

formation of F,,V,, clusters in the amorphized region during regrowth.
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Figure 4.4: Measured and predicted concentration profiles of 20keV 3 x 10%cm ™2 F
before and after a 1050 °C spike anneal in the absence of other dopants. The SIMS
data was provided by Texas Instruments Inc. [8].
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4.2.2 F effects on P

Figures 4.5 and 4.6 show the effect of F on P diffusion. In Fig. 4.5 (source/drain
condition) an arsenic pre-amorphized sample was implanted with 4 x 10 cm=2 P.
The effect of F is investigated via 2 x 10¥ cm™ F implants at 10keV and 30keV
and a 1050°C spike anneal. In all cases, most of the P dose is located within the
pre-amorphized region. Tﬁe a/c interface from MC simulations is at 55nm for no F
and 10keV F implant. The P diffusion retardation effect due to co-implanted F is
correctly predicted by the model (line with open circles). For the 30keV F implant,
the a/c interface moves to 90nm. The model predicts an increased retardation effect
due to the deeper pre-amorphized region, which is confirmed by the experimental
data (line with filled squares). Under all conditions, the simulation data matches the
SIMS data well. F retards the P diffusion since most of the P dose is initially located
within the pre-amorphized region.

Figure 4.6 shows SIMS data of a Sb/BF; pre-amorphized sample including a 40 keV
9 x 10" cm™2 P implant (halo condition). The effect of F is investigated via a 20keV
10* em™2 F implant followed by 950 °C and 1050 °C spike anneals. The a/c interface
is located at 55nm. The SIMS data shows a retardation of the P diffusion in the
presence of F. This behavior is again matched well by the model. The retardation
effect takes place primarily in the sub-amorphous region, but since the a/c interface
is close to the tail of the P profile this is anticipated by the model. The experimental
data as well as the simulation results show a shift in the peak location of the P profile
due to coupling with the shallow B profile (z; ~ 30nm). In the presence of F, the P

peak movement toward the surface is retarded.
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Figure 4.5: Arsenic pre-amorphized sample with a 4 x 10'> cm~2 P implant. The effect
of F is investigated via 2 x 10'® em™2 F implants at 10keV and 30keV and a 1050°C
spike anneal. The SIMS data was provided by Texas Instruments Inc. [8].
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Figure 4.6: Sb/BF; pre-amorphized sample including a 40keV 9 x 103 cm =2 P im-

plant. The effect of F is investigated via a 20keV 10" cm™ F implant followed by
950 °C and 1050 °C spike anneals. The SIMS data was provided by Texas Instruments

Inc. [8].
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4.2.3 F effects on B

Figures 4.7 and 4.8 show B data under similar implant conditions to I'igs. 4.5 and 4.6
for P. In the Fig. 4.7 a dose of 3 x 10'® cm™2 B is implanted (source/drain condition)
and the effect of F is invéstigated via a 10keV 2 x 10" cm ™ F implant and a 1050 °C
spike anneal. The a/c interface is located at 60nm. The B profile is slightly retarded
in the presence of F as predicted by the simulation.

Figure 4.8 shows a shallow As pre-amorphized sample including a 10keV 6 x
10" cm™2 B implant (halo condition). The effect of F is investigated via a 10keV
10% em~2 F implant followed by 950 °C and 1050 °C spike anneals. The a/c interface
is located at 28 nm. The SIMS data shows an enhancement of the B diffusion in the
tail region of the profile in the presence of I, which is matched well by the simulated

data. Since there is only shallow pre-amorphization, this behavior is anticipated by

the underlying model.
T T 1 o I
1021 § 1
i
£
T 20 ﬁ
g 107F : 7
2 Sofid Lines: Data (SIMS)
g Dashed Lines: Simulation
§ 19
§10 I~
=
<
@
as]
10"°F
1017111)'»1|L|4(||
0 50 100 150 200

Depth [nm]

Figure 4.7: A dose of 3 x 10" cm~2 B is implanted and the effect of F is investigated
via a 10keV 2 x 10'® cm™2 F implant and a 1050 °C spike anneal. The SIMS data was
provided by Texas Instruments Inc. [§].
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Figure 4.8: Shallow arsenic pre-amorphized sample including a 10keV 6 x 1013 cm~2 B
implant. The effect of F is investigated via a 10keV 10 cm™2 F implant followed by
950°C and 1050 °C spike anneals. The SIMS data was provided by Texas Instruments
Inc. [8].

4.3 Summary and conclusion

In summary, a simple model that incorporates the essential physics from ab-initio
calculations was developed. This model predicts the effect of fluorine on boron and
phosphorus diffusion under a range of experimental conditions. The behavior is pre-
dicted correctly in all cases, but there is a trend to overestimate the retardation effect
seen in experimental data. This may be due to simulated a/c interface depths being

deeper than the actual values as suggested by Fig. 4.4.

This analysis predicts the I effect on B and P to be entirely due to interactions of
F with point-defects. Fluorine alters the local point-defect concentration due to the
formation and dissolution of energetically favored F,,V,, clusters and therefore indi-
rectly impacts the point-defect mediated diffusion behavior of B and P. The depth of

the amorphous-crystalline interface and the implant depth of fluorine are the key pa-
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rameters to understand the effects on dopant redistribution. Under sub-amorphizing
conditions, B and P diffusion are enhanced due to increased I concentrations, in con-
trast to amorphized regions where the model predicts retarded diffusion due to the

additional vacancies grown in originally as F3V.
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Chapter 5

STRESS EFFECT ON POINT-DEFECT EQUILIBRIUM

In current ULSI technology, stress effects become more important as steep doping
gradients and hetero-interfaces induce stress gradients and reduced dimensions make
any variation in diffusivity critical. On top of this, stress is sometimes induced pur-
posefully to enhance carrier mobility [69, 70, 71]. Since experiments are difficult, and
in the case of boron diffusion lead to contradictory results [72], we utilize ab-initio
calculations to predict stress effects on the formation and migration of point-defects,
which control dopant diffusion as well as dopant activation. In contrast to previous
work, our analysis extends beyond simple hydrostatic activation volumes [25, 27] to
enable prediction of anisotropies associated with more complex stress states (e.g.,
differences between in-plane and perpendicular diffusion under biaxial strain). We
determined both strain tensors as well as changes in elastic constants due to defects

and migration saddle points (see Chapter 6).

First, a general methodology to treat stress/strain effects on formation and mi-
gration energies using ab-initio methods is introduced and tested by calculating the
elastic properties of defect-free silicon. Afterwards the same methodology is applied to
various point-defect configurations to predict the changes in equilibrium point-defect
concentration Cf and C5; for arbitrary stress/strain states. As mentioned above, C}
and Cy; are critical parameters for phenomena like boron transient enhanced diffusion
(TED) and boron activation. In the following chapter the methodology is extended

to also treat the effects of stress on point-defect and dopant diffusion.
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5.1 Methodology

The objective of this section is to develop a consistent framework for treating stress
effects on formation and migration energies of defects in Si. In the linear elastic limit,

the elastic constants C,p of a given material relate a stress/strain state to its energy:
Q Q ,
E(Ea) = E0+ ‘2—26050_04 :;EO+‘2~Z€a(/a6€63 (51)
a e8¢

where € is the volume of a sample of the material and o,/¢, denotes a specific
stress/strain state. We use the definitions used in Ref. [73] for a and § (a,0 €
{1,...,6}). Strain and stress are related in the elastic regime through Hooke’s law:
0o = 2 gCapcs. Thus, once the elastic constants and induced strain for a given
equilibrium structure or transition state are known, the change in formation energy
F; and migration energy L, can be calculated, which leads directly to modified
equilibrium concentrations and diffusivities. The remainder of this section focuses on
deriving these relations in more detail.

In contrast to experiments, where it is often easier to control a given stress state,
theoretically strain is the simpler concept, since it does not involve the knowledge of
the elastic constants C,g of the material. A strain ¢ is always well defined once a
reference lattice constant by is specified:

b— by
bo '

€= (5.2)

where b is the lattice constant of the strained material. Figure 5.1 shows a cubic 8
Si atom super-cell with the lattice dimensions b, by, and b,. By varying the lattice
constants from their equilibrium value, arbitrary strain states can be simulated. Using
ab-initio techniques the energy of such strained super-cells can be computed. By
combining the results the equilibrium lattice constants as well as the elastic constants
Cop of a material can be extracted. Figure 5.2 shows a typical result of such a

calculation. Shown is the change of the total energy of a 64 Si atom super-cell as a
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Figure 5.1: Cubic 8 silicon atom super-cell with lattice dimensions b,, b,, and b, as
indicated. Arbitrary strain states can be simulated by varying the lattice dimension
in the different directions.

function of lattice constant (hydrostatic strain, b, = b, = b,). The bulk modulus of Si
is directly related to the curvature of the graph (see Appendix E). Also the equilibrium
lattice constant can be determined using the shown data, since the structure minimizes

its energy at the equilibrium lattice constant.

The primary goal of this analysis is to determine the stress/strain effect on for-
mation and migration energies of defects in a host material (in this case Si). In solid
state physics, a macroscopic solid is usually approximated by a finite sized super-cell
of volume €2 and periodic boundary conditions to model the effectively infinite crystal
structure of the material. If properties of defects are calculated using this approach,
the finite super-cell volume implies that the calculation is performed at a finite fixed

defect concentration. Usually the defect concentration is expressed as a fraction of the
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Figure 5.2: Energy vs. lattice constant b for Si under hydrostatic (red line) and
uniaxial strain (blue line). The shown uniaxial strain data does not include any
compensation effects due to Poisson’s ratio. All energies are reported with respect to
their minimum energy strain condition (unstrained Si). The data shown corresponds
to a 64 Si atom super-cell GGA calculation.

host material density z = 1/N, where N is the number of host material lattice sites of
the super-cell (in our calculations we used a 64 Si atom super-cell). Assuming linear
elasticity, it is convenient to use the following parameterization in order to describe a

defect with concentration independent parameters:

Caﬁ — Cg}BﬁHCL’ACaﬁ,

€ — € —1Ac,. (5.3)

o4

Cglﬁ are the elastic constants of Si and ¢3! is the strain applied to the host material
Si. Aey and AC,p are the induced strain and modification of the elastic constants in

reference to perfect Si respectively. For convenience the superscript Si in € will be
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dropped, since we will assume from now on that all strains are reported with respect

to relaxed and defect-free Si. Combining ¥q. 5.1 and 5.3 leads to:
Q N7ac
E(Ea) = FEy+ ‘2‘ Z(Ga - iUAEa)(C&ﬁ + .TACaﬂ)(Eﬁ — erﬁ). (54)
o,

By straining a given defect structure in various directions (e.g., hydrostatic, z,
y, z) and fitting the results of the different strain conditions comprehensively to
the equation-of-state shown in Eq. 5.4, the induced strains Ae, and modified elastic
constants AC,s can be determined. Often spatial symmetries of a defect further
reduce the free parameters in Eq. 5.4, which enables determination of all parameters
with a minimal set of strain calculations. This treatment using an equation-of-state
has the advantage that once the free parameters Ae, and AC,s are determined,
the effect for arbitrary strain states is determined through Eq. 5.4 and no further
calculations are required to determine the total super-cell energy of a given defect.
These energies are directly related to the formation energies of defects. For example,

the formation energy of an interstitial is defined as:

N+1

E; = Jim Ey(N +1) - Egi(N), - (5.5)

this enables the treatment of local stress effects on formation and migration energies
in TCAD process simulators. Fy and Eg are the total energies of super-cells with
N + 1 and N Si atoms respectively.

So far all types of strain were considered (3 normal and 3 shear strains). Also
Cop is the full 6 x 6 elasticity tensor. For simplicity we restrict ourselves to normal
strains in the remainder of this dissertation. We have made a limited number of
calculations of defect energies in the presence of shear strains and have found effects
to be negligible. However conceptually there is no loss in generality, since all following
equations can be extended to include shear strains in a straightforward way. € and

C indicate the normal strain component of the strain vectors and elasticity tensor
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respectively. Thus Eq. 5.4 becomes:
Q )
E(&) = Fy + —2—(5— TAE) - (C¥ 4+ 2AC) - (€ — zA8). (5.6)

Appendix E lists the analytical results for energy minima configurations and the
associated curvature (2nd derivative) of Eq. 5.6 for various strain conditions. These
relations are very helpful to analyze defects with high symmetry. Since we are only
interested in the change of formation energies with respect to unstrained Si, AE;(€) =
E¢(€) — E¢(0), Eq. 5.6 can be further simplified to:

AE() = E(€) — E(0) = —QAe- (C5 + %AC) &+ %96*- (NC¥+AC)-€ (5.7)

This equation becomes extremely useful for calculating the effect of stress/strain
on formation enefgies in the following sections. () is the atomic volume of crystalline
Si, whereas N is the number of Si lattice sites in a super-cell of volume Q = N .
N is related to the defect concentration x as mentioned earlier by z = 1/N. In the

dilute limit (N large), Eq. 5.7 becomes:

AFE(8) = — QoAE- C . e+ %95- (NCY + AC) -¢. (5.8)

/

o o(e2)

The leading order term in € is proportional to the induced strain A€, whereas
changes of the elastic tensor AC enter only into the term quadratic in € This in-
dicates that the dominant effect of strain on formation/migration energies is due to
the induced strains for small applied strains. When calculating formation/migration

energies the term proportional to N always cancels out.

5.2 Elastic properties of silicon

To test whether density functional theory (DFT) can be used to predict elastic prop-
erties of materials using the method described in the previous section, we determined

the equilibrium lattice constant and elastic constants of Si using two different DFT
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functionals: LDA and GGA. For our calculations we used the density functional theory
(DFT) code VASP [61, 62] with ultrasoft Vanderbilt type pseudo-potentials [63, 64].
All calculations were performed in local density approximation (LDA) or generalized
gradient approximation (GGA) with a 64 silicon atom super-cell, an energy cutoff
of 250V, 2% Monkhorst-Pack k-point sampling, and high precision FFT-grids (see
Ref. [9)). ‘ |
Due to the spatial symmetries of Si the elastic tensor Cgb can be parameterized by
| only three independent parameters. Usually these are Cy;, Ch9, and Cys. The latter
one is related to shear strains. Here we focus only on the normal strain portion of the
tensor:
Cn Cra Ciz
C¥ = Ciz Cuu Cr2 |- (5.9)
Ci2 Cpa Cnn

We calculated the energy versus strain relation of Si under hydrostatic and uniaxial
strain (without compensation due to Poisson’s ratio). We extracted the equilibrium
lattice constant by and bulk modulus K from the hydrostatic calculation, whereas
C1; can be extracted from the uniaxial strain calculations (see Appendix E). Using
K = 1/3(Cy; + 2C12), Cia can be determined once C; and K are known. We also
computed the Young’s modulus Y and Poisson’s ratio v using their relations to Cyy
and Cig: v = C1p/(Cp14+Cha) and Y = Cp; —20Chg = (C4+C11C12—2C%) /(C11+Ch2).

Figure 5.3 shows the results for the two different DFT functionals (LDA: left,
GGA: right). For comparison the experimental values [74] are indicated in the graphs
as dashed lines. Table 5.1 summarizes all parameters calculated. For consistency
we determined Cy; and Cjy by fitting all results to the equation-of-state Eq. 5.6 and
computed K, Y, and v using the relations mentioned earlier. All elastic properties
of Si are predicted well by either LDA and GGA. The well know fact that LDA
underpredicts the equilibrium lattice constant by 0.7 % as well the over prediction

of GGA by 0.6 % is reproduced [74]. Both functionals underpredict Cy; (LDA: 6%,
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Figure 5.3: Comparison of LDA (left) and GGA (right) calculation of the elastic
properties of Si with the experimental parameters. Solid lines indicate the LDA/GGA
results, whereas dashed lines correspond to the experimental values. Shown is energy
vs. hydrostatic (red lines) and uniaxial strain (blue lines) using a cutoff of 250¢V,
23 Monkhorst-Pack k-point sampling, and high precision FFT-grids (see Ref. [9]) for
both DFT functionals. All energies are reported with respect to their minimum energy
strain condition. The data shown corresponds to a 64 atom super-cell calculation.
¢ = 0 response to the LDA/GGA Si lattice constant reported in Table 5.1. All
extracted values are listed in Table 5.1.

GGA: 7%). Overall the predictions of LDA and GGA are almost identical. LDA
seems to predict the Si elastic properties slightly better, but since GGA is generally
known to give more accurate formation energies [19, 52|, we used the GGA functional
for the analysis of stress effects on formation and migration energies throughout this

work.

5.8 Stress effect on vacancy and interstitial equilibrium

Following the methodology of Section 5.1, we determined the induced strain and elas-
ticity tensor for different point-defect structures (V, Ispit, Lnes, and Iie) by calculating
the energy change for strain applied in different directions (e.g., hydrostatic, z, y, z).

By combining the results of the different strain conditions, the elasticity constants Cpg
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Table 5.1: Comparison of experimental lattice constant by, elastic constants Cj;, bulk
modulus K, Young’s modulus Y, and Poisson’s ratio v of Si with LDA and GGA
calculations (see Appendix G for details on the convergence level of the reported
values).

Method by [A] | Ci1 [GPa] | Cp [GPa] | K [GPa] | Y [GPa] | v
Experiment [74] | 5.4309 | 168 65 99 131 | 0.279
LDA 5.3903 158 65 96 120 | 0.292
GGA 5.4566 156 55 89 128 | 0.260

and modified equilibrium lattice dimensions can be extracted. Table 5.3 summarizes
the results for the different point-defects. AC;; and Ae; are the change in elastic-
ity and equilibrium lattice constants due to a defect respectively. All calculations
are performed in generalized gradient approximation (GGA) with a 64 silicon atom
super-cell, an energy cutoff of 250eV, and 2% (interstitial) or 3% (vacancy) Monkhorst-
Pack k-point sampling depending on the structure. = 1/64 since the super-cell used
contains 64 Si lattice sites.

Figure 5.4 shows the energy versus hydrostatic strain for pure Si, a <110> split
interstitial (Ispy;), and a vacancy (V). The system with a vacancy (V) prefers the
lattice constant to be reduced by 0.34 % in comparison to Si. The system with an
interstitial (Ioy,) shows the opposite behavior, with the lowest energy configuration a
0.31 % increased lattice constant. This indicates that in the presence of compressive
strain the vacancy equilibrium concentration C5; will increase, whereas the interstitial
equilibrium concentration C} will decrease. Tensile sfrains will reverse the effect;
increasing Cf and decreasing C3;. In order to quantitatively determine these changes,
the change in formation energy under strain for the different point-defects need to be

calculated. As mentioned earlier, the formation energy of I and V is defined by:

N=£1

E}V(a = Hm Erv(€) — Fgi(€). (5.10)
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Figure 5.4: Energy vs. unit cell lattice constant b for hydrostatic strain for system
with 2 x 2 x 2 = 8 cells (64 Si atoms in defect-free system). The reference energy Ey is
defined as the minimum energy as function of unit cell size for a given configuration.

where Eyy is the total energy of a super-cell containing an interstitial (N 41 Si atoms)
or a vacancy (N — 1 Si atoms) respectively. Fg; is the total energy of a N Si atom
super-cell. We are interested in the change in formation energy AE}’V. Combining
Eq. 5.10 with the expression derived in Section 5.1 (Eq. 5.8) and taking the dilute

limit (N — oo) results in:
AEYY (&) = —Qg AW . CS et —295- (actV £C) ¢ (5.11)

where A€V is the induced strain vector, €is the applied strain vector, C is the elas-
ticity tensor of Si, and €2 is the Si atomic volume. The negative sign corresponds to I,
whereas the positive sign is associated with the V case. We assume that the reference

state for defects is unaffected by the applied stress/strain. The calculations show that
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Table 5.2: Difference in formation energy of the different I configurations determined
in unstrained Si in reference to Ip;. The spatial I configurations are shown in Ap-
pendix B.

AF; [eV]
T | 0.00
Thes 0.09
Ltet 0.32

the dominant effect of stress in the case of I and V is to modify the equilibrium lattice
dimensions (see Table 5.3). In contrast, the difference in the curvatures AC;; have a
secondary effect. In the subsequent analysis we only include the linear term in strain,
which gives rise to the dominant effect due to the induced strain (difference in lattice
dimension due to I or V incorporation).

Once the change in formation energy is known, the change in equilibrium constants
follows directly. In the vacancy case, the change in equilibrium constant becomes:

(5.12)

~ The analysis for interstitials is slightly more complicated, since there are various
high symmetry I configurations. In this analysis, we considered the following three I
configurations: <110> split interstitial (Isy;:), interstitial in hexagonal site (Ie), and
interstitial in tetrahedral location (I;). The difference in formation energies of the
individual configuration in unstrained Si in reference to I,y are listed in Table 5.2.
Lier has a significantly higher formation energy of AE; = +0.32eV and therefore
does not contribute significantly to Cf. Also the induced strain for I is much
smaller in comparison to Iy and Ip.,. However since the induced strains of Iy,
and Iy, are of comparable magnitude and also the formation energies differ only by

0.09eV in unstrained Si (see Table 5.2) both configurations need to be considered
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Figure 5.5: The gray atoms illustrate the structure of a [110] split/dumbbell intersti-
tialey (Ispr). Note that for this structure, the interstitial is not a single atom, but
rather two atoms in place of a single atom.

when calculating CY. Nevertheless the calculation of Cf can be further simplified for
a different reason. It turns out that the contributions of I, to C} are also rather
small in comparison to Iy due to the large configurational entropy factor of Ly
(01,,,,, = 6). A <110> split interstitial can take on six possible orientations in a Si

diamond lattice ([110],{110],[011],[011],[101],[101)).

Cy = Cf +Cf‘m+0*

Isplit Liet
EIsplz't Elhex EItet
= 6C,exp | — /J;T +2Cexp | — ka + Cyexp (* ka )
;split
~ 6C,exp (—— T ) | (5.13)

Due to the spatial symmetry of V, I.,, and I, the induced strains are isotropic
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Figure 5.6: Energy vs. uniaxial strain in different directions for Si and Ispiie oriented
in the [110] direction. The reference energy Fy is defined as the minimum energy for
a given configuration.

(see Table 5.3). In contrast, since <110> split interstitials (shown in Fig. 5.5) induce
the largest strain in the z- and y-directions (Fig. 5.6), uniaxial or biaxial strain can
lead to larger changes in the equilibrium point-defect concentration than would be
predicted based on the hydrostatic activation volume. Qualitatively this behavior is
expected due to the spatial configuration of I,y;. Since the interstitial lies in the
z-y plane, the Si diamond lattice gets more distorted in the z-y plane than in the
z-direction.

In the case of biaxial strain:

Cite) 1 [~AERe\ 2 [~AEM() |
_ L [TRELNDN L 2 (T8 9 14
cro) 3P ( ) T3P\ T ) (5.14)

where AEY is the change in energy for in-plane interstitials (e.g. [110] or [110] ori-

entation for strain in z-y plane), whereas AEJ‘B‘“ is the change for split interstitials
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Table 5.3: A¢; and AC;; for V and different 1 configurations. Strains are reported in
reference to the GGA Si equilibrium lattice parameter of 5.457 A. AC; are calculated
in respect to the GGA C’Z-Sji reported in Table 5.1. The level of convergence of these
results is discussed in Appendix G.

v Loprit Les Liet
Ae, —0.2207 | +0.2595 | +0.2019 | +0.1201
Ae, —0.2207 | +0.2595 | 4+0.2019 | +0.1201
Ac, —0.2207 | +0.0469 | +0.2019 | +0.1201
ACh [GPa] | —2221 | —629 | —688 | —1682
ACy [GPa] | —2221 | —629 | —688 | —1682
ACs; [GPa) | —2221 | —410 | —688 | —1682
ACys [GPal | —438 | —151 223 799
ACy; [GPa) | —438 ~50 223 799
ACy [GPa) | —438 —50 223 799

with out-of-plane components (e.g., [011] orientation). Figure 5.7 shows the stress de-
pendence of the equilibriu(m interstitial concentration (C}) and vacancy concentration
(CV) under biaxial strain. A strong strain dependence of Cf, particularly for in-plane
[110] interstitials can be seen. Interstitials prefer to be oriented in-plane under tensile
strain and out-of-plane under compressive strain. Vacancies show the opposite be-
havior; compressive strain leads to an enhancement of C5;, due to a negative induced

strain of vacancies.

5.4 Summary and conclusion

In summary, a framework for treating stress effects on formation energies was devel-
oped. The predictive power of DFT for elastic properties of materials was tested by

calculation of the elastic properties of Si. Both functionals used (LDA and GGA)
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Figure 5.7: Strain dependence of C(¢)/C5(0) and C¥(€)/C%(0) in biaxially strained
Si at T = 1000°C. For strain applied in the z-y plane, 1/3 of all <110> interstitials
are purely in-plane, while 2/3 have out-of-plane components. The plot shows the
contributions from the different I alignments and the resulting total. Vacancies show
the opposite effect in comparison to interstitials due to the different sign of the induced
strain (see Table 5.3). C% gets enhanced under compressive strain and is reduced for
tensile conditions.

predicted the elastic properties of Si well.

In addition, the introduced methodology was used to investigate the effect of stress
on point-defect equilibrium concentrations. C5; becomes enhanced under compressive
strains and reduced for tensile strains. C} shows the opposite behavior.

For example, in the presence of 1% tensile biaxial strain (e.g., MBE Si/Sig 75Geo 25
bilayer) at 1000°C, we predict Cf to be enhanced by a factor of 2.2 and CY; to be
reduced by 0.41. Under the equivalent compressive strain condition, C%; is predicted
to shown an enhancement by a factor of 2.4, whereas C7 is predicted to be reduced

by 0.47.
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Chapter 6

STRESS EFFECT ON POINT-DEFECT AND DOPANT
DIFFUSION

In the previous chapter, a general methodology for calculating stress effects on
formation energies from first-principles and the resulting impact on point-defect equi-
librium concentrations Cf and C% were discussed. Stress effects on point-defects have
direct impact on dynamic processes like TED and dopant activation. However besides
point-defect energetics, diffusivities need to be known as well to predict the behavior
of these dynamic processes. Since experiments are difficult and in the case of boron
diffusion even lead to contradictory results [72|, we utilize ab-initio calculations to
predict stress effects on migration of dopants and point-defects. In contrast to previ-
ous work, our arialysis extends beyond simple hydrostatic activation volumes [25] in
order to be able to predict anisotropies associated with more complex stress states
(e.g., differences between in-plane and perpendicular diffusion due to biaxial strain).
We determine both strain tensors as well asychanges in elastic constants due to defects
and migration saddle points. In particular the stress effects on I, V, and B diffusivities
are determined. In Section 6.4, the results for I and B are combined using a simple

TED model to estimate the effect of stress on boron diffusion during TED.

Figure 6.1 shows schematically the energetics of a typical diffusion process for
a defect X, where X is the mobile species of an immobile ground state X;. For
X to diffuse, first X needs to be formed and then the defect X needs to overcome
the transition barrier EX by passing through the transition state T. To simplify the

analysis we assume that the defect X has been formed already. The transition rate I’
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Figure 6.1: Schematic plot of the energetics of a typical diffusion process of species X.
The transition rate T' to overcome the barrier is I' = [gexp(—FE2X /kT). T indicates
the transition state, which is defined by the lowest energy migration saddle-point
between the initial and final X configuration. £, is the migration barrier, whereas
I is the attempt frequency including all entropy differences between X and T.

for X to overcome the migration barrier can be calculated in transition state theory

[32]. Assuming harmonic approximation, I' has the following form:

By
I'=Tgexp (—ﬁ> , (6.1)
where Iy is the attempt frequency including all entropy differences between X and
T. The migration energy is defined in reference to the formation energy of the defect
state X. The formation energy of T therefore is given by E}F = E}( + EX. The
transition rate I' and diffusivity D are directly linked by viewing the diffusion process

as a random walk process at the atomic level (see Chapter 2). In one dimension, the
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following relation holds [32]: ,
(Az?) = 2D, (6.2)

where (Az?) is the square of the average displacement of X during a random walk
for a time t (average hop distance). In combination with Eq. 6.1 this relation leads

directly to:

D= (A = LT (Ag?) = Dyexp [~ Em (6.3)
_—215 X ———2 x = 0 €XPp kT y .

where I' = 1/t and Dy = $T'g (Az?). The diffusivity of species X is therefore directly
linked to the migration barrier Fx. Under stress this migration barrier changes and

therefore directly influences the diffusivity.

Energy

i 1 | i | ' I 1 i L 1 n i L
Reaction coordinate

Figure 6.2: Stress effect on migration kinetics of defect X. AFE,, is the change in
migration barrier due to an applied stress. The blue solid line indicates the migration
barrier in absence of stress, whereas the red dashed line shows an increase in the
migration barrier by AEX. The migration barrier is reported with respect to the
energy of the complex X. This is important since the formation energy of the complex
X can be also stress dependent.
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Figure 6.2 illustrates this effect. The blue solid line indicates the barrier without
stress, whereas the red dashed line shows the new barrier including the stress effect.
Under stress the transition rate is reduced by a factor of exp(—AEX /kT'). However,
not only is the migration barrier Ex a function of stress, but the formation energy
of the defect X is as well. Hence, a more suitable quantity is C3D. This product
depends only on the formation energy of the transition state EfT This is also the
experimentally observed diffusivity, since it includes the formation of the defect X as
discussed earlier. Typically formation energies are reported in respect to the lowest
energy configuration of a species X, which is usually the immobile species X;.

E¥ EX ET
Cx D = 0xCsexp (—ﬁ) Dyexp (———k—Tﬂl> = O0xCyDyexp (—7@%) ) (6.4)

X

where we used Cx = 0xC; exp (—%) (see Appendix A).

Equation 6.4 shows that EJT alone determines the stress dependence of the diffusiv-
ity as long as the entropy contributions in fx and Dy are stress independent. Similar
to the treatment in the previous chapter, the formation energy of the transition state

under stress can be expressed as:
EF(@ = EF(0) + AEF (D), (6.5)

where € is the present strain state, Ef(O) is the formation energy in unstrained ma-
terial, and AE}F(é) is the change in formation energy due to the present strain. The
analysis of the effect of stress on diffusion becomes equivalent to the analysis of equi-
librium concentrations. The only difference is that here the stress dependence of the
transition state needs to be calculated instead of the ground state. In most cases,
one is interested in the relative change in diffusivity due to the presence of a certain
stress state. Combining Eq. 6.4 and 6.5 and neglecting the stress dependence of the

entropy factors leads to:

D _ (D0 exp (}E%’(e*))wp (_AE?@), (6.6)

(C3D)(0) ~ (8xDo)(0) KT kT
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The effect of stress on diffusivity is now reduced to calculating AE}f(a following
the methodology developed in Chapter 5. In the remainder of this chapter, this is
done for I, V, and B. Similar to the analysis in Chapter 5, the induced strains and

changes in elastic constants are determined for the various transition states.

6.1 Stress effect on V diffusion

Vacancy diffusion is the simplest diffusion process. Figure 6.3 (left) shows schemati-
cally the transition process. A vacancy simply interchanges its location with a nearest
neighbor atom. The energetics of the process are shown on the right side of Fig. 6.3.
The vacancy migrates along the <111> direction through the vacancy transition state
T. The transition state shown was determined using the the nudged elastic band

(NEB) method [10, 11, 12].

02

Energy [eV]

PRSI ST TSN NSNS S
0.4 0.8 1.2 1.6
Reaction coordinate [A]

Figure 6.3: Left: Schematic plot of vacancy transition. Green circles indicate Si
atoms, whereas the green-dashed circle represents a vacancy. Right: Energetics of
vacancy migration process in unstrained Si. The migration barrier and transition
state was determined with the NEB method [10, 11, 12].
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According to the previous section (see Eq. 6.6), to determine the effect of stress
on the vacancy diffusivity it is only necessary to calculate the change in formation
energy of the transition state Vi, under stress. Analog to Section 5.3, the stress
dependence of Viqns 18 given by:

: Q i
AE}/W@"S (E) — "'QO Aé‘Vtrans . CSl . €’+ _2_06_’ (ACVtrans + CSI) . g’ (67)

where AéVirens is the induced strain vector, € is the applied strain vector, C* is the
elasticity tensor for Si, ACVtans is the change in elasticity tensor due to Vipgns and O
is the Si atomic volume. We assume that the reference state for defects is unaffected
by the applied stress/strain (e.g., stress free surface). In the following results, we only
include the linear term in strain, which gives rise to the dominant effect due to the
induced strain.

Figure 6.4 shows the change in formation energy of Vy..ns as a function of hydro-
static strain for a 64 atom super-cell. Due to the high symmetry of the transition
state (z < y < z) the shift of the energy minimum from zero strain is the induced
strain for Vi..ns (see Appendix E). The vacancy transition state shows a rather large
negative induced strain of Ae, = Ae¢, = A¢, = —0.4199, which translates into a re-
duction in the diffusion activation energy under compressive strain. Figure 6.5 shows
the V diffusivity enhancement as a function of biaxial strain. Due to the negative
induced strain, compressive strains lead to an enhancement of diffusivity, whereas

tensile strains reduce the diffusivity.

6.2 Stress effect on I diffusion

The lowest energy configuration for an interstitial in unstrained silicon is the split or
dumbbell configuration. Two silicon atoms share a single Si lattice site elongated in
the <110> direction. Figure 6.6 shows the lowest reported migration path for such an
interstitial [46]. In contrast to the previous discussed vacancy diffusion, the migration

of such an interstitial involves a two-step process. In the first step the interstitial
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Figure 6.4: Energy vs. hydrostatic strain for system with 2 x 2 x 2 = 8 cells (64 Si
atoms in defect-free system). The graph shows the behavior of the vacancy transition
state under hydrostatic strain. All energies are reported with respect to the energies
in unstrained Si. Strains are reported in reference to the GGA Si equilibrium lattice
parameter of 5.457 A.

migrates along the <311> direction through the transition state Ty to a hexagonal
interstitial configuration. Since the whole transition is symmetric in unstrained Si the
second step involves migrating from the hexagonal state through a second transition

state Ts to the final split configuration.

Following the ideas of the previous section, the effect of stress on the formation
energies of the transition states T; and Ts need to be determined in order to calculate
the stress effect on interstitial diffusion. Figure 6.7 shows schematically the effect of
stress on the two-step migration process. In the case of anisotropic stress (e.g., biaxial
stress) the two transition states are affected differently, since the transition directions

are not necessarily along the same <311> direction and therefore the orientations of
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Figure 6.5: Relative V diffusivity change under biaxial strain at 7' = 1000°C. V
diffusivity gets enhanced under compressive biaxial strain. C3Dv(0) is the diffusivity
of V in unstrained Si.

the transition states are different. T; and Ty have different formation energies under
anisotropic strain. This directly affects the transition rates of the two processes, which

translates into potential anisotropic diffusion.

The extraction of diffusivities differs from the analysis in the previous sections;
however it turns out that the basic idea, calculating the stress dependence of the
formation energy of the transition state, remains the same. First the result of the
first-principles calculations for the stress dependence of the transition states will be
presented, then we use different approaches to extract the interstitial diffusivity from
the calculated results.

Due to the symmetry of the migration process it is sufficient to reduce the problem
to the transition Ly — Ipey, which is shown in Fig. 6.8. Similar to the vacancy

analysis we used the NEB method to identify the transition state liqns and calculate
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Figure 6.6: Iy — Ines — Lopir transition calculated using the NEB method [10, 11,
12] in unstrained Si (GGA Si equilibrium lattice parameter by = 5.457 A).

its strain dependence. Figure 6.9 shows a comparison of elastic properties of the V and
I transition state with defect-free Si under hydrostatic strain. By just determining
the minimum energy lattice constant of Vg, and Iiens the qualitative effect of
stress on diffusivity can be extracted. Vy..,. shows a reduced lattice constant in
comparison to Si, which indicates a negative induced strain. The I transition state
shows the opposite behavior, a positive induced strain. Negative induced strains lead
to enhancement of diffusivity under compressive strain conditions, whereas positive
induced strains enhance the diffusivity for tensile strains. Based on the hydrostatic
calculation, we expect to see an enhancement of I diffusivity for tensile stress.

Since the I transition state does not have the high symmetry of Vt'mns, additional
strain calculations are required to extract the induced strain vector A€ of the I transi-

tion state. Figure 6.10 shows the results of uniaxial strain calculations of I;.4,s. Strain
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Figure 6.7: Schematic illustration of stress effect on two-step transition. The blue
solid line shows the transition path in unstrained Si. When stress/strain is present the
transition path gets altered (red dashed line), and for anisotropic strain, the migration
barriers of T and T9 are no longer the same which can result in anisotropic diffusion.

was applied along the three cartesian directions (x,y,2) for a transition with the hop
vector ’(3, 1,1)b/8 (b is the Si lattice constant). The data shows a very interesting be-
havior. The induced strains in the z-direction is much larger than the induced strains
in the y- and z-directions. This fact translates directly into anisotropic‘ diffusion for
anisotropic strain conditions (e.g., uniaxial or biaxial strain). The anisotropy also de-
pends on the hop vector. Equation 6.3 shows that the diffusivity is proportional to the
square of the hop distance Az? and the transition rate T'. The largest induced strain
(x—difection) coincides with the largest hop direction (2-direction), which results in a

strain effect which is largest in the dominant direction of motion.

Following the methodology of the previous chapter, we fitted the results for various
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Figure 6.8: Iy — Ipep transition determined using the NEB method in unstrained
Si (GGA Si equilibrium lattice parameter by = 5.457 A).

strain conditions for I;..,s to Eq. 5.6 in order to determine the induced strain vector A¢
and modified elasticity tensor AC. Besides the shown hydrostatic and uniaxial data,
we also performed biaxial strain calculations, which were included to determine all free
parameters. Table 6.1 lists the extracted induced strains for Vi.gns and Iiqns, which
indicate a strong anisotropy in the I strain interactions. In contrast to the V diffusion,
the quantitative prediction of I diffusion under stress (including the anisotropy) is
more complicated and will be discussed in the next sections. First an analytic model
to describe the stress effect on I diffusivity is developed and then compared to a kinetic

lattice Monte Carlo (KLMC) simulation, which includes anisotropic stress effects.
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Figure 6.9: Energy vs. hydrostatic strain for system with 2 x 2 x 2 = 8 cells (64
Si atoms in defect-free system). The reference energy Fy is defined as the minimum
energy as a function of unit cell size for a given configuration. The graph shows
the behavior of the vacancy and interstitial transition state under hydrostatic strain.
The vacancy transition state shows a negative induced strain, which translates into
a reduction in the diffusion activation energy under compressive strain, whereas the
interstitial transition shows the opposite effect. Strains are reported in reference to
the GGA Si equilibrium lattice parameter of 5.457 A.

6.2.1 Analytic analysis of stress effect on I diffusivity

In order to account quantitatively for strain effects, the two-step transition needs
to be considered. The different spatial orientations of the transition states T; and
Ty with respect to the applied strain are responsible for the anisotropic diﬁusiop
behavior. Figure 6.11 shows the 3D configuration of the 12 hexagonal interstitial sites
surrounding a Iy, site. If the orientation of I, is neglected (this constraint is relaxed

in Section 6.2.2), there are 72 possible two-step transitions (Ispiir — Ipee — Ispiir) from
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Figure 6.10: Energy vs. uniaxial strain in different directions for the transition state
of Lepiie[110]— Ipex with hop vector (3, 1,1)b/8, where b is the Si lattice constant. Note
that the strain effect is largest in the dominant direction of motion.

Table 6.1: Induced strains for V and I transition state extracted from Figs. 6.9 and
6.10. Strains are reported in reference to the GGA Si equilibrium lattice parameter
of 5.457 A.

Acg,

Vtra,fns Ae(ﬂ = A€y = Aez ‘04199

Itrans AEw 0.5421
Ac, | 0.0257
Ae, | 0.1089

a Lypip site. Figure 6.12 illustrates this schematically.

The orientation of the transition state, and therefore the hop direction, determines
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Figure 6.11: Lsy; site (red atom) with its 12 surrounding hexagonal interstitial sites
(white atoms). Originating from the Iy, site shown in red, there are 72 possible
two-step transitions (Lspir — Tnez — Lspiit)-

the transition rate to each hexagonal site (It — Ipes):

T, = Igexp {:—%—@} , (6.8)

where Ty is the transition rate in unstrained Si and AFE! (€) is the energy change of
the migration barrier due to the present strain. Each hexagonal site is surrounded by
six I sites (see Figs. 6.11 and 6.12). The rates I'; from the hexagonal site to the final
I location determine the probability p; for each process. Knowing the displacement
from the initial I site A:cfj and neglecting correlation between subsequent two-step

(Ispiit — T1 — Ihex) hops, the diffusivity in the z-direction can be written as:

1 12 6
D, = 3 YTy Y opaal ], (6.9)
g=1

=1
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split site

hex. site

Figure 6.12: Schematic illustration of the two-step process for interstitial migration.
Originating from the split site shown in red, there are 72 possible two-step transitions
(Ispiit = Ihew — Lopiie). 12 different initial Iop; — Ipe, transitions followed by 6
possible Iy, — Igp transitions for each initial transition.

where Axy; is the z-component of the displacement vector AZ;;. Appendix F lists the
displacement vectors for all 72 transitions. The other components of the diffusivity
tensor D follow equivalently by replacing Ax?j with the corresponding term (e.g. in
the case of Dy, Axfj is replaced by Az;;Ay;;). p; is defined by:
_ I

X T

AFE (€) is assumed to have the form of Eq. 6.7. To simplify the analysis, the transition

Dy (6.10)

state was assumed to be independent of the initial orientation of the interstitial. This
implies that for a hop in the <311> direction, the induced strain for I, in the y-
and z-direction should be equal. Therefore the average value from Table 6.1 was used
(A€= (Aey, AEy, AEy)). All terms in Eq. 6.9 can be summed and in the case of biaxial
strain € = (¢,€, — €) the analytic result is:

CiDy(e) 62077+ 12141, 4+ T3

CyDy(0) 33 To(4ly+2Ty)




85

GiDy(e) _ CiDulo)
GiD,0) ~ GiD.0)
CiD,(e) _6_41’% +20T T +9T% (6.11)
CiD,(0) — 33 To(4T;+2Ty) 7 '
where T; = g exp(—~AFE;(¢)/kT) and
AEl (6) = ~—QQ(A€1; -+ Agy)(clsll -+ CIS% - 50%),
ABy(e) = —0(0&, + A&)(CS + O3 — 7 Cf). (6.12)

7 = 2C/C is the biaxial Poisson ratio (see Appendix E). The off-diagonal terms
of the diffusivity tensor vanish (CfD,, = CfD,, = C{D,, = 0). Equation 6.11
shows an anisotropy between in-plane and out-of-plane diffusion. The final result for
interstitial diffusion using above equations is shown in Fig. 6.13. Biaxial tension (as
in strained Si on SiGe) leads to significantly higher in-plane diffusion compared to the
perpendicular direction, with lateral diffusivity predicted to be approximately 90 %
higher than vertical diffusion for 1% tensile strain at 1000°C.

6.2.2 KLMC analysis of stress effect on I diffusivity

In the previous section analytic expressions for the stress effect on I diffusion were
derived (see Eq. 6.11). In the derivation it was assumed that consecutive transi-
tions are uncorrelated and also the split interstitial orientation was neglected. Both
assumptions were necessary to get a simple analytic expression for the diffusivity
enhancement under stress.

Figure 6.14 shows a [110] split interstitial and the accessible Ij., sites. Only 4 out
of the 12 surrounding I, site are accessible via the low transition barrier shown in
Fig. 6.8. In unstrained material, an analytic expression could be derived to account
for this fact; however in the presence of anisotropic stress the formation energy of
the different Lopii+ configurations gets affected differently, which makes the analytic
analysis for arbitrary strain states extremely difficult. In order to overcome this

problem and to be able to check the validity of the assumptions used in the previous
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Figure 6.13: Relative I and V diffusivity change under biaxial strain at 7' = 1000°C
based on analytic model. V diffusivity gets enhanced under compressive biaxial
strain, whereas interstitial diffusion shows the opposite effect. Also interstitials show
anisotropic diffusion. The graph shows the in-plane and out-of-plane components for
interstitials as a function of biaxial strain €. C*D(0) is the diffusivity of T or V in
unstrained Si.

section, we modeled the stress dependent I diffusion process via kinetic lattice Monte

Carlo (KLMC) technique.

The first step was to determine the KLMC network/lattice. Since the Si diamond
lattice consists of two fcc sub-lattices, there are 12 different L, configurations (2
different sub-lattice locations with 6 different I,y orientations each). Figure 6.15

| shows the 12 surrounding hexagonal sites (white atoms) for initial Iy, configurations
(red/green atom) located on the two different Si sub-lattices. Depending on the
orientation of Iy, (not shown in figure), 4 out of the 12 hexagonal sites are accessible

through the low energy transition.

Analyzing the spatial configurations of the different hexagonal interstitial sites, one
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Figure 6.14: [110] split interstitial (red atoms) with the four surrounding Ip., sites,
which are accessible via the low energy transition reported in Fig. 6.8. The fact that
not all 12 surrounding Ij., sites are accessible via this low energy path, suggests that
there exists a correlation between subsequent transitions.

finds that there are only four unique hexagonal interstitial configurations. Figure 6.16
shows the 4 unique hexagonal configurations surrounding the I, sites for each of
the the two fee sub-lattices. By comparing the hexagonal rings 1., occupies in the
individual cases, it is easy to see that there are only 4 unique hexagonal sites in the

Si diamond lattice.

Combining all these spatial configurations and allowing only transitions with the
appropriate Iy orientation to occur (see Fig. 6.14), a I diffusion lattice (KLMC

network) is determined. Figure 6.17 shows the schematic layout of the network.

S1-S6 (red symbols) label the split sites on the first fcc sub-lattice, whereas S1-S6
(green symbols) label the different split sites on the second fcc sub-lattice. H1-H4 are
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Figure 6.15: Hexagonal interstitial sites (white atoms) surrounding initial I, located
on the different fcc sub-lattices of the Si diamond crystal structure (Left: Sub-lattice
with origin at (0,0,0)b. Right: Sub-lattice with origin at (1/4,1/4,1/4)b). b is the
lattice constant of Si.

Figure 6.16: Left: Unique hexagonal sites (white atoms) surrounding an Iy (red
atom) on the fee sub-lattice of Si with origin at (0,0,0) 5. Right: Unique hexagonal
sites (white atoms) surrounding an Ly, (green atom) on the fec sub-lattice of Si with
origin at (1/4,1/4,1/4)b. b is the lattice constant of Si.

the four unique hexagonal interstitial sites. Each arrow indicates a set of transition

vectors (listed in Appendix F). Analogous to the analysis in the previous section,
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Figure 6.17: KLMC network for interstitial diffusion I — Lnew — Topiie. S1-S6
(red symbols) are the 6 I,;; configuration on the sub-lattice with origin at (0,0,0)b,
S1-S6 (green symbols) are the 6 I, configuration on the sub-lattice with origin at
(1/4,1/4,1/4) b, and H1-H4 are the 4 unique hexagonal interstitial sites connecting the
various L,y configurations. The arrows indicate the transition vectors of the possible
transitions. Appendix F lists the individual transition vectors of the network.

we assume that the transition vectors indicate the orientation of the transition states.
Once the orientation of a given transition state is known, the associated induced strain
AéTtrans is determined. The transition rate for arbitrary stress/strain states follows

(analog to Eq. 6.7):

ap@) o

(@ = Toexs (-~

We neglect possible changes in entropy of the transition state Iyns due the pres-
ence of stress. Like in the analytic analysis we also assume transitions in the <311>
direction, which implies the induced strain for Ii. in the y- and z-direction to be

equal. Therefore the average value from Table 6.1 was used (A€ = (Ae,, Ag,, AE)).
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Using the standard KLMC technique described in Chapter 2, the different entries
of the diffusivity tensor can be determined by using the relation between average

displacement and diffusivity in a random walk process:
1 ,

where D;; is a component of the diffusivity tensor D and AZ is the displacement
vector in the time {. AZ; is the i’s component of the displacement vector. Besides the
effect of stress on the diagonal elements of the diffusivity tensor (D,,D,, and D,), we
also computed the off-diagonal elements (Dyy,D,., and D,,). For biaxial stress these
terms vanish as they do in the unstrained case.

The results of the KLMC calculations for biaxial strain in comparison to the
analytic model are shown in Fig. 6.18. Both methods result in very similar predictions,

which validates the assumptions made in the analytic model.

6.3 Stress effect on B diffusion

The effect of stress on B diffusion under different stress conditions has been investi-
gated experimentally by various researchers [75, 13, 25, 14, 27, 76]. In the experi-
ments, either hydrostatic pressure or biaxial strain (epitaxially grown SiGe bilayers)
was applied. Since experiments are difficult, so far there is no consensus of the results
for biaxial strain. Here we use ab-initio calculations to determine the stress effect.
There is broad agreement that B diffusion is dominated by the migration of an
uncharged BI pair. Windl et al. [77] investigated various charged and uncharged BI
diffusion paths using the NEB method and found the lowest migration barrier for the
uncharged BI transition B, + Ije; — Blpee — By + 1. Blpe, is a interstitial B atom in
a hexagonal site. In the following, B, + ILi; is written as Bly;. Figure 6.19 shows the
migration path for this transition in unstrained Si calculated using the NEB method.
B diffusion, similar to the interstitial case, also involves a two-step process. In

fact, the analysis in the previous sections for I diffusion can be directly applied to
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Figure 6.18: Comparison of stress effect on I diffusion under biaxial strain determined
by the analytic model described in Section 6.2.1 with the KLMC analysis of this
section.

B diffusion. Both transitions happen along the <311>-direction with an interstitial
atom in a hexagonal site for the final atom configuration. To determine the stress
effect on B diffusion, the elastic properties of the transition states T1 and T, shown
in Fig. 6.19, need to be determined. However since the transition is symmetric,
it is sufficient to calculate the properties of only one transition state. Similar to
the calculations for I in the previous section, we only consider half of the two-step
transition (Bl;e; — Bl ) shown in Figure 6.20 to determine the induced strain vector
AeBrens and modified elastic tensor ACBtrans of the transition state Birans.

The formation energy of the transition state is defined as:

T 4 n 1
B = fim Bg,(N) = Bp,(N) = -Esi(V), (6.15)

where NV is the number of Si lattice sites in a super-cell. Fp, .., Ep,, and Eg are the
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Figure 6.19: Bl — Bl — Bl transition calculated using the NEB me’ghod
[10, 11, 12] in unstrained Si (GGA Si equilibrium lattice parameter by = 5.4578 A).

total energies of a super-cell containing Byy.ns, & substitutional B (B,), and defect-free
Si respectively. Again we are only interested in the variation of the formation energy

of Birans With respect to unstrained Si.
AE?trans(a — E.Ifgtrans (a - E?trans (O) (6.16)
By using Eq. 5.7, Eq. 6.16 turns into:

AEJ?mns (&) = - (Ae—»Bmm — A& . Sy %p_g_ <ACBmM — ACBs _ CSi) e
(6.17)
This indicates that besides determining the elastic properties of Bipgns, the induced
strain and modified elasticity tensor of substitutional B also need to be calculated.
The effective induced strain in the linear strain term of Eq. 6.17 is AéBwans — AeBs,

Similarly the quadratic strain term involves ACBtrans — ACBs — C1,
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Figure 6.20: Bl — Blpe, transition calculated using the NEB method [10, 11, 12]
in unstrained Si (GGA Si equilibrium lattice parameter by = 5.4578 A).

Figure 6.21 shows the energy dependence as a function of hydrostatic strain of a
system with Byrans, Bs, and perfect Si (for reference). B, exhibits a large negative
induced strain, whereas By.,,s shows a moderate positive induced strain under hy-
drostatic strain. Due to the high symmetry of B, (x < y « 2) the induced strain
under hydrostatic strain is Ae, (see Appendix E). In Chapter 7, this induced strain
determined from hydrostatic calculations is compared to x-ray diffraction data and
shows excellent agreement with the experimental observations (see Fig. 7.9). Since
Birans does not have the high spatial symmetry of B, additional energy versus strain
relations were calculated to determine the induced strain vector A€, , ..

Figure 6.22 shows the results for different uniaxial strain. Very similar to Iiygns,
Birans shows different induced strains in the z-direction (dominant direction of motion)

in comparison to the y and z-directions. This is a clear indication of an anisotropic
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Figure 6.21: Energy vs. hydrostatic strain for system with 2 x 2 x 2 = 8 cells (64
Si atoms in defect-free system). The reference energy Fy is defined as the minimum
energy as function of unit cell size for a given configuration. The graph shows the
behavior of the Si, substitutional B, and BI transition state (Bgrqns) under hydrostatic

strain. Strains are reported in reference to the GGA Si equilibrium lattice parameter
of 54578 A.

B diffusion analog to I diffusion. Figure 6.22 shows another interesting feature, the
energy vs. strain relations for y- and z-strain are identical. In the case of 1,4, We saw
only an approximate symmetry and we had to use an averaging scheme in order to
use the analytic and KLMC analysis. In the case of B4, this is not necessary, since
the assumed symmetry between y and z is present. Table 6.2 lists the induced strains
for B, and By,4,s which were determined by fitting to the equation-of-state Eq. 5.6.
Once the induced strains for B, and By,4,s are known, the analysis for I diffusion
can be repeated exactly. Figure 6.23 shows the change in B diffusivity as a function
of biaxial strain. The graph shows anisotropic behavior between in-plane (lateral)

and out-of-plane (vertical) diffusion similar to interstitials. However in the case of B
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Figure 6.22: Energy vs. uniaxial strain in different directions for the transition state
of Bly; — Bl with hop vector (3,1,1)b/8, where b is the Si lattice constant. Note
that the strain effect is largest in the dominant direction of motion.

Table 6.2: Induced strains for B; and B transition state extracted from Figs. 6.21 and
6.22. Strains are reported in reference to the GGA Si equilibrium lattice parameter
of 5.457 A. ‘

Ae,

B, Ae, = Aey = Ae, | —0.327

Btmns AE;E +0.288
Ae, | —0.036

Ac, | —0.036

the strain effect on diffusion is stronger than for I due to the rather large negative
induced strain of B;. Like in the I diffusion case, the off-diagonal elements of the B

diffusion tensor vanish.
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Figure 6.23: B diffusion enhancement as a function of biaxial strain at 800 °C predicted
by Eq. 6.11.

The predictions in Fig. 6.23 for vertical diffusion enhancement under biaxial strain
can be directly compared to experimental data by Kuo et al. [13] shown in Fig. 6.24.
Experimentally the B diffusivity was determined in epitaxially grown SiGe bilayers
with different Ge content to create a well defined biaxial strain state. In the exper-
iment only the out-of-plane (vertical) B diffusivity was measured (blue lines). The
B diffusivity enhancement was determined at different Ge concentrations and showed
similar strain dependence. Combining these measurements with hydrostatic strain
data by Aziz et al. [14], enables the determination of the in-plane (lateral) B diffusiv-
ity (black line). This analysis is done based on the relations between the hydrostatic

and biaxial activation volumes. The details can be found in Ref. [25, 27].

Comparing the theoretical predictions shown in Fig. 6.23 with the experimental

data shows general good agreement, however our theoretical calculations predict a
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slightly stronger effect for both vertical and lateral B diffusion enhancement. Since
there is still debate about the quality of the experimental measurements [13, 76],

further measurements are necessary to confirm the experimental values.

10718 - . _ : ' I
ﬁm of 8 on BiGe +drmt
&7\ 4~ of Big hg\:ﬁzﬁ« on SiGe %wm—-»‘%»’;———ﬁ‘
D33 of S|80G320 on SlGe
FE? 'S;Oz g}f;a 3
predlcted D44 of Sion SiGe mmmm—
Q T
N\ . i i
-16 | -
‘_g_. 10 i
0
107" , — .
-1 -0.5 0 0.5 1

strain [%%]

Figure 6.24: Experimental data by Kuo et al. [13]. The vertical B diffusion enhance-
ment was measured under biaxial strain using SiGe bilayers with different Ge content
(blue lines). The data was combined with hydrostatic B diffusion data from Aziz et
al. [14] to determine the lateral B diffusion enhancement (black line).

6.4 Stress effect on B TED

In the previous sections, the effect of stress on point-defect diffusion and B diffusion
were determined. These parameters are of high interest since they are closely related
to transient enhanced diffusion (TED) of boron and also have strong impact on the
activation dynamics of dopants. Boron activation under stress will be discussed in the

next chapter. Here we develop a very simple model to estimate the stress effect on
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boron TED. Since I and B showed anisotropic diffusion in the presence of anisotropic
stress states, it is of major interest to see how the anisotropic behavior of I and B
translates into TED effects.

High dose implants lead to a supersaturation of interstitials during the early stages
of dopant anneals. Since B diffuses dominantly via an interstitial mechanism (forma-
tion of a mobile BI pair), B equilibrium diffusivity Dj; gets enhanced by orders of
magnitude in the presence of I supersaturation. The B diffusivity is enhanced until
C; reaches C} again. This one to one correspondence between I supersaturation and

enhanced B diffusivity can be expressed in terms of:

Cy(t) - Cf Dyg(t) — Dy
N g = f B TB 1
/ G / e (6.18)
The left hand side of Eq. 6.18 can be approximated by [78]:
Cr—CY R,Q
dt = 6.19
Ct DiCy’ ( )

where R, is the projected range of the implant and () is the dose of interstitials due
to the implant (assuming a +1 model this is equivalently to the boron dose). D and
Ct are the equilibrium I diffusivity and I concentration respectively. The idea is to
estimate the TED time as the time it takes for the dose @ .of interstitials located at
a depth R, to diffuse to the surface in order to reestablish C}. The right hand side
of Eq. 6.18 is directly related to (Dt)rgp, which is often used as a measure of TED:

(Dt)es = [(Da(t) = D). (6:20)

Combining these relations leads to:

Dy

b (6.21)

(Dt)TED = R,Q

Since we determined the stress effects of Dy and DiCY, we now can also determine
the relative change of TED in the presence of stress using Eq. 6.21. The ratio of

D /DiCf determines the stress effect on TED. In the case of biaxial strain, there
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are both in-plane (lateral) and out-of-plane (vertical) diffusion directions. In both
cases we assume that the total TED time is determined by the vertical diffusion of

interstitials to the surface.

D* alera. D* .
TEDlateraJ = ( B(e)lt 1 >/( B(O)latela,l )

D 1 CI’k (6) vertical D 1 CI* (O) vertical
Df (6) vertical ) ( D E (O)Vertical )
TEDyertical = Y 6.22
ertical ( D 1 CI* (e)vertical / D 1 ka (0)vertical ( )

TEDjaterar and TEDyericar are the TED enhancement factors in respect to un-
strained Si for the two different directions. In the case of 1% biaxial strain at
1000 °C the results for the individual components are determined using the relations
in Eq. 6.11. Combining the results leads to an enhancement of lateral TED by a
factor of 3.39, whereas vertical TED is predicted to be enhanced by a factor of 2.15.

6.5 Summary and conclusion

We used ab-initio calculations to investigate the effect of stress on point-defect and
dopant diffusivities. The methodolcgy introduced in Chapter 5 was extended to also
treat stress effects on diffusivities under arbitrary strain states. Vacancy diffusion
showed enhancement under compressive strain, whereas interstitials showed the op-
posite behavior. Tensile strain enhanced I diffusion. The calculations also showed a
strong anisotropy in the case of I diffusion under biaxial strain. The enhancement
for in-plane (lateral) diffusion is larger than for out-of-plane (vertical) diffusion. Sim-
ilar effects were also seen in the case of B diffusion, with significant implications for
controlling channel length and lateral abruptness. Stress appears to have a stronger
effect on B diffusion than on interstitials. In additioh, we determined the full diffusiv-
ity tensor of I and B migration for arbitrary strain conditions. The off-diagonal terms
of the I and B diffusivity tensors vanish. The full knowledge of these tensors enables

- the implementation of local stress effects in 2D and 3D TCAD process simulators.
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Chapter 7

STRESS EFFECT ON DOPANT ACTIVATION

When increasing the local dopant concentration, not all dopant atoms are electri-
cally active. Only a fraction of the dopant atoms contribute to the conduction at room
temperature. As an example, group III or V dopants located at substitutional lattice
sites accept or donate one electron to the Si crystal. Thus every dopant atom ide-
ally contributes one electron or hole to the conduction. However, since dopant atoms
usually interact with point-defects forming e.g., charge neutral dopant/defect clus-
ters, not every dopant atom can be considered electrically active. Increasing dopant
activation plays a crucial role in meeting the future targets set by the International
Technology Roadmap for Semiconductors (ITRS) [16] and therefore the continuation
of Moore’s law [1]. The demand for ultra-shallow and highly active junctions in cur-
rent and future semiconductor devices requires in depth understanding of the dopant
activation process under different process conditions, in order to further increase ac-
tivation at higher doping concentrations. One open question is the effect of stress
on the dopant activation behavior. As mentioned earlier, steep doping gradients and
hetero-interfaces induce large stresses. On top of this, sometimes stress is induced
purposefully to enhance carrier mobility [69, 70, 71]. The effects of stress on both
dopant diffusivity and dopant activation are therefore of major importance. In this
chapter we develop a model to predict the stress effects on dopant activation. Since
boron (B) is currently the most widely used p-type dopant, we focus here on this
element. waever the effects of stress on the activation behavior of other dopants can
be treated in a very similar fashion.

Experiments on stress effects are very difficult and in the case of B diffusion
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even lead to contradictory results [29]. We utilize ab-initio calculations to predict B
solubility under arbitrary strains, which is an extension of our previous work on stress
effects on formation and migration of point-defects and B diffusion (Chapters 5 and
6). Our analysis extends beyond simple hydrostatic activation volumes [25] in order
to predict anisotropies associated with more complex stress states.

There exists broad agreement that the boron activation process is controlled by

the following three mechanisms:

(a) intrinsic boron diffusion,
(b) boron transient enhanced diffusion (TED),

(c) boron-interstitial cluster (BIC) kinetics.

The effect of stress on the intrinsic B diffusivity and boron TED have been dis-
cussed in Chapter 6. This chapter focuses on developing a boron solubility model
based on BIC energetics. This is the simplest way to predict the effect of stress on B
activation without treating all the details of the BIC time evolution during the acti-
vation process. Similar to TED, which involves the modeling of interstitial clustering,
BIC models are very complicated and involve a large number of B,1,, clusters. Our
goal is to gain insight on the effects of stress on B activation without treating the
highly complex dynamics of the activation process, which involve I,, as well as B, 1,
clusters.

In the following section, a boron solubility model for unstrained silicon based
on BIC energetics is developed, which gets extended to capture the effects of arbi-
trary stress states in Section 7.2. Furthermore, the most important parameter of the
model, the induced strain due to substitutional boron, is compared to experimental
x-ray diffraction data. The chapter is concluded with a summary and conclusion in

Section 7.3.
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7.1 Boron activation and solubility

The diffusion and clustering behavior of B in. unstrained silicon has been studied ex-
tensively in the past. There exists broad agreement that B-T clusters (BICs) play an
important role in the diffusion and activation behavior of B. The key to understand B
behavior is to determine the energetics of these clusters. In addition to inverse mod-
eling studies, ab-initio calculations have been conducted to determine the structure
and formation energies of B,I,, clusters [79, 80, 81]. Multiple ab-initio calculations
and inverse modeling results conclude that B3l is a key cluster, which controls BIC ki-
netics [79], while Bysl; is reported experimentally to be the building block of the SiBj
phase [82] and most stable cluster identified [79]. Thus, we use these clusters to model
the boron solubility in unstrained silicon and further on extend the analysis including
stress dependence. Figures 7.1, 7.2, and 7.3 show the structure of the individual B
complexes used in this model. The high symmetry of these clusters (z + y < 2)

dramatically simplifies the analysis under stress (see Appendix E).

Earlier work by Sadigh et al. [83] reports large B solubility enhancements under
compressive biaxial stress primarily attributed to changes of the intrinsic Si carrier
concentration n;. However their analysis implicitly assumes non-degenerate Si, which
is not a valid assumption in the B solubility limit. Under such high doping conditions
an impurity band gets formed and Si becomes a degenerate semiconductor. In our
analysis, we assume the Fermi level to be at the valence band edge, which is a valid

assumption for heavily-doped Si.

Figures 7.4, 7.5, and 7.6 show the density of states (DOS) of B,, Bsl, and Bysly.
Although the calculations were performed using neutral super-cells, summing the
occupation of the states below the valence band edge shows that the valence band is
not Complefely filled for B, Bsl, and Bysl;. This in an indication of the charge states
of the complexes. In the case of B, there is one unoccupied state in the valence band.

This is the signature of a delocalized hole. Assuming a localized negative charge
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Figure 7.1: Structure of a substitutional B atom in a Si diamond lattice. The B atom
is shown in green, whereas the Si atoms are illustrated in yellow.

around the B atom, the neutral super-cell calculation refers to B, +h* rather than a
neutral BY. This analysis is identical to the method discussed in Chapter 3. Summing
the DOS for B3l and Bisl; determines the charge states of these complexes to be
B3I~ and Biol7 for a Fermi level at the valence band edge. This is an appropriate
assumption near the solubility limit. These results suggest that Bl and Byol; are
not completely inactive. In the case of B3l 33% of the incorporated B is active.
The double negatively charged Bqsly includes 17 % active boron. This fact does not
impact the B solubility, but need to be considered when calculating the actual active

B concentration.

The calculated formation energies of B3I~ and Bisl;™ in unstrained Si are —0.10eV
and —3.31eV respectively (see Tab. 7.1). These energies are in reference to B; and
perfect Si. We assume Fyp = Evy as appropriate for heavily B-doped Si. More details

on the convergence of these numbers is included in Appendix G. The formation energy
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Figure 7.2: Structure of a B3l cluster in a Si diamond lattice. B atoms are illustrated
in green, whereas Si atoms are yellow. The three B atoms are arranged along the
<111> direction. Two B atoms reside close to substitutional sites, whereas the third
B atom occupies the connecting bond-centered site.

of B,1,, clusters are defined as:

m
EBn = By —nbp — ((n - 7\7) s, (7.1)

where Fg,1,., Is, and Fg are the total energies for the respective super-cells. Si and
B have N atoms, whereas B, 1,, has N + m atoms in the super-cell.

In local equilibrium, the formation energies of the different clusters determine
the concentration of the clusters B, [, for a given boron concentration Cpy (see Ap-

pendix A):

OB.1 (CB>” Egn
= Belm o (2B St 2
CBnIm eg 8 Cs eXp kT . (7 )

Adding up the boron concentrations of the different complexes results in the total

boron concentration C§*, which is just a function of Cp once E; and 6 are known for
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Figure 7.3: Structure of a ByoI7 cluster in a Si diamond lattice. B atoms are illustrated
in green, whereas Si atoms are yellow. The twelve B atoms are arranged as an
icosahedron. Bisl7 is the building block of the SiBjs phase.

Table 7.1: Formation energy for B,, B3l and Bisl; in unstrained silicon. The ref-
erence configurations are substitutional B and perfect Si. E})’"Im = Fg,1, — nlkp —
((n —1) —m/N) Eg;, where Si has N atoms, and B,l, has N + m atoms in the
super-cell. We assume Fp = Ey as appropriate for heavily B-doped Si. The reported
numbers include a correction due to the finite k-point sampling, which is discussed in
Appendix D.

Complex | Ey [eV]
By +0.00
Bsl~ —-0.10
Biol™ —3.31
the different clusters:
CEH(CB) = Cg + Y nCy1,(Ch). (7.3)

n=2
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Figure 7.4: DOS of B, and 63 Si atoms in a neutral super-cell (255 electrons). The
green (dashed) lines indicate the locations of the valence and conduction band of
Si at w/(4b) (1,1,1) in the first Brillouin zone (BZ) respectively. b = 5.4578 A is
the GGA lattice constant of unstrained Si. Since the calculation was performed
using 2° Monkhorst-Pack k-point sampling (4 irreducible k-points) including spin,
every state is 8-fold degenerate. The total number of electrons N is determined by
N =3,(1/4 Z?zl ni;). 1/4 is the weighting factor due to the k-point sampling and
n;; is the occupation. ¢ runs over all bands. All energies are reported with respect to
the valence band edge of Si.
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Figure 7.5: DOS of B3l and 62 Si atoms in a neutral super-cell (257 electrons). The
green (dashed) lines indicate the locations of the valence and conduction band of Si
at 7/(4b) (1,1,1) in the first Brillouin zone (BZ) respectively. b = 5.4578 A is the
GGA lattice constant of unstrained Si. Since the calculation was performed using 23
Monkhorst-Pack k-point sampling (4 irreducible k-points) including spin, every state
is 8-fold degenerate with the exception of the states in band 128 and 129. Each of
these have a 4-fold degeneracy. The total number of electrons N is determined by
N = ¥,(1/4%5 1 ny;). 1/4 is the weighting factor due to the k-point sampling and
ni; is the occupation. i runs over all bands. All energies are reported with respect to
the valence band of Si.
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including spin, every state is 8-fold degenerate. The total number of electrons N is
determined by N = ¥,(1/4 5, ny). 1/4 is the weighting factor due to the k-point
sampling and n;; is the occupation. 4 runs over all bands. All energies are reported
with respect to the valence band of Si.
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Figure 7.7: Local equilibrium concentration of B, B3I, and B1,17 as a function of total
B concentration in unstrained Si at T = 1000°C

Here we only consider three clusters B, Bsl, and B2l7, hence:
C%Ot(CB) = Cp + 3Cp,1(Cp) + 12 0131217(03). (7.4)

0g, Op,1, and Op,,1, are the configurational entropy factor S = k In6 for By, Bsl,
and Biol;. For a fixed total boron concentration C{' Eq. 7.4 can be solved for
Cg. Figure 7.7 illustrates the result at 7" = 1000°C. The graph shows that for
C¥ > 10* em =2, Cp is a very weak function of C§’. This is an indication that
the B solubility is reached. Adding additional B to the system leads primarily to an
increase in the Byol7 concentration. Since Bisl; is the building block of the SiB; phase,
this behavior can be viewed as approximating the formation of boron precipitates.
Therefore the solubility can be predicted as C,, &~ Cp for large enough CF*. The

effect of Bsl on C,, is rather weak in comparison to Biol7.
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7.2 Stress effect on boron solubility

The solubility model introduced in the previous section depends only on the formation
energies of the different B, 1, clusters and can be extended to arbitrary stress states
once the stress effect on the formation energy is known. Following the methodology
of Chapter 5, the energy of a B,,1,,, clusters in an arbitrary strain state can be written

as a function of the elasticity tensor and induced strain:
Q .
Bigo1, () = Egnm + 5 (€= o A1) (CF 4 2ACP) (- A& ) (1.5)

where (2 is the volume of the super-cell, z = Cp_j,, /Cs denotes the relative complex
concentration, AéP!m is the induced strain, and C¥' 42 ACB~I is the elasticity tensor
of the super-cell. In this work, 2 = 1/64 since our super-cell contains 64 Si lattice sites.
Thus, once the elastic constants and induced strains for a given equilibrium structure
are known, the change in formation F; can be calculated, which leads directly to
modified equilibrium concentrations. To account for the change in formation energy
due to stress, the elasticity tensors C and induced strains A€ are calculated for B,
Bsl, and Bysl;. Figure 7.8 shows the energy vs. hydrostatic and uniaxial strain for the
complexes of interest. The high symmetry of these clusters (z < y < 2) dramatically
simplifies the analysis under stress (see Appendix E). Table 7.2 lists the extracted
parameters.

Substitutional B exhibits a rather large induced strain of —0.327, or a total in-
duced volume change of 0.981 ) (almost a full atomic volume). Due to this large
induced strain, the Si lattice parameter is expected to be a strong function of the B
concentration. Figure 7.9 shows a comparison of various experimental data with this
work. Our calculated value agrees well with the experimental measurements.

In the dilute limit, the change in formation energy of the various clusters can be

derived using Eq. 7.5 as:

AEPm = —Qp (A&PIm — nAeBs) Coie %—%(AcBnlm —nACP — mC¥) & (7.6)
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Figure 7.8: Energy vs. hydrostatic (solid lines) and uniaxial strain (dashed lines) for
B,, Bsl, and Bysl7. All energies are reported with respect to their values in unstrained
Si. Due to the symmetry of the complexes (2 < y < 2) the induced strain Ae is the
shift of the minimum from ¢ = 0 (unstrained Si) under hydrostatic strain. ACq; and
AC1, are determined from the curvatures. The data shown corresponds to a 64 atom
super-cell calculation. € = 0 response to the GGA Si lattice constant bg; = 5.4578 A.
The extracted values are listed in Table 7.2.

Table 7.2: Induced strain Ae and ACy; for B,, Bsl, and Byoly extracted from Fig. 7.8,
assuming Cfi = 155GPa and Cf = 54 GPa for pure Si. Strains are reported with
respect to the GGA lattice parameter by = 5.4578 A. Appendix G discusses the
convergence of these parameters.

Complex Ac ACY; [GPa) | AC, [GPa]
B; —0.327 —260 129
Bsl —0.299 —465 220
Bioly; —0.236 —614 510
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Figure 7.9: Comparison of experimental data [15] with our ab-initio results for the
Si lattice parameter as a function of B concentration. Theoretically the Si lattice
constant can be expressed in terms of the induced strain Ae (see Table 7.2) of substi-
tutional B and the fractional B concentration x = Cg/Cyg as b = (1 + xA¢)bs;, where
as; is the lattice parameter of bulk Si. Ae = —0.327 corresponds to a lattice contrac-
tion coefficient § = 6.54 x 10724 cm?®. Sardela et al. report 3 = (6.3+£0.1) x 10~-* cm?
based on active B concentration. For other experiments, cluster formation at high B
concentration may lead to lower strain levels.

2y is the volume of a single Si atom. For small strains, the linear strain term is domi-
nant; even at 1% strain the quadratic term gives rise to only moderate contributions
for large clusters like Byol7. Equation 7.6 also indicates that large strain effects are
expected for B rich clusters due to the relative induced strain AeBrlm — nA&Bs. A

similar effect also exists for the quadratic term due to ACBrlm — n ACBs — Sl

Due to the symmetry of the By, Bsl, and Bysl;, the induced strains can be directly
extracted from hydrostatic strain calculations (see Appendix E). Furthermore, the

respective elasticity tensors can be expressed in terms of only two independent pa-
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rameters: C1; and Ch. Since the bulk modulus K = 1/3(Cy; + 2C1s), calculations of
only the hydrostatic and uniaxial strain case are required to fully describe the elastic
behavior of the system. For biaxial strain € = (e, ¢, —¢) (see Appendix E) Eq. 7.6

becomes:

AE(e)P' = —29.65¢ + 36.25¢7,
AE(e)?*" = —160.33¢ 4-294.67¢%. (7.7)

Figure 7.10 shows the enhancement of the boron solubility as a function of biaxial
strain for different temperatures. Our calculations predict strongly enhanced activa-
tion for compressive biaxial stress, while tensile biaxial stress reduces the B solubility

and this increases sheet resistance.

1

10 : T ' | : |
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Figure 7.10: Predicted boron solubility enhancement as a function of biaxial strain
for various temperatures. Positive strains are tensile.

The rather moderate induced strain of Bsl and BjsI; indicates that enhancement
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of B solubility under stress is mainly due to the large induced strain of B,. If one
assumes that in the solubility limit only one large B,l,, cluster dominates Eq. 7.3,
the total B concentration can be approximated by:

C n EBnIm
CEt ~nC, (FB> exp (— ZJ::T ) : (7.8)

Entropy difference are neglected here. Assuming C,s =~ Cp, Eq. 7.8 determines Cg,:

(ot n EBnIm
Cyo = C (nCBZ’ > exp ( nfkT ) } (7.9)

The solubility enhancement under strain takes on a very simple form:

Cul® _ (AE?M@) |

AEJ]?"I’” is given by Eq. 7.6. Dropping the quadratic strain term in Eq. 7.6 leads to:

g:g ~ex ("Q“(AE? "Imé’;“ ABf S)CSlg) s exp <—-——-————Q"Aiif';sc&€) @)
where we dropped the term AEfB”Im /n for large n. The solubility enhancement now
depends only on the induced strain of B,. Figure 7.11 shows a comparison of this
simplified model with the prediction using By, B3I, and By,I; (see Fig. 7.10). There is
almost no difference between the predictions of the two models, which confirms that

the dominant stress effect on B solubility is the large induced strain of B,.

7.3 Summary and conclusion

Stress effects on dopant diffusion and activation are of critical interest in current and
future CMOS devices. Since experiments are very difficult to perform, we utilized
ab-initio calculations to predict the effect of stress on B solubility. We find strongly
enhanced solubility under compressive biaxial stress, whereas tensile biaxial stress
leads to a reduction. In contrast to other work [83], the enhancement/reduction is

primarily due to the size effect of substitutional B which is confirmed by the excellent
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Figure 7.11: Comparison of stress effect on B solubility under biaxial strain using the
simplified solubility model of Eq. 7.11 with the more extended model including B,
Bsl, and Bysl7 shown in Fig. 7.10.

agreement of calculated B strain relaxation effect with various x-ray diffraction data.
Measurements in different SiGe alloys also support our predictions, as there is exper-
imental evidence that B solubility is enhanced in compressively strained SiGe on Si
films with increasing Ge content [84]. This work suggests that stress effects play a

major role in modifying B solubility/segregation in SiGe versus Si.
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Chapter 8

SUMMARY AND SUGGESTIONS FOR FUTURE WORK

In this dissertation, we described how ab-initio calculations can be used to de-
velop physical models of diffusion and activation in silicon. A hierarchy of approaches
(ab-initio, kinetic lattice Monte Carlo, continuum) was used to bridge the gaps in
time scale and system size between atomistic calculations and nanoscale devices. The
ab-initio modeling approach introduced in Chapter 2 was applied to two very differ-
ent challenges in process technology: F co-implantation and stress effects on dopant
diffusion and activation.

The following sections give short lists of the main accomplishments of this dis-
sertation, followed by more details regarding individual contributions. This chapter

closes with suggestions for future work and a final conclusion.

8.1 Main contributions of fluorine study

(a) Found strong interaction of F with vacancies which leads to F decoration

of dangling bonds associated with vacancies and vacancy clusters.

(b) Explained anomalous F redistribution behavior based on F vacancy inter-

actions.

(c) Explained interactions of F with other dopants (B and P) with respect to
dopant diffusion and activation (F interacts indirectly by modifying local point-

defect concentrations).

In Chapters 3 and 4, ab-initio calculations were used to understand anomalous F
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diffusion behavior (Chapter 3)? which has been a mystery for a decade. Strongly bound
F,V,, clusters are the key to understanding the anomalous redistribution behavior
reported by Jeng et al. [3]. Fast diffusing F; decorate V,, forming immobile F,Vy,
clusters. At higher temperatures, these clusters are annihilated by 1. This leads to
the surface driven uphill diffusion phenomenon: F decoration of V leads to I dissolving
from deeper regions (I excess) and accumulation near surface (V excess).

The revealed interaction of F with point-defects also explains the benefits of I co-
implantation for B and P activation and diffusion. Based on the insight gained from
first-principles, a simplified F diffusion model at the continuum level was extracted
(Chapter 4), that accounts for co-implantation effects on B and P for various implant
energies and doses. The analysis predicts the F effect on B and P to be entirely due
to interactions of F with point-defects. Fluorine alters the local point-defect concen-
tration due to the formation and dissolution of energetically favored F,V,, clusters
and therefore indirectly impacts the point-defect mediated diffusion behavior of B
and P. The depth of the amorphous-crystalline interface and the implant depth of
fluorine are the key parameters to understanding the effects on dopant redistribution.
Under sub-amorphizing conditions, B and P diffusion are enhanced due to increased 1
concentrations, in contrast to amorphized regions where the model correctly predicts
retarded diffusion due to the additional vacancies grown in originally as F,V,, clus-
ters. This model has been implemented in the commercially available TCAD process

simulators TSUPREM4 [43] and ISE-FLOOPS [44].

8.2 Main contributions of stress effect study

(a) Developed new methodology to treat stress effects on formation and migra-

tion energies of point-defects/dopants.

(b) Calculated stress effects on equilibrium concentration and diffusion of point-

defects.
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(c) Found strong anisotropic diffusion for interstitials and boron.

(d) Found large enhancement of B solubility under compressive strain.

Chapters 5, 6, and 7 addressed the effect of stress on point-defect /dopant equilibrium
concentration, diffusion, and activation. After developing a general methodology to
treat stress effects from first-principles (Chapter 5), ab-initio techniques were used
to extract induced strains and elasticity tensor for various defects and impurities in
order to predict the impact of arbitrary stress tensors (i.e., not just hydrostatic case).
The results from first-principles calculations were used to quantify both analytically
as well as using kinetic lattice Monte Carlo simulations the full diffusivity tensor of
I and B (Chapter 6). The result is a prediction of strong anisotropic diffusion of B
(as well as I) under biaxial sﬁrain. In Chapter 7, the effects of stress on B activation
were investigated. Following the methodology in Chapter 5, a stress dependent B
solubility model was developed that predicts large enhancements of B solubility under

compressive stress conditions with corresponding solubility reduction for tensile stress.

8.3 Suggestions for future work

The incorporation of biaxial strain in order to improve mobﬂity has become a central
part of the strategy for CMOS device scaling. In this work, we developed a method-
ology in Chapters 5, 6, and 7 to treat stress effects on dopant diffusion and activation
and applied it to single intrinsic point-defects as well as B systems. With this method-
ology in place, it is straightforward to extend this work to other dopants such as P,
As, and Sb and investigate the stress effects on diffusion and activation. Prelimi-
nary work on As found symmetric transition states for both migration mechanisms
(vacancy-assisted and interstitial-assisted) which suggests isotropic diffusion under
arbitrary strain conditions. For As activation, As,V is believed to be responsible for

As deactivation [85]. Thus, stress effects on As activation can be investigated by de-
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termining the stress dependence of the As,V formation energy. Since single/extended
intrinsic point-defects are the key to understanding the dynamic processes like TED
and activation, a similar approach can be used to calculate the stress/strain depen-
dence of extended point-defect formation. Of particular interest are dopant/defect
clusters which limit dopant activation (e.g., B/I and As/V clusters) and point-defect
clusters which control TED (I, V clusters, {311} defects, loops).

As shown in Chapters 3 and 4 fluorine co-implantation is an effective tool to
reduce B and P diffusion and enhance activation. This approach can be extended to
incorporation of other impurities via implantation or growth. Of particulér interest
are group IV elements such as C, Ge, Sn, and Pb, since they are compatibility with
the Si electronic and lattice structure. However due to their size mismatch, large
induced strains can be anticipated. Since it has been shown in the previous chapters
that the large stress effects for B diffusion and activatioﬁ arose from the large negative
induced strain of substitutional B, it is interesting to look into strain compensation
effects of for example group IV elements with dopants in order to identify the most
promising species for co-implantation and/or co-doping. Furthermore, using ab-initio
calculations cluster binding energies across a wide range of impurities (e.g., F, Cl, N,
O, C, Sn, Pb) with dopants and defects (I and V) can be explored. The aim is to
explore activity enhancement and diffusion reduction via two mechanisms: formation

of stable active complexes and point-defect engineering.

8.4 Final conclusion

In conclusion, we have demonstrated in this thesis that the ab-initio modeling ap-
proach is an extremely powerful tool to identify diffusion/reaction mechanisms (e.g.,
F study) and that it can be used to address phenomena which are experimentally
difficult to access (e.g., stress effects on point-defect/dopant diffusion and activation).

Overall, ab-initio calculations have a special role as the foundation in the modeling
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hierarchy. However, future challenges in VLSI technology will require utilization of

all tools of the modeling hierarchy in addition to experiments.
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Appendix A

LOCAL EQUILIBRIUM OF DEFECTS/IMPURITIES IN
SOLIDS

In the dilute limit (C% < C), the equilibrium concentration C% of a defect /impurity

X in a solid can be written as (see Ref. [30]):

GX .
C% = 0xC,exp 7% . (A.1)

This relationship is derived by minimizing the Gibbs free energy of the system with
respect to the defect/impurity concentration Cx. S = k In #x is the configurational
entropy of the defect/impurity, whereas C; is the lattice site density of the solid (in
silicon C; = 5 x 102 cm™®). G¥ is the formation energy of the defect/impurity with
respect to some well defined external reservoir. It is the energy, which is necessary
to take a defect/impurity X from its reservoir and form the defect X in the solid.
Assuming such an infinite reservoir, the defect /impurity concentration will interact
with the reservoir until it reaches global equilibrium. The equilibrium concentration
in the solid at a given temperature 7" is entirely determined by the configurational
entropy factor fx and the formation energy G¥.

In the case of point-defects, such as interstitials and vacancies, the surface of
the solid serves as such a reservoir. The basic assumption is that due to the many
kinks of the surface of the solid (surface roughness) the surface energy is unaltered
when removing or adding an atom from the surface of the solid. This assumption
breaks down under large hydrostatic pressure, since removing or adding an atom to
the surface changes the volume of the solid and therefore changes the system energy.

However in most practical cases the external pressure is relatively modest. In the
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case of other impurities, such as dopant atoms, an outside gas phase or dopant-rich
film could serve as an appropriate reservoir. However since a finite number of dopant
atoms are usually introduced to the solid via ion-implantation in VLSI technology the
concept of local equilibrium is very convenient in order to study clustering behavior
of defects/impurities. The idea is to define an equilibrium, which is both independent

of external reservoirs and the implant procedure.

In the case of compound defects/impurities, which consist of different individ-
ual defects/impurities (e.g., a boron interstitial cluster B,l,,), the formation energy
is defined by taking the individual compounds (n boron atoms and m interstitial
atoms) from their external reservoirs, introducing them into the solid and then as-
sembling them to form the compound defect/impurity B,l,, inside of the solid. As
mentioned earlier, dopant atoms are usually introduced via ion-implantation into the
solid. Therefore, the first step of moving the individual building blocks from an ex-
ternal reservoir into the solid is done via the implantation process which is not an
equilibrium process. Thus, it is desirable to change the reference energy of dopants
such that to make it independent of external reservoirs and the implant process. Equa-
tion A.1 is valid in global equilibrium only. Implicitly, it is assumed that there is an
infinite or at least very large reservoir of defects/impurities X, such that the reservoir
does not change during the equilibration process. Only the formation energy of the
defect/impurity determines the final equilibrium concentration C% in the solid. In
contrast, for ion-implantation, a fixed finite amount of defects/impurities Cp is in-
troduced into the solid. Shortly after the implantation process, the system is far out
of global equilibrium. Since the global equilibration process is rather slow, Eq. A.1
is no longer valid. However it is a good assumption that locally the system equili-
brates very rapidly among the different defects/impurities. This means that in the
neighborhood of a given spatial coordinate Z in the solid, equilibrium is established
among all species. This is referred to as local equilibrium. Due to the global equili-

bration process, local equilibrium is a function of time. Equation A.1 can be modified
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to account for the new conditions. Since the individual atomic species are already
present in the solid and do not need to be introduced from an outside reservoir, only
an adjustment of the reference is needed. The new reference must be independent
of the implant process, e.g. for a B,l,, cluster a possible reference is the implanted
B concentration Cg and not Cf. Introducing a factor of (Cg/C%)" accounts for the

change of reference. In local equilibrium:

CB n é?"lm

Coun = L 22 - ,
Bulm B,1,,C (%) eXp( T
Bnlm

. ngym CB>n éf “Tlé?
= C, (Cs exp( P : (A.2)

Cg,1,, is expressed independently of an external infinite reservoir of B atoms and is a
function of C'g. If there are only two B configurations present: B and B,1,,, the total
B concentration is C* = Cg +nCp,1,,. Cp(CE") and Cg,1,, (CE*) can be determined
by solving previous equation using Eq. A.2. Figure A.1 shows a typical result for a
system with three B clusters: B, Bsl, and Bysl7.

All formation energies in this dissertation are referenced in the following way:
Bulm — ABnlm A
G =Gy —nG?. (A.3)

For every atomic species the lowest energy configuration of a single atom in silicon
is taken as the reference. In most cases a substitutional lattice site minimizes the
energy of a single impurity atom, however there are exceptions like F (see Chapter 3).
Interstitials and vacancies need to be treated in a special way, since they are not
impurities. The surface of the solid provides a natural reservoir and therefore G}’V =
é}’v. In the next section I and V are discussed in more detail.

Using this reference scheme, the concentration of a general defect A, B,, can be
written as (note the absence of the tilde):

3 eAan (CA ) n (CB > m G?an ‘
CAan = HAnQBm Cs Cs Cs exp T . (A4)




131

[\
(33

fam—y
<

T T T TTTTTTTTY T T

mach
<o
(S
=
1

.

<
(&)
<

ananl 3yl

. 3
Concentration [cm ]
oy
=)
UL LR SR

oinmd il

LRRALL SRR

SO R

p—t
<
T

1020 1021 22

Total' B Concentration [crn'S]

—
O

10

—_
e}

Figure A.1: Local equilibrium concentration of B, Bisl, and Bol; as a function of
total B concentration at 7' = 800°C at (C/Cf) =1 (see Chapter 7).

A.1 I and V supersaturation

Since point-defects (e.g., I and V) are created during the ion-implantation process, a
supersaturation of these defects is present after the implantation process. Similar to
the treatment of dopant atoms, the I and V references can be redefined in a similar
fashion. In the following equations, the configurational entropies are dropped for

simplicity, but can be added easily:
CBnIm - Gs ( Cg > (CI*) €xXp ( kT )

_ 2 ANNAS _ , A
(8 (&) e (- ~

The factor (C1/Cy)™ accounts for the changed reference for interstitials. The only

difference between the two equations in A.5 is the implicit or explicit inclusion of the
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I formation energy. In the first case (C1/Cf)™ accounts implicitly for a I supersatu-
ration; the formation energy G?"I’" is unchanged. In contrast, in the second case, G}
is explicitly included by using G?"Im —mGY and (C1/CF)™ is replaced by (C1/Cy)™.
Both ways of reporting formation energies are common in the literature.

Physically including the (Cy/C})™ factor means referencing all I to a new I reser-
voir inside of the solid, which is no longer the surface, but some other local reservoir
(e.g., {311} defects). Such extended defects will sustain an I supersaturation for a lim-
ited time, which is the source of transient enhanced diffusion (TED) of B. This analysis
is directly transferable to vacancy clusters by replacing (C1/Cf) with (Cv/C%). All
arguments work in an equivalent way.

The Gibbs free energies Gy include changes in entropy due to changes of the
vibrational lattice modes. Throughout this dissertation we used zero temperature
calculations which do not include these entropy changes. To indicate this in the

different chapters, G is replaced by E;. £ is the free energy at zero temperature.
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Appendix B

HIGH SYMMETRY SITES IN THE SILICON LATTICE

There are various high symmetry interstitial configurations in the silicon (dia-
mond) lattice. The gray atoms in the following figures illustrate schematically the
interstitial sites used in this dissertation. The marked high symmetry locations (gray
atoms) can be occupied by either Si atoms, resulting in Si self-interstitials, or other

impurities, forming for example interstitial bond-centered fluorine Fy, (see Chapter 3).

Figure B.1: The gray atoms illustrate the structure of a [110] split/dumbbell inter-
stitialcy (Igu). Note that for this structure, the interstitial is not a single atom, but
rather two atoms in place of a single atom.
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Figure B.2:

Figure B.4: The gray atom marks a bond-centered interstitial site (Ij.).
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Appendix C

DENSITY OF STATES FOR FyV,; COMPLEXES

The density of states (DOS) of various single ¥ and F,,V,,, complexes was calculated
in a neutral 64 Si atom super-cell. The green (dashed) lines indicate the locations
of the valence and conduction band of Si at 7/(4b) (1,1,1) in the first Brillouin zone
(BZ) respectively. b = 5.43 A is the experimental lattice constant of unstrained Si.
The calculation was performed using a cutoff of 320eV and 2® Monkhorst-Pack k-
point sampling (4 irreducible k-points) including spin. Due to the k-point sampling
and spin, each state in perfect Si is 8-fold degenerate. However, for some defect
configurations this degeneracy gets broken, which can be seen in the associated DOS
graphs. The total number of electrons N can be determined by:

8

7

where 1/4 is the weighting factor due to the k-point sampling and n;; is the occupation
reported in the graphs (i runs over all bands). All energies are reported with respect
to the valence band of Si. The total number of electrons varies depending on the

defect structure.
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Figure C.1: DOS of interstitial Fy., Fiep, Frer, and substitutional Fy were calculated
using a neutral 64 Si atom super-cell. Neutral Fp. and F, have partially filled states
near the conduction band minimum, so they will be positively charged for most Fermi
levels. In contrast, neutral Fy; and Fp., show partially filled states near the valence
band maximum, so they will be negatively charged for most Fermi levels.
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Figure C.2: DOS of FV, FoV, F3V, and F4V were calculated using a neutral 64 Si
atom super-cell. Neutral F4V shows some unoccupied states near the conduction
band, so it will be neutral for most Fermi levels. For a Fermi level close to midgap
F3V is neutral.
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Figure C.4: DOS of F3Vy, FyVa, F5Vy, and FgVy was calculated using a neutral 64
Si atom super-cell. Neutral FgVy shows some unoccupied states near the conduction
band, so it will be neutral for most Fermi levels.
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Appendix D

DENSITY OF STATES ANALYSIS TO PREDICT
CHARGE EFFECTS

The density of states (DOS) of charge neutral super-cell calculations can be used
to predict the total energy of the corresponding charged super-cells. This enables the
determination of the Fermi level dependence of formation energies for charged defects.
The idea is (assuming that the DOS and total energy Fxo of a defect X° is known)
to empty/fill the highest /lowest occupied/unoccupied electronic states to predict the
total energy of the resulting charged super-cell. The details of the method will be
explained by considering two F defects with opposite charge: F;. and Fy.

Figure D.1 shows the DOS of an uncharged (left) vs. a positively charged super-
cell (right) calculation of interstitial bond-centered F (Fy.). In the case of the neutral
super-cell (left), there are partially filled states near the conduction band edge (band
number 132). This means that for Fermi levels below these states Fy. is positively
charged, since the system can lower its energy by emptying these states and donating
the electron to the Fermi sea.

The total energy of a charged super-cell can be determined by simply minimizing
the energy of a super-cell with added/subtracted electrons via an additional DFT
calculation. The result for the DOS of such a calculation is shown for F{, in Fig. D.1
(right). We claim that we can predict the resulting total energy of such F complexes
by just subtracting the energy of the partially occupied states. The correction term
is determined by simple integration of the DOS for £ > E} '

Bx+(Ep = BX') = Bxo — AE = Exo — /oo n(E)g(E)EdE, (D.1)

X
bF
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Figure D.1: DOS of interstitial Fp. and 64 Si atoms of a neutral (left) and posi-
tively charged (right) super-cell calculation (263 electrons/262 electrons). The green
(dashed) lines indicate the locations of the valence and conduction band of Si at
w/(4b) (1,1,1) in the first Brillouin zone (BZ) respectively. b = 5.43 A is the exper-
imental lattice constant of unstrained Si. Since the calculation was performed using
a cutoff of 320eV and 2* Monkhorst-Pack k-point sampling (4 irreducible k-points)
including spin, every state is 8-fold degenerate. The total number of electrons N is
determined by N = > ;(1/4 Z§:1 ni;). 1/4 is the weighting factor due to the k-point
sampling and n;; is the occupation. ¢ runs over all bands. All energies are reported
with respect to the valence band of Si.

where n(E) is the electron occupation and g(E) is the DOS of electrons. EX is
determined from jg%+ n(E)g(E)dE = 1. Note that there is a range of energy values
that satisfy this requirement, but they all give the same correction. Fx+ and Exe are
the total energies of the charged and uncharged super-cell respectively. Figure D.1
(right) shows, that indeed the only significant difference between the uncharged and
charged DOS are the reduced occupations in band 132. In the case of Fy. the predictvion

is accurate up to -0.00344 eV, which is smaller than the overall convergence error of
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Figure D.2: DOS of interstitial Fy; and 64 Si atoms of a neutral (left) and nega-
tively charged (right) super-cell calculation (263 electrons/264 electrons). The green
(dashed) lines indicate the locations of the valence and conduction band of Si at
7/(4b) (1,1,1) in the first Brillouin zone (BZ) respectively. b = 5.43A is the exper-
imental lattice constant of unstrained Si. Since the calculation was performed using
a cutoff of 320eV and 23 Monkhorst-Pack k-point sampling (4 irreducible k-points),
including spin every state is 8-fold degenerate. The total number of electrons N is
determined by N = 52;(1/4 %5, ny). 1/4 is the weighting factor due to the k-point
sampling and n;; is the occupation. 4 runs over all bands. All energies are reported
with respect to the valence band of Si.

the calculations of about 0.1eV.

Theoretically, this approach has to work well as long as the new charge density does
not strongly alter the effective one-electron interaction potential. This assumption
could be violated if the added/subtracted electron leads to significant ionic relaxations.

In a similar way, the total energy of negatively charged super-cells can be predicted.
Figure D.2 shows the DOS of an uncharged (left) vs. a negatively charged super-cell

(right) calculation of interstitial tetrahedral F (Fye;). In the case of the neutral super-
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cell (left), there are partially filled states close to the Si valence band edge (bands
number 131 and 132). These are hole states. This indicates that the neutral super-cell
calculation actually corresponds to Fi,;+h™. Indeed, the charge density of Fy; shows
such a localized negative charge around Fi;. Figure D.2 (right) shows the DOS for a
negatively charged super-cell. The only significant difference between the two DOS is
the occupation of the former partially filled states in bands number 131 and 132. The
total energy of the resulting charged super-cell can be calculated similar to Eq. D.1

by just integrating the hole DOS for E < Ef :
) Bx
Ex-(Ep = EX) = Exo + AE = Exo +/ (1-n(E)g(E)EdE,  (D.2)
—00

where (1 — n(E)) is hole occupation, whereas Ex- and Exo are the total energies of
the charged and uncharged super-cells respectively. E%(— is chosen to give a change
of one electron in system and for Fy; can be anywhere in the band gap.

The above described method was compared to actual charged super-cell calcula-
tions for the following F and Si configurations: Fec, Ftet, Fhea, Few, FV, F3V, and Lgppz.
The results are summarized in Table D.1. AF is the actual energy difference between
the charged and uncharged super-cells, whereas AE,..q is the predicted difference
based on Egs. D.1 and D.2. In all cases, the predictions are in excellent agreement
with the calculated results.

Analyzing the DOS of uncharged ksupercell calculations provides tool for investi-
gating possible charged states. However, since in general the exact location of the
physical gap states can not be determined by DFT in a trustable way, one need to be
cautious. There are also possible corrections to the gap states locations due to relax-
ation effects. Such a behavior is only expected for significant changes to the charge
density. However, termination of dangling bonds, as in the case of fluorine/vacancy
complexes (see Chapter 3), simplifies the charge density and therefore should be a
less sensitive case.

To determine the Fermi level dependence of the formation -energies of charged
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Table D.1: Comparison of the difference in energy between uncharged and charged
super-cell calculations AFE for various defect configuration with the predicted differ-
ence AE,,.q based on the discussed DOS analysis.

AE [eV] | AEpreq [€V] | AE — AEpreq [eV]
Fo. | Ff 5.6637 5.6672 —0.0034
Fiet | Frot —4.7910 | —4.7221 —0.0689
Fies / Fr, | —4.8460 | —4.8037 —0.0423
Fop / FL, | 53977 5.4569 —0.0592
FV / FV+ 5.0657 5.0044 —0.0288
F3V / FsV* | 5.3610 5.3574 0.0036
Lopiie / 15y | 5.0580 5.0353 0.0227

defects (see Fig. 3.2) using the above correction scheme, the location of the valence
band edge (location of I' point in the case of Si) needs to be known to provide a
well defined reference. In our DFT calculations, we used finite sampling of the first
Brillouin zone (BZ). Depending on the k-point sampling the I' point is not always
included. Thus, we need to correct for this effect when reporting formation energies.
Figure D.3 illustrates the need for such a correction. Shown is the standard Si band
structure determined based on a two atom Si primitive cell using a GGA calculation.
The energy difference between I and L of the top valence band is 1.19eV, which
agrees very well with various other theoretical, (1.05-1.28) eV, and experimental, (1.24+
0.2) eV, results [4]. DFT predicts the valence band structure of silicon very reliable,
however due to well know underestimation of the band gap, predicting the energies
of conduction band states is problematic.

For 23 Monkhorst-Pack k-point sampling, the k-points used for different super-cells
are indicated. The 3D shapes of the 1st BZ for the different super-cells are shown in
Fig. D.4. In case of a 64 Si atom super-cell and 2* Monkhorst-Pack k-point sampling,
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Energy [eV]
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L L2 L4 T X

Figure D.3: DFT calculation of the silicon band structure near the valénce band
maximum and conduction band minimum for a two atom cell. L = «/b(1,1,1),
I = 27/b(0,0,0), and X = 27/b(1,0,0) with b = 5.43 A are the high symmetry
points of the first Brillouin zone (BZ). The green (dashed) line indicates the valence
band edge, whereas the blue arrow marks the silicon band gap. The orange dashed
line indicates the k-points used in a 2* Monkhorst-Pack k-point sampling calculation
with a cubic super-cell of size b, whereas the blue dashed line indicates a super-cell of
size 2b. The 3D shapes of the different 1st BZ are shown in Fig. D.4.

the correction term is the energy difference between-the valence band energy at the
T point and L/4 of a 2 Si atom super-cell. Figure D.3 predicts AE = 0.285eV based
on a 2 Si atom super-cell. This energy difference can be also determined using a 64

Si atom super-cell. The result is AF = 0.2845 eV which is consistent with the former

value.
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Figure D.4: First Brillouin zone (BZ) of silicon for different super-cell sizes. The wire
frame shows the BZ of two silicon atom cell, the open box is BZ for 8 silicon atom
cell, and the closed box is for 64 silicon atom cell. The <100> directions are indicated
by the black coordinate axes. The figure shows that the location of the L point for
a two and 8 silicon atom super-cell is identical, whereas the L point in the case of
a 64 silicon atom super-cell is located at L/2 of the two/8 silicon atom super-cell.
Figure 3.3 shows the corresponding Si band structure along the A-direction (I to L)
and A-direction (T to X).
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Appendix E

GENERAL STRESS/STRAIN RELATIONS

In the linear elastic limit, the strain dependence of the formation energy of a
defect/impurity in a solid can be derived from Hooke’s law. The relationship is given

by:

Q
B(E) = Bo+ 5 (€~ A9 C(e~ A8, (B.1)
where
Cn Cr Ci3 . Aey
C=1| Cn Cyu Cuxp and A€=| Ae |- (E.2)
Ciz3 Coz Css Aeg

C is the elasticity tensor of the material, A€'is the induced strain relative to a reference
lattice spacing, and Q is the volume of the system. In our notation € is defined
relative to the equilibrium lattice vector of silicon, that is € = 5/ bgi — 1. If only
normal strains/stresses are considered, there are nine unknowns; six elastic constants
Ci1, Coy, O3, C19, Ci3, and Coz and three induced strains Aey, Aey, and Aez. The
spatial symmetries of a defect/cluster often reduce the number of unknowns. By
straining the material in different directions all unknowns can be determined, since
they are related by Eq. E.1. The most consistent method is to fit a large set of
energy vs. strain data (strain applied in different directions) to an equation-of-state
such as Eq. E.1. In the linear elastic limit, energy-strain curves have a paraboﬁc
shape. To analyze the behavior of different defects/impurities under stress/strain it
is instructional to know the value of the strain which minimizes the energy of the
system and curvature of the energy-strain curve for different simple strain cases as a

function of the elastic constants and induced strains. In the following sections, the
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results of several strain cases are listed. As mentioned earlier, spatial symmetries of
a defect /impurity often further simplify the relations. For example, the location of
the minimum for a completely symmetric structure (z < y <> 2) under hydrostatic

strain reduces to €, = Ae; = Aeg = Acs.

E.1 Hydrostatic strain

The following strain vector € minimizes Eq. E.1 for € = €,,3,. The curvature of E(€)

for this strain vector is given by 92E/9¢>:

€= (¢, e) , (E.3)

A (Cu+ Cra + Ci3)Acq + (Cop + Crg + Cz3)Aég + (Cs3 + Ciz + Coa)Aes
e C11 + Co 4+ Cs3 + 2C19 + 2013+ 2053 ’
(E.4)
O*F
'56’5 = {) (011 + Cog + C33 4+ 2C19 + 2013 -+ 2023). (E5)

For a completely symmetric defect/ impurity (x =y e 2) C1p = Cyy = Cs3, C1p =

Ci3 = Cs3 and A¢; = A€y = Aeg, 50 above equations can be simplified to:

Emin = A€q, (E.6)

O?E

Oe?

In the hydrostatic case, the curvature 92E/0¢? is related directly to the bulk modulus
K. The basic definition of K is:

= 3Q(Cyy + 2C12). | (E.7)

82E()
a0 ’

Q=0

K =Q (E.8)

where {}; is the volume of the unstrained system. Combining Eq. E.5 and E.8 results
in:
1
K = §<011 + Cag + C33 + 2012 + 2013 + 20

-+ 2A€1(011 + Cia + 013) + 2A62(Cl2 + Coo + 023)
+ 2A€3(C13 + Cag + 033)). (Eg)
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In the fully symmetric case without any induced strains (e.g. pure silicon), this relation
reduces to:

1
K - § ( Jll + 2012) . (E].O)

E.2 Uniaxial strain

The following strain vector € (z-direction) minimizes Eq. E.1 for € = €ps. The

curvature of E(€) for this strain vector is given by 62F /Je*:

€ = (6,0,0) , (E.ll)
S Ci1A¢; + Craleg + 013A€37 (E.lQ)
Ch
O*E
—_— QC. E.1
L acy (©13

For a completely symmetric defect/impurity (z < y < 2), above equations can be

simplified to:

C1 + 2Ch9 201y
€min = A€ (—————) = A¢ (1+ ), E.14
' Cn ! Ci ( )
PE
57 = 0. (E.15)

Similarly, for uniaxial strain in the y-direction:

€ = (0,¢0), (E.16)
S Crole; + CogAeg + 0231363’ (E.17)
Co
O*FE
— = QC E.18
862 22, ’ ( )
and in the z-direction:
¢ = (0,0,¢), (E.19)
i = ClgAtSl -+ 023A€2 -+ C33A€3 ’ (EQO)
. Css
?’E

—5—6—2— == 9033. (E.Zl)
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E.3 Biaxial strain

For biaxial strain in zy-plane, the following strain vector minimizes Eq. E.1 for € =

€min- The curvature of £(€) for this strain vector is given by 0°E/de*:

€ = (6¢0),
. _ (Cu —+ (Hg)AQ —+ (C")Q + 012)A€2 -+ (C]g + OQ3)A€3
- Ci1 + Co + 20,
’E

—8—-65- = £} (011 + Cyg + 2012).

(E.22)
(E.23)

(E.24)

For a completely symmetric defect/impurity (z < y < z), above equations can be

simpliﬁed to:
Cy+2C 2
Aﬁl (mﬂ L )

€min

Cii + Ciz
0’F
'5;2- = ZQ (CH -+ 012).

Similarly for biaxial xz-strain:

€ = (¢0,¢),
(Ci1 + C13) Ay + (Crg + Caz)Aeg + (Cs3 + C'13)A€3

Cman, = Ch1 + Csg + 203
0*E
'56—2— = Q (Cll + C33 + 2013),

and for biaxial yz-strain:

€ = (0,¢¢€),
S (Cia + Cia)Aes + (O + Coz)Aéy + (T3 + C'23)1363
" Caz + Cs3 + 2003
O*E
W —= Q (CQQ + 033 + 2023).

E.4 Poisson’s ratio

(E.25)

(E.26)

(E.27)
(E.28)

(E.29)

(E.30)
(E.31)

(E.32)

. The relationships in the previous sections are true for very specific strain conditions.

They are very useful for purely theoretical analysis, but not really suitable for exper-

imental conditions. It is usually much easier to apply a well controlled stress to a
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solid in an experiment instead of a strain. Therefore the boundary conditions for real
experiments are often stress and not strain conditions or else some combination of the
two. Figure E.1 shows a solid under tensile uniaxial stress. Once the stress is applied
in one direction the solid will modify its shape in order to minimize its energy. This
is equivalent of saying that the solid will deform such that all surfaces perpendicular
to the applied stress direction are stress free. The boundary condition for uniaxial

stress is therefore:
o

g=10 1. (E.33)
0
Due to symmetry the resulting strain vector has to have the following form € =

(¢,€,€). In the linear elastic regime, € is related by Poisson’s ratio to e:
€ = —Uk, (E.34)

where Poisson’s ratio v accounts for the compression in the perpendicular directions.
By using Hooke’s law, ¢ = Ce, and Eq. E.33, v can be expressed in terms of the

elasticity constants Cj;. For an isotropic material this results in:

Cio

Y == et E.35
Cy1 + Chg ( )

Similarly for biaxial stress the boundary condition is:

a

i=| o |, (E.36)

since a fixed stress o is applied in two directions. Accordingly the solid will modify
its shape to make the surfaces in the third direction stress free. The applied strain
vector is respectively € = (¢, ¢, —¢). Using Hooke’s law and the stress constraint of

Eq. E.36 results in:
2Ch

Cin’

U=

(E.37)
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r———— e

Figure E.1:. Application of a tensile uniaxial stress & leads to a compressive strain
in the perpendicular directions until the surfaces in the perpendicular directions are
stress free.

This is the equivalent of Poisson’s ratio for biaxial stress. A more thorough discussion

of stresses and strains can be found in Ref. [73].
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Appendix F

TWO-STEP TRANSITION VECTORS

F.1 ‘Transition vectors of analytic two-step model

Figure F.1 shows schematically the two-step process used to calculate analytically 1
and B diffusivity in Chapter 6. Each arrow in the graph corresponds to a transition
vector t; (first transition) and t; (second transition). The following Tables F.1-F.8 lists
the transition vectors and displacement vectors AZ;; used to determine the analytic
expressions in Eq. 6.11. Since the Si diamond lattice consists of two fcc sub-lattices,
the transition vectors and displacement vectors for initial lattice sites located on the
two different sub-lattices are reported. Tables F.1-F.4 lists the transition vectors
and displacement vectors for the initial point (0,0, 0), whereas Tables F.5-F.8 show
the results for (1/4,1/4,1/4). All coordinates are reported in units of the Si lattice
parameter b = 5.43 A.

It turns out that the analytic expressions in Eq. 6.11 are independent of the choice
of the initial lattice site. Both sets of transition and displacement vectors are just

reported for completeness.
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split site

hex. site

Figure F.1: Schematic illustration of the two-step process for I and B migration. In
the case of an interstitial, originating from the I split site shown in red, there are 72
possible two-step transitions (Lt — Ines — Ispiir), 12 different initial Ly — Ihex
transitions followed by 6 possible ljc; — Ig: transitions for each initial transition.
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Table F.1: Trarisitions 1-18 out of 72 two-step transitions originating from (0,0,0). b
is the Si lattice parameter.

£ [b/8] | Tnes [b/8] | & [b/8] Lopiit 0] AZy; [b]
(3,1,~1) | (3.,1,=1) | (=1, 1,8)|(1/4,1/4,1/4)|(1/4,1/4,1/4)
(3,1,-1) | (3,5,-1)|(1,3,1)](1/2,1/2, 0 )|(1/2,1/2, 0 )|
(3,1,-1) | (3.,1,=1) | (3,1,-1)|(3/4,1/4,-1/4) | (3/4,1/4 ,—1/4)
(31,1 (3.1, |(1,-1,-3)|(1/2, 0 ,—1/2)|(1/2, 0 ,~1/2)
(3,1,-1)|(3,1,-1) | (=1,-3,—1) | (1/4 ,~1/4,~1/4) | (1/4 ,—1/4,—1/4)
(3,,-1) | (3,1,-1) | (=3-1,1)| (0,0 ,0)[(0,0,0)
(13- (1,3-1](1,-1,3)|(1/4,1/4,1/4)|(1/4,1/4,1/4)
(1,3-1)|(1,3-1|(3,1,1)|(1/2,1/2, 0 )|(1/2,1/2, 0 )
(1 3-1)|(1,3-1)](1,3,-1)|(1/4,3/4,~1/4)|(1/4,3/4 ~1/4)
(13-1)](1.,3~-1)](-1,1,-3)|( 0 ,1/2,-1/2)|( 0 ,1/2 ,-1/2)
(1,3~1) | (1,3~1)](=3-1,—1)| (=1/4, 1/4 ,—1/4) | (~1/4, 1/4 ,~1/4)
(13-1)](1,3-1|(-1,-3,1)/(0,0,0)/(0,0,0)
(=1,1,3) | (=11, 8) | (3,1 ,~1) | (1/4,1/4, 1/4) | (1/4,1/4,1/4)
(-1,1,3) | (=L,L,3) | (1,3,1)[( 0 ,1/2,1/2)|( 0 ,1/2,1/2)
(=1,1,3) | (=1,1, 3) | (=1, 1,3) | (=1/4, 1/4, 3/4) | (~1/4, 1/4 , 3/4 )
(=1,1,3) | (=11, 3) | (=31, 1) | (=1/2, 0 ,1/2)|(=1/2, 0 ,1/2)
(=11, 3) | (=1,1, 3) | (=1,=3,—1) | (=1/4,—1/4, 1/4 ) | (=1/4, 1/4 1/4 )
(=1,1,3) | (=1,,3) | (1,~1,-3)| (0, 0, 0)| (0,0, 0)
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Table F.2: Transitions 19-36 out of 72 two-step transitions originating from (0, 0, 0)
b is the Si lattice parameter.

6 [0/8] | The /8] | 1 [B/8)] Loptit (0] Ay [0]

(=1,3 1) | (=1,3,1) | (3,-1,1){(1/4,1/4,1/4)|(1/4,1/4,1/4)
(1,3 1) | (-1,3,1)|(1,1,3)| (0 ,1/2,1/2)|( 0 ,1/2,1/2)
(=1,3,1) | (=1,3,1) | (=1,3, 1) | (=1/4, 3/4, 1/4) | (~1/4, 3/4 , 1/4)
(=1,3.,0) | (=1,3.,1) | (=3,1,-1) | (=1/2,1/2, 0 )|(=1/2,1/2, 0 )
(-1,3,1) | (=1, 3 1) | (—=1,—1,-3) | (=1/4, 1/4 ,—1/4) | (~1/4, 1/4 —1/4)
(-1,3,){(-1,3,)|(1,-3-1)|( 0,0, 0)(0,0,0)
(1,-13) ] (1,-1,3)|(1,3,-1)|(1/4, 1/4 1/4) | (1/4, 1/4 1/4)
(1,-13) | (1.,-1,3)|(3,1,1)|(1/2, 0 ,1/2)|(1/2, 0 ,1/2)
(1,-1,3) | (1,=1,3) | (1,-1,3) | (1/4,-1/4,3/4)|(1/4 ,~1/4,3/4)
(1,-1,3) | (1,-1,3) | (=1,=3,1) | ( 0 ,=1/2,1/2)|( 0 ~1/2,1/2)
(1,-1,3)| (1,-1,3) | (=3,-1,=1) | (=1/4,— 1/4 1/4) (~1/4,~ 1/4 1/4)
(1,-13) | (1 ,-1,3) | (=1, 1,-3) | ( © 0 )| (o0 0 )
(3,~1,1) (3 -1,1)|(=1,3,1)|(1/4, 1/4 1/4) | (1/4,1/4,1/4)
(3 ~LD|(3,-1,1)|(1,1,3)|(1/2, 0 ,1/2){(1/2, 0 ,1/2)
(3 ~L1)|(3,~1,1)|(3,-1,1)|(3/4,-1/4, 1/4)|(3/4 ,—1/4,1/4)
(3,~1,1) [ (3,-1,1)|(1,=3-1)|(1/2,-1/2, 0 )|(1/2,-1/2, 0 )
(3 ,-1,1)| (3, ~1,1) | (~1,-1,-3) | ( 1/4 —1/4 1/4) (1/4 —1/4 1/4)
(3 ~L1) (3, -L1)|(=3,1,-1)|( 0 0 )| (0 0 )
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Table F.3: Transitions 37-54 out of 72 two-step trausitions originating from (0,0, 0).

b is the Si lattice parameter.
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Table F.4: Transitions 55-72 out of 72 two-step transitions originating from (0,0, 0).

b is the Si lattice parameter.

TN N TN N N

N TN TN TN N N

TN TN TN TN TN

<+ &~ = N I T eI I LT LI
U U U <~ O e e 7 N e D e e e A T e e
— ! _ i ! _ _ ! [ ! ! |
S - -~ - - ~ - ~ ~ ~ N - - ~ - - N - N
=N N < <t & < <t
. ~ ~— Y~ =t ~ =t o =
H.zj U U W - - D I s e U o - QO T U ~
3 B L - I — —
~H =<{ o™ =t =
~ < o~y =¥ =t ~— e =H o =f
— O TN T T © ~ o - — e [a) — TS O U <D
S N’ S’ p— p— p— S’ N s g p——_ p— R g g p—— pa—— p—
D e N e N e N T AN N TS N N N Fern e e e e e
e x_YTlfyEsI_lTEIOE
| f | I | ! | | f f |
m 4) 27 47 27 47 i = 27 =M - N - 47 " " o N -
~— S~ Y~ ~— Y~ ~f ~— = o ~t
S J | | ! ! I f |
ot ~ - - ~ - - - - ~ - - - - - - -
= <t [ < <t
< [\ < <t Co~ Y <t o <t
T o LN N olY e O 30X o 3o
voxh MG S N S (| I AN A AR CH | FE N S
m ~ “ ~ N ~ - - ~ - - - ~ ~ ~ ~ - ~ -
e e R et e ™ o
Sl 7T T 7T = 7T T = e =T e =
o S - 3 A N T e - h - T e S e
R T I T A Rl T T N S
— S pa—_ g pa— S g N’ p——g pa—g g pa—_g S p— g pa—— N’ "
e T N e N e NI P R e T s TR NN TN TN TN T
s R A I G G N B G G R R G
oo ff — T~ o= | ! | ! | ! ! f
X T T T - . . . . . S A S S
S h e oo MM M i — — — — i
© [ S T I _ oo { L0 i 17 17 17 o
= v — i — — —
S’ S— p— — e N pa——_ g g S S— S - pa— S— R g pa—
R T e U e N NPT P e B T s TR o e s v e R
— — - — — — o on o o o [ap] o o o o [ap) ]
= f | ! J ! I Eood f I i !
W o [ap) o [ap] o [rage] b — — i — — — — — o — —
= _ f ! I ! | t f ! ! !
TS N h B P | R S S O A - h ~ h -
T e T e T e T e B . _ | | “ _ et el pedpedped ]

R I g

I S D

. S N




Table F.5:

(1/4,1/4,1/4). b is the Si lattice parameter.
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Transitions 1-18 out of 72 two-step transitions originating from

t; [b/8] Tnes [D/8] t; [b/8] Lopiit [0] AT [b]
(=3,-1,1) | (=1,1,3) | (1,-1,-3) | ( © C0 )| (~1/4,-1/4,—1/4)
(=3,-1, 1) | (=1,1,3) | (=1,=3,~1) | (= 1/4 —1/4,1/4) | (=1/2,-1/2, 0 )
(=3,-1,1) | (=1, 1,3) | (=3-1,1) | (=1/2, 0 ,1/2) | (~3/4,~1/4, 1/4)
(=3,~1,1) | (=1,1,3) | (=1,1,3) | (~1/4, 1/4,3/4) | (=1/2, 0 ,1/2)
(=3-1,1) | (=1,1,3)|(1,3,1)( 0 ,1/2,1/2) | (~1/4, 1/4 1/4)
(=31, 1) | (=1, 1,3)|(8,1,~1)|(1/4,1/4,1/4)|( 0 , 0 )
(=1,=3, 1) | (1,-1,3) | (=1,1,=3) | ( 0 0 )| (~1/4,~1/4,—1/4)
(=1,3, 1) | (1,-1,3) | (=3,~1,—1) | (- 1/4 1/4 1/4) | (~1/2,-1/2, 0 )
(=1,=3, 1) | (1,-1,3) | (=1,=3, 1) | ( 0 ,—=1/2,1/2) | (—=1/4,~3/4, 1/4)
(=1,-3,1) | (1,-1,3) | (1,-1,8)|(1/4 ,—1/4, 3/4) | ( 0 ~1/2,1/2)
(=13, 1) | (1,-1,3) | (3,1,1)](1/2, 0 ,1/2)|(1/4 —1/4 1/4 )
(=1,-3,1) | (1,-1,3) | (1,3 ,~1)|(1/4,1/4,1/4)[( 0 , 0 , 0 )
(1.-1-3) (3,1 -0 l(=3-1,1)]( 0,0, 0)]|(-1/4-1/4-1/4)
(1,-1,-3) | (3,1,-1) | (=1,-3,~1) | (1/4 ,—~1/4,-1/4) | ( 0 ,~1/2,~1/2)
(1,-1,-3) | (3,1,-1) | (1,-1,-3) | (1/2, 0 ,~1/2)|(1/4 ,—1/4,~3/4)
(1,-1-3)|(3,1,1)|(3,1,-1)|(3/4,1/4 ~1/4)|(1/2, 0 ~1/2)
(1,-1,-3) | (3,1,=1)|(1,3,1)|(1/2,1/2, 0 )|(1/4, 1/4 —1/4)
(1,-1,-3) | (3,1 ,=1) | (=1, 1,3)|(1/4,1/4,1/4)|( 0 L 0)
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Transitions 19-36 out of 72 two-step transitions originating from

(1/4,1/4,1/4). b is the Si lattice parameter.
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Transitions 37-54 out of 72 two-step transitions originating from
(1/4,1/4,1/4). b is the Si lattice parameter.

ti (/8] | Ines [0/8] | & [b/8] Tspuit [0] AT;; [b]
(1,3,1)](353) |(1,-1,-3)|(1/2,1/2, 0 )| (1/4,1/4 ,~1/4)
(1,3,1)((353) [ (3,1,-1)|(3/4,3/4,1/4)|(1/2,1/2, 0 )|
(1,3,1)]353) [(1,3,1)](1/2,2/2,1/2)|(1/4,3/4,1/4)
(1,3,1)1(353) |[(=1,1,3)(1/4,3/4,3/4)|( 0 ,1/2,1/2)
(1,3,1)(353) | (=3~1,1)|(0,1/2,1/2) | (-1/4, 1/4 1/4)
(1,3,1)](353) |(=1,-3,~1) | (1/4,1/4,1/4) | ( O , 0 )
(3,1,1)](633) |(=1,1,-3)|(1/2,1/2, 0 )| (1/4,1/4,-1/4)
(3,1,1)(33) |(1,3,-1)|(3/4,3/4,1/4)|(1/2,1/2, 0 )
(3,1,1)1(33) [(3,1,1)](2/2 1/2,1/2) (3/4,1/4 1/4)
(3,1,1)](6533) |(1,-1,3)|(3/4,1/4,3/4)|(1/2, 0 ,1/2)
(3,1,1)](33) |(=1,-3,1)|(1/2, 0 ,1/2)|(1/4 —1/4 1/4)
3,1,1)](33) |(=3-1,-1)](1/4,1/4 ,1/4)|( © 0 )
(3,-1,-1) | (5,1,1 ) |(=1,3 ,=1)|(1/2,1/2, 0 )|(1/4, 1/4 —1/4)
(3,~1,-1) | (5,1,1) [(1,1,=3)|(3/4,1/4 ~1/4) | (1/2, 0 ,-1/2)
(3,-1,-1) | (5,,1 ) |(3,-1,=1)(2/2, 0 , 0 )|(3/4,-1/4,—1/4)
(3,-1,—1) | (51,1 ) |(1,~3,1)|(3/4,-1/4,1/4) | (1/2,-1/2, 0 )
(3-1,-1) | (51,1) |(-L,-1,3)|(1/2, 0 ,1/2)|(1/4 —1/4 1/4)
(3,~1,—1) | (5,1,1 ) |(=3,1,1) | (1/4,1/4,1/4)|( 0O 0 )
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Table F.8: Transitions 55-72 out of 72 two-step transitions originating from
(1/4,1/4,1/4). b is the Si lattice parameter.

G b/8] | Thee [B/8) ] 25 [0/8] Lopuie [D] AT; (0]

(-1,3,-1) 1 (1,51) | (3,=1,=1) | (1/2,1/2, 0 )| (1/4,1/4,~1/4)
(-1,3,-1) | (151) | (1,1,-3)|(1/4,3/4,~1/4)|( 0 ,1/2 ~1/2)
(—1,3 ,-1) | (1,51) | (=1,3,=1)|( 0 ,2/2, 0 )| (=1/4, 3/4 ,—1/4)
(=1,3,=1) | (1,51 ) | (=3,1,1)|(=1/4,3/4,1/4)|(~-1/2,1/2, 0 )
(1,3 1) | (1,51 ) | (=1,=1,3) | ( 0 ,1/2,1/2)|(=1/4,1/4,1/4)
(1,3 ,-1) | (1,51 ) | (1,-3,1)|(1/4,1/4,1/4){( 0 , 0 , 0 )
(1,1,3)](335) | (=3, 1,=1)|( 0 ,1/2,1/2)|(~1/4,1/4,1/4)
(1,1,3)1335) | (=1,3,1)|(1/4,3/4,3/4)|( 0 ,1/2,1/2)
(1,1,3)(35) [(1,1,3)](1/2,1/2,2/2)|(1/4,1/4,3/4)
(1,1,3)335) |(3.,~1,1)|(3/4,1/4,3/4)|(1/2, 0 ,1/2)
(1,1,3)(335) [(1,-3-1)](1/2, 0 ,1/2)|(1/4,~1/4, 1/4)
(1,1,3)1(335) | (=1,-1,-3) | (1/4,1/4,1/4)|( 0 , 0 , 0 )
(-=1,-1,3) [ (1,15 ) | (-1,3 =) |( 0 ,1/2,1/2) | (~1/4,1/4,1/4)
(—=1,-1,3) | (1,15 ) | (=3, 1,1)|(=1/4, 1/4,3/4) | (=1/2, 0 ,1/2)
(-1,-1,3) | (1,15 ) | (=1,=1,3)|( 0 , 0 ,2/2)|(~1/4,~1/4, 3/4 )
(—1,-1,3) | (1,15 ) | (1,3, 1)|(1/4,~1/4,3/4)|( 0 ,—1/2, 1/2)
(=1,-1,3) | (1,15 ) [ (3 ,-1,-1)|(1/2, 0 ,1/2) | (1/4,-1/4, 1/4)
(=1,-1,3)|(,1,5) | (1,1,-3)|(1/4,1/4,1/4)Y{( 0 , 0 , 0 )
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F.2 'Transition vectors of KLMC lattice

Figure F.2 shows schematically the two-step process used to describe the KLMC lat-
tice in Chapter 6. The arrows in the graphr correspond to transition vectors between
different 14y and Ip., states. Table F.9 lists the location (fcc sub-lattice) and orien-
tation of the individual I, configurations as well as the transition vectors indicated
schematically in Fig. F.2. Each arrow in the graph corresponds to two different tran-
sition vectors, which lead to the same unique type of hexagonal state (H1-H4). All

coordinates are reported in units of the Si lattice parameter b = 5.43 A.

cess R
§
Niggepe®

Figure F.2: KLMC lattice for interstitial diffusion Lgps — Ihes — Lspiir. S1-S6 (red
symbols) are the 6 Iy configuration on the sub-lattice with origin at (0,0,0), S1-
S6 (green symbols) are the 6 Iy, configuration on the sub-lattice with origin at
(1/4,1/4,1/4), and H1-H4 are the 4 unique hexagonal interstitial sites connecting the
various Iy configurations. The arrows indicate the transition vectors of the possible
transitions. Table F.9 lists the individual transition vectors of the KLMC lattice.
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Table F.9: Transition vectors of KLMC lattice shown in Fig. F.2. The first column
in both tables lists the different I,,;; configurations including their orientations. Left:
S1-S6 are located at (0, 0, 0) (red symbols). Right: S1-S6 are located at (1/4,1/4,1/4)
(green symbols). ¢ is a transition vector, which connects a Lopiir site with a Ipe, site.

Lopiit £b/8 Thex Lopiit t[b/8] Thex
S1: [110]](3,1,-1)| H1 Si: [110] | (—=3,~1,1) | H1
S1: [110] | (1,3 ,-1) | H2 S1: [110] | (=1,-3,1) | H2
S1: [110] | (~1,-3,~1) | H1 Si: [110]|(1,3,1)| H1
S1: [110] | (-3,—-1,~1) | H2 Si: [110]|(3,1,1)| H2
S2: [110] | (-1,3,1) | H3 S2: [110]{(1,-3,—1)| H3
S2: (110} | (3 ,~1,1) | H3 S2: [110] | (=3, 1,-1) | H3
S2: [110] | (-3,1,1) | H4 S2: [110] | (3 ,~1,-1) | H4
§2: [110] | (1 ,-3,~1) | H4 S2: [110]|(~1,3,1)| H4
$3: [101]] (1,-1,3) | H2 83: [101] | (~1,1,-3) | H2
S3: [101] | (3,~1,1) | H3 S3: [101] | (-3, 1,-1) | H3
S3: [101] | (~3,-1,—1) | H2 S3: [101] | (3,1,1) | H2
S3: [101] | (~1,~1,~3) | H3 $3: [101]{(1,1,3)]| H3
S4: [101]](3,1,-1)] H1 S4: [101] | (-3,~1,1) | H1
S4: [101] | (~1,1,3) | H1 S4: [101] | (1 ,-1,-3) | H1
S4: [101] | (~3,1,1) | H4 S4: [101] | (3 ,~1,~1) | H4
S4: [101]|(1,1,-3)| H4 S4: [101] | (-1,-1,3) | H4
S5: [011] | (~1,1,3) | HL S5 [011] | (1,-1,-3) | H1
S5: [011] | (~1,38,1) | H3 S5:[011]|(1,-3,~1) | H3
S5: [011] | (~=1,-3,—1) | H1 S5 [011]|(1,3,1)| Hi
S5: [011] | (~1,~1,—3) | H3 S5 [011]|(1,1,3)| H3
S6: [011] | (1,3,-1)| H2 S6: [011] | (~1,-3, 1) | H2
S6: [011] | (1,-1,3)| H2 | |S6: [011]]|(~1,1,-3)| H2
S6: [011]{(1,-3,1)| H4 S6: [011] | (—1,3 ,~1) | H4
S6: [011] | (1,1,-3)| H4 S6: [011] | (-1,—1,3) | H4
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Appendix G

TECHNICAL DETAILS AND CONVERGENCE OF
ELASTICITY CALCULATIONS

The following sections summarize the technical details of the elasticity calculafions
reported in Chapters 5, 6, and 7 and discuss the convergence errors of the extracted
elastic constants and induced strains for the different dopant and point-defect config-
urations. Sections G.1, G.2, and G.3 address the convergence errors of the elasticity
parameters of pure Si, vacancy, and interstitials respectively (see Chapter 5). In
Section G.4, the convergence of the vacancy and interstitial transition state calcula-
tions are discussed (see Chapter 6), whereas Section G.5 summarizes the convergence

analysis for B systems (see Chapters 6 and 7).

For all calculations, we used the density functional theory (DFT) code VASP
[9, 61, 62] with ultrasoft Vanderbilt type pseudo-potentials [63, 64]. All calculations
were performed in generalized gradient approximation (GGA) with the exception of
the Si elastic properties which were also calculated in local density approximation
(LDA) for comparison. We used consistently a 64 Si atom stper-cell. Convergence of
the results was tested with respect to the energy cutoff and k-point sampling of the
1st BZ as specified in the individual sections. For all calculations, we used Monkhorst-
Pack k-point sampling [86, 87, 88] and all structures were fully relaxed to a maximal

force of less than 0.005eV/ A per atom.

In the following sections convergence of the individual parameters is reported as
the percentage difference between the less accurate calculation and the most accurate

calculation.
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G.1 Silicon

The following two sections summarize the results of the convergence calculations for
the elastic properties of Si which are reported in Table 5.1. Sections G.1.1 and G.1.2
report the results for LDA and GGA calculations respectively.

G.1.1 LDA caleulation

Convergence of by, K, C1;, and Cqo was tested with respect to ehergy cutoff and
k-point sampling. Figure G.1 shows the effect of increasing the cutoff from 250eV to
280 eV using constant 2° Monkhorst-Pack k-point sampling and a high precision FFT-
grids for hydrostatic and z-strain. The extracted parameters are listed in Table G.1.
All parameters are converged with an error of less than 0.5% with respect to the
energy cutoff. Similarly Fig. G.2 shows the effect of increasing the Monkhorst-Pack
k-point sampling from 23 to 3 with a constant energy cutoff of 250eV and high
precision FFT-grids for hydrostatic and z-strain. The extracted parametérs are listed
in Table G.2. All parameters are converged with an error of less than 2.3% with
respect to the k-point sampling.

In summary, combining both results for 22 Monkhorst-Pack k-point sampling and
an energy cutoff of 250eV all LDA parameters are converged within an error of less

than 2.4 %.
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Figure G.1: Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using 23
Monkhorst-Pack k-point sampling and a high precision FFT-grid (see Ref. [9]), but
different cutoff energies. All energies are reported with respect to their minimum
energy strain condition. The data shown corresponds to a 64 atom super-cell LDA

calculation. ¢ = 0 corresponds to the lattice constant b = 5.393 A. The extracted
values are listed in Table G.1.

Table G.1: Energy cutoff dependence of Si parameters in LDA calculation using 23
Monkhorst-Pack k-point sampling. The parameters are extracted from Fig. G.1.

Energy cutoff | by [A] | K [GPa] | Cy; [GPa] | Cyy [GPa)

250eV 5.3903 95.8 157.5 64.9

280eV 5.3901 95.7 156.8 65.2
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Figure G.2: Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using
a 250eV energy cutoff and a high precision FFT-grid (see Ref. [9]), but different
Monkhorst-Pack k-point sampling. All energies are reported with respect to their
minimum energy strain condition. The data shown corresponds to a 64 atom super-

cell LDA calculation. € = 0 corresponds to the lattice constant b = 5.393 A. The
extracted values are listed in Table G.2.

Table G.2: k-point sampling dependence of Si parameters in LDA calculation using
an energy cutoff of 250eV. The parameters are extracted from Fig. G.2.

k-point mesh | by [A] | K [GPa] | Cyy [GPa] | Cy [GPa)
23 5.3903 95.8 157.5 64.9
33 5.3898 95.7 160.2 63.4
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G.1.2 GGA calculation

Convergence of by, K, Chy, and (5 was tested with respect to energy cutoff and
k-point sampling. Figure G.3 shows the effect of increasing the cutoff from 250eV to
280 eV using constant 2° Monkhorst-Pack k-point sampling and a high precision FFT-
grids for hydrostatic and z-strain. The extracted parameters are listed in Table G.3.
All parameters are converged with an error of less than 2.2% with respect to the
energy cutoff. Similarly Fig. G.4 shows the effect of increasing the Monkhorst-Pack
k-point sampling from 23 to 3® with a constant energy cutoff of 250eV and high
precision FFT-grids for hydrostatic and z-strain. The extracted parameters are listed
in Table G.4. All parameters are converged with an error of less than 3.8% with
respect to the k-point sampling.

In summary, combining both results for 22 Monkhorst-Pack k-point sampling and
an energy cutoff of 250 eV all GGA parameters are converged within an error of less

than 4.4%.
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Figure G.3: Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using 22
Monkhorst-Pack k-point sampling and a high precision FFT-grid (see Ref. [9]), but
different cutoff energies. All energies are reported with respect to their minimum
energy strain condition. The data shown corresponds to a 64 atom super-cell GGA
calculation. € = 0 corresponds to the Si GGA lattice constant b = 5.457 A. The

.

r Hydrostatic strain (GGA) ]
015} f/ .

extracted values are listed in Table G.3.
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Table G.3: Energy cutoff dependence of Si parameters in GGA calculation using 23
Monkhorst-Pack k-point sampling. The parameters are extracted from Fig. G.3.

Energy cutoff | by [A] | K [GPa] | Cyy [GPa] | Cyq [GPa)
250eV 5.4566 88.7 156.3 54.9
280eV 5.4567 89.1 159.8 53.7
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Figure G.4: Energy vs. hydrostatic (left) and uniaxial strain (right) for Si using
a 250eV energy cutoff and a high precision FFT-grid (see Ref. [9]), but different
Monkhorst-Pack k-point sampling. All energies are reported with respect to their
minimum energy strain condition. The data shown corresponds to a 64 atom super-

cell GGA calculation. € = 0 corresponds to the Si GGA lattice constant b = 5.457 A
The extracted values are listed in Table G.4.

Table G.4: k-point sampling dependence of Si parameters in GGA calculation using
an energy cutoff of 250eV. The parameters are extracted from Fig. G.4.

k-point mesh | by [A] | K [GPa] | Cy; [GPa) | €y, [GPa)

23 5.4566 | 88.7 156.3 54.9
38 5.4567 88.1 158.7 52.8
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G.2 Vacancy

The convergence of the vacancy elastic constants and induced strain were tested with
respect to energy cutoff and k-point sampling for hydrostatic as well as uniaxial strain
in the z-direction. Increasing the cutoff from 250eV to 280eV (Figure G.5) as well
as changing the k-point sampling from 3% to 4® (Figure G.6) proofed convergence.
The parameters in the Tables G.5 and G.6 are extracted from the Figs. G.5 and G.6
by fitting a complete set of data (hydrostatic and z-strain) to Eq. 5.6. C;; is defined
as Cy; = O + £ACy;, where z = 1/64. K and Cj; are the actual curvatures at
the concentration z, whereas Ac is reported in the usual concentration independent
way. The induced strain Ace is converged within 3.6 % for 3* Monkhorst-Pack k-point
sampling and an energy cutoff of 250eV.
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Figure G.5: Energy vs. hydrostatic (left) and uniaxial strain (right) for V using 23
Monkhorst-Pack k-point sampling and a high precision FFT-grid (see Ref. [9]), but
different cutoff energies. All energies are reported with respect to their minimum
energy strain condition. The data shown corresponds to a 64 atom super-cell GGA

calculation. € = 0 corresponds to the Si GGA lattice constant b = 5.457 A. The
extracted values are listed in Table G.5.

Table G.5: Energy cutoff dependence of V parameters in GGA calculation using 23
Monkhorst-Pack k-point sampling. The parameters are extracted from Fig. G.5.

Energy cutoff | K [GPa] | C1; [GPa] | C2 [GPa) Ae
2506V 66.6 115.9 42.0 | —0.2578
280eV 67.1 115.0 43.1 —0.2615
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Figure G.6: Energy vs. hydrostatic (left) and uniaxial strain (right) for V using
a 250eV energy cutoff and a high precision FFT-grid (see Ref. [9]), but different
Monkhorst-Pack k-point sampling. All energies are reported with respect to their
minimum energy strain condition. The data shown corresponds to a 64 atom super-

cell GGA calculation. ¢ = 0 corresponds to the Si GGA lattice constant b = 5.457 A.
The extracted values are listed in Table G.6.

Table G.6: k-point sampling dependence of V parameters in GGA calculation using
an energy cutoff of 250eV. The parameters are extracted from Fig. G.6.

k-point mesh | K [GPa] | Cy; [GPa] | Ci2 [GPa) Ae
23 66.6 1159 42.0 —0.2578
3? 72.6 121.6 48.1 —0.2207
43 74.1 117.9 52.2 —0.2280
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G.8 Interstitials

The convergence of the interstitial elastic constants and induced strains were tested
for Iy with respect to energy cutoff and k-point sampling. Cutoff convergence is
shown in Fig. G.7. Increasing the cutoff from 250 eV to 280eV with fixed 2 k-point
sampling and a high precision FFT-grid (see Ref. [9], showed good convergence for
uniaxial strain. The extracted parameters are listed in Table G.7. Changing the
k-point sampling from 23 to 3° (see Figure G.8) also lead to well converged results.
Table G.8 lists the extracted parameters. K, Cj;, and €n, are the parameters for a
64 atom super-cell (x = 1/64). €, is the strain of the minimum energy configuration
under z-strain.

The parameters of the different interstitial configurations (I, Ler, and Tnee) listed
in Table 5.3 of Chapter 5 are based on calculations with a cutoff energy of 280 eV, 23
Monkhorst-Pack k-point sampling and high precision FFT-grids (see Ref. [9]).



176

0.1

‘\ x-strain (GGA)

T cutoff 250 eV
s cutoff 280 eV

L 1 L ] L 1 L 1 L L i
-0.01 -0.005 O 0.005 001 0015 002
Strain

=
3
T

Energy {eV]

Figure G.7: Energy vs. z-strain for Ly, using 23 Monkhorst-Pack k-point sampling
and a high precision FFT-grid (see Ref. [9]), but different cutoff energies. All energies
are reported with respect to their minimum energy strain condition. The data shown
corresponds to a 64 atom super-cell GGA calculation. ¢ = 0 corresponds to the Si
GGA lattice constant b = 5.457 A. The extracted values are listed in Table G.7.

Table G.7: Energy cutoff dependence of I, parameters in GGA calculation using
2% Monkhorst-Pack k-point sampling. The parameters are extracted from Fig. G.7.

Energy cutoff | Cyy [GPa)] | €min [%)]
250eV 146.7 0.581
280eV 147.3 0.579
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Figure G.8: Energy vs. hydrostatic (left) and z-strain (right) for I,y using a 280eV
energy cutoff and a high precision FFT-grid (see Ref. [9]), but different Monkhorst-
Pack k-point sampling.. All energies are reported with respect to their minimum
energy strain condition. The data shown corresponds to a 64 atom super-cell GGA

calculation. € = 0 corresponds to the Si GGA lattice constant b = 5.457 A. The
extracted values are listed in Table G.8.

Table G.8: k-point sampling dependence of I4,;; parameters in GGA calculation using
an energy cutoff of 280eV. The parameters are extracted from Fig. G.8.

k-point mesh | by [A] | K [GPa] | emin [%] | C11 [GPa)
23 5.4738 86.6 0.579 147.3
33 5.4744 86.9 0.603 147.5
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G.4 Interstitial and vacancy transition state

The convergence of the vacancy transition state (Vi.qns) elastic constants and induced
strains were tested with respect to energy cutoff and k-point sampling. The elastic
properties of the vacancy transition state are well converged by using an energy cutoff
of 250eV, 2% Monkhorst-Pack k-point sampling and high precision FFT-grids. The
rather large cutoff is necessary to reach convergence for stress calculations. Increasing
the k-point sampling to 3 leads to a 2 % change in Ac. Figure G.9 shows a comparison
between the results of the 23 and 3* Monkhorst-Pack k-point sampling. The extracted
parameters can be found in Table G.9. K and by are the Vi, bulk modulus and
equilibrium lattice constant in a 64 Si atom super-cell (x = 1/64).

The elastic constants and induced strains of the interstitial transition state were
determined with the same parameters (250 eV, 2° Monkhorst-Pack k-point sampling,
high precision FFT-grids).
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Figure G.9: Energy vs. hydrostatic strain for Vipe,, using a 250 eV energy cutoff, but
different Monkhorst-Pack k-point sampling. All energies are reported with respect to
their minimum energy strain condition. The data shown corresponds to a 64 atom
super-cell calculation. ¢ = 0 response to the GGA Si lattice constant b = 5.457 A

Table G.9: k-point sampling dependence of Vy..,s parameters in GGA calculation
using an energy cutoff of 250 eV. The parameters are extracted from Fig. G.9.

k-point mesh | by [A] | K [GPa]

23 5.4212 80.1
33 5.4201 81.9
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G.5 Boron

The elastic properties of B systems are well converged by using an energy cutoff
of 340eV and 23 or 3% Monkhorst-Pack k-point sampling depending on the strain
condition (hydrostatic: 23, uniaxial: 3%). The rather large cutoff is necessary to reach
convergence for B systems. The convergence with respected to strain was tested for
the B, system. Figures G.10 and G.11 show the effect of increasing the energy cutoft
and k-point sarﬁpling for hydrostatic and uniaxial strain respectively. The extracted
elasticity constants and induced strains are reported in Table G.10 and G.11.

The graphs in Fig. G.10 show that for both hydrostatic strain (Fig. G.10 (left))
and uniaxial strain (Fig. G.10 (right)) elasticity constants and induced strains are well
converged with respect to the energy cutoff. Further increasing the cutoff to 360eV
lead to a change of the elasticity constants and induced strain of less than 0.5% (see
Table G.10). Figure G.11 shows the k—pointv sampling dependence. In contrast to
the uniaxial case (Fig. G.11 (right)), increasing the k-point sampling to 3% lead to a
very moderate effect for hydrostatic strain (Fig. G.11 (left)). Ac is coﬁverged within
4% using 2° k-point sampling and an energy cutoff of 340 eV. Further increasing the
k-point sampling to 4% lead to very well converged results even for uniaxial strain.
Table G.11 summarizes the extracted results. Using 3? k-point sampling and a cutoff
of 340eV Cy; and Cyy are converged within 2 %.

In summary, Ae is converged within 4 % using 2° k-point sampling and an energy
cutoff of 340eV, whereas C;; and Cjy are converged within 2% using an increased 3°

k-point sampling, but the same energy cutoff of 340eV.
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Figure G.10: Energy vs. hydrostatic (left) and uniaxial strain (right) for B, using
2% Monkhorst-Pack k-point sampling, but different cutoff energies. All energies are
reported with respect to their minimum energy strain condition. The data shown
corresponds to a 64 atom super-cell calculation. ¢ = 0 response to the GGA Si lattice
constant b = 5.4578 A. The extracted values are listed in Table G.10.

Table G.10: Energy cutoff dependence of B, using 2° Monkhorst-Pack k-point sam-
pling. The parameters are extracted from Fig. G.10.

Energy cutoff | K |[GPa] | Cyy [GPa] | C1a [GPa] Ae
340eV 87.7 133.6 64.7 —0.004945
360eV 87.7 134.1 64.5 —0.004948
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Figure G.11: Energy vs. hydrostatic (left) and uniaxial strain (right) for B, using a
340 eV energy cutoff, but different Monkhorst-Pack k-point sampling. All energies
are reported with respect to their minimum energy strain condition. The data shown
corresponds to a 64 atom super-cell calculation. € = 0 response to the GGA Si lattice
constant b = 5.4578 A. The extracted values are listed in Table G.11.

Table G.11: k-point sampling dependence of B, using an energy cutoff of 340eV. The
parameters are extracted from Fig. G.11.

k-point mesh | K [GPa] | Cy; [GPa] | Cy2 [GPa] Ae
23 87.7 133.6 64.7 —{(.004945
3? 876 | 1509 56.0 —0.005104
43 87.6 148.7 57.1 —0.005104
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