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As semiconductor device technology continues to evolve, great challenges arise in
many areas. With the continuous shrinkage of the design window, a better under-
standing of the detailed physical processes that occur during fabrication is required.
This dissertation utilizes the multiscale modeling approach to investigate such pro-
cesses, focusing on the origin of these processes at the atomic scale and the collective
behaviors over the large device scale.

In order to gain a fundamental understanding of the diffusion processes that occur
during device fabrication, we have developed a kinetic lattice Monte Carlo (KLMC)
simulator capable of simulating the self-/inter-/impurity diffusion processes. The
findings demonstrate the great potential of KLMC in full scale simulation of strain and
composition dependent diffusion processes in strained silicon and silicon-germanium
devices.

The silicon photovoltaics industry is undergoing a continuous drive of cost re-
duction and efficiency improvement. The lack of fundamental understanding of the
emitter deposition process poses challenges on process optimization. We have devel-
oped continuum models incorporating important physical processes during deposition,

such as growth of phosphosilicate glass and transport of phosphorus across the glass






layer, and diffusion, deactivation and immobilization of phosphorus in silicon. We
have simulated the diffused emitter profiles that agree well with experiments. The
full modeling of the emitter deposition process allows process optimization to enhance
efficiency and reduce cost.

Metals are detrimental defects in devices as they introduce traps that limit carrier
lifetime. Modern devices require gettering processes to remove metals from active
device region. We have built a model for the phosphorus diffusion gettering behavior
of various metal species. Calculation results are in agreement with experimental
gettering behavior and provide guidance on optimizing gettering efficiency for better
device performance.

Lastly, we have extended our approach to wide band gap semiconductor 5-GasOg,
a potential candidate for future electronics devices. We have carried out ab initio cal-
culations on the intrinsic vacancy and transition metal impurity defects in 5-GasO3
and the results are in good agreement with experimental data. The theoretical anal-
ysis, combined with experimental observations, contributes to the fundamental un-

derstanding of nano-processes and electrical properties of 3-GasQOs.
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Chapter 1

INTRODUCTION

Modern semiconductor industry relies on fabrication techniques to turn silicon
into functional devices. Due to the growing cost of experimental-based R&D as de-
vices become more complicated, computational modeling and simulation is playing an
increasingly important role in technology advancement, especially in microelectronics
and photovoltaics industries. There are a wide variety of modeling and simulation
techniques, with varying spatial and temporal scales. Common continuum process
and device simulation techniques, also known as TCAD (technology computer aided
design), is a very powerful method to study process and device physics at the macro-
scopic level, but it sacrifices all atomic details. On the other hand, ab initio ap-
proaches such as the density functional theory (DFT) solves fundamental quantum
many-body equations and provide theoretical basis for higher level models. Bridging
the gap between the above two approaches, molecular dynamics (MD) and kinetic
lattice Monte Carlo (KLMC) focus on nano-scale processes and at the same time can
simulate dynamic processes at an extended time-scale. This dissertation adopts the
so-called multiscale modeling and simulation approach, combining all available mod-
eling techniques together to achieve comprehensive understandings of processes from
the atomic scale to the device scale. Figure 1.1 illustrates the multiscale modeling
and simulation hierarchy. For a brief introduction of all the multiscale modeling and

simulation approaches, see Chapter 2.

Ever since the invention of the first integrated circuit, the silicon microelectronics
industry has been growing exponentially. The continuous technology improvement

has followed the empirical observation of Moore’s Law (Figure 1.2), which states that



—., N
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~——

Figure 1.1: Multiscale modeling and simulation hierarchy.
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Figure 1.2: Exponential chip density growth in Si technology, also known as Moore’s
law. Source: Gordon Moore’s presentation at International Solid State Circuits Con-
ference (ISSCC), February 10, 2003.

the number of transistors that can be placed on an integrated circuit doubles every
18 months. In 2011, Intel announced its first microprocessor “Ivy Bridge” using the
3-D Tri-Gate Transistor Technology [10]. This breakthrough has lead industry into
the sub-22 nm regime, with chips featuring unprecedented performance improvement

and power reduction.

The development of the microelectronics industry has benefited the silicon photo-

voltaics industry, resulting in a continuous drive of lower cost and higher efficiency.
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Figure 1.3: Historical plot of crystalline silicon solar cell module price showing classic
experience curve behavior [1].

Even today, silicon still dominates the photovoltaics technology, with a more than
85% market share. It is estimated that crystalline silicon solar cells are likely to con-
tinue to advance in both efficiency enhancement and cost reduction for the next two

decades.

Modern silicon-based devices commonly undergo a series of fabrication processes.
A key question for both microelectronics and silicon photovoltaics is: how do fab-
rication processes affect the distribution of various atomic and molecular species,
including intentional dopants and unintentional contaminants? These species have a
profound impact on the device performance. Dopants such as phosphorus and boron
control the electrical property of the active device region. Germanium introduces
strain that can enhance channel mobility of transistors. Lifetime limiting defects
such as metals can degrade device performance if their concentrations are not well
controlled. A thorough understanding of how fabrication processes affect the distri-
bution of these atom species provides a link between process recipe and device charac-

teristics, and is thus crucial for process design optimization. In Chapters 3 and 4, we



have combined DFT and KLMC approaches to address several aspects of self-diffusion
and inter-diffusion processes, which contributes to understanding the atomistic fun-
damentals of the diffusion processes in strained silicon and silicon germanium devices.
In Chapter 5, we have performed DFT calculations and built continuum models for
the phosphorus diffusion gettering behaviors of various metal species. The calcula-
tion and simulation results provide useful insights on the optimization of gettering
efficiency for better device performance. In Chapters 6 and 7, we have built a set of
continuum models for the POCI3 doping process, a common method for n-type emit-
ter formation of crystalline silicon solar cells. These models include critical processes
during deposition such as phosphosilicate glass (PSG) layer formation, diffusion of
phosphorus in PSG and silicon, and deactivation and immobilization of phosphorus
in silicon. The models were calibrated against experimental data and can be used to
predict the diffused emitter profiles under various doping conditions.

While silicon still dominates the semiconductor industry, it is necessary to explore
novel semiconductor materials that may be incorporated into traditional Si-based
devices to achieve better device performance. Wide band gap semiconductors, with
many superior electronic, magnetic, and optical properties, show great potential in
future generation semiconductor devices. $-GayOg, with a large band gap and thermal
stability up to its melting point, has attracted wide interests. However, there still
exist many puzzles regarding the basic nano-processes in the material. In Chapter
8 we have performed DFT calculations on the properties of intrinsic vacancies and
transition metal impurities in 3-GasO3. The DFT results agree well with experimental
observations and contribute to the fundamental understandings of nano-processes and

electrical properties of 5-GayO3.



Chapter 2

SIMULATION METHODS
2.1 Density functional theory (DFT)

Density functional theory is a widely used approach in physics and materials science
to attack the many-electron problem in solids and molecules. It provides a systematic
way to calculate from first principles (ab initio) the properties of materials on the
atomic scale. Here we briefly go through the basic formulation of DFT. A thorough

discussion of DFT can be found in various review papers and books [11, 12].

2.1.1 Formulation of DFT
2.1.1.1 Born-Oppenheimer approximation

To fundamentally understand material properties we need to solve the time-independent
Schrédinger equation

HY = EV (2.1)

where H and W are the Hamiltonian and wavefunction of all particles in the system
including electrons and nuclei. Solving this equation exactly is formidable, since we
are dealing with a degree of freedom on the order of 10?3. Therefore, approximations
are needed. The first approximation applied is the Born-Oppenheimer approximation,
which considers the fact that the electrons are much lighter than nuclei and thus move
much faster. Thus, electrons can be thought of as following the motion of the nuclei
instantaneously, while always retaining in the same stationary state of the electronic

Hamiltonian. We can thus separate the wavefunction into a nucleus part and an



electron part

T(R,r) = U, (R)¢ (R, 1) (2.2)

and the Schrédinger equation can be transformed into a simple one where only electron

coordinates are involved

Hewe(Rv I‘) = Ee(R)we(Ra I') (23)

The Hamiltonian of N electrons is

N h2
- Z 2m + Z‘/ext rz + - Z |I'@ _ I‘]| (24)

=1 z;éj 1

The three terms are kinetic energy, nuclear potential energy, and electron-electron po-
tential energy operators respectively. The nuclear potential energy is a superposition

of all the M positive ions

ext Z |Rk _ I" (25)

2.1.1.2  Electron Density— Kohn Sham Theory
Density functional theory is based on the Hohenberg-Kohn theorem which states that

1. The ground state density uniquely determines all properties of the system, i.e.

system energy is a functional of density,

2. The true ground state density minimizes the energy functional.

Based on these conclusions, we can write the energy functional as

Elp(r)] = Tolp(r)] + / V(r)ole)dr + / / %drdr'wmcw)} (2.6)

where the first three terms on the right hand side are the kinetic energy of a non-

interacting electron gas that has the same density as the system we are solving, the



potential energy term, and the classical electron-electron Coulomb interaction term
(also known as the Hartree term). The extra energy caused by correlation effects are

all lumped into the last term, i.e. the exchange-correlation energy.

By applying the variation principle, we can reduce the many-electron problem to

a single-electron Schrodinger equation, known as the Kohn-Sham equation

2m

h2
[——Vz + %ff(r):| ¢i(r) = €pi(r) (2.7)
where the effective potential is defined as

Verp(r) = Veu(r) +/ ‘rpg?‘/‘dr' + (E#[(pr()r)] (2.8)

with the density given by:

p(r) = Z EXOIE (2.9)

With a given form of exchange correlation potential, the Kohn-Sham equation can

be solved self-consistently.

2.1.1.8 FExchange correlation functionals

The success of the equations above depends on the choice of exchange-correlation
functionals. During the past years, many choices have been proposed. The simplest
one is the local density approximation (LDA), which assumes that the exchange-
correlation energy density, €.., depends solely upon the value of the electronic density

p at each point. This leads to

Epelp(r)] = / e (p(r))p(x)dr

Another approach is the general gradient approximation (GGA), which assumes



that €,. is also dependent on the gradient of density.

Euclp(r)) = | €xlple). Vol)p(r)d

These two forms can be directly plugged in to the variation formula to get the

expressions for the exchange correlation potential:

Vae(r) = 0Esc[p(r)] ) €aclp) +p- aa_p(p) .
e 5 : |

2.1.2  Nuts and bolts of DFT

In DFT, the Kohn-Sham single electron Schrodinger equation should be solved self-
consistently to find the ground state of a system. There are many different DFT codes
available. Depending on the basis sets used to describe electronic wave functions, they
can be categorized into two major groups: plane-wave basis sets and local basis sets.
The former is often suitable for calculations of solids while the latter is mostly used in
studying molecules. In plane-wave basis calculations, the core electrons are treated as
part of the ions in order to achieve basis-set convergence with a practical number of
basis functions, and the electron-ion interactions are described by pseudopotentials.
In our study, we use the plane-wave basis code VASP (Vienna Ab-initio Simulation
Package) [13, 14, 15, 16] for all DFT calculations.

In order to obtain sensible results, convergence tests have to be carried out with

respect to the supercell size, energy cut-off, and k-point sampling.

2.1.2.1 Supercell size

Plane-wave basis methods use the periodic supercell structure. Therefore, the system
under consideration is a three-dimensional periodic array of the unit cell. The size of

the supercell should be large enough so that the defect in the unit cell does not interact



with its neighboring images. For example, we use a 64-atom cell for all calculations

in Si.

2.1.2.2 FEnergy cut-off

The energy cut-off determines the number of plane waves used for the expansion.
The cut-off value should be large enough to maintain the accuracy of the calculations,
however the larger its value, the longer the calculation time. The required value of the
energy cut-off depends on the constituent atomic species of the structure under the
calculation. Generally, smaller atoms require a larger energy cut-off. A reasonable
value the energy cut-off would be the maximum ENMAX value of constituent atomic
species (ENMAX is specified in the POTCAR file of each atom species). In our studies,
the energy cutoff has been chosen through convergence tests such that the change of
total energy differences is within 0.02 eV. For example, we use values of 320 eV for
phosphorus-related defects in silicon and 400 eV for GayO3. The energy cut-off for
GaypO3 is much larger due to the oxygen involved in the calculations. It is suggested
in the VASP manual to specify the cut-off manually and keep it constant throughout

a set of calculations [17].

2.1.2.8  k-point sampling

In order to perform integrations over the Brillioun zone, a set of sampling points in the
reciprocal space should be specified. A starting point is to use only the I" point as the
sample point. More k-points lead to more accurate results, but place larger demand
on memory and CPU time. The Monkhorst-Pack sampling scheme is an efficient
scheme to generate an array of k-points in the reciprocal space [18]. The distribution
of k-points is suggested to be even over the three dimensions of the Brillioun zone
[17]. For calculations in silicon, we use a 2 x 2 x 2 mesh of Monkhorst-Pack k-points.

A well known limitation of DFT is its systematic underestimation of the band gap

of a given material. For example, GGA gives a Si band-gap of 0.59 eV, much smaller
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than the experimental value of 1.12 eV. For 5-GayO3 GGA predicts a value of 2.13
eV, while the experimental value is 4.9 eV. Special care much be taken when the band

gap error possibly enters the calculated energies (See Chapters 7 and 8).

2.1.83 Applications of DFT
2.1.83.1 Calculating formation energy

DFT can be used to calculate the formation energy of a given defect configuration.
For example, the formation energy of a neutral vacancy or interstitial in silicon can

be calculated as

1
E;1°VY = Ei[1° V°] — Eyp[bulk] iNEtot[bulk]

N+t1
= Etot[107vo] -

Eyor[bulk] (2.10)

where plus and minus corresponds to interstitial and vacancy respectively. F;,[I°, VY]
is the calculated total energy for the supercell containing the vacancy (interstitial),
and E;,[bulk] is the calculated total energy for the supercell of the perfect bulk

structure.

For impurities in silicon, the formation energy is usually referenced to the lowest
energy configuration of the constituent species. For example, the formation energy of

a carbon-pair is defined relative to the substitutional carbon in silicon

1
Ef[CV] = E[CVY] — E[CY] — ~ Frot [bulk] (2.11)

The formation energy can be directly related to the stability of the defect config-
uration. The higher the formation energy, the more energy cost to form the defect,

and thus the less stable the defect configuration.
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2.1.3.2 Calculating migration energy

DFT can also be used to identify transition events and calculate the associated mi-
gration barriers. This is done by the nudged elastic band (NEB) method [19, 20|
implemented in VASP. Given an initial and final state, a set of intermediate configu-
rations are obtained by linear interpolation of the two end points. This forms a string
of states, and energy is optimized along the direction perpendicular to the string.
This technique is efficient in finding the energy paths and identifying transition state

of the migration.

2.2 Kinetic Lattice Monte Carlo (KLMC)

Kinetic Monte Carlo is a method for the atomic-scale simulation of dynamical pro-
cesses, such as diffusion, deposition, clustering and dissociation. A common approach
in simulating this class of processes is molecular dynamics (MD), in which the system
trajectories are determined by numerically integrating Newton’s equations of motion
of all particles. However, in order to give an accurate description of system trajecto-
ries, the time integration step should be on the order of 1 picosecond, the characteristic
time-scale of atomic vibrations, or even less. The total simulation time is thus usually
limited to less than one microsecond, far less than the time-scale of practical dynam-
ical processes such as diffusion. This time-scale problem is the inherent limitation of
molecular dynamics.

In contrast to MD, the kinetic Monte Carlo (KMC) approach ignores atomic vibra-
tions and treats diffusion as stochastic transitions between locally metastable states.
As these state-to-state transitions are rare events that happen at a much larger time-
scale than atomic vibrations, KMC is capable of simulating practical processes at
much longer time scales, usually on the order of seconds and beyond.

Kinetic lattice Monte Carlo (KLMC) is a variation of KMC. In KLMC, all atoms

are mapped onto a discrete lattice. This simplifies the processes of identifying state-to-
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sate transitions and calculating the associated rate constants. Generally, the atoms do
not always stay on a fixed lattice. In the presence of lattice defects such as interstitials
and vacancies, the atoms around the defects will undergo relaxations to minimize the
formation energy. However, if the mapping of the atoms onto the lattice points does
not change during the relaxation, then the mapping is safe. KLMC is capable of
simulating atomic processes in crystalline materials, but it is generally not applicable
to processes in amorphous materials.

Generally, the KLMC approach works as follows. A rate catalog storing the rate
constants of all the allowed transitions is maintained. The rate of a given transition
is directly related to its associated energy barrier, which is given as an input to
KLMC. At each KLMC iteration, a particular transition is picked with the probability
proportional to its rate. Next, the chosen transition is performed; the rate catalog is
updated according to the new configuration and system clock advances. Applying the
iteration repeatedly, the evolution of the system can be tracked at large time scales.
The flowchart of KLMC is shown in Figure 2.1.

Now we discuss the detailed formulation of KLMC. More in-depth description of
this method can be found in Ref [21].

2.2.1 Justification

If we use a point to represent the system status on the potential energy surface, then
this point constantly vibrates in the energy valleys for a while and performs infrequent
jumps to the neighboring valleys via the saddle points. Figure 2.2 illustrates a typical
trajectory on the potential energy surface. As long as it stays in each valley for
time period much longer times than one vibration period (~1ps), the system will
lose its memory of the trajectory prior to the last transition. Thus the rate constant
(probability per unit time) of the current transition is independent of the previous
one. Therefore, the state-to-state transition events can be thought of as a Markov

process. This justifies the use of Monte Carlo statistical methods to propagate the
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Figure 2.1: Flowchart of the KLMC simulations.

trajectories of system evolution.

Figure 2.2: A typical trajectory featuring state-to-state transitions and vibrations in
the vicinity of the energy valley.
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2.2.2  Calculating rate constants

In KLMC, a state corresponds to a local minimum (valley) of the potential energy
surface, and a transition is the event of migrating from one state to another via the
saddle point. The harmonic transition state theory (hTST) [22, 23, 24] allows us to
determine the rate constant of a given transition systematically. Figure 2.3 shows
a typical transition on the potential energy landscape. Each transition is associated
with an energy barrier, which is the energy difference between the saddle point and
the initial point. According to h'TST, the rate constant of a given transition from

state ¢ to state j is related to the associated energy barrier £} by

Em
by = vy (2 (212

where £ is the Boltzmann constant, and T is the system temperature. v;; is a pre-
exponential factor, defined by the ratio of the product of 3N normal mode frequencies
of the initial point to the product of 3N —1 real normal mode frequencies of the saddle
point (excluding the mode with a imaginary frequency)

Vznz

_ A=
vij = i (2.13)
=1 Y

In practice, the values of the energy barriers are generally extracted from first-
principles quantum mechanical calculations such as DFT and fed into the KLMC
simulator as an input. The value of the pre-exponential factor is often chosen as a
fixed value during the KLMC simulations in order to save computation time. The

value is usually in the range of 10*? ~ 103 571,

2.2.83  Picking transitions

Suppose the system is currently in state 4, by using Eq. (2.12), we can calculate

the set of rate constants {k;;} associated with the possible transition pathways. The
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Figure 2.3: Energy barriers of state 1 to state 2, and vice versa.

next task is to pick a pathway with a probability proportional to the associated rate

constant. The probability of picking the ¢-th transition is

kig ki

Ppick(Q) - ktot - Z] k”

(2.14)

where the associated rate constant is normalized against the total rate constant
summed over all possible pathways. To realize this, first imagine that for each of
the pathways there’s a line segment with a length equal to the associated rate con-
stant. Aligning these line segments end to end gives a line of total length k. We
then generate a random number uniformly distributed over the length of this line.
The corresponding pathway of the line segment that this number falls on is the one
that we choose for the systems to follow. This rejection-free procedure is the BKL

algorithm, first invented by Bortz, Kalos, and Lebowitz [25].

2.2.4 Calculating residence time

To advance the system clock, we have to calculate the residence time that the system
spends in states ¢ before the escape. Due to the memoryless property, the transition
can be modeled as Poisson process. Given the total rate of transition from state ¢

to any of the possible neighboring states k;, the probability density function of the
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residence time ¢ is

p(t) = ket (2.15)
which is an exponential random variable [26]. This variable can be drawn as

—1
—
ktot

(2.16)

where p is a uniformly distributed random variable on (0,1). The system clock is

then advanced by t.

Another way to calculate this residence time is to use the expectation value |21],

where no random number needs to be generated.

(t) = / T ip()dt = kl (2.17)

2.3 Continuum modeling

The continuum modeling approach describes the system with continuum concentra-
tion fields and tracks system evolution using a set of continuity equations. The con-

tinuity equation of a given species X can be written as

aC
a—txz—v-Jx+R;;—R;<

where RY and Ry are the net rate of generation and consumption of X. Jx is the flux

of X, including diffusion and drift terms. If the species is immobile, this term is zero.

In general, the reaction between two species X and Y can be written as

X4+Y<«<=7Z (2.18)
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with the reaction rate per unit volume given as

Rx/y = k’f (Cxcy — K*Cz) (219)

where C’s are the concentrations, K* is the equilibrium constant. k; is the reaction
coefficient. Assuming the reaction are diffusion limited, this term can be expressed
as

]{?f =4ra (dx -+ dy) (220)

where d’s are the diffusivities of the two species, and a is the capture cross section
of the reaction, usually on the order of 0.5 nm. Chapter 6 describes the continuum

models for phosphorus diffusion and activation in detail.
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Chapter 3

CORRELATION OF INTERSTITIAL-MEDIATED
SELF-DIFFUSION IN SI

This chapter is adapted from a letter published in Physical Review B [27]. We have
performed extensive analysis of the correlation factors for interstitial-mediated self-
diffusion via various possible mechanisms and hopping networks in the diamond lattice
using the kinetic lattice Monte Carlo approach. The correlation factor for the kick-out
mechanism in the tetrahedral hopping network is calculated to be 0.73, in agreement
with previous results; and the value for the hexagonal hopping network is 0.47 for the
dominant mechanism. For the mechanism where a split interstitial is stable (“stable-
split” mechanism), the correlation factor for the tetrahedral network stays the same
while that for the hexagonal network increases to 0.62. We then performed simulations
for the diffusion process of silicon involving multiple mechanisms. The choice of
mechanisms is justified by ab initio calculations. We conclude that unlike vacancy
diffusion, interstitial self-diffusion has a temperature-dependent correlation factor.
This conclusion holds in general for diffusion processes involving multiple mechanisms
with different activation energies. The correlation factor obtained from ab initio
results for interstitial-mediated self-diffusion in silicon at 1000-1100 °C is 0.64-0.80,

compared to the value of 0.6 extracted from the experiment.

3.1 Introduction

Self-diffusion is the most fundamental process in crystals. Under intrinsic conditions,
it is caused by point defects such as vacancies and interstitials. Figure 3.1 illustrates

the vacancy-mediated and interstitial-mediated self-diffusion mechanisms. Experi-
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mentally, self-diffusion is usually measured by the usage of stable isotopes as tracers.
Assuming the diffusion correlation factors of all charge states are equal [28, 29|, the

tracer diffusivity can be related to the self-diffusion coefficients via [30, 31, 32]

Dy = Di D v 3.1
r = f1 Ics+fv VOS (3.1)

The symbols f, D, and C* on the right-hand side denote the diffusion correlation
factors, the diffusivity of interstitials (I) and vacancies (V), and the equilibrium con-
centrations, respectively. Clg is the concentration of the native lattice atom. The
correlation factor enters the equation because although the movement of the point
defects alone can be treated as uncorrelated random walks, the successive jumps of
a tracer atom are correlated, due to interactions with intrinsic point defects [32, 33|.
Figure 3.2 illustrates the correlation effects for vacancy and interstitial self-diffusion
mechanisms. For the vacancy mechanism, once the tracer has made one jump via
exchanging with a nearby vacancy, its next jump will be more likely to return to
the previous location due to the vacancy nearby; and less likely to move in other
directions, which requires a vacancy to approach it from the other directions. For the
interstitial mechanism, once the tracer kicks out a silicon atom and becomes a substi-
tutional atom, its next jump will be more likely to be kicked back by the interstitial

nearby.

Figure 3.1: Vacancy- and interstitial-mediated self-diffusion mechanisms on a 2D
square lattice.
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Figure 3.2: Correlation effects for vacancy- and interstitial-mediated self-diffusion
mechanisms on a 2D square lattice. The tracer atom is denoted as blue spheres, and
vacancy is the dashed empty circle. The green atom are normal silicon atoms.

The correlation factor is generally different for different crystals. Here, we limit the
analysis to the diamond lattice structure, with representative materials including the
group IV elements (C, Si, Ge, a-Sn, and Pb). In the diamond lattice, the correlation
factor for the vacancy-mediated self-diffusion was calculated to be 0.5 by Compaan
and Haven [34] using electric network theory. Since the vacancy mechanism is simple
and only involves the vacancy-silicon exchange, this value is widely accepted [30].
However, the situation is much more complicated when it comes to the correlation
factor for interstitial-mediated diffusion, since there are many possible mechanisms.
In another paper, Compaan and Haven also calculated the correlation factor for in-
terstitial diffusion as 0.7273, assuming a tetrahedral configuration for interstitials and
a kick-out mechanism [33]. However, their analysis is limited to just one interstitial
configuration, and the process of constructing and appropriately truncating resistive
networks is quite tedious.

Over the past 50 years, due to the pervasive applications of silicon technology,
the self-diffusion phenomenon in silicon has been investigated by many researchers.

Experimental data show that the value of f; must be about 0.6 in order to match
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phosphorus diffusion data in silicon [35]. Meanwhile, various ab initio investigations
on self-diffusion in silicon report values of 0.56 [36], 0.59 [37], 0.69 [37], and 0.75
[38]. Generally, for a simple mechanism, the correlation factor depends only on the
geometric aspects of the hopping transitions. However, for real situations such as
interstitial self-diffusion in silicon, where multiple mechanisms are present, the cor-
relation factor also depends on the energetics of the formation and migration of the
interstitial defects. We have first performed extensive analysis of various possible
mechanisms and hopping networks of interstitial self-diffusion in the diamond lattice.
We then identify the possible mechanisms involved in self-diffusion in silicon based
on ab wnitio calculation results and calculate the effective correlation factor for the

combined diffusion mechanism in silicon.

3.2 Simulation methods

According to the statistical diffusion theory [22, 23, 24|, the tracer diffusion correlation

factor is related to the square displacements of the tracer and interstitial by

—tr
Ar2/N
f= —/

—— (3.2)
Ar2/N

where Ar? and N are the square displacement and total hopping steps, and the
superscripts tr and [ denote tracer and interstitial properties, respectively. Figure
3.3 illustrates the difference between a tracer and an interstitial in a diffusion hop.
When a tracer atom on an interstitial site’ A kicks a silicon atom on site B into another
interstitial site C, the tracer atom has moved from A to B, while the interstitial atom

has moved from A to C. Note that the role of interstitial is played by different atoms

1Tt is necessary to clarify “interstitial site” versus “interstitial”. An “interstitial site” is a site
that is not a regular diamond lattice site. Some of the high symmetry interstitial sites are the
tetrahedral (¢) and hexagonal (h) sites. An interstitial (I;) is a configuration where an atom
occupies an interstitial site. Some common types of interstitials are the tetrahedral interstitial
(1), hexagonal interstitial (I},), and split-interstitial (I,)) in which two atoms share a lattice site.
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Figure 3.3: Difference of a tracer atom and an interstitial atom in an direct diffusion
hop.

during the kick-out process (first the tracer, then the regular atom). For diffusion hops
involving the substitutional sites (indirect process), the movement of the interstitial
is always larger than that of the tracer, resulting in a correlation factor value that
is less than 1. For the diffusion hops that take place only on interstitial sites (direct
process), the two quantities are equal, and the correlation is 1 (i.e. no correlation

effect).

For a single mechanism in a given hopping network, the quantity on the right hand
side of Eq. (3.2) can be calculated by the average cosine value of the angles between

successive jumps

. 1 4 2cos 01"2‘+1tr + 2cos 87;77:_’_2”‘ 4 ..

(3.3)

1 + 2cos HM»HI + 2cos 6i,i+2l + ...

For the mechanisms discussed below, all of the non-successive jumps are uncorre-
lated (i.e. cosf;; =0, for j > i+ 1). Besides, half of the successive jumps are also

uncorrelated (i.e. cosf; ;11 = 0, for every second i). Therefore, we can simplify Eq.

(3.3) as [34]
—tr
1+ cost
f=—— (3.4)
1+ cosf
where the terms cos 6 without subscripts (i) denote the average of the non-zero cosine

values corresponding to the angles between the vectors of correlated hops.

Since the correlation factor does not depend on tracer concentration, we have used
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in our simulation only one tracer, which starts off at an interstitial site and moves
randomly in the domain. We also track the trajectory of the interstitial, which is
just the extra atom (either a tracer or a native atom) in the domain. For a single
mechanism in a given hopping network, we use Eq. (3.4) to calculate the correlation
factor. For combined mechanisms, Eq. (3.2) is used; and the ratio is determined via

a linear fit to the Ar2-N data.

We have carried out kinetic lattice Monte Carlo (KLMC) simulations of the dif-
fusion processes of tracers and interstitials. The simulation domain consists of a
three-dimensional array of native lattice atoms. We have performed tests on different
domain sizes and found that the influence of the domain size on the results is negligi-
ble. Periodic boundary conditions are used, but the times of crossing through periodic
boundaries are included in the calculation of displacements. The rate constants are

determined by the migration barriers, which are determined by ab initio calculations.

All the ab initio calculations were done using the density functional theory (DFT)
code VASP [13, 14, 15, 16] with the Perdew-Wang 1991 generalized gradient approx-
imation functional [39] and ultrasoft Vanderbilt-type pseudopotentials [40, 41]. All
the calculations were were performed in a nominally 64 atom supercell with periodic
boundary conditions and 2 x 2 x 2 Monkhorst-Pack [18] k-point sampling. Calcula-
tions have also been carried out for 216-atom supercells and the change of total energy
differences is within 0.02 eV. An energy cutoff of 250 eV was used to achieve required
accuracy. The structures were fully relaxed to a maximal force of less than 0.005
eV /A per atom. The climbing image nudged elastic band (NEB) method [19, 20] was
used to identify transition paths between two given stable configurations, with the
stopping criterion being a maximum force less than 0.005 eV/A per atom for each

image.
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3.3 Correlation factor of the “kick-out” mechanism

Over the past years, many interstitial self-diffusion mechanisms have been proposed.
Some argue a direct mechanism, in which interstitials make a sequence of direct
hops between interstitial sites. In this case, the tracer and the interstitial are always
the same atom, and the jumps will, in general, be uncorrelated [33]. Another set
of mechanism involves atoms on lattice sites and is called the indirect “kick-out”
mechanism [42|. In this mechanism, a tracer atom on an interstitial site A approaches
a native atom at the lattice site B and kicks it out onto an interstitial site C, after
which the tracer takes the lattice site B. If we think of the split-interstitial I, as the
intermediate state, the kick-out process actually consists of two processes: I; — I,
and I, — I;. In this kick-out process, the tracer has made one hop from A to B;
while the interstitial has made two successive hops, from A to B and then to C.
This kick-out mechanism assumes that the processes I; — I, and I, — I; happen
in cascades. This kick-out mechanism will generally be correlated since, in the next
move of the tracer on site B, it will have a higher probability of being kicked back by
the new interstitial atom nearby (on site C). Once the tracer atom is kicked out again
to an interstitial site, the next step will generally be uncorrelated with the previous
step. Thus, by tracking the average cosine values of the incoming and outgoing hop
directions during the kick-out processes, we can determine the correlation factor via

Eq. (3.4).

Compaan determines the cos values in Eq. (3.4) for the kick-out mechanism
using resistive network theory and calculates the correlation factor to be 0.7273 for the
tetrahedral network (I; <» I, <> I;). Apart from considering the tetrahedral network,
we extend the analysis to include the hexagonal network, as both tetrahedral and
hexagonal interstitials have been reported in various DFT studies as the low energy
structures in silicon and germanium [43, 44, 45, 46]. Consider a typical kick-out

process where an interstitial atom kicks a native atom on the lattice site out onto a
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Figure 3.4: Schematics of the “kick-out” mechanism in the (a) tetrahedral network,
and (b) hexagonal network. ¢y, and hy denote the incoming tracer. The center atom
is the silicon atom being kicked out. For tetrahedral configurations ¢;_3 (red/dark
spheres) are equivalent, while for hexagonal configurations, the neighbors can be di-
vided into 3 groups: hy o (red/dark, large spheres), hs 4 (blue/dark, medium spheres),
and hs_g (brown/dark, small spheres). The other h sites (grey /light, medium spheres)
are excluded.

new interstitial site. In the tetrahedral network, shown in Figure 3.4(a), the tracer
atom starts at one of the tetrahedral sites ¢, and kicks the silicon atom onto one of
the neighboring interstitial sites ¢; (i = 1, 2, 3). During this process, the tracer moves
from ¢, to the lattice site; while the interstitial moves from ¢, to ¢;. Due to symmetry,
these three t; sites are equivalent, with cos 6/ equal to 1/3. In the hexagonal hopping
network, shown in Figure 3.4(b), the tracer atom starts at one of the interstitial sites
ho and kicks the silicon atom onto one of the neighboring interstitial sites h; (is = 1,
2, ..., 9) on the other side of the lattice site (3 sites have been excluded since they
are on the same side as hg). We break the possible hexagonal destinations into 3
groups, with cos @’ equal to 9/11, 5/11, and 1/11 respectively. Correspondingly, we
have three sub-mechanisms for the hexagonal hopping network. We argue that for
geometry reasons the mechanism with cos§! = 9/11 is the dominant process, which
is also supported by ab initio calculations. For the sake of completeness, we include

all three sub-mechanisms in our analysis.

We have calculated the correlation factor values for the kick-out mechanism in
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Table 3.1: Correlation factors for the “kick-out” mechanism in the tetrahedral and
hexagonal hopping networks. The mechanism in the hexagonal network is categorized
into 3 groups based on the kick-out direction. The brackets denote the corresponding
destinations after the kick-out. The cos@ value is fixed for each mechanism, and
the cos0 value is calculated from the KLMC approach. The uncertainty of the
correlation factor is the standard error of the mean.

Network coS GI cos0 f

Tetrahedral (£_3) | 4/12 | -0.0299 | 0.727620.0001
Hexagonal (h1) | 9/11 | -0.1475 | 0.469040.0001
Hexagonal (hs4) | 5/11 | -0.0731 | 0.637220.0001
Hexagonal (hs_s) | 1/11 | -0.0073 | 0.9099-£0.0001

the tetrahedral and hexagonal networks. The results are listed in Table 3.1. The
value for the tetrahedral network (0.7276+0.0001) is very close to Compaan and
Haven’s value (0.7273) [33]. Actually we believe that our value is more accurate than
Compaan and Haven’s which is derived from truncating infinite resistive networks.
This result demonstrates the validity of the KLMC approach. The value for the
hexagonal hopping network decreases as cos 6 increases. For all the mechanisms, the
cosf values are negative, consistent with the argument that after the tracer kicks

out an atom, it will have a higher probability of being kicked back.
3.4 Correlation factor of the “stable-split” mechanism

The above analysis assumes that the I; — I, and I, — I; processes happen in
cascades, which implies that the transition state, which is the split-interstitial con-
figuration, is unstable. However, it has been proposed based on various ab initio
results that there exists a stable split interstitial oriented along the (110) direction
[46]. Therefore, in this part we drop the assumption of the kick-out mechanism and
consider the situation where the split-interstitial is stable (denoted as “stable-split”
mechanism hereafter). In this case, either of the atoms comprising the split can hop

onto neighboring interstitial sites. In turn, the atom on interstitial sites can hop onto
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(a)

Figure 3.5: Allowed hopping directions in the (a) split-tetrahedral and (b) split-
hexagonal networks, viewed along the (110) direction. a and b form the (110)-split
interstitial. ¢ is the original lattice site. In (a) the small spheres denote the 4 first
nearest tetrahedral neighbors of the split categorized into 2 groups, 2 in t4 and 2 in tp.
The allowed hopping destinations of the split are the 2 ¢p sites only. In (b) the small
spheres denote the 12 first nearest hexagonal neighbors of the split categorized into
4 groups, 2 in hy, 4 in hg, 4 in he and 2 in hp. The allowed hopping destinations of
the split are the 4 h¢ sites only. Note that some nearest neighbors behind are blocked
by the ones in front of them, when viewed along this direction.

a lattice site and form a split interstitial with the lattice atom.

We again consider the tetrahedral and hexagonal hopping networks. For split
interstitials, we limit our analysis to (110)-split interstitials, which have been found
to be the most stable structure in Si and Ge [46]. Due to the fact that the (110)-split
interstitial has an orientation, certain orientation constraints have to be imposed on
the migration paths. Figure 3.5 illustrates the constraints for the split hopping onto
tetrahedral and hexagonal sites. By intuition we can see that only the sites that are
located along the direction most aligned with the split orientation are favored (¢p in
(a) and h¢ in (b)). The others are located in a roughly orthogonal (¢4 in (a) and ha,
hg, hp in (b)) direction and are therefore unfavorable. Similarly, when a tetrahedral
(hexagonal) interstitial hops onto the lattice site and forms a split interstitial, only
3 (2) out of the 6 (110)-split orientations are allowed. These orientation constraints
are verified by the migration barrier results from NEB calculations.

We have calculated the correlation factor values for the stable-split mechanism

in the tetrahedral and hexagonal network with the above orientation constraints im-
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Table 3.2: Correlation factor values for the tetrahedral and hexagonal hopping net-
works. The cos@ value is calculated analytically, and the cosf value is calculated
via the KLMC approach. The uncertainty of the correlation factor is the standard
error of the mean.

Network coS QI cosf f

Tetrahedral | -1/3 | -0.5150 | 0.7275+0.0001
Hexagonal | -1/11 | -0.4357 | 0.6207+0.0001

posed. The results are listed in Table 3.2. Using statistical diffusion theory, the cosf'
value can be calculated analytically by constructing allowed hopping networks of the
interstitial. The average cosine values become smaller than the kick-out mechanism
due to the fact that here more choices of I, — I; hop directions are allowed after an
I; — I, hop. In other words, not only “kick-out”, but also “bounce-back” are allowed.
The correlation factor for the tetrahedral network is the same as the previous value,
simply because when the tracer is bounced back, it returns to the previous intersti-
tial site and has no net displacement, giving no contribution to the total correlation
effect. The situation is different for hexagonal sites, since when bounced back, the
tracer atom can be on a different interstitial site (e.g. In Figure 3.5 (b) jumping

between two h¢ sites on the left via atom a).

3.5 Correlation factor of combined mechanisms in silicon

In this part, we perform a case study for interstitial-mediated self-diffusion in silicon.
The lowest-energy structures as well as the migration barriers of self-interstitials in
silicon have been studied extensively [43, 44, 45, 46]. The general consensus is that
the hexagonal, tetrahedral, and (110)-split interstitials have relatively lower forma-
tion energies than other configurations [46]. We have performed ab initio calculations
which confirmed that the lowest-energy structures are the (110)-split and hexago-

nal interstitials,with formation energies of 3.70 and 3.79 eV, respectively; while the
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tetrahedral interstitial has a slightly higher formation energy of 3.97 eV. Using the
NEB method, we have identified several migration paths and calculated the associated
barriers, which are shown in Table 3.3 and Figure 3.6. The tetrahedral interstitial
is found to be an intermediate state, which relaxes to a hexagonal interstitial. The
direct (uncorrelated) mechanism, I, <+ I}, via I, has a lower barrier than the indirect
mechanism I, <> I,. Previously a fourfold interstitial defect has been reported [47].
However, due to the high migration barrier of the concerted exchange [45], they are
less likely to migrate and thus not included in our analysis. The +2 charge state in-
terstitials reported in a recent paper [48] are also excluded due to their high migration

barriers.

Table 3.3: Migration barriers of various migration paths of self-interstitials in silicon.

| Migration path | Forward barrier (eV) | Reverse barrier (eV) |

I, < I 0.34 0.25
I, < I, 0.38 0.11
I, < I, 0.17 0.17
I, < 1, 0.17 0.00

From the analysis above, there are two major hopping mechanisms for self-diffusion
in silicon: I, < I, , and I, <> [,. The former is the indirect mechanism in the
hexagonal hopping network. The latter is the direct mechanism, with a correlation
factor of 1. In the presence of both mechanisms, the hexagonal interstitial can diffuse
either directly or indirectly. If we denote the corresponding probabilities as Pgiect
and Pigirect, then we have Pgiect = 1— Pidirect and the effective correlation factor feg
should be a function of Pyjec;. To determine the relationship between fog and Plirect,
we have performed KLMC simulations with Pyect varying from 0 (pure indirect) to 1
(pure direct). The fog value is extracted via Eq. (3.2). For the indirect mechanism, we
consider the dominant kick-out mechanism with cosf = 9/11 (f = 0.4690) and the
stable-split mechanism (f = 0.6207). The results are plotted in Figure 3.7. As can be
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Figure 3.6: Migration energy of different migration paths of self-interstitial diffusion
in silicon.

seen, the total effective correlation factor increases monotonically as the probability of
direct mechanism increases, with values approaching unity when the direct mechanism
is more favorable, rendering the diffusion more uncorrelated. The correlation factor for
the stable-split mechanism is higher than for the kick-out mechanism for a given Pgject-
The actual correlation factor for a certain Piject value should lie somewhere between

the two curves when the kick-out and stable-split mechanisms are both present.

According to the transition state theory the probability Pjiject can be expressed

as
Qdire(:t €xXp (_EgiLrect/kT)
Qdirect exXp (_Egjlrect/kT) + Qindirect eXp (_Eglldirect/kT)

Pdirect - (35)

where €) is the entropy factor associated with the mechanisms, and E™ is the cor-
responding migration barrier. Once the migration barriers are determined, the only

variable that controls the probability Pjiject, and therefore feoq, is the temperature.
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Therefore, unlike in vacancy diffusion, here the effective correlation factor for the
combined mechanisms of interstitial-mediated self-diffusion in silicon is temperature
dependent, which may be the reason for the different correlation values reported in
literature [35, 36, 37, 38|.

Assuming that the entropy factors are the same for the two mechanisms, the cor-
relation factor at 1000-1100 °C is calculated to be 0.64 for the kick-out mechanism
and 0.80 for the stable-split mechanism using the values in Table 3.3. This estimate
is higher than the reported experimental value of 0.6 for the same temperature range
[35]. Sources for the differences include uncertainties in values extracted experimen-
tally and the energetics of the mechanisms predicted by the DFT calculations which
results in overestimation of the probability of the direct mechanism. Another possible
source of error comes from the neglect of the entropy difference of the two mecha-
nisms. Better quantification of the entropy factors requires ab initio studies of the

vibrational frequencies of the transition states of the two mechanisms.
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Figure 3.7: Effective correlation factors of interstitial-mediated self-diffusion in silicon
as a function of the probability of hopping via the direct mechanism.
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3.6 Conclusion

Using the kinetic lattice Monte Carlo approach, we have performed extensive analysis
of the correlation factor values of interstitial self-diffusion for various possible mech-
anisms and hopping networks in the diamond lattice. The correlation factor for the
kick-out mechanism in the tetrahedral hopping network is 0.72, which is in agree-
ment with previous results; and the value for the hexagonal hopping network is 0.47
for the dominant mechanism. For the mechanism where a split interstitial is stable
(stable-split mechanism), the correlation factor for the tetrahedral network stays the
same while that for the hexagonal network increases to 0.62. We then identify the
possible mechanisms involved in interstitial-mediated self-diffusion in silicon based
on ab initio calculation results and calculate the effective correlation factor for the
combined mechanism. Unlike vacancy diffusion, interstitial-mediated self-diffusion
has a temperature-dependent correlation factor. This conclusion in general holds for
diffusion processes involving multiple mechanisms with different activation energies.
The correlation value obtained from ab initio results at 1000-1100 °C is 0.64, higher

than the experimental value of 0.6.
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Chapter 4
INTERDIFFUSION IN SIGE ALLOYS

This chapter is adapted from a letter published in Journal of Vacuum Science
and Technology B [49]. Point-defect-mediated diffusion processes are investigated in
strained SiGe alloys using kinetic lattice Monte Carlo KLMC simulation technique.
The KLMC simulator incorporates an augmented lattice domain and includes defect
structures, atomistic hopping mechanisms, and the stress dependence of transition
rates obtained from density functional theory calculation results. Vacancy-mediated
interdiffusion in strained SiGe alloys is analyzed, and the stress effect caused by the
induced strain of germanium is quantified separately from that due to germanium-
vacancy binding. The results indicate that both effects have substantial impact on

interdiffusion.

4.1 Introduction

The silicon-germanium alloy is commonly used in many applications, mainly in elec-
tronics such as metal oxide semiconductor field effect transistors (MOSFETs) [2, 50,
51, 52|, heterojunction bipolar transistors [53], and optoelectronic devices such as
quantum-well optical modulators [54, 55, 56]. SiGe presents several advantages com-
pared with traditional Si-based devices. The Si-Ge lattice mismatch of 4.17% induces
strain to the device. Application of strain modifies the band structure which leads
to a reduced carrier scattering and thus an increase in electron mobility. Applied
strain can also modify the effective mass of holes and has a potential to increase hole
mobility. Figure 4.1 shows a transmission electron micrograph of p-type MOSFET

with SiGe as source and drain, where uniaxial strain increases the hole mobility by
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50% [2].

Si. Ge, ¥ si._Ge,

p-type MOSFET

Figure 4.1: TEM micrograph of a 45-nm p-type MOSFET. |2]

Ideally, the concentrations of Ge in the device should vary abruptly to achieve
better strain and band gap control. However, interdiffusion, which occurs at the
interface, is a big challenge to these specifics. Interdiffusion during the thermal anneals
will effectively decrease the thickness of strained channel [57], and also increase the
impurity scattering |58, 59]. It can also lead to highly unwanted modification of E
field in optoelectronics devices [60]. Figure 4.2 shows a TEM image of the Si-Ge

interface after thermal annealing, with SIMS measured Ge concentration imposed [3].

SiGe Interdiffusion is believed to be mediated by point defects, predominantly
vacancies |3, 61, 62, 63]. Generally, interdiffusivity depends on both temperature
and germanium content in the material. Xia et al. found that interdiffusivity is
proportional to the exponential of Ge content and has a constant activation energy

for Ge fractions between 0 and 0.56 over the temperature range of 770-920 °C [4]. A
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Figure 4.2: Cross-sectional TEM image of a Si-Ge interface annealed at 900 °C for 30
min. [3]

piece-wise model for interdiffusivity is constructed as

310 exp (— 285V exp (8.17qe) , Tae < T
D= ( kT ) 0 (41)

310 exp (—4'16;\’) exp (8.1xge) exp [14.9 (xge — @0)], Tge > To

The presence of Ge has two effects on interdiffusion: (a) the stress effect due to the
lattice mismatch between Ge and Si, in which replacing a Si atom with Ge contributes
an extra strain energy term to the total energy of the system, and (b) the alloy effect,
in which Ge causes perturbation to the ideal silicon lattice. To build general predictive
models, it is necessary to separate stress effect from alloy effect. However, it is difficult
to do so experimentally. The KLMC approach, capable of capturing explicitly the
local variations in alloy distribution and stress tensor and how they affect the diffusion
processes, has great potential for simulating interdiffusion in strained SiGe alloys.

In this chapter, we use a KLMC simulator to investigate vacancy-mediated SiGe
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Table 4.1: DFT parameters for V mediated interdiffusion.

| Quantity | Value (eV) |
Migration for V-Si exchange 0.34

Migration for V-Ge exchange 0.17
Ge-V binding energy -0.31

interdiffusion in strained SiGe alloys. The inputs of the KLMC model, such as the
activation energies for atomic hops and the induced strain values of point defects, are

obtained from DFT calculations summarized in previous works [64, 65, 66].

4.2 Model implementation

In our model, we treat silicon as the perfect atom and substitutional Ge and vacancy
as defects. Interstitials are ignored as SiGe interdiffusion is predominately vacancy
mediated [3]. A Ge-V binding of -0.31 eV has been included, which is obtained from
DFT calculations [65]. Binding among other species are significantly lower [67] and
are thus neglected in the current analysis. We assume that diffusion occurs through

the following two transitions:

V+5i < Si+V (4.2)

V+Ge < Ge+V (4.3)

The migration barriers of these transitions, which are simply the associated energy
difference between the transition and initial states, are determined from DFT calcu-
lations [64]. The energy values used as inputs to the KLMC simulation are listed in
Table 4.1 and the energy profiles of the transitions are plotted in Figure 4.3.

The actual migration barrier of a transition can be expressed as the sum of £,
the unbiased barrier (as shown in Table 4.1) plus the change in the barrier due to

other effects such as pair binding and external stress. The change in the migration
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Figure 4.3: Energy profiles of the transitions. Vi and GeVy. denote the transition
states for transition 4.2 and 4.3 respectively.

barrier can be expressed as a combination of the formation energy changes of states

that satisfies detailed balance

5 (4.4)

AE] - AE]
E™=Ey+ (AEg; — AE[ 4+ —f —n m)
where AE/ is the change in formation energies, and the subscripts in, tr, and fi rep-
resent initial, transition, and final states, respectively. The formation energy change

due to applied stress and pair binding can be expressed as
AE = AE'stress + AE'binding = _‘/b (AG . U) + AE'binding (45)

where Vj is the atomic volume of the silicon lattice, A€ is the induced strain of the
point defects/impurities, and o is the applied stress to the system. Both stress and
strain tensors are written in the contracted notation [68]. The second term is the sum
of all pair energies of the system, extending from first nearest neighbors (1NNs) to
nth nearest neighbors (nNNs). In our analysis here we simply consider interactions
among 1NNs. Table 4.2 lists induced strain vectors that are used to calculate A Fgegs

via Eq. (4.5).

Eq. (4.5) includes the two effects of Ge on interdiffusion. The binding energy of
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Table 4.2: Induced strain vectors of point defects/impurities which are associated
with the energies of the initial and the final states of a hop.

’ Quantity \ \Y% \ Geg \ Vi \ Gey, ‘
JAN. -0.22 | 0.05 | -0.42 | -0.37
Ae,, | -0.2210.05 | -0.42 | -0.37
A€, -0.22 1 0.05 | -0.42 | -0.37

-0.31 eV enters represents the second term and contributes to the alloy effect, while

the induced strain values enters the first term and contributes to the strain effect.
4.3 Stress analysis

Here we describe the theoretical background for stress analysis.

A three-dimensional stress-strain relation is:

o=C : ¢ (4.6)

where o and € are called stress and strain tensors, which are both 2nd order symmetric
tensors, with 6 independent entries. C is the 4th order stiffness tensor, with 21
independent entries. Ignoring shear stress and strain components, the stress and
strain tensors reduced to vectors and the stiffness tensor have dimension of 3 x 3.
For materials with cubic symmetry, when coordinates are along the (100) axes, the
stiffness tensor have only two independent components. Thus the stress-strain relation

simplifies to

o1 Cii Cia Chg €1
09 = Ci2 Cn Cho €2 (4-7)
03 Ci2 Cia Cn €3

The strain energy, is given by:

Ey=—e'o=—€e"Ce (4.8)
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In a supercell regime, a defect will induce a shift of equilibrium lattice spacing.

First define a normalized induced strain for a N-atom supercell with one defect.

Ae; = 2Ny (4.9)

Qao;

The N is equivalent to dividing by 1/N, which is the concentration of the defect.

Thus the strain energy of a defect under any applied strain relative to the bulk Si is

E=—(c—azAe) 0=

% (e — xAe)" C (e — zAe) (4.10)

v <

Expanding the terms and ignoring the quadratic terms of ¢, we get:

E(e) = %AETCAG—VZ‘AETCE (4.11)
= E(0) — VzAe'Ce (4.12)

Thus the energy of a defect has a linear dependence on the applied strain of the
system. The formation energy of a simple defect, such as I, V, as a function of applied
strain is

E;(e) = Ef(0) — VaAe' Ce (4.13)
4.4 KLMC simulations

We have applied the KLMC simulation approach described above to investigate the
effect of Ge on the vacancy-mediated SiGe interdiffusion in strained SiGe alloys. The
simulation domain contains a 5 X 5 x 64 array of silicon unit cells, corresponding to
a slab of depth of about 320 A and cross section of about 27 x 27 A2 Initially, the
Ge concentration profile is a step function, with a Ge fraction of 0 on one side and
20% on the other. The domain and initial Ge distribution closely resembles the step
structure called “BM20” in Ref. [4]. Figure 4.4 shows an initial configuration of the
SiGe alloy system, where Ge atoms are confined to the right side. We have divided
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Figure 4.4: Schematic of simulation domain, with random alloy arrangement of 20%
Ge. Ge fraction plot adapted from Ref [4].

the simulation domain into mono-layer slabs, and the Ge concentration in each slab is
monitored. During the simulation, Ge atoms are tracked and the Ge concentration in
each slab is updated. From this, the strain energy in each slab is calculated assuming

that stress energy is only a function of Ge concentration.

The external applied stress can be related to the applied strain in a three-dimensional
vector form

oc=C-e€ (4.14)

where C is the stiffness tensor of Si and € is the external normal strain. Shear com-
ponents can be neglected as they are zero for configurations considered, The structure
that we have simulated is an epitaxial layer of pure Si grown on top of a relaxed
Siy,0Gezo layer. Due to the positive induced strain of Ge atoms, the equilibrium

lattice constant of Si; ,Ge, is larger than that of Si, ag, with a relation given by [65]
a(z) = ag + 0.194x 4 0.0352° (4.15)

Considering the fact that the underlying SiGe layer is relaxed, the external strain of
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a point in the interface region with a Ge fraction of z is expressed as

() = 2(@) —a(xo)
| (2) o) (4.16)

€1 (x) = —vep (o) (4.17)

where €| and €, denote the strain components within and perpendicular to the inter-
face plane, respectively, v is Poisson’s ratio, and z( is the germanium fraction in the
underlying SiGe layer. Plugging Eq. (4.15) into Eqs. (4.16) and (4.17) results in a

biaxial tensile stress for the silicon and interdiffusion region.

To avoid clustering effects, only one vacancy is initialized randomly in the sys-
tem. This implies that the vacancy concentration under the simulation condition is
not necessarily the vacancy concentration under equilibrium conditions. In order to
compare the simulated results with experimental data, the simulated results have to
be scaled to yield behavior for equilibrium vacancy concentrations. In our analysis,
we use free vacancy concentration, which is the vacancy concentration in the Ge-free
region, to normalize the vacancy concentration since it can be readily compared to
a simple calculation. Once we determine the free vacancy concentration under the
simulation condition, we can scale the result to the equilibrium case. If the total
elapsed time to reach the final profile is calculated to be ¢ in the simulation, then
the elapsed time to reach the same profile for the vacancy concentration under the

equilibrium condition, t*, is calculated as

=G

t* t (4.18)
where CY, and Cy are the free vacancy concentrations under the equilibrium and the
simulation conditions, respectively. It can be seen that the elapsed time and the
vacancy concentration have an inverse relation. This is consistent with the physical

intuition that the higher the vacancy concentration, the faster the vacancy-mediated
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interdiffusion process, and thus the shorter time required to obtain a given profile.
Another way to interpret this for C3; < Cy as in our simulations is to think of the
equilibrium case as if the system is attached to a huge reservoir which it equilibrates
with. The difference between t* and t represents the expected time during which the
system is expected to not have any vacancies present, and thus no changes will occur

in the system.

Before we proceed to the analysis of the equilibrium diffusivity as function of
the Ge fraction, the determination of the free vacancy concentrations under both
the equilibrium and simulation conditions should be elucidated. The free vacancy
concentration under the equilibrium condition is a strain-dependent property and is

closely related to the formation energy change due to strain [66]

* (€ ALY (e
g\vj EO; — exp (——i{f ( )> (4.19)

where C5, (€) and CY; (0) represent the equilibrium free vacancy concentration with
and without strain, respectively. AE} (e€) is calculated from Eq. (4.5) with induced
strain values of vacancy from Table 4.2. C%, (€) corresponds to the equilibrium free
vacancy concentration for the case where stress effect due to Ge is included, while
C5 (0) corresponds to that for the case where the stress effect is absent. Since we are
not interested in their absolute values, the ratio in Eq. (4.19) is enough to make the

comparison between the two cases.

To obtain the free vacancy concentration under the simulation condition, we cal-
culate the free time ratio R as the ratio of the average time the vacancy spends on

any one site in the Ge-free region to the total elapsed time

o (1/No) M ¢,
R = t_O _ ( / O)NZzzl ti (4.20)
t Zz’:l ti

where ¢; is the cumulative time that vacancy is on site ¢ during the simulation, N
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is the total number of sites in the simulation, and N, is the total number of sites
in the Ge-free region. From the probability perspective, each site within that region
has a probability of R to be occupied by a vacancy at any given time. Thus, the
free vacancy concentration can be derived from the concentration of sites, C's in that

region, which is simply the silicon lattice site density (5 x 10*? ¢cm—3),

Cy = RCs (4.21)

Thus, we are able to scale the results from Eqs. (4.19)-(4.21) and then perform
Boltzmann-Matano analysis [69, 70] of the system behavior under equilibrium vacancy

concentration, which gives the diffusivity as

D(C) = —21* <5—é) i} /0 oo do (4.22)

where z is the depth within the simulation, z,, is the Boltzmann-Matano plane defined
in Ref. [4], and C' is the Ge concentration. To factor out the time variable, we carried

out the following substitution:

z—z
= n 4.23
= (4.23)
giving /
n_ 1 (dn /C
D (C) = 5 (dC’ s ndC (4.24)

As we discussed before, the presence of Ge has two effects on interdiffusion process.
From an atomistic perspective, on the one hand Ge enhances V-mediated diffusion
due to Ge-V binding, as Ge on neighboring sites lowers V formation energy; and on
the other hand, since vacancy and germanium have opposite induced strain values,
vacancies are more likely to be close to Ge atoms to compensate the strain energy.
These two effects both lead to interdiffusivity values increasing as increased Ge con-

centration. In order to separate these two effects, we have performed simulations with
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and without stress effect present (no formation energy changes due to stress effect).
Plotting diffusivity as a function of n for both cases allows us to compare the results
directly. Figure 4.5 shows the calculated data and smoothed curve based on fitting

to a constrained cubic spline function [71] for the Ge profile after simulation.
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Figure 4.5: Concentration profiles as functions of the normalization factor, n, for
vacancy-mediated SiGe interdiffusion with and without consideration of the stress
effect. The results are obtained for temperature equal to 920 °C. “+”s are original
data and lines are fitted curves.

Using the fitted curve of Figure 4.5, we can perform Boltzmann-Matano analysis
which yields the diffusivity versus concentration relationship shown in Figure 4.6.
Fitting the data with an exponential relation between diffusivity and germanium
concentration Fitting the data with an exponential relation between diffusivity and

germanium concentration:

D (zge) /Do = exp (Bxge) (4.25)

we have extracted the fitted values of B for both alloy and stress effects of Ge, which
are shown in Table 4.3.

In our analysis, the exponential factor B of the total effect is extrapolated to be
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Figure 4.6: Interdiffusivity values (symbols) extracted from Figure 4.5 and fittings
(dashed lines) to Eq. (4.25) for pure alloy effect (w/o stress) and alloy effect combined
with stress effect (w/stress) of Ge in the system. The results are obtained for a
temperature of 920 °C.

Table 4.3: Fitted values of B in exponential model for SiGe interdiffusion due to
different effects of Ge concentration.

’ Stress effect \ Alloy effect \ Total effect ‘
| 76 | 58 | 134 |

13.4. This can be compared to the extracted values of experimental results from Xia et
al. [4]. In their paper, interdiffusivity is modeled in a piecewise exponential form with
B of 8.1 and 23 in the tensile and compressive strain regime respectively. Our analysis
does not consider the different regimes of applied strain and gives a value that is close
to the average of the two values in their paper. Also note that the extracted value of
B under tensile strain in the experiment appears to underestimate the experimentally
observed dependence. Using a stronger Ge concentration dependence under tensile
strain leads to extraction of a weaker dependence under compressive strain conditions,
thus bringing both values closer to our result extracted from the simulation.

In general, Ge enhances V-mediated diffusion due to Ge-V binding, as Ge on
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neighboring sites lowers V formation energy. In addition, the lower concentration of
Ge leads to tensile stress in the interdiffusion region that retards vacancy-mediated
diffusion. Vacancies have a negative induced strain for the initial, final, and transition
states, but the one for the transition state has a larger absolute value. A tensile
stress will not only reduce the equilibrium vacancy concentration but also increase
the formation energy difference between the transition state and the initial state, and
therefore increase the migration barrier of the hop in Eq. (4.5) thus making vacancy-
mediated migration less energetically favorable. This is consistent with Figure 4.5,
where the Ge profile is broader when stress effect is not present, which indicates that

tensile stress on Si side retards vacancy-mediated diffusion.
4.5 Summary

We have presented kinetic lattice Monte Carlo simulations to investigate interdiffusion
in strained SiGe alloys, with input values including induced strains and migration
barriers obtained from DFT calculations. Simulation of the SiGe alloy structure
has separated stress and alloy effects caused by the presence of germanium. The
application of KLMC approach to investigate interdiffusion processes indicates its

potential for simulating full multistep annealing of strained SiGe devices.
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Chapter 5

PHOSPHORUS DIFFUSION AND DEACTIVATION IN
SILICON

5.1 Introduction

Diffusion of phosphorus below the solid solubility limit has been studied extensively
in the past. The diffusion behavior under various experimental conditions is well
characterized by models with a pair-diffusion scheme |5, 29, 72, 73, 74, 75|. These
models assume that phosphorus substitutional atoms (active phosphorus) is immobile
itself and can only migrate via pairing with point defects, i.e. interstitials or vacancies.
The point defects can have multiple charge states, whose concentrations depend on
the position of the Fermi level. The Fermi level position is in turn a function of
active phosphorus concentration. In this way, the effective diffusivity of phosphorus

is dependent on the Fermi level [76]

2 —1 _9
_ n _ n n n
s = Db+ D () + 0 (1) 2 () +0ir ()

where D!, is the intrinsic diffusivity associated with point defects of charge state i,

with ¢ varying from -2 to +2. The Fermi level dependence is included as =, which is
simply eEfk;TE} assuming Boltzmann statistics. Figure 5.1 shows the simulation results
of phosphorus solid source diffusion for several peak phosphorus concentrations fitted
against experimental data. It can be seen that the model predictions and experi-
mental observations are in excellent agreement with each other. At low phosphorus

concentrations, the charge state effect is negligible and the diffusivity is close to the

intrinsic value everywhere in the region; thus the diffused profile closely resembles a
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Figure 5.1: Simulated phosphorus solid state diffusion profiles using the pair-diffusion
model fitted against experimental data, from Ref. |5].

Gaussian function. At higher phosphorus concentrations, additional features of the
diffused profile are present: a plateau region near the interface, a long tail at the end,
and a kink in between. The enhanced diffusion of the plateau is due to the increased
concentration of negatively charged vacancies at high Fermi level, which facilitates
phosphorus-vacancy paring and enhances phosphorus diffusion. The enhanced tail
diffusion is caused by the supersaturation of interstitials in the tail region due to the
so-called chemical pumping effect |76]. A detailed description of the pair-diffusion
model is in Appendix B.

The above models only consider phosphorus species that are electrically active. In
real situations, phosphorus can become inactive, mainly due to two mechanisms: high
doping and interface segregation. When phosphorus is very heavily doped such that

the concentration exceeds its solubility, it forms complexes devoid of any electrical
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activity. Experimental data [77] indicate that the solubility value varies from 2 x
10% cm3 to 4 x 10* e¢m?3 when temperature increases from 700 °C to 1100 °C. During
the annealing cycle, phosphorus can also deactivate by interface segregation, in which
mobile phosphorus species get trapped in a thin layer of oxide near the interface.
The trap sites capture phosphorus and reduce the total dose of phosphorus in silicon.
The surface density of the trap sites is estimated to be on the order of the silicon
lattice density (~ 1 x 10'® cm3). It is observed that at least a dose of approximately
2 x 10! cm? can get trapped at the interface for a 30 min annealing at 800 °C [78].

There are several experimental methods to characterize the concentration of both
active and total phosphorus as functions of depth in a given sample. Here we briefly
describe two methods, the secondary ion mass spectroscopy (SIMS) and electrochem-
ical capacitance-voltage (ECV) profiling.

SIMS can detect the total phosphorus concentration, both active and inactive.
This is done by sputtering the surface of the sample with a focused primary ion
beam and collecting and analyzing ejected secondary ions. These secondary ions
are measured with a mass spectrometer based on the charge-mass ratio. Thus the
measured ion count is directly related to the total concentrations, regardless of their
chemical states in the sample. For phosphorus in silicon, the 3P isotope is usually
measured. Due to the interference of 3°Si'H, the detection limit of of 3'P is on the
order of 10" ¢cm™3 [79]. During the SIMS analysis, the sample surface is sputtered
away slowly, allowing continuous analysis of composition as a function of depth. Fig-
ure 5.2 illustrates the sputtering of sample surface by a primary beam during SIMS
measurements [6].

ECV detects electrically active phosphorus profiles. The technique makes a deple-
tion region in the sample and measures its small-signal capacitance, which is directly
related to the doping profile and electrically active defect densities. To reach the
inner depth of a sample, the sample is chemically etched. Since this approach probes

electrical properties in nature, it detects only the electrically active phosphorus. The
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Figure 5.2: Schematic of the sputtering of sample surface by a primary beam during
SIMS measurements, from Ref. [6].

limitation of ECV lies in the smearing of the edge of the depletion region. Rather than
an abrupt change of carrier concentration from the depletion region to the neutral
region, as assumed by the depletion approximation, in the real situation, the concen-
trations vary slowly at the edge of the depletion region for a length on the order of Lp,
the Debye length. Since Lp is inversely proportional to the doping concentration, this
effect is more severe in probing lightly-doped regions near the metallurgical junction

|80].
5.2 Phosphorus-vacancy cluster model

For common dopants in silicon, several models have been proposed for the deacti-
vation mechanism. Deactivation of arsenic in silicon is known to be dominated by
the vacancy cluster mechanism based on both theoretical and experimental evidences
[81, 82, 83, 84, 85, 86]. The deactivation mechanism of phosphorus is still under
debate due to the lack of conclusive experimental observations. While some propose
the formation of SiP precipitates as the major deactivation mechanism [77] , others
suggest a similar cluster model as arsenic deactivation based on the similarities of

phosphorus and arsenic in silicon |87, 88]. Our DFT calculations support the vacancy
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cluster model. In this model, phosphorus deactivates through the formation of small
phosphorus-vacancy clusters, each containing up to several phosphorus atoms and a
vacancy. These clusters can be written as P, V, denoting a vacancy paring with n of
its first nearest neighbors (1 < n < 4). Figure 5.3 illustrates the structure of P,V

cluster with n = 4.

Figure 5.3: Schematic of a P,V cluster containing 4 phosphorus atoms (pink/dark)
and a vacancy (grey/light).

5.2.1 DFT calculations

In this part we present DFT calculation results of the energetics of P,V clusters. All
the ab initio calculations were done using the density functional theory (DFT) code
VASP [13, 14, 15, 16] with the Perdew-Wang 1991 generalized gradient approximation
functional [39] and ultrasoft Vanderbilt-type pseudopotentials [40, 41].Calculations
are performed in a supercell consisting of 64 lattice sites with a 2 x 2 x 2 mesh of
Monkhorst-Pack [18] k-points for integrations over the Brillioun zone, and a 320 eV
cutoff in the plane-wave expansions. The GGA equilibrium lattice constant of 5.4566
A[65] were used and kept fixed throughout the calculations. Energy gain due to stress
relaxation is quite small (< 0.02 eV).

The calculated formation and binding energy of the clusters are listed in Table

5.1. The formation energy of P,V are calculated against neutral and substitutional
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phosphorus
63
Bl = Bt~ gt + (- 57 ) Bl 6.1)

And the binding energy of P,V is calculated against isolated P,,_;V and substitutional

phosphorus
b
EPnV - Egnv - Egn,1V - Elj;‘s (52)
The above two equations are for n = 0,1,--- ,4, where n = 0 corresponds to a single
vacancy.

From the calculated values, we can see that there is large binding between phos-
phorus and vacancy. The energy gain of adding a phosphorus to the cluster is more

than 1 eV. This makes the formation of P,,V exothermic for n > 3.

Table 5.1: Formation and binding energy of P,V clusters. Formation energy is refer-
enced to neutral and substitutional phosphorus. Binding energy of P,V is calculated
against isolated P,,_1V and substitutional phosphorus.

| | PLV [ PoV [ P3V | P4V |
Ef (eV) | 231 ] 097 [-0.18 [ -1.68
EP (eV) | -1.19 | -1.34 | -1.15 | -1.50

Based on the ab initio calculations we estimate the equilibrium concentrations of
various phosphorus species as functions of total phosphorus concentration. Ignoring

entropy factors, the equilibrium concentration of the clusters are calculated by

Cp )"(cv) Ef \
v =Ca () () ew (- (53

where Ef;nv is the associated formation energy as obtained in Table 5.1, and Cyg; is the

silicon lattice density. Cy and C%; are actual and equilibrium vacancy concentrations
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respectively. The total phosphorus concentration is thus given as

4
CP' = Cp+n) Cp,y (5.4)

n=1

The concentrations of phosphorus species under equilibrium vacancy concentrations
as functions of total phosphorus concentration at 840 °C (a common temperature for
phosphorus emitter diffusion in crystalline silicon solar cells) are plotted in Figure 5.4.
For low phosphorus concentrations, virtually all phosphorus takes the substitutional
form. As soon as total phosphorus concentration exceeds 10*° cm™2, P4V concen-
tration increases steeply and quickly becomes comparable to that of Pg. When P
concentration further increases, P,V becomes the dominant species, while the active
phosphorus concentration remains at around 2 x 10%° em™3. For all concentration
ranges, the concentrations of P,V with n < 3 are negligible and thus don’t show up
in the plot. This simple analysis gives the right “ball-park” of the solubility of phos-

phorus and is consistent with experimental observations on the active and deactive

phosphorus concentrations [32].

5.2.2  Continuum model

We have built a continuum model that simulates the deactivation process by the

kinetics of cluster formation. The reactions that lead to clustering are

PV + Pg <= P,V (5.5)
PV+PV <= P,V+V (5.6)
PV + P,V <= P3V+V (5.7)

PV+ PV P,V+V (5.8)
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Figure 5.4: Equilibrium substitutional phosphorus Pg (active) concentration and P,V
(inactive) concentration as functions of the total phosphorus concentration at 840 °C.
The concentrations of P,V with n < 3 are negligible and fall out of the plotting range.

where Pg is the substitutional active phosphorus. Since PV is the mobile species, it

can react with other P-containing species, facilitating cluster growth to P4 V.

The associated reaction rates are

Rpypg = 4ma - dpy [CoyCrg — Kpypy - Cryv] (5.9)
Rpy py = 4ma - 2dpy [CPVCPV — Kpy/pv - CPQVCV] (5.10)
Rpvp,v = 4ma - dpy [CpvCp,v — Kpv /e,y - CpavCy] (5.11)
Rpy/pyv = 4ma - dpy [CPVCPSV — Kpy/p,v - CP4VCV} (5.12)

where Kpv/ps, Kpy/pv, Kpy/p,v and Kpy/p,v are equilibrium constants that have
Arrhenius dependences on temperature. These constants are related to the binding
energy of the clusters defined as in Table 5.1 but also contain entropy terms that are

neglected in the previous equilibrium thermodynamics analysis and additional terms
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Figure 5.5: Illustration of the trapping process in the interface trap region.

to account for charge state dependencies. The activation energies for K’s are chosen
to be close to the binding energy values from DFT calculations, and the prefactors

are used as fitting parameters.

5.3 Interface trap model

The segregation of P into the SiO,-Si interface is modeled by mobile phosphorus
species (phosphorus point defect pairs) entering empty interface traps and releasing
free point defects, as seen in Figure 5.5. We assume that a thin trap region exists
between the SiO»-Si interface, with thickness x1 on the order of a nanometer.

The reactions that describe the trapping process are
PI+ T, <= Pr+1 (5.13)

PV4+T, <= Pr+V (5.14)

where T, is an empty trap site not filled by phosphorus; P is a trapped phosphorus,

neither mobile nor active. The trapping reactions are

T
R = 4madp; | Cpy (Ny — Cp,) — ;IKIT - Cp, C (5.15)
1
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R\T/ = 47TCLdPV CPV (NT — CPT) — X_:/K¥ . CPTCV (516)

where Ny is concentration of traps, and Cp,. is the concentration of trapped phospho-
rus. K1 and K7 are the equilibrium constant for the reactions controlling the actual
capacity of the trap sites and can be used as fitting parameters. The m and y terms
take care of charge state dependencies (Definitions of these terms are in Appendix
B). The forward rate is proportional to the number of empty trap sites in the trap
region (N — Cp,.), while the reverse rate is proportional to the number of filled trap
sites (Cp,.).

The surface density of the trap sites is usually set to be the surface density of
silicon, e.g. at the (100) surface op = (5 x 102)”® = 1.357 x 10" cm~2. The
concentration of the trap sites is simply the surface density divided by the region
thickness, i.e. Ny = op/xr. It turns out that varying the thickness of the trap region

does not alter the diffused profile, as long as the surface density is kept fixed.

5.4 Modeling of solid source diffusion of high phosphorus concentration
diffusion

We have applied these models to simulate phosphorus solid state diffusion experiments
in silicon, in which is diffused from a P-rich oxide layer at 840 °C for 40 min. We
assume a constant phosphorus concentration in the oxide and a segregation boundary
across the oxide-silicon boundary, where the flux across the boundary depends on the

phosphorus concentrations on both sides of the interface [89]:

s Cp
s ey ) o1n
where k° is the kinetic factor for segregation, usually chosen rather large so that equi-
librium of the phosphorus concentrations on both sides is quickly established. This
implies that diffusion through the interface is fast enough so that the choice of kseg

has little influence on the diffusion profile in silicon. r° is the segregation coefficient
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of phosphorus between the two regions. Figure 5.6 shows the model predictions and
experimental measurements from SIMS and ECV. The difference of SIMS and ECV
profiles at the top region indicates that a large fraction of phosphorus is deactivated.
When phosphorus concentration drops below 2 x 10%* em™2, SIMS profiles overlap
with ECV, suggesting that all phosphorus are active phosphorus. The discrepancy of
SIMS and ECV data at the tail is due to the systematic error of ECV measurements.
ECV tends to underestimate the tail due to the depletion effect, as mentioned in 5.1.
The simulated total and active phosphorus profiles match SIMS and ECV data re-
spectively. At the peak region, P,V clusters account for the difference between total
(pink) and active (blue) phosphorus profiles. From the inset, we can also see a sharp
increase of total P profile at the first several nanometers towards the interface, which
consists of a high concentration of trapped phosphorus at the interface trap region.
Figure 5.7 shows the dose of various phosphorus species as functions of annealing
time. The dose of trapped phosphorus gets saturated quickly at 30 s, while the doses
for the active and clustered phosphorus grow as phosphorus diffuses into Si. The
active phosphorus is only a small portion of the total phosphorus, which consists

mostly of deactivated P,V.
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Figure 5.6: Simulation (lines) of the ECV profile (electrically active phosphorus) and
the SIMS profile (total phosphorus) as compared to the experimental data (symbols)
from University of Hannover.
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Chapter 6
POCL; EMITTER DEPOSITION PROCESS

This chapter is adapted from a manuscript submitted to Progress in Photovoltaics:
Research and Applications. We measure concentration profiles within the deposited
phosphosilicate glass (PSG) layer for a range of POCl3 doping conditions and find that
(i) its composition is nearly independent of process conditions and (ii) it is separated
from Si by a thin SiO, layer. We also find strong accumulation of P at the SiO,-Si in-
terface. As common linear-parabolic models cannot fully explain the observed kinetics
of PSG thickness and phosphorus dose in Si, we present an improved model including
oxygen depletion and dose saturation. This explains the experiments far better. We
further couple this growth model with phosphorus diffusion and deactivation models
in silicon, providing full modeling of the POCI; doping process.

There are two sets of samples analyzed in this chapter. The first set was pre-
pared by Leibniz University of Hannover and University of Konstanz in Germany,
and the second by Applied Materials Xi’an Solar Research Center. Dr. Zihua Zhu
and Dr. Vaithiyalingam Shutthanandan in the Pacific Northwest National Laboratory
took the SIMS and RBS data respectively. Hannes Wagner, Amir Dastgheib-Shirazi
and Michael Kessler contributed to preparing the samples and conducting the ECV

measurements. I have analyzed the data and built the continuum models.

6.1 Introduction

A solar cell typically consists of a p-n junction that is formed by a base and a emitter
with opposite doping. Figure 6.1 illustrates the schematic of a solar cell in operation.

Currently, solar cells with a p-type base and an n-type emitter dominate the market.
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The emitter region of most crystalline Si solar cells is composed of phosphorus dopants,
which are commonly introduced by forming a phosphorus rich glass layer via a POCl3
source [90].

The phosphorus profile in the emitter region should be carefully controlled in order
to achieve high-efficiency solar cells. On the one hand, a high surface concentration of
phosphorus is required to reduce contact resistance; but on the other hand, the high
surface concentration increases the surface recombination rate and thus produces a
“dead layer”, where light generated carriers can hardly be collected. Since blue light
can’t penetrate deep into the cell and is predominantly absorbed near the surface, the
surface dead layer causes a poor “blue response”. To overcome this design limitation,
the selective emitter design was proposed before and has already been introduced
to commercial production (e.g. Applied Materials, Dupont). This extra degree of
freedom allows additional efficiency gain but also poses more challenges on process
design optimization. Currently, new process conditions are usually found empirically,
and it has proven to be very delicate to achieve a lower peak dopant density without
sacrificing sheet resistivity and homogeneity. In this work the fundamental under-
standing of the POCI; doping process is improved by a combination of measurements
and a newly developed theory. This enables us to support the change in processing
conditions for high performance, high yield, and low cost.

When Si wafers are exposed to an atmosphere of POCl3, O,, and Ny, phospho-
silicate glass (PSG) is formed. The glass is a mixture of PoO5 and SiOy [90]. This
step is usually called predeposition, and the resulting PSG glass provides a source
of phosphorus that diffuses into the Si wafer. Most commonly, an additional step,
called drive-in, follows the predeposition. During drive-in, the supply of POCI; is
disconnected, and a further amount of P diffuses into the wafer. Drive-in is com-
monly performed in a Ny ambient, but some recipes also use Oy. The schematic of
the deposition process is illustrated in Figure 6.2.

The experimental conditions of POCI3 deposition can be characterized by four
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Figure 6.2: POCI3 predeposition in an open tube furnace with a bubbler set-up. [8]
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parameters: temperature, time, POCI3 partial pressure, and O, partial pressure.
The Ny partial pressure does not directly affect the deposition process as Ny is not
the reacting gas species. Commonly, the partial pressures are not measured directly
and are found by the corresponding gas flow rates, assuming a proportional relation

between pressure and flow rate.

The growth behavior of PSG under ordinary conditions is commonly described as
parabolic, with reported thickness values of 10-300 nm [91, 92]. We have performed
investigations on PSG growth in the 5-40 nm thickness range, which is typical of
current fabrication processes for improved emitters. Working closely with special-
ists in sample fabrication and characterization, we have analyzed doping profiles of
samples under different deposition conditions and developed a set of models to fully
describe the POCI3 deposition process. The first set of samples provides a qualita-
tive understanding of the deposition process. The second set of samples are used to
calibrate model parameters to account for the profile dependence on two important
parameters, predeposition time and POCI; partial pressure. Characterization of a
third set of samples, fabricated by Applied Materials, is underway. This will allow
further calibration of model parameters for accurate predictions of temperature and

oxygen partial pressure dependence.

6.2 Experimental details

The chemical profiles in the wafer were measured with a time-of-flight secondary ion
mass spectrometer (ToF-SIMS), using a 1 keV Cs' sputtering beam and a 25 keV
Bi" analysis beam. We have mainly measured ion counts for 28Si, 3P, and '80.
The observed ion count for **Cl is negligible, excluding any direct role of Cl, in PSG
formation. Cl, forms volatile species and is transported out of the tube by the gas

flow.
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6.2.1 SIMS profiles of samples from the first set of samples

The first set of samples were doped by the standard POCI3 process including predepo-
sition and drive-in. Several splits have been generated, with variations of temperature,
drive-in time, drive-in gas ambient, and drive-in gas flow rates. The SIMS profiles are

shown in Figures 6.3, 6.4, 6.5, and 6.6.

0 20 40 60 80 100 120
Depth [nm]

Figure 6.3: SIMS profiles of 2Si, 3'P, and ®O ions for varying predeposition and
drive-in temperatures.
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Figure 6.5: SIMS profiles of 2Si, 3'P, and '®O ions for varying drive-in times under
Ny ambient.
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Figure 6.6: SIMS profiles of 28Si, 3'P, and '®O ions for varying drive-in times under
04 ambient.

6.2.2 SIMS profiles of samples from the second set of samples

For the second set of samples, predeposition experiments were carried out at a fixed
temperature of 840 °C in an atmosphere of Oy, Ny and POCI3 in a tube furnace, with
POCI; supplied by a bubbler system kept at 20 °C under 1 atm. The O, flow rate is
kept fixed at 250 sccm, while the POCIs-carrying Ny flow rate is varied among 250,
500, and 1000 sccm. A third Ny flow is tuned to keep the total flow rate fixed at 10750
sccm. Predeposition time is varied among 10, 20, and 40 min. After predeposition,
the samples were quickly removed from the furnace; hence no drive-in was performed.

The signals are analyzed in three groups and are shown in Figures 6.7, 6.8, and 6.9.

The partial pressures of the reacting gases are assumed to be proportional to the
gas flow rates. po, is simply the ratio of O, flow rate to total gas flow rate. ppoci,
is calculated as the product of the ratio of POCI3-carrying Ny flow rate to total gas
flow rate and the saturated vapor pressure of POCl3, which is 28 Torr (0.037 atm) at
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Table 6.1: Determination of partial pressure from gas flow rates.

Flow rate (sccm) Partial pressure (atm)
POClg—Carrying Ng ‘ 02 ‘ N2 POClg ‘ OQ ‘ N2

250 250 | 10250 | 9.76 x 107! | 2.33 x 1072 | 8.88 x 10~

500 250 | 10000 | 9.75 x 107! | 2.33 x 1072 | 1.78 x 107*

1000 250 | 9500 | 9.73 x 107! | 2.33 x 1072 | 3.55 x 10~*

20 °C [93]. Table 6.1 lists the partial pressures of gas species calculated from gas flow

rates.

10° F :
3'p . 250 scem —*— 1
285 - 250 scem ]
18 ]
31O- 250 sccm —*—
10* E oap - 500 sccm —&— -
> 1g21 - 500 sccm ]
@ 31O- 500 sccm —&— ]
o 28P-1OOOSccm — |
E 4 121 - 1000 sccm
=10 O - 1000 sccm E
o ]
=
17}
10?
10! 4
0 10 20 40 50 60

Figure 6.7: ToF-SIMS profiles of 28Si, 3'P, and '®O ions for varying POCl; flow rates
at a predeposition time of 10 min.
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Figure 6.8: ToF-SIMS profiles of 22Si, 3P, and 'O ions for varying POCI; flow rates

at a predeposition time of 20 min.
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Figure 6.9: ToF-SIMS profiles of 28Si, 3P, and 80 ions for varying POCl; flow rates

at a predeposition time of 40 min.
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6.3 Analyzing SIMS data

6.3.1 Layer identification

From the SIMS data, it appears that POCI3 processing gives a bilayer structure, with
a nearly uniform composition in the PSG region near the surface and a thin P-doped
5104 layer sandwiched between PSG and Si. This bilayer structure is confirmed by
etch rate measurements in Ref. [92], where two different etch rates have been observed
when etching the surface glass layer. Figure 6.10 plots a typical set of data with the
layer boundaries indicated. The interface locations are determined by deconvolving
the SIMS profiles with a Gaussian function having a standard deviation of roughly
1 nm.Comparing the relative signal strengths of 28Si, 3'P, and *O for all samples,
we found that the nearly uniform composition of the PSG is virtually independent
of process conditions varied in this study (i.e. predeposition time and POCI; flow
rate), despite the large impact of these process parameters on the P profiles in Si.
Rutherford backscattering spectrometry (RBS) measurements give an average of 2.47
Si atoms for each P in the PSG, suggesting a formula approaching (P20Oj) - 5(SiOs).
The formation of a bilayer in the P-doped glass grown from POCI;3 suggests phase
separation. It has been found that for a wide temperature range (800 ~ 1200 °C),
the PSG composition falls onto the liquidus curve of the P,O5-SiO, phase diagram
[92]. In the same reference, the composition of liquidus was reported to be 2P /5Si at
around 850 °C, very close to our RBS measurements. This suggests that the PSG in
our samples forms a eutectic liquidus. Another notable feature of the SIMS profiles is
a large accumulation of P at the SiO»-Si interface, which broadens into a Gaussian-like
profile in Figure 6.10 due to surface roughness of samples and the SIMS broadening
effect.
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Figure 6.10: SIMS profiles of 28Si, 3P, and 80 ions for POCI; flow rate of 500 sccm
and predep time of 40 min. The two interfaces are determined by deconvolution of
SIMS profiles. The systematic decrease of the profiles towards the surface is due to
the SIMS transient artifacts.

6.3.2 Temperature dependence

Figure 6.3 shows the profiles for deposition with 3 different temperatures. It can be
seen that the higher temperatures lead to faster PSG growth (thicker PSG) and more
P diffused into Si. This indicates that the reactions rates for the PSG formation and
phosphorus diffusion are both higher at higher temperatures. The composition of the

PSG does not change as temperature varies.

6.3.3 Varying O, flow rates

Figure 6.4 shows the profiles for deposition with 3 different oxygen flow rates. It can
be seen that higher oxygen flow leads to faster PSG growth, but less P diffusion. This

looks surprising at first glance, but it can be explained by considering the role of
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oxygen in PSG formation. If oxygen is involved in the PSG formation process, then
higher oxygen flow will allow faster PSG growth, which consumes more phosphorus
to form PSG, reducing the amount of phosphorus that further diffuses into Si. The

composition of the PSG does not change as O, flow rate varies.

6.3.4 Comparing drive-in under Ny and Oy ambients

It is interesting to compare the behavior of PSG growth for drive-in under N, and O,
ambients, as shown in Figures 6.5 and 6.6. Under Ny drive-in ambient, with Oy and
POCI3 supplies switched off, the PSG ceases to grow, and P in PSG diffuses into the
Si region. However, under Oy ambient, the PSG continues to grow even the POCI3
supply is turned off. Also, the middle SiO, layer also grows. Comparison of the
drive-in behavior under N, and O, ambients suggests that oxygen is directly involved

in the reaction leading to PSG formation at the PSG-SiO, interface.

6.3.5 Quantitative analysis

Before using the second set of samples to quantitatively calibrate our model parame-
ters, we need to convert SIMS ion count data to absolute concentrations. The SIMS
profiles in the PSG are quantified based on the RBS measurements. The concentra-

-3 .
, using

tions of P in the plateau region of the PSG is calculated to be 6.5 x 10%! cm
a PSG density of 2.36 g/cm?® from Ref. [92]. Quantification of the SIMS profiles in
Si is done by matching the SIMS profile in Si with that of the electrically active P

measured by ECV. This leads to the following conversion formula

_I('P) 2 3
Cp = Ty <10 em (6.1)

where Cp is the total phosphorus concentration, I(3'P) and I(*Si) are the SIMS ion
counts for the associated species. Figure 6.11 illustrates the matching of SIMS profiles
with ECV data.
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Figure 6.11: Matching SIMS data with ECV data for several different flow and predep
time conditions. The two profiles were matched in the concentration regions of 1 x
101 em ™3 to 2x 10%° em 3. Left: predeposition times of 10, 20 and 40 min with a flow
rate of 250 scem. Right: Flow rates of 250, 500, and 1000 sccm with a predeposition
time of 10 min.

The thicknesses of the PSG and SiO, layers are extracted from the SIMS profiles.
The total P dose in Si is calculated by integration of the calibrated SIMS profiles over
depth. The extracted PSG and oxide thickness and total dose are plotted in Figure
6.14 versus the square root of predeposition time for several POCI; flow rates. Both
PSG thickness and total P dose show a roughly parabolic growth, consistent with
previous findings |91, 92]; however, the lines do not extrapolate to the origin. Higher
POCI; flows lead to thicker PSG and larger dose, but note that the dose depends
more strongly than the thickness on the POCI; flow. The thickness of the SiO, layer
remains near 6 nm for all the process conditions observed. It is possible that initially
the oxide grows very fast, and then its thickness stays relatively the same due to a

balance between reactions at the front and back interfaces.
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Figure 6.12: Growth of (a) PSG thickness, (b) total P dose in Si, and (c¢) SiO,
thickness under different POCl3 flow rates, as extracted from Figures 6.7, 6.8, 6.9 and
6.11. The data point for flow rate of 250 sccm and 10 min in (c) has large uncertainty
as a result of uncertainties in the interface locations due to low dose. Solid lines are
a guide to the eyes.

6.4 DModel implementation

Based on the above analysis, we present steady-state models to quantitatively un-
derstand the growth behavior of PSG thickness and the dose of phosphorus in Si.
We assume that there are two parallel processes, one for phosphorus and the other
for oxygen. The schematic of the model is shown in 6.13. There are two parallel
processes in the system: one for P and the other for O. At the PSG-SiO, interface,
part of P and O react to form PSG at the expense of dissolving SiO, underneath.
The rest of P and O segregate across the interface and continue to diffuse. At the
S510,-Si interface, oxygen completely reacts with the Si layer below and forms SiOs,
while P either gets trapped into the surface or diffuses further into Si. The net SiOq
growth is the growth at its back side by the reaction of O, and Si, subtracted by the
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consumption of SiO, at its front side to form the PSG layer.Arrows denote the net
flows of P (brown) and O (blue). Jp, Js, and Jg denote fluxes of diffusion, segre-
gation and reaction respectively. Also shown in the schematic are critical interface
concentrations, in which atom species (P and O) are denoted by subscripts, and the
associated regions are denoted by superscripts (G stands for PSG and X stands for
oxide). An apostrophe in the superscript is added to distinguish the concentration
at the bottom interface from that at the top. For the sake of simplicity, we do not
include the kinetics of the SiOy growth; rather, we assume a constant SiO, thickness

as measured.

Gas PSG Sio, Si

Ppoci,

Concentration

Q Depth

>

Figure 6.13: Model schematic with critical concentrations at interfaces. Subscripts
denote atom species, and superscripts denote the associated regions (G stands for
PSG and X stands for oxide). An apostrophe in the subscript is added to distinguish
the concentration at the bottom interface from that at the top. Arrows denote the
net flows of P (brown) and O (blue). Jp, Js, and Jr denote fluxes of diffusion,
segregation and reaction respectively.
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1. Simple linear-parabolic growth model

A simple linear-parabolic growth model of the PSG layer can be derived as follows.
Assuming a complete reaction of POCI3 and Oy, then according to Henry’s law, the
phosphorus and oxygen concentrations at the top PSG surface are proportional to

the partial pressures of POCI3 and Os respectively:

Cg = HPpPOClg (6-2)

where Hp and Hp are Henry constants for POCl; and Oy respectively. Eq. (6.3)
implies that the diffusing O species is molecular rather than atomic. The partial

pressures of the reacting gases are calculated in Table 6.1.

The mobile phosphorus species diffuses through the PSG and reaches the PSG-
SiOs interface, where part of the excess phosphorus reacts with SiOy to form PSG,
while the rest segregates into the SiO5 and continues to diffuse. Based on the conser-
vation principle, the diffusion flux across PSG should equal the reaction flux at the

PSG-SiO; interface plus the diffusion flux across SiOs:

JEwpsa) = Jhox + B psaon (6.4)

Under steady state conditions, the concentration of excess phosphorus inside PSG
and SiO, varies linearly with depth. The reaction flux at the PSG-SiOy interface is
proportional to the the phosphorus and oxygen contents on the PSG side, denoted
CS" and C§' respectively. We can thus write Eq. (6.4) as

cx — X'

cs - cof '
DG __—F _ pX L kRS s (6.5)

g Tx
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where k% is the equilibrium constant for the reaction, DG and D7 are phosphorus dif-
fusivities in PSG and oxide, x¢ and x x are the thickness of PSG and oxide. Remember
that an apostrophe in the superscript is added to distinguish the concentrations on

the two sides of the film.

The phosphorus in SiO, crosses the Si0,-Si interface, and then either gets trapped
beneath the interface, or diffuses further into Si. Assuming perfect sink at the inter-
face, the flux across the SiO,-Si interface can be written as k22C3 , where k72 is the
kinetic factor of P segregation at the SiO,-Si interface. Again based on conservation

principle, this quantity should equal the diffusion flux in SiO,:

cx — oX'

D¥ P — 320X (6.6)

rx
Assuming rapid segregation across the PSG-SiO, interface, the phosphorus concen-
trations of phosphorus at the two sides of the interface are proportional throughout
the entire deposition process:

CxX =r3ted (6.7)

where 73! is by definition the segregation coefficient at the PSG-SiO, interface. Com-

bining Eqs. (6.5) - (6.7) we can solve C§’ in terms of C'§

. o
CP - kg G/ rl‘s;lDl)D( (68)
(B508 + 2pf ) wa +1

To efficiently incorporate Henry constants into the lumped parameters, we define

“pressure” terms pp and py, such that
CS = Hppp (6.9)

CS' = Hopp (6.10)
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With this change of variables from Cgl and C’g’ to plp and p/O respectively, we can

rewrite Eq. (6.8) in terms of pp and py:

/ Procis
Pp = 7 6.11
P (KlpO+K2) ro+1 ( )

where K7 and K, are lumped fitting parameters as defined in Table 6.2. The time
derivative (growth) of the dose and the PSG thickness are proportional to the first
and second terms on the right hand side of Eq. (6.5) respectively:

dLEG

Y6 Kapirt (6.12)
dQP KOKQ /7

— N 6.13
© ( o ) o (6.13)

where K is another lumped parameter. Np is a constant, being the number of P
atoms incorporated per unit volume of PSG grown, with a value of 6.5 x 10?! ¢cm™3
extracted from our RBS measurements. The definitions of all model parameters are

shown in Table 6.2, with values obtained by the least square fitting method.

Assuming that oxygen diffuses fast enough through PSG, we have C§ = C§,
and thus p’o = po,, independent of the PSG thickness z¢. Integration of Eqs. (6.8,
6.12) leads to a linear-parabolic growth model for both the PSG thickness and the

deg  dQp

=&, =£L) both proportional to ppoci,, which is in turn

dose, with the growth rates (
proportional to the POCIl3 flow rate. This implies that the PSG thickness and P dose
will have the same dependence on the POCI; flow rate. Such a linear-parabolic model
was originally developed to account for the growth kinetics of SiO, on Si substrates
|94, 76]. However, in the PSG system, it cannot explain an important observation:
the larger dependence of dose on POCI; flow compared to that of the PSG thickness.
This is evident when fitting Eqs. (6.8) - (6.13) to experiment, shown as dashed lines

in Figure 6.14.

The reason for the unsatisfactory fits of the linear-parabolic model is two-fold: (a)
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Table 6.2: Definition and values of lumped parameters for the simple and improved
models obtained by fitting the experimental data via the least square method. The
simple model has 3 lumped parameters: Ky, K, and K. The improved model has 3
additional parameters: K3, K4, and K5. Hp and Hp are Henry constants associated
with POCI; and O, respectively. The phosphorus and oxygen concentration at the
top PSG surface is calculated as C’g = Hp ppocs, Cg = Ho po,, where p denotes the
partial pressure (in atm) of the gases. k% is the equilibrium constants for the reaction
at the PSG-SiO; interface as defined in Eq. (6.5), and k2 is the corresponding constant
for oxygen. r2! and r$? are segregation coefficients of P at the PSG-SiO, and SiO,-
Si interfaces respectively. Diffusivities are denoted by D, with subscript indicating
species (P, O) and superscript indicating region (G stands for PSG and X stands for
oxide). xx is the thickness of the oxide (treated as a fixed parameter). A is the ratio
of the P dose in Si to the peak P concentration in Si. Np is the number of P atoms
incorporated per unit volume of PSG grown, with a value of 6.5 x 10?* cm ™3 extracted
from our RBS measurements.

Paramete Definition Value Unit
FAMIELEE Simple Improved Simple Improved m
model model model model
kpHoHp -5 -5 -1 2
Ky PN—P 4.50 x 10 4.41 x 10 cm-s - atm
K, kel 288 x 107 | 1.06x 107 | cm~'-atm
K nglgfg 4.30 5 5 -1
2 m . x 10 1.44 x 10 cm
K e o |isaxiom atm™!
3 )\7’?,2D1§$XHP . cm atim
K, - ko e ——— | 299x10% | em ' atm
K Tglg())( 2.73 3 -1
5 - —— ex D8 - —— .73 x 10 cm
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Figure 6.14: Growth of PSG thickness and phosphorus dose under different POCl3
flow rates. Points: data from SIMS, dashed lines: fit from the simple linear-parabolic
model, solid lines: fit from the improved model.

the inappropriate assumption of perfect sink, as a significant amount of phosphorus
accumulates at the SiO9-Si interface; and (b) neglecting the depletion of oxygen due
to PSG formation at the PSG-SiO, interface. Qualitatively, higher POCI;3 flow rates
lead to faster PSG growth, which in turn depletes the oxygen concentration. As
oxygen is involved in the PSG formation at the interface, this allows less phosphorus
to react with SiOs and form PSG, and thus more P to diffuse in and contribute to
the dose in Si. This slows down the PSG growth rate, and accelerates the dose, as

derived in the following.
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2. Improved growth model

We first drop the assumption of perfect sink at the SiO,-Si interface and assume
that the peak phosphorus concentration in Si, denoted C2, is proportional to the
phosphorus dose in Si, denoted () p. Further assuming fast segregation at the SiO,-Si

interface, we get:

_ Qr

' = s (6.14)

where 727 is the segregation coefficient of P at the PSG-SiO, interface, and ) is the
ratio of P dose in Si to peak P concentration in Si. Combining Eqgs. (6.5), (6.6) and
(6.14), and again replacing C§ and C§’ with pp and p,), we obtain an expression for

pp different from that of the simple model as in Eq. (6.11):

. prociy + KszaQp
r (Klplo+K2) rg+1

(6.15)

where Ky, K5, and K3 are given in Table 6.2.
The oxygen process is parallel to that of phosphorus, except that O reacts with Si
at the SiO,-Si interface, rather than segregating into Si. Performing a similar analysis

for the oxygen fluxes, we obtain an expression for p, similar to Eq. (6.11):

Po,
Kupp + K5) T+ 1

Po = ( (6.16)
where K, and Kj are lumped parameters. The parameter values are again obtained
by least-square fitting and are listed in Table 6.2.

Solving Eqs. (6.15) and (6.16), we get expressions for pp and py in terms of x¢
and Qp. The two differential equations for the growth of PSG thickness and dose in
Si now become

dx

G i !

dQp _ (KOKQNP> (]9;3 _ EQP) (6.18)
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The negative term in Eq. (6.18) provides a saturation scheme for the growth of dose
at longer times. Plugging in expressions for plp and plo obtained from solving Eqgs.
(6.15) and (6.16) and integrating Eqgs. (6.17) and (6.18) numerically, we get solutions
that substantially improve the fit to the experimental data shown in Figure 6.14 as

solid lines.
6.5 Coupling with phosphorus diffusion and deactivation models in Si

The growth model gives the quantitative time dependence of phosphorus flux into Si,
which is simply the right hand side of Eq. (6.18). Using the calculated flux dg—f in
Eq. (6.18) as the boundary condition at the SiO-Si interface, we further couple this
growth model to the process models in Si described in Chapter 5, which include the
pair diffusion models |5, 29|, a phosphorus-vacancy clustering model, and a model for
segregation of P to the SiO,-Si interface |[89]. Combining all these models, we are able
to predict the diffused profiles of P in Si for various process conditions. The predicted
emitter profiles in comparison with ECV measurements for predeposition time of 10,
20 and 40 min at 840 °C are plotted in Figure 6.15. From the plot, we can see that
the predicted profiles from coupling the models agree well with the experimental data
for longer predeposition times (20 min and 40 min). The deviation between model
prediction and experimental data for the 10 min data may be due to the assumption of
constant oxide thickness. Initially, oxide is very thin and thus allows more phosphorus

to diffuse into the wafer. Fixing oxide thickness at 6 nm tends to underestimate the

amount of phosphorus diffused into Si, causing a shallower tail in the emitter.
6.6 Summary

We have analyzed the concentration profiles and growth kinetics of phosphosilicate
glass (PSG) for different gas flow rates in the POCl3 deposition process. Time-of-flight
(ToF) SIMS measurements indicate that a PSG layer forms during predeposition,

whose composition is nearly independent of process conditions. We also observe a
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Figure 6.15: Comparison between simulated (lines) and experimental values measured
by ECV (symbols) of phosphorus profiles for a POCl; flow rate of 250 sccm and
deposition times of 10, 20, 40 min.

thin layer of SiOy sandwiched between the PSG and Si, and a strong accumulation of
P at the SiO,-Si interface. We have developed a growth model for POCI3 deposition
process that includes oxygen depletion and dose saturation. The predicted kinetics of
PSG thickness and dose of diffused P into Si are in agreement with experimental data.
We further couple this model with established diffusion models in Si and calculate
the resulting emitter profiles, which agree well with experiments. This set of coupled
models provides full modeling of the POCI3 deposition process commonly used for
emitter formation, and allows optimization of emitter diffusion to achieve solar cells

with high performance, high yield, and low cost.
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Chapter 7
DIFFUSION AND GETTERING OF METAL SPECIES

This chapter is adapted from a manuscript to be submitted for publication. Bart
Trzynadlowski has contributed to the DFT calculations of metal binding to disloca-

tions.

7.1 Introduction

Metal contamination in silicon has a detrimental effect on device performance. Met-
als are fast diffusers in silicon, with diffusivities many orders of magnitude larger
than common dopants [76]. For this reason, metal contaminants can diffuse and re-
distribute throughout the whole wafer. Dissolved metals often possess many deep
energy levels and are thus effective generation-recombination centers that deteriorate
carrier lifetime. In silicon, generation and recombination processes predominately oc-
cur through the Shockley-Hall-Read (SHR) mechanism|95, 96|. The SHR generation

and recombination rate is given as [97]

2
pn —ny;

Ei—Ey

U e
Too [+ niexp (BP) | + 70 [+ i exp (B) |

(7.1)

where F; is the intrinsic Fermi level located at mid-gap, and E; is the trap level of

the defect. 7,0 and 7, are carrier lifetime parameters defined as

1
n0 — 7.2
Tno Nyvgnoy, ( )
1
Tpo (73)

Ntvthap
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where vy, is the thermal velocity, N, is the concentration of centers, and o, and
o, are the capture cross-section of electrons and holes. Eqs. (7.2, 7.3) describe the
minority carrier lifetime in the material, which is inversely proportional to the density

of generation-recombination centers (usually abbreviated as “recombination centers”).

N

Under carrier excess conditions, pn > n; and U is the rate of carrier recombination.

=

[\

Under carrier deficit conditions, pn < n; and U is the rate of carrier generation.

N

There are many ways of contamination during the device manufacturing process,
such as mechanical contact between the wafer and a metal, contact of wafer with con-
taminated liquid solutions for wafer cleaning, and vapor-phase contamination during
oxidation, evaporation and sputtering [98]. Using cleaner materials and adopting
cleaner processes can reduce impurity content to some extent, but it is simply not
cost-effective to keep the levels below the ppb range using “cleaner” technologies. An-
other approach is called gettering, a process to remove unwanted contaminants away
from the active device region so that they do minimum harm to device performance.

The idea of gettering lies in the fact that metals in silicon prefer to stay at or close
to lattice imperfections, such as clusters, extended defects, and other precipitates.
There are two gettering methods that are widely used: (a) extrinsic gettering, and (b)
intrinsic gettering |76, 99]. Extrinsic gettering introduces gettering sites by mechanical
damage [100, 101, 96| , substrate doping [102, 103, 104], and ion implantation [103,
105, 9] processes. Dislocations generated by ion implantation are common sites for
metals to decorate. Intrinsic gettering uses the oxygen in Czochralski silicon to form
SiO, precipitates and other extended defects under certain thermal conditions.

In this chapter, we focus on phosphorus diffusion gettering. To understand the
gettering behavior, DFT calculations are carried out for various metal species, and
their binding to phosphorus-vacancy complexes, which are assumed to be the domi-
nating species under high doping conditions in Chapter 5. We focus on the properties
of the seven most common transition metal contaminants in silicon devices (Ti, Cr,

Fe, Ni, Cu, Mo, and W). Among these metals, 5 are 3d transition metals (Fe, Cu,
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Figure 7.1: Periodic table including the transition metals included in this study
(shaded).

Cr, Ni, Ti). The other 2 (Mo, W), together with Cr, belongs to the VIB group. The
metals considered in this chapter are shown in shades on the periodic table in Figure

7.1.
7.2 Numerical details

All the ab initio calculations were done using the density functional theory (DFT) code
VASP [13, 14, 15, 16] with the Perdew-Wang 1991 generalized gradient approximation
functional [39] and ultrasoft Vanderbilt-type pseudopotentials [40, 41]. Calculations
are performed in a nominally 64-atom supercell. A 2 x 2 x 2 Monkhorst-Pack [18]
k-point mesh for integrations over the Brillioun zone and a 400 eV energy cutoff in the
plane-wave expansions are used throughout the calculations. The GGA equilibrium

lattice constant of 5.4566 A [65] were used and kept fixed throughout the calculations.
7.3 Favorable configurations and electric levels

Generally, transition metals mainly occupy interstitial sites and as the atomic number
increases there’s an increasing tendency to occupy substitutional lattice sites [106]

Ti, Cr and Fe mainly occupy interstitial sites, while substitutional defects have
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been observed for Ni and Cu. Ni interstitial has no electric activity [107, 108]. It
is also observed that Mo and W mainly occupy interstitial sites. We have done
total energy calculations of various metal configurations with different charge states
for these metals. To partially correct for the band-gap problem, we assume that
donor levels scale with the valence band maximum and acceptor levels scale with
the conduction band minimum when the band-gap opens up to the experimental
value. Calculation indicates that metals prefer to occupy tetrahedral lattice sites,
consistent with previous findings [106]. The calculated electric levels of these defects
are shown in Table 7.1 in comparison with experimental measurements. We can see
that the calculations give reasonable agreements with the experiment observations.
DFT predicts that VIB group metals (Cr, Mo, W) have only a deep donor level in
the band gap, with level locations very close to experimental findings within 0.1 eV.
It gives a single and double donor level for Ti, consistent with experiments. The
prediction of acceptor level for Ni is 0.16 eV shallower than the experiments, and it
fails to give a deep donor level for this defect. The prediction of Fe and Cu levels
is within 0.2 eV of that observed experimentally. The deviation from experimental
findings might be due to the potentials used in the DFT calculations. Generally,
projector augmented-wave pseudo-potentials [109, 110] give better results of electric
levels than ultrasoft potentials because the radial cutoffs are smaller and the PAW

potentials reconstruct the exact valence wavefunction [111].
7.4 Phosphorus diffusion gettering of metal species

We have performed DFT calculations on the binding energy of metals to various
phosphorus species in Si. The results, listed in Table 7.2, indicate that metals do not
bind with substitutional phosphorus at all, except a weak binding between Cr and
Ps. This challenges the foundation of continuum models [112] that assume a strong
binding of iron and substitutional phosphorus. On the other hand, metals exhibit

strong binding with P,V clusters. The binding to P,V decreases as n becomes larger,
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Table 7.1: Calculated deep transition levels of the metal interstitials in comparison
with experimental values (unit: eV). d, dd, and a denote donor, double donor, and
acceptor levels respectively. Donor levels are referenced to the valence band maximum
and acceptor levels are referenced to the condution band minimum.

| Metal | Level type | Calculated Levels | Experimental Levels [98] |

Tiy d 10.74 1 0.85
ad 70.38 70.28

Crp d 70.82 70.90
Mo d 10.25 1 0.28
Wo d 70.30 70.40
Fer d 70.19 70.39
. d —— 017
Nis a 20.25 20.41
G d T0.11 0.2
a 20.47 20.66

but since the formation energy of P,V clusters themselves decrease much faster as n
becomes larger, M-P,V will be the dominant complex under high P concentration.
We also find that no gap states exist for this cluster, suggesting that M-P,V is the
gettered inactive M complex. The gettering mechanism can be described by the

reaction

M+ P4V << M - P,V (7.4)

7.4.1 Gettering behavior under phosphorus implants

Experimental data [9] indicate that under phosphorus implants, some metals (Ni, Cu)
segregate to high P content region, while others (Fe, Cr) segregate to the end-of-range
region, a region of high concentration of dislocation cores. Such dislocation cores are
formed from initial damage caused by phosphorus implantation during damage an-
nealing. Figure 7.2 shows the gettering behavior for various metals under phosphorus

implants.
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Table 7.2: Binding energy of metals to various phosphorus species (unit: eV). When a
metal binds with a P,,V cluster, it occupies the vacancy site. The values are referenced
to isolated tetrahedral metal and neutral phosphorus species. Negative values indicate
binding, while positive values indicate repulsion.

| | Ps [ PiV [PV [ P3V | PV |
Cr [-022]-311]-2.48 [ -2.23 ] -1.99
Cu | -0.07 | -3.25 | -3.17 | -3.19 | -2.36
Fe | -0.02 | -2.75 | -2.44 | -2.30 | -1.52
Mo | 0.01 |[-2.41[-2.29 ] -1.80 | -0.90
Ni | -0.10 | -2.84 | -2.56 | -2.34 | -1.92
Ti | -0.08 | -2.57 [ -2.39 [ -2.12 | -1.53
W [ 0.09 |-2.70 | -2.55 | -2.05 | -1.22

1.E+19 |

1.E+18

Concentration (atoms/cm3)

LE+17 + |

0 100 200 300
Depth (nm)

Figure 7.2: SIMS depth profiles of silicon wafers implanted with phosphorous followed
by annealing [9].
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Table 7.3: Comparison of binding to P,V and dislocation cores for various metal
species (unit: eV). Calculations of binding to dislocation cores were done by Bart
Trzynadlowski.

‘ ‘ P4V ‘ Dislocation cores ‘

Cr | -2.21 -1.14
Cu | -2.41 -0.82
Fe | -1.57 -1.85
Mo | -1.00 -1.07
Ni [ -1.93 -1.19
Ti | -1.49 -3.40
W | -1.24 -1.50

As dislocation cores provide additional gettering sites, there is a competition be-
tween phosphorus gettering and dislocation gettering. Binding of metals to dislo-
cation cores were also investigated and shown in comparison to binding to P,V in
Table7.3. The DFT predictions are in agreement with experimental observations in
Ref. [9]. Our calculation results indicate that Ni and Cu have a larger binding to
P,V, consistent with the segregation of Ni and Cu to high phosphorus content region
as observed. The tendency of Fe to segregate to dislocations are also consistent with a
higher binding to the dislocation cores. There seems to be discrepancy of Cr between
experiments and DFT values. The reason for this might be that DFT fails to find the
most stable decoration site for Cr to sit on dislocations, due to the many available
sites present. The DFT also predicts that Ni may segregate to P,V while Mo and W

have comparable segregation tendencies to both traps.
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Chapter 8
INTRINSIC DEFECTS AND IMPURITIES IN 5-GA5O;3

This chapter is the result of a collaboration between Tracy C. Lovejoy in the Olm-
stead /Ohuchi group and me. T did all the related VASP calculations, but Tracy and
I worked together to decide on which calculations to do, and interpret the calculation
results. The experimental findings mentioned in the chapter to compare with DFT
results were all carried out by Tracy. The details can also be found in Tracy’s the-
sis [113]. The DFT results, together with experimental findings, were published in
Applied Physics Letters and Journal of Applied Physics [114, 115].

8.1 Introduction

Wide band gap semiconductors have many interesting properties and can be used
in many applications such as gate insulators, transparent conductors and chemical
sensors. (-GayOs, with a large band gap of 4.9 eV [116] and thermal stability up to
its melting point [117], has attracted considerable attention for potential applications
in transparent conductive materials [118, 119], ultraviolet photodetectors [120, 121],
gas sensors [122, 123|, and dilute magnetic semiconductors [124, 125]. Successful ap-
plication of $-GayO3 based devices requires atomic-scale understanding of the source

of conductivity under both intrinsic and doped conditions.
8.2 [(-Gay0;3 crystal structure

B-GagsO3 has a base-centered monoclinic crystal structure with lattice parameters
a=1223A, b=304 A, ¢c=580A, and 3 = 103.7° [126]. Depending on the local

arrangement of Ga-O bonds, there are two distinct kinds of Ga sites and three distinct
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Figure 8.1: 20 atom unit cell of 5-GayO3 (twice the primitive cell) showing two distinct
gallium sites (big, green spheres) and three distinct oxygen sites (small, red spheres).

kinds of O sites. The tetrahedral Ga(I) site and octahedral Ga(II) site have four and
six oxygen nearest neighbors respectively. The O(I) site is threefold coordinated with
1 Ga(I) and 2 Ga(II) nearest neighbors. The O(II) site is also threefold coordinated
but has 2 Ga(I) and 1 Ga(II) nearest neighbors. The O(ILI) site is fourfold coordi-
nated with 1 Ga(I) and 3 Ga(Il) nearest neighbors. Figure 8.1 illustrates the crystal
structure of -GasQOgs in its 20-atom conventional unit cell, which is twice the size
of the base centered monoclinic primitive cell. Band structure calculations indicate
that this material has a direct band gap, a small and isotropic electron effective mass,

and a much larger hole effective mass resulting from the almost flat valence bands

[127, 128, 129].
8.3 Numerical details

The total energies of various defect configurations in this chapter are obtained through
spin-polarized DFT calculations using VASP [13, 14, 15, 16| with the Perdew-Wang
1991 (PW91) generalized gradient approximation (GGA) functional [39]. The ultra-
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soft Vanderbilt-type pseudopotentials [40, 41] are used, including the 10d semicore
electrons of Ga. A 400 eV energy cutoff in the plane-wave expansions are used. Geom-
etry relaxations are carried out using the conjugate gradient method while the lattice
dimensions are kept fixed at the theoretical equilibrium values of 5-GasOj3 predicted
by DFT, which is within 1% of experimental data.

For intrinsic point defect calculations in 8.4, a 160-atom supercell with roughly
equal dimensions (la x 4b x 2¢ ~ 12 x 12 x 12 A3) and a 2 x 2 x 2 Monkhorst-Pack
/18] k-point mesh are used. For transition metal defect calculations in 8.5, a 40-
atom supercell with roughly equal dimensions (la x 2b X 1l¢ ~ 12 x 6 x 6 Ag) and a
2 x 4 x 4 Monkhorst-Pack [18] k-point mesh is used. The 40-atom supercell is enough
to avoid any spurious interactions of metal dopant with its neighboring images. When
calculating static band structures, the end points of the k-point sampling paths are
expressed in terms of the reciprocal lattice vectors a*, b* and c*. The path through
the Brillioun zone is a line parallel to ¢* from ¢*/2 to I followed by a rectangle starting
with a line parallel to b* from I' to b*/2 and ending with a line parallel to a* from

a*/2toT.
8.4 Intrinsic point defects in ($-GayOs

High purity 5-GasO3 has unintentional n-type conductivity. This is commonly at-
tributed to the presence of oxygen vacancies [130]. However this model has been
challenged by recent experimental and theoretical investigations [127, 131]. Using hy-
brid functionals, Varley et al have performed DFT calculations on the role of oxygen
vacancies in the electrical properties of $-GasOs and find that oxygen vacancies are
deep donors, and thus cannot explain the unintentional n-type conductivity. We have
performed DFT calculations with GGA functionals on the intrinsic vacancy defects,
both oxygen and gallium vacancies. The results are in agreement with those of Varley
et al.

The bulk formation energy of a defect is an important quantity in determining its
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concentration in a material under equilibrium conditions. The formation energy of
an intrinsic defect X (i.e. Ga interstitial, O vacancy) in charge state ¢ is defined as

[132]
Ef[Xq} = Etot [Xq} — Etot [Gag()g, blllk] — Nolo — NGaMlGa + Q[EF + EV + AV] (81)

where Fy [GagsOs, bulk] and Fy, [X9] are the total energies associated with the perfect
Gay O3 supercell and the supercell including the defect X9 respectively. The rest of
the terms account for the difference in the number of atoms and electrons when the
energies of the aforementioned supercells are compared. n is the number of atoms
that is added to (n > 0) or removed from (n < 0) the perfect supercell to form the

defected supercell. For instance, for an oxygen vacancy structure, no = —1, ng, = 0.

p is the chemical potential, which represents the energy of the reservoirs (ref-
erence energy) of the atoms being exchanged. Chemical potential depends on the
experimental conditions, which can be either Ga-rich, O-rich, or in between. Under
the extreme Ga-rich conditions, the ug, reaches its upper bound, which is the total
energy per atom of the Ga metal. Under the extreme O-rich conditions, po reaches
its upper bound, which is the total energy per atom of the Oy molecule. ug, and o

are related by the following relation,
2iGa + 3o = ELV[Gay0s) (8.2)

where EL%[GayO3) is the total energy of one formula unit of bulk GayO3. This relation

and the higher bounds place the lower bounds on both ug, and po, so that we have

Eiot [Gazos] - 3#0[
2

%l < HGa < HGalbulk] (8.3)

Eiot[GagOs] — 2pqapuiyg
3

< 110 < [10[0s] (8.4)
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Table 8.1: Gallium and oxygen chemical potentials under extreme Ga-rich and O-rich
conditions.

| Condition [ pga (V) [ po (eV) |
extreme Ga-rich -2.94 -8.12
extreme O-rich -7.76 -4.91

Table 8.1 gives the upper and lower bounds of Ga and O chemical potentials derived

from total energy calculations of Ga metal', oxygen molecule and bulk GayOs.

Er is the Fermi level, referenced to the valence band maximum (VBM) of the bulk
structure; and Ey is the energy of the VBM. The correction term AV is added to
align the reference potential in the defect supercell with that of the bulk. The reason
for adding this term is as follows. The Ey term in Eq. 8.1 is supposed to be extracted
from calculations of the defected supercell. However, the defect may introduce addi-
tional bands near the VBM and thus make the evaluation of Ey difficult. Due to the
fact that the defect introduces a constant shift (AV') to the electrostatic potential of
the supercell, an alternative approach is to find the value of Ey of the bulk, and then

add this shift term to obtain the “aligned” Ey value.

There are many ways to find the AV term for a given defect. most obvious choice
is the VBM. One way is to compare the location on the energy scale of Ga pseudo-core
d-states of the defect supercell with that of the bulk. In this study, we first calculate
the electrostatic potential at three points far away from the defect location. This is
done for both the defect and the bulk supercells. Then, AV is extracted by averaging
the potential difference over all sample points.

For the charged supercell calculations, the usual correction methods are not used
here as they lead to overestimation of image interaction energies [132]. Thus we do

not include the correction terms in this study.

!Monoclinic a-Ga, for visualization and coordinates refer to http://cst-www.nrl.navy.mil/
lattice/struk/all.html.
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The transition level €(q/q') is defined as the Fermi level where the formation
energies of the two charge states are equal, i.e. E/[X9 = Ef[X?]. If the formation
energy of all charge states of a given defect X is plotted against the Fermi level,
the transition level ¢(q/q¢’) simply corresponds to the intersection of the two lines
representing X¢ and X?. The difference between the transition level and band edge
for a given defect is called its activation energy.

We have calculated the formation energies of various distinct vacancy structures
and extracted the associated electric levels. Band structure calculations predict the
band-gap of 5-GayO3 to be 2.13 eV, which is much smaller than the experimental
band-gap of 4.9 eV. Underestimating the band-gap is an intrinsic band-gap problem
of DFT.

Figure 8.2 shows the computed formation energies as a function of Fermi level
for the three distinct oxygen vacancy (Vo). Voan, Voam) and two distinct gallium
vacancy (Gaoq), Gaoar) structures under Ga-rich and O-rich conditions. For all
three oxygen vacancy structures, the +1 charge state is always unfavorable. This
implies that oxygen vacancies are either doubly-ionized (e.g. in p-type material where
Er = Ey) or neutral (e.g. in n-type material where Er = E¢) depending on the
Fermi level location. In n-type 5-GasOs3 ,VOO(H) has the lowest formation energy of 0.6
eV compared to the other two neutral vacancy configurations and is thus the favorable
configuration. In p-type material, V?;EI) and V2OJ(FHI) are the favorable configuration
with almost identical formation energies, as seen from Figure 8.2 in which blue and
red lines stay close to each other for small Er values. The €(2 4 /0) electric level of
V%(H) is rather deep, at Ey +1.10 eV. Although its formation energy is 0.72 eV higher
than Vo) in n-type material, Vo) has the highest ¢(2 + /0) level of Ey 4 1.81 eV,
0.32 eV below the uncorrected E¢. Thus, the smallest activation energy for oxygen
vacancies in -GayOs3 is 0.32 eV for the uncorrected DFT band gap of 2.13 eV.

For the two types of Gallium vacancies, both can take the form of 4 charge states as

the Fermi level varies within the band gap: neutral, singly negative, doubly negative,
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and triply negative. The tetrahedral VOGa(I) is 0.34 eV more stable than the octahedral
VOGa(H) in p-type material, while the octahedral VBG;(H) is 0.5 eV more stable than the
tetrahedral Vé;(l) in n-type material. The €(3 — /2—) level for Vg and Vgaan are
Ec —0.60 ¢V and Ec — 0.86 eV. Thus the smallest activation energy for gallium
vacancies is 0.60 eV.

The formation energies of Ga vacancies are much higher than O vacancies for
Ga-rich conditions. Under O-rich conditions, the formation energies of Ga vacancies
become comparable to O vacancies when Fermi level is around mid gap. As Fermi
level moves toward the conduction band minimum (the material becomes more and
more n-type), the formation energies of the Ga vacancies fall quickly, becoming >2
eV smaller than O vacancies in strongly n-type materials.

Ga-rich O-rich
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Figure 8.2: Formation energy of vacancy defects Ga-rich and O-rich conditions as a
function of Fermi level. The slope of a given line segment corresponds to the charge
state.

In this study, the smallest activation energy of oxygen donors is predicted to

be at least 0.32 eV. Since DFT severely underestimates the band gap, the actual
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activation energy can be much greater than 0.32 eV. This is much larger than kgT
(~0.03 V) at room temperature. Thus, we can conclude that oxygen vacancies can
not give substantial contributions to the n-type conduction of $-GayO3. The results
for oxygen vacancies are consistent with recent DFT calculations by Varley et al.
|[127| using hybrid exchange correlation functionals. In their study, they use hybrid
functionals and fitting the mixing parameters to produce the correct band gap of 4.9
eV, then calculates the smallest activation energy to be 1.2 eV. Both studies lead to the
same conclusion denying the contribution of oxygen vacancies in n-type conduction
of B-Gay0s.

Even though oxygen vacancies don’t play a role in bulk conductivity, it may affect
conductivity at the surface. It is observed from hard x-ray photoemission spectroscopy
(HXPS) measurements that there exist an upward band bending of at least 0.5 eV for
high purity $-GayOs [114]. This band bending can change the equilibrium balance
between neutral and doubly positive oxygen vacancies, effectively causing neutral
species to donate electrons and become doubly positive at the surface. This can

potentially lead to 5-GayO3 gas sensing properties at the $-GayO3 surface [114].
8.5 Transition metal impurities in $-Ga;O;3

With transition metal (TM) doping, oxides exhibits many interesting electronic, op-
tical, and magnetic properties. For example, TM-doping at the percent level can lead
to diluted magnetic semiconductors (DMS) [124, 125|, which show great potential for
future spintronics devices. GayO3 has been shown to exhibit room temperature ferro-
magnetism when doped with Mn to 7-8 % [133, 134]. Electron spin resonance (ESR)
and electron paramagnetic resonance (EPR) studies have suggested that Mn 2+ ions
occupy the octahedrally-coordinated Ga 3+ lattice site [135, 136]. Previous DFT
calculations show that Mn in $-GayOj3 is more stable in octahedrally-coordinated Ga
sites [137], but the accuracy of the result is questionable due to the very small pe-

riodic cell (20 atom) used, which may lead to spurious Mn-Mn interactions. Apart



97

from this, there are still many unknowns regarding the properties of transition metal
dopants in (-GayO3, such as the occupation site of dopant atoms in the lattice, their
valence state, and influence to the conductivity. In this section, we study the atomic
and electronic structure of bulk single crystals of Mn-doped and Cr-doped (-GasOg
using the density functional theory. Calculations indicate that for both dopants prefer
octahedral site occupation. Cr mainly shows 3+ valence, while Mn shows a mixed 2+
and 3+ valence. The DFT prediction is consistent with experimental measurements.

We have calculated the formation energy of the dopants on tetrahedral and octa-
hedral gallium sites and found that the octahedral site is energetically favorable for
both Cr and Mn. The tetrahedral site is 1.57 eV higher in energy for Cr, and 0.63
eV higher for Mn. This results qualitatively agrees with the XANES data and is also
consistent with ESR measurements [115, 135, 136]. .

We have also calculated the electronic structure of the most favorable dopant
configurations, namely octahedral Cr and Mn as shown in Figure 8.4. Calculations
are performed for neutral cells, which corresponds to 3-+ valence for Cr and Mn. In
order to understand the changes in electronic structure brought about by the dopants,
the electronic structure of pure 5-Gay,O3 was also computed and shown in Figure 8.3.
Comparing the band structures, we found that both dopants introduce new energy
levels within the $-GasO3 band gap as well as in the valence and conduction bands.
Octahedral Cr introduces three bands with energy values between 1.0 eV and 1.5 eV,
all of which are filled with electrons (red/dark bands in 8.4 (a)). Octahedral Mn
introduces two new bands with energy values between 1.5 eV and 2.0 eV. One of these
new states is occupied (the red/dark band in 8.4 (b)), and the other unoccupied (the
green/light band in 8.4 (b)). These values are with respect to the DFT band-gap of
2.13 eV, however these levels are still interpreted as deep levels for the real band-gap
of 4.9 €V, as we assume that they remain at the similar relative location to the valence

band maximum.

Pure 5-GayOj3 exhibits n-type conductivity, with Fermi level located close to the
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Undoped Ga 03

Figure 8.3: DFT:GGA band structure plot for relaxed, neutral, 40-atom cell of unde-
fected 5-GayO3. Filled states are shown in green dots (lighter) and unfilled states in
red dots (darker).
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Figure 8.4: DFT:GGA band structure plot for relaxed, neutral, 40-atom cell of (-
Gay O3 with one Cr replacing an octahedral Ga . Filled states are shown in green dots
(lighter) and unfilled states in red dots (darker).
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Figure 8.5: Energy band diagram of $-Ga;O3 under Cr or Mn doping.

conduction band minimum. Since octahedral Cr has three filled mid-gap defect states
far from the Fermi level, they are unlikely to affect the electronic properties of the
material. This implies that Cr will remain its 3-+ valence as Ga in the material, and
the Cr doped ([-GayOs still remains its n-type conductivity. This is consistent with
experimental findings [115]. For octahedral Mn, since it introduces half filled states
in the mid-gap, it can accept electrons from the Fermi level at the conduction band
minimum. When this happens, the Mn changes from 3+ valence to 2+. In other
words, Mn behaves like an acceptor, compensating the n-type intrinsic conduction.
If Mn is the dominant doping species and it’s concentration is higher than whatever
the source of intrinsic conduction, the Fermi level will be effectively pinned at the Mn
2+/3+ level, at Ey + 1.8 €V predicted by DET. In this way, Mn should exhibit both
2+ and 3+ valence. The above analysis also implies that Mn doped -GasOg3 should
have a reduced conductivity compared to the pure material, which is confirmed by
resistivity measurements [115]. Figure 8.5 illustrates the Fermi level positions for Cr

and Mn doped (-GayOs.
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Chapter 9

SUMMARY AND FUTURE DIRECTIONS

In this thesis, we use multi-scale modeling approaches to investigate generation
and diffusion of defects in semiconductor materials, with a wide range of technology
applications in semiconductor electronics, crystalline silicon photovoltaics, and future
electronics devices based on wide-band-gap semiconductor materials. In this chapter,
we summarize the work presented in this dissertation, and conclude with suggestions

for future work.

9.1 Summary

In the following sections, our primary achievements are summarized by topic.

9.1.1 KLMC simulations of self-diffusion and interdiffusion in Si

1. The correlation factors of various hopping mechanisms on different networks in
the diamond lattice have been calculated. The correlation factor of Si interstitial-
mediated self-diffusion is found to be temperature dependent, with predicted

values of 0.6 at 1000-1100 °C in agreement with experimental results.

2. The stress and alloy effects of Ge on the interdiffusion process in SiGe have
been separated. The extracted coefficient quantifying both effects qualitatively

agrees with experiments.
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9.1.2 DFT calculations of life-time limiting defects in St

1. The stability and electronic properties of seven metal impurities (Cu, Cr, Fe,
Ni, W, Mo, Ti) in Si have been investigated. The DFT binding energies give
predictions on the gettering behavior of metals in the presence of phosphorus

implants and agrees qualitatively with experimental observations.

9.1.3 Numerical models for coupled PSG growth and P diffusion in POCIs diffusion

process

1. Analyzing SIMS profiles, we find that a PSG layer with composition nearly in-
dependent of process conditions forms during predeposition. There is also a thin
layer of SiO, sandwiched between the PSG and Si, and a strong accumulation

of P at the SiO»-Si interface is also observed.

2. A growth model for POCIl; deposition process that includes oxygen dependence
and dose saturation is developed. The predicted kinetics of PSG thickness and
dose of diffused P into Si are in agreement with experimental data. We further
couple this model to to the process models in Si and calculated the resulting
emitter profiles, which agree well with experiments. This set of coupled models
provides full modeling of the POCI3 deposition process for emitters formation

in crystalline Si solar cell structures.

9.1.4 DFT calculations of intrinsic and metal impurities in B-Gay O3

1. We have carried out DFT calculations on the intrinsic vacancy defects in (-
GayO3 and concluded that oxygen can’t contribute to its n-type intrinsic con-

ductivity under normal conditions.

2. We also calculated the properties of transition-metal (Cr, Mn) dopants ing-

GayO3 and gave predictions on the valance state and conductivity which agree
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well with experimental observations.
9.2 Suggestions for future work

9.2.1 Kinetic lattice Monte Carlo process simulations

Currently the KLMC code is limited to simulations of point defect mediated diffusion
processes. Its functionality can be further extended to include extended defects such
as {311} defects and dislocation loops. However, it is challenging to simulate the full
atomic details of the kinetics of these defects efficiently. One way of realizing this
is to use a coarse-graining scheme. For example, a {311} defect has a capture cross
section, and once an interstitial is within the cross section, it will be captured, and
automatically attached to the end of the {311} defect. This process happens at a
large time-scale (1073 s) and the detailed atomic process of capturing and migrating

to the end of the defect can be ignored for the sake of efficiency.

9.2.2  Phosphorus deactivation and gettering of metals

In Chapter 6 we have performed DFT calculations on various metal complexes. Based
on this, continuum models can be developed to quantify the phosphorus diffusion
gettering of metals to predict the metal distribution in silicon solar cells after solid
state diffusion of phosphorus. The models can be further coupled with moment based
models for extended defects (i.e. {311} defects and dislocation loops) formation to

predict the gettering behavior of metals with implanted phosphorus profiles.

9.2.3 POCIl3 emitter diffusion

In Chapter 7 we have built models that give reasonable predictions of diffused emitter
profiles and calibrated parameters against process conditions with varying predepo-
sition time and POCI; flow. Further calibration of the parameters can be done by

analyzing more samples with different POCIl3 doping conditions . Another set of
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samples fabricated by Applied Materials will be characterized soon and this allows
calibration of parameters for different temperatures and oxygen flow rates. Besides,
even if the simulations were essentially performed in 1D domain, it can be easily ex-
tended to 2D or 3D for the simulation of pyramid structures, which are typical in cells
with textured surfaces for better light absorption. Preliminary simulations using an
a simpler version of our model have proven the robustness of the model in 3D simula-
tions [138]. Special care must be taken in the generation of meshes in 3D simulations,
which should give results with acceptable accuracy with reasonable CPU hours and
memory usage. Lastly, these models can be further coupled to device simulations to

predict the effect of process conditions on cell performances.

9.2.4  Impurities in 5-GayOs

In addition to investigating vacancy defects in 5-GayO3 in Chapter 8, it is natural to
extend the approach to look at interstitial defects and anti-site defects. Formation en-
ergy analysis can give stability of various defects under different chemical conditions.
Using NEB method, migration barriers can be found, which can shed light on the im-
portant transport mechanisms that contributes to the intrinsic n-type conductivity

of the material.
9.3 Final conclusion

In this dissertation, we demonstrated how multiscale modeling approaches can be ap-
plied to simulate various properties and processes in semiconductor devices. With the
combination of ab-initio, KLMC, and continuum approaches etc., TCAD will continue

exhibit great potential in the integrated circuit as well as photovoltaics industries.
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Appendix A
KLMC SIMULATOR LAMOCA

We have developed a C++ based simulator LAMOCA, which is capable of sim-
ulating the diffusion processes in silicon and silicon germanium involving impurities

and point defects. Here we give a brief introduction of this simulator.

A.1 Simulation Domain

The unit cell of the simulation domain is the crystalline silicon cubic structure. A
notable feature of this simulator is the incorporation of the augmented lattice that
includes not only substitutional lattice sites that silicon atoms normally occupy, but
also high symmetry interstitial sites (i.e. tetrahedral, hexagonal, bond-centered sites).
Mlustration of the augmented lattice sites in a conventional unit cell of the diamond
lattice structure is shown in Fig. A.1. Table A.1 lists the number of these sites
per unit cell. The augmented lattice domain allows capturing the various transition
pathways involved in the interstitial-mediated diffusion processes. The simulation
domain includes a three-dimensional array of such cubic cells with periodic boundary

conditions on all dimensions.

Table A.1: The augmented lattice sites and their numbers per unit cell.

‘ Sites ‘ Numbers ‘
Substitutional (S) 8
Tetrahedral (T) 8
Hexagonal (H) 16
Bond-centered (B) 16
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Figure A.1: Illustration of the augmented lattice sites in the silicon conventional
unit cell. A substitutional site (light/yellow) is simply the silicon lattice site. A
tetrahedral site (dark/red, upper left) is at the center of a tetrahedron formed by
four substitutional sites. A hexagonal site (dark/brown, right) is at the center of a
hexagonal ring formed by six substitutional sites. A bond-centered site (dark/blue,
lower left) is at the center of a Si-Si bond. Reduced lattice coordinates for typical
substitutional, tetrahedral, hexagonal, and bond-centered sites are (0, 0, 0), (1/4,
1/4, 3/4), (5/8, 3/8, 3/8), and (1/8, 1/8, 1/8), respectively.

A.2 Numerical Details

In its current version, LAMOCA is capable of simulating diffusion processes involving
major impurities in silicon. Each defect species is characterized by three properties:

constituent atom, occupying sites, and orientation. Some definitions are below:

e Simple defect: A defect that is composed only one constituent atom, such as a

phosphorus, a vacancy etc.

e Complex defect: A defect that is composed two atoms. It is also called an

interstitialcy.
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e Intrinsic defect: A defect that is composed of only silicon and vacancy, e.g. as

a vacancy, a silicon interstitial on a hexagonal site.

e Extrinsic defect: A defect that is composed of impurity atoms, e.g. a carbon

silicon interstitialcy on substitutional sites.

The atom species included now are listed Table A.2. Complex defects may include two
of the atom species. For example a silicon-silicon interstitialcy contains two silicon

atoms.

Table A.2: The augmented lattice sites and their numbers per unit cell.

‘ Atom species ‘ Symbol ‘

Phosphorus P
Arsenic As
Boron B
Silicon Si
Germanium Ge
Carbon C
Vacancy \Y

During the simulation, the coordinates of point defects and impurity atoms are
tracked. The diffusivity of a given species is calculated as

(Ar?)

D =
6AL

(A1)

where (Ar?) is the average squared displacement of the species and At is the corre-
sponding time period.

Updating the rate catalog is the most time-consuming operation of in the KLMC
simulations. Therefore, the entries should be easy to calculate from a given system
configuration The migration barriers generally varies with surrounding conditions due

to presence of other defects (extra binding energy) and presence of strain (extra strain
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energy). In our KLMC code, only an unbiased energy barrier EY is stored for each
transition. The modified barrier due to change of formation energies of initial and
final states are evaluated by
0o 1
Transition barriers calculated in this way still obey the detailed balance condition.

Figure A.2 illustrates the how to determine the barrier change.

Unbiased— —

Figure A.2: Change of migration barrier due to change of formation energies of initial
and final states.
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Appendix B
5-STREAM PAIR-DIFFUSION MODEL

Here we go through the derivation of the 5-stream diffusion model. We use a donor

species P as an example.

B.1 DModel species

The 5-stream model considers 5 species as solution variables in the partial differential
equation set. Pg is substitutional electrically active phosphorus, PI and PV are the
associated defect pairs, which are the diffusing species. The concentration of these

species is a sum of all charged states.

The reactions are

Ps +1 <= PI (B.1)
Ps+V < PV (B.2)
Pl +V <= Pg (B.3)
PV 41 <= Ps (B.4)

Table B.1: Species in the 5-stream model.

‘ Name ‘ Definition ‘ Reference Charge State ‘
Ps unpaired substitutional atom PJ
I unpaired interstitial I’
\Y unpaired vacancy Vo
PI acceptor-interstitial pair (PT)*
PV acceptor-vacancy pair (PV)*
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PI + PV < 2Pg (B.5)

where the diffusing species are PI, PV, [, and V. We can write out the model equations

as:
% = —Rp; — Rp/v + Rpiyv + Rpvi + 2Rpy/py (B.6)

5(;131 = —V - Jpr + Rpy1 — Rpiyv — Rpijpy (B.7)

33:\/ = =V -Jpv + Rp/v — Rpv;1 — Rpi/pv (B.8)

% ==V -Ji—= Rpyn— Rpy1 — Riyv (B.9)

a@% ==V - Jy — Rp)y — Reiyv — Riyv (B.10)

In the following, we will derive the expression of each of the reaction term and

diffusion flux terms.
B.2 Assumptions

There are several assumptions used in the model.

1. All jonization reactions are near equilibrium (‘int” = intrinsic), which gives

n;\ i1 ng\ i1
2. Boltzmann statistics.
kT
E=-VV=-"Vh (ﬁ) (B.13)
q n;

3. Einstein equation
d
Z == (B.14)
I
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4. All charge states have the same diffusivity coefficient.

5. All reactions are diffusion limited (i.e. no barriers for the kinetic factor) except
for the I/V recombination.

6. Usually the diffusivities of the pairs are assumed to be the same as the corre-
sponding point defects
dPX = dX (B16)

B.3 Definition of some terms

B.3.1 Carrier concentration

The carrier concentration is determined by charge neutrality condition (Cp 4+ p = n)

and the mass reaction law (np = n?). Thus we have,

2
n_Gr (CP) +1 (B.17)

B.3.2  Point defect property xr and xvy

Here we define
ni\i
- Ki(—’) B.18
Xx zZ: X'\ ( )

So that Cx = xxCxo. The parameters Ky: are closely related to the states of the

defects in the band gap and can in principle be determined from ab initio calculations.

B.3.3  Dopant-defect pair property m; and my

Here we define
n;

™ = ZKP+/XZ'K i (z) (Blg)
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where Kp+ xi is the equilibrium constant for reaction between P* and X’. Thus in

equilibrium conditions

CPX = WXCXon (BQO)
A more general equation gives
b
Cpx = C B.21
PX Kp+ xo XY ex)* ( )

It is actually more convenient to not specifying the Kp+ i factors directly; rather,
we use experimental observed values and some assumptions. As phosphorus diffuses
only through pairing with point defects of various charge states, we can obtain the
total (experimentally observed) diffusivity by summing the contribution of individual

charge states:

Dp=Dh+Dy=> Di+> DY (B.22)

i
The individual diffusivities can be decomposed to an intrinsic term and another term
that depends on Fermi level (n/n;).

oy = (o), (%) 2

n

The convenience of this expression is two-folded: first, it provides a direct link to
the experiments where these intrinsic diffusivity values are measured; second, we can
actually represent mx by (ng). ) instead of specifying the factors. From assumption
m
(d), we can see easily from the above two equations that DX varies with C(Px)iﬂa
thus,
Dy
X = KP+/XOF (B24)
3
The Kp+ xi factors are not needed expect for Kp+ xo, despite the fact that the final

result is not sensitive to its value.

In the code, the intrinsic diffusivities (Df;,(i) are provided, they are used to

int
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calculate the total diffusivity with the Fermi level dependence (n;/n)" as the weighting

factor. Then the quantity 7x is calculated with Eq. (28).

B.4 Determination of flux terms

B.4.1 Flux of point defects
For each charge state of X
JXi = —dxiVCXi + iMXiECXi (B25)

From Assumption (a), we rewrite the gradient term in terms of Cxo, and canceling

terms using assumptions (b,c), we get
JX = _dXXXVCXO (B.26)

This is the same result as the case of pure diffusion. The extra drift term is canceled

by the Cxo dependence on n in the diffusion term.

B.4.2  Fluzx of impurity-defect pairs

For each charge state of (PX)’, we can write a similar equation. Summing up all the

charge state contributions, we have

Dg CPX CPX n
=— iR XV — B.2
=g [9(5) - ()m@) e

For acceptors, the plot should be changed to minus sign.




B.5 Reaction rates

B.5.1 P'+ X' = (PX)

Reaction rate is

RP*’/X"_l = 47radxi_1

Croxy

(PX)
Cp+Cximt — ————
P+ X KP+/X7,1]

Summing over all charge states, we have

Rpj1 = 4mad; [CPCI — % ‘ CPI:|
I

Rp v = 4mady |:CPCV _ AV CPV]
v

B.52 T+ V< (i+j)h*

Summing over all charge reactions, we have
RI/V = 4ma (dl + dv) [C[Ov - XIXVCF’C\*/O]

B.5.3 (PI) + V' < Pt +(i+j—1)ht

Summing over all charge reactions, we have
RPI/V = 4ma (dPI + d\/) [CPICV - WIXVCFOC\*,O : Cps}

RPV/I =4ma (dPV + dl) [CPVC’I — X[’]T\/CI*OC\*,O : Cps}

Rpypy = 4ma (dpr + dpy) [CPICPV — myCoClo - Cﬁs}
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(B.28)

(B.29)

(B.30)

(B.31)

(B.32)

(B.33)

(B.34)
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