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Abstract

Atomistic simulations to model defect formation, diffusion,

and ordering in Cu(In,Ga)Se; and Cd(Se,Te) alloys

Aaron Gehrke

Chair of the Supervisory Committee:
Scott Dunham

Electrical and Computer Engineering

To improve the performance of Cu(In,Ga)Se> and Cd(Se,Te) thin-film photovoltaic devices, a
robust understanding of the alloy species is needed. The presence of alloying introduces unique
challenges, as multiple species are randomly dispersed on the same lattice sites in the material.
To optimize device performance, it is necessary to understand and control the precise
arrangement of these alloy species. First, it is necessary to understand the energetic interactions
between the alloy species and the other species (and defects) in the system, as these interactions
determine the types of ordering expected. Second, it is necessary to understand the diffusivity of
the alloy species, as it is needed to predict the actual kinetically-limited structures that form
under different processing conditions. Third, it is necessary to understand how the alloy

arrangement affects the behavior of other critical defects in the material, as this can impact



phenomena such as dopant activation. Multi-scale modeling, where results from ab initio
calculations (such as those from density functional theory) are fed into higher-level models (such
as kinetic lattice Monte Carlo and continuum simulations), is well-suited for exploring the
behavior of alloys considered here. In this work, we predict the diffusion under varying
conditions of In and Ga in Cu(In,Ga)Se: and of the intrinsic defects in Cd(Se,Te). We develop a
nearest-neighbor interaction model to predict In/Ga ordering in Cu(In,Ga)Se; alloys, finding a
positive correlation between the Ga concentration and the presence of vacancies on the Cu-
sublattice. We use this model to predict the band gap fluctuations resulting from these
composition variations under a range of different processing conditions, producing results that
agree well with experiment. We demonstrate a mechanism to passivate detrimental Cur, defects
in Cu(In,Ga)Se,. We conduct a detailed analysis of the effects of Se/Te ordering in Cd(Se,Te) on
the formation of detrimental AX center compensating defects, and investigate possible mitigation
methods. Lastly, we present work done in conjunction with the UW MEM-C program on (1010)

surface reconstructions in ZnQO.
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Chapter 1

Introduction, Background, and Motivation

1.1 Cu(In,Ga)Se, and Cd(Se,Te)

The need for improved renewable energy sources has increased interest in solar energy technolo-
gies. Cu(In,Ga)Se, (CIGS) and Cd(Se,Te) (CdSeTe) are the two best-established thin-film tech-
nologies, capturing the number 3 and 2 spots, respectively, in global market share after silicon-
based cells (as of 2023)[!]. Both of these are chalcogenides, and for both the highest-performing
material requires alloying, whether In and Ga in CIGS or Se and Te in CdSeTe. Because the two
alloy species are randomly distributed on the same lattice sites in the material, this presents unique
challenges and opportunities for study. Precise control of the diffusion of the alloy species during
film growth is needed to optimize the alloy ordering, which can locally affect critical parameters
such as the band gap and dopant activation.

Chalcopyrite CIGS is a promising candidate absorber material for thin-film photovoltaic de-
vices, as CIGS solar cells have shown the highest light-to-electricity conversion ever reported of

any thin-film photovoltaic technology!?!. Furthermore, CIGS-based devices have been shown to



be very stable, showing no signs of performance degradation over time3 4. CIGS displays a high
tolerance for crystalline disorder, which allows for significant control of the electronic properties
of the materiall®!. CIGS is a solid solution of CulnSe, (CIS) and CuGaSe, (CGS), with In and

Ga occupying the same I1I-sublattice. Figure 1.1 shows the chalcopyrite structure of CIGS and the

Figure 1.1: CIGS unit cell, containing 16 basis sites. Red = Cu, yellow = Se, blue = In/Ga.

three sublattices: Cu, In/Ga (group-III species), and Se. CIGS is a I-1II-VI; tetrahedrally bonded
semiconductor, with a band gap that varies from 1.0 eV in pure CIS to 1.7 eV in pure CGS.

The ability to tune the band gap of CIGS material by altering the Ga content provides an addi-
tional benefit, allowing the devices to not just be tuned to the solar spectrum, but to have the band
gap vary as a function of depth, leading to improved performance!®. The highest performance
commercially available CIGS absorbers typically are designed with a Ga concentration gradient,

from variations in the [Ga]/([Ga] + [In]) (GGI) ratio within the layer. In graded cells, the recombi-
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nation rate is lowered, improving the open-circuit voltage. Likewise the short-circuit current can be
increased with proper grading. Both of these lead to higher conversion efficiencies. Understanding
the diffusion mechanisms and ordering of In and Ga in CIGS is therefore critical to optimizing cell
performance!?M4h71 Furthermore, defects in CIGS with energy levels deep within the band gap
can act as unfavorable recombination centers and also limit the performance of the device!®!. In
many cases, these deep level traps can be passivated by forming complexes with other defects!®.
If the complex formation reactions are diffusion-limited, models for diffusion can also be used to
simulate and understand this critical passivation process.

In addition to CIGS, we are also interested in studying CdTe and the related alloy CdSeTe.
CdTe is a technologically important semiconducting material used for infrared and X-ray detec-
tors!?H191 Tt can be doped both n-type and p-type (although only weakly p-type) without adding
foreign impurities, which makes it particularly attractive for use in photodiodes and optical detec-
tors!!'1M121 Tt also finds use as the absorber layer in CdTe thin-film solar cells, the application we
are most interested in!'3!. CdTe is well-suited for use in photovoltaic devices due to a number of
favorable properties. Its band gap of 1.5 eV is a good match to the solar spectrum. It also possesses
good carrier mobility and a high optical absorption coefficient that allows it to absorb most of the
sunlight with only a very thin absorber layer® 11| Lastly, CdTe solar cells can be manufactured
quickly and inexpensively: it only takes a matter of hours to go from input materials to completed
modules. Thus, it is not surprising that CdTe has claimed the second largest market share (5%) of
any photovoltaic technology after crystalline silicon!'4],

CdTe is a II-VI tetrahedrally bonded semiconductor that crystallizes in the zinc-blende struc-
ture, shown in Figure 1.2, Unlike CIGS, CdTe is much less defect tolerant, with defect con-

[16],

centrations generally not exceeding 1 part per 10,000 As a result, the defects will likely not



Figure 1.2: CdTe unit cell, containing 8 basis sites. Yellow = Cd, blue = Te.

interact significantly, and the dilute approximation can be applied. Recent advancements in CdTe-
based thin-film photovoltaic technologies have been due in part to the use of graded CdSeTe ab-
sorbers, which increases the collected photocurrent!!”). CdSeTe is an alloy of CdTe and CdSe,
formed by introducing both Te and Se on the same sublattice. Atomic diffusion in semiconductors
is important in determining material properties such as the doping limit, passivation, and device
stability!!3]. Understanding and control of the diffusion profiles of intrinsic and extrinsic defects
is critical for developing the highest-performing electronic and optoelectronic devices!'3!. There-
fore, we seek to understand the diffusion of different defects in CdTe. Additionally, doping can be
a challenge in CdTe and CdSeTe due to self—compensation[19]. Therefore, we also want to model
this self-compensation, with particular attention to how the ordering of the alloy species Se and Te

affects the propensity of the system to self-compensate.



1.2 Diffusivity Model

The overall diffusivity of any given atomic species will be the sum of the diffusivities of the differ-
ent defects and defect complexes in which the species occurs. In general, the diffusivity of a given

defect or defect complex can be modeled in the typical Langmuir-Arrhenius formP}20]

D = gfA*p ve AEn/ksT (1.1)

where g = z/2d is a geometric factor determined by the nearest-neighbor coordination number z
and the dimensionality of the lattice d, f is a correlation factor dependent on the mechanism, A is
the hopping distance, p, is the probability that the defects necessary for diffusion are available, v
is the attempt frequency, AE,, is the migration barrier, kp is the Boltzmann constant, and 7 is the
temperature.

Diffusion occurs when a defect hops from one lattice site to a neighboring one. Eq. 1.1 con-
tains terms that reflect both the average rate that a hop occurs and the total displacement that a hop
contributes to diffusion. The hopping rate of the diffusing species is given by the terms ve Em/ksT
The attempt frequency v arises from the natural vibration modes in the crystal, and reflects the
projection of the vibrations of the defect along the direction of the reaction coordinate, effectively
representing the frequency the defect “attempts” the hop. The migration barrier AE,, is the mini-
mum energy the defect must overcome to pass over the saddle point between stable ground states.
The exponential term is a Boltzmann distribution, which gives the fraction of attempts with energy
high enough to overcome this barrier at temperature 7. The product of the attempt frequency and
fraction of attempts that are successful is then the rate that hops of the defect will occur. The term

pa 1s the fraction of the total diffusing species that occurs as the defect being considered at equi-



librium. Thus this term reflects that very dilute defects will contribute less to overall diffusivity
than more abundant defects. The hop distance squared A2 incorporates the distance traveled by a
hop and transforms the units from frequency of hops (s~!) to units of diffusivity (cm?s~"). Each
hop that occurs is not completely random, but will be correlated to the previous hop. The correla-
tion factor f relates how likely a hop is to reverse the previous hop, with f = 1 being completely
uncorrelated, and f = 0 being completely correlated (every hop reverses and no diffusion occurs).

The correlation factor is given by

_ 1+(cos(0))

S = T cos(0))

(1.2)

where (cos(0)) is the average projection of hop direction on that of the previous hop. For the Cu-
sublattice z = 4, because of tetrahedral coordination. One primary aim of this work is to calculate
these various terms needed to model diffusion in CIGS and CdSeTe and apply different modeling

techniques to understand and predict diffusion of native and non-native species in these materials.

1.3 Multi-scale Modeling Techniques

The different contributions to Eq. 1.1 can be determined with a variety of modeling tools, such
as density functional theory (DFT), the chemical constraint calculator (CCC), and kinetic lattice
Monte Carlo simulations (KLMC). Figure 1.3 illustrates schematically the approach followed to
model diffusivity starting from first principles. The defect formation energies, defect complex
binding energies, migration barriers, and attempt frequencies can be calculated ab initio from DFT
packages. The formation and binding energies are used in the CCC to predict the equilibrium con-
centration of different defects and the Fermi level of the material under variations in temperature

and composition of the system. Results are then fed into KLMC models, which require knowledge



AEf=Defect formation energy
AE,=Complex binding energy
AE,,=Migration barrier
v=Attempt frequency
ps=Defect concentration
E.=Fermi level

f=Correlation factor

D=Diffusivity
\

Model

p4(complex),
f

pg(complex),
fl Dtracer

Din-diffusioni

|:)tracer »)
interdiffusion

Figure 1.3: Schematic of approach to multi-scale modeling of diffusivity.

of both the defect hopping rates (from DFT) and defect concentrations (from the CCC). The KLMC
models provide information on the diffusivity and the equilibrium ordering of the different species
(such as the concentration of different complexes), as well as the observed correlation factors. An-
alytic models are developed with Eq. 1.1 that can reproduce KLMC results. Lastly, a successful
analytic model is used in continuum simulations (which are populated with defect concentrations
from the CCC) to model different experimental setups and geometries, such as in-diffusion from
a substrate, or interdiffusion between diffusion couples. This schematic can also be modified to
model phenomena besides diffusion. By removing kinetics we can utilize simply lattice Monte
Carlo (LMC), which takes defect concentrations and defect binding interactions as input, but does
not consider hopping rates. LMC can model defect ordering and phase segregration, as well as
defects whose formation energy depends on the local atomic arrangement. Both of these situations

are common in alloys such as CIGS and CdSeTe, where the arrangement of the alloy species has
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important effects on the material properties. Both KLMC and LMC are therefore well-suited for
understanding these materials.

DFT is a method of calculating an approximate solution to the many-body Schrédinger equa-
tion. It can provide information on the electronic and ionic structure of a wide variety of sys-
tems. In essence, DFT replaces a many-body wave function with 3N coordinates with a one-body
density n(r) with only three spatial coordinates, making computation possible even for large sys-
tems/?!1122]. The Hohenburg-Kohn theorem states that this electron density is sufficient to predict
all the ground-state properties of the system!?!I"?3] The Kohn-Sham potential was developed to
represent a fictitious system of non-interacting particles that gives the same density as that of the

interacting system. The total energy can then be written as:

E[p] = T;[p] 4+ Vex[p] + Vi [p] + Exc[p] (1.3)

where T; is the kinetic energy, Ve [p] is the external potential from the electron-nuclei interaction,
Vu[p] is the Hartree potential from the electron-electron interactions, and Ey.[p] is the exchange-
correlation potential that corrects the errors in the other terms resulting from neglecting the non-

(21112211241 " Several schemes have been developed to account for

classical many-body interactions
the exchange-correlation energy, such as the Local Density Approximation (LDA), the General-
ized Gradient Approximation (GGA), and hybrid functionals such as the Heyd-Scuseria-Ernzerhof
(HSE) functionals, which include contributions from Hartree-Fock calculations!?!!. Additionally,
pseudopotentials such as the Projector Augmented Wave (PAW) pseudopotential are employed to

replace the complicated effects of the nuclear and core electron motion with a softer potential that

captures the core’s effects on the outer valence electrons!?!).
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When implementing DFT, the electronic wavefunctions must be approximated with a basis
set of functions. For periodic crystalline solids, it is best to use Bloch’s theorem to expand the
wavefunctions in terms of a discrete plane-wave basis set, which is truncated at some particular
energy cutoff?!H23] The material being studied can then be represented as an infinite periodic
array of finite-sized supercells. To model a defect, an atom can be added, removed, or replaced
from the perfect supercell. The structure is then relaxed to find the ground state energy and ionic
positions. The strain arising from the defect can be observed by comparing the relaxed ionic
positions and lattice constants with those of a defect-free cell.

The climbing image nudged elastic band (CI-NEB) method can determine the minimum en-
ergy pathway (MEP) of an atom moving between two ground states. A pathway connecting the
two states is guessed initially, with the path divided between a fixed number of images representing
the intermediate states of the process. Ordinary NEB relaxes the images to the MEP while main-

taining the spacing between them. This is accomplished by adding spring forces between images

Figure 1.4: Illustration of the NEB approach showing the forces on the images that move them towards the MEP in a
potential energy landscape [26].
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and projecting the force component due to the potential perpendicularly to the spring forces, as
illustrated in Figure 1.4!2728] The climbing image modification drives the highest energy image
up to the exact saddle point!>].

In addition to the CI-NEB method, the dimer method can be used to search for saddle points
in random directions when the exact pathway is not known?°!. This method involves two identical
images (or replicas) of the system separated at a fixed distance, known as the “dimer”. The algo-
rithm searches for saddle points by pushing the dimer uphill on the potential energy surface. As
it is translated, the dimer is also rotated to be oriented along the lowest curvature mode. The run
converges on a saddle point when the forces on any degree of freedom in the system fall below a
set value and the curvature is negative (indicating a saddle geometry).

To determine the attempt frequency of a process, the phonon frequencies of both the relaxed
ground and the relaxed saddle structures can be calculated using density functional perturbation
theory (DFPT)13!). This method determines the Hessian matrix, or the matrix of the second deriva-
tives of the energy with respect to atomic displacements, by perturbing each ion a small, fixed
amount in each of the directions +xyz. From the matrix the eigenvalues and corresponding eigen-

vectors are also calculated, where the eigenvalues are the normal vibrational modes of the system.

From transition state theory, the attempt frequency of the process v* can be calculated by

3N-3 3N—-4

v = I} Vi H v;- (1.4)

where v; and v; are the normal vibrational modes of the ground and saddle states respectively!?%).

The 3 translational modes are excluded, as well as the unstable imaginary mode that occurs in a

properly converged saddle state.
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Molecular dynamics (MD) can also be used to further investigate for different ground states,
possible transitions, and vibrational properties. In DFT, MD is implemented by advancing the
system by a fixed time step. At each step the forces on the ions are recalculated from DFT, and
the positions advanced by numerically solving Newton’s equations of motion, such as with Verlet
integration. By observing a system for a large number of timesteps, unusual defect ground states
or unexpected transitions may be seen that would not otherwise have been considered.

Compositionally constrained thermodynamics (as implemented in the CCC developed by this
group!®?!) can be used to predict equilibrium concentrations of defects d in charge states g at

varying temperature and composition by[331:

p
—AEd,q/kBT (15)

where ¢, 4 18 the fractional concentration of the defect; 6, is the entropic prefactor arising from
lattice mixing, configurational degeneracy, and electronic state degeneracy; AE[J; q is the defect
formation energy. The formation energy reflects the energy change in forming a defect, and can be

calculated with DFT assuming a grand canonical picture of defect formation by the equation!3?!

AEiq == Ed7q - Ebulk + an(ul() + A,uz) + Q(EVBM +EFermi + AV) +Ec0rr (16)
i

where Ej , 18 the energy of the supercell containing the defect and Ejp, is the ground state energy
of the perfect crystal supercell. n; is the number of atoms of type i added or removed from the
material in forming the defect, and /,Ll-o + Ap; is the chemical potential of species i with respect to
a consistent reference. The chemical potential reflects the favorability of adding a species from a

reservoir to the system: increasing the chemical potential of species i will increase its prevalence

14



in the system (likely favoring formation of interstitials and antisites of i), while decreasing the po-
tential of i will decrease its prevalence (likely favoring vacancies of ). Thus the composition can
be selected for by controlling the chemical potential. The chemical potential of electrons is given
analogously by the Fermi level Ef,,,,; with respect to the bulk valence band Eypgys. The finite size
of the cell introduces spurious interactions, which are accounted for by the correction term E,,.
Additionally, to avoid divergence of the infinite array of charged cells, the DFT calculations intro-
duce a neutralizing background, which produces an offset accounted for by the potential alignment
correction AV.

Monte Carlo methods use repeated random sampling to model deterministic systems. The basic
premise of KLMC as implemented in this work starts with an initialized system of lattice points,
and different species assigned to each point. Site-specific elementary processes for all allowed
events on the lattice are defined, along with rates for each process. These rates additionally can be
updated on the fly based on the local environment surrounding the process site(s). The algorithm
then proceeds by matching all processes with the geometry at each lattice site and obtains the total
rate of each process based on all the sites on which the process can occur. A process to perform is
chosen randomly, proportionate to the relative total rate of the process. A site where the process
is available is then chosen randomly to perform the process on, and the geometry is updated to
reflect the process occurring. The system time is then propagated by drawing a random number p

between 0 and 1 and adding the time step Af given by

_ —In(p)
At = B (1.7)

where P, is the total rate of the process k in the system. This is repeated for a set number of steps!>4.

15



KLMC is preferrable to methods such as MD when studying diffusion, because transition events
occur very infrequently compared to the vibration periods of the system. KLMC allows the long
time spans between events to be accelerated by ignoring the vibrational motion of the system and

instead performing the events of interest with associated rates of occurrence.
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Chapter 2

Cu(In,Ga)Se,: Ab Initio Calculations'

2.1 Introduction

We first are interested in developing a model for the diffusion of group-III species in CIGS. To
start, we must identify the diffusion mechanisms to include in our model. There are numerous
mechanisms that could potentially mediate the diffusion of these species. In a crystal, diffusion
proceeds through three primary mechanisms: (1) interchange by rotation, (2) migration through
interstitial sites, or (3) diffusion via vacant lattice sites/®). Ref. [3] measured the diffusivity of
Ga into single crystal CIS layers, at varying compositions. It was found that the diffusivity was
lowest at Cu/In ratios closest to unity, when the concentration of cation sublattice (groups I: Cu,
and III: In/Ga) vacancies was expected to be at a minimum. This suggests that Ga (and potentially
In) diffuse via metal vacancies!*"#l. Ref. [36] found that annealing CIGS films in an argon at-
mosphere led to In/Ga interdiffusion, but annealing in a selenium atmosphere produced no such

interdiffusion. They postulated that when annealing with argon, Se vacancies are formed. This

]Reproduced from A. S. Gehrke, D. E. Sommer, and S. T. Dunham, “Atomistic models of In and Ga diffusion in
Cu(In,Ga)Se,,” Journal of Applied Physics, vol. 134, no. 11, p. 115002, 2023, with the permission of AIP Publishing.
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in turn promotes the formation of metal vacancies, which are more likely to compensate for Se
vacancies than Se interstitials due to more favorable formation energies. The increase in metal va-
cancies then facilitates In/Ga diffusion. Ref. [6] also found results that suggest a vacancy diffusion
mechanism.

Computational studies by Ref. [37] predict that interstitial In;j,; will not form entirely, but in-
stead will spontaneously switch with a nearby Cu atom to form an Inc,-Cuj, complex, suggesting
that interstitial migration of In is not an important mechanism. Additionally, they found the forma-
tion energy of Vp, to be very high, and thus the thermal concentration of In vacancies is expected
to be very low. More recent computational work by Ref. [38] also confirms that the formation
energies of Inj,; and Vy, are much higher than that of V¢, over a wide range of Fermi levels and
chemical potentials, confirming that these defects are not expected to occur in meaningful abun-
dance. These findings reduce the importance of the III-sublattice in contributing to mass transport
in CIGS7MB71 Ref. [37] predicts that all extra In atoms will eventually form Inc, defects, and that
formation energy considerations suggest an abundance of V¢, and Inc, defects. Additional theo-
retical studies have confirmed a similar abundance of Gac, defects in CIS, along with an abundance
of In/Gac, in CGSP?M491 Byilding on these findings, we propose a model of group-IIT diffusion

whereby Inc, and Gag, antisites diffuse via V¢, defects.

2.2 Methods

We calculated binding energies and migration barriers using VASP based on the projector augmented-
wave method (PAW) and using a plane-wave basis set/*!). The energy cutoff of the plane-wave

set was 385 eV, and the generalized gradient approximation (GGA) type Perdew-Burke-Ernzerhof

18



Table 2.1: Calculated and measured (Refs. [44] and [45]) lattice constants a, b and c for the tetragonal 16-atom unit
cell.

a,b C

A A
Present work: CulnSe, 5.88 11.85
CuGaSe, 5.68 11.28
Experiment: CulnSe, 44! 5.78 11.62
CulnSe,*! 5.81 11.63
CuGaSe, ! 5.61 11.03

(PBE)[*? exchange-correlation functional was employed. For binding energy calculations, we also
employed hybrid Heyd-Scuseria-Ernzerhof (HSE06)43! exchange-correlation functionals, with
the portion of the Hartree-Fock exchange set to & = 0.25, and an inverse screening length of
w=02A"" (the default values for HSE06, having been shown to be suitable for most systems!*3).
Most calculations were performed with a 64-atom cell and 4 x 4 x 4 Monkhorst-Pack k-point mesh,
while some calculations required a 128-atom cell with 4 x 4 x 2 (if c-direction was doubled) or 2 x
4 x 4 (if a-direction was doubled) k-point mesh. The extrapolations using 16-, 128-, and 432-atom
cells also used 4 x 4 x 2 k-point sampling. lonic positions were relaxed until intra-ionic Hellmann-
Feynman forces fell below 0.01 eV/A, while the cell volume and shape were fixed to their ideal
CIS or CGS values. The calculated lattice constants for CIS and CGS are shown in Table 2.1, and
compared with experimental values. Our structural parameters show reasonably good agreement
with experiment, with the ¢ axis generally larger in our calculations. For calculation of migration

energy barriers in VASP, the climbing-image nudged elastic band (CINEB) method was used!?”!.
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2.3 Binding Energies

The binding energy of a defect complex composed of n defects is given by

Ej, = E/[complex] — iEf[i] (2.1)

i=1

where the sum of the formation energies of the isolated constituents is subtracted from the forma-
tion energy of the complex. It relates the energy that is gained or lost by bringing two or more
defects together from infinite separation. By our convention, a negative binding energy denotes
an attractive interaction, and a positive binding energy denotes a repulsive one. Binding energies
should be reported with respect to the stable charge states of the individual defects, which for our
purposes are Ve, ™! and [In,Ga]c,*?, in both CIS and CGS/*?!. Binding energies have been previ-
ously reported for antisite-vacancy complexes on the Cu-sublattice, but they show a wide scatter
of values!37H40LI46] - Here we attempt to harmonize these values with our own calculations, by
identifying discrepancies in the calculation and reporting of the results among the different works.

We took a different approach than in these previous works, by demonstrating that the binding
of In/Gac, and V¢, defects in CIGS can be modeled as coulombic interactions of point charges.
As aresult, the energy of an arbitrary configuration of these defects can be predicted from the elec-
trostatic potential energy of an equivalently charged and spatially distributed array of point charges
in a medium with static dielectric constant equal to that of CIGS. Such a model is computationally
much more efficient than is DFT for computing the energy of a given atomic configuration. The
energy can be calculated almost instantaneously on a computing system that would ordinarily take
several hours for a similar calculation using DFT. The efficiency of such a model is particularly

useful for large KLMC simulations, as employed later in this work.
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In order to demonstrate that the interactions can be modeled as coulombic, we calculated the en-
ergies of 128-atom cells using DFT with defect pairs at varying degrees of separation. If coulombic
interactions can account for the binding (or repulsion) between defects, the change in DFT energy
upon separating a pair of defects should correspond to the change in the Madelung energy of an
empty cell containing only the isolated charged defects undergoing the same separation. To cal-
culate the Madelung energy, we modeled In/Gac, as +2 and V¢, as -1 point charges in an empty
cell, with the static dielectric constant of bulk CIS/CGS. The Ewald summation solver provided
by PYMATGEN was used for the calculations!*’!. Note that for charged systems, both VASP and
PYMATGEN impose a neutralizing background charge. The choice of the static dielectric constant
proved to be a challenging issue. In particular, PBE-GGA functionals are known to overestimate
the static dielectric constant relative to experimental values3” 48] Thus we cannot use experi-
mental values directly, as they would not reflect the internal behavior of the DFT system to which
we are comparing. Instead, the dielectric constant must be calculated from DFT, so that it can
adequately capture the screening of coulombic interactions that occurs within the DFT framework
being studied. However, attempts to calculate the static dielectric constant for CIS/CGS with PBE-
GGA functionals failed to produce stable converged results, and so we simply used best-fit values
of 17 for CIS and 15 for CGS. These can be compared with reported experimental values for CIS,
which range from 11.3-13.6:501 " and for CGS, which range from 11-1 1.501-541 1n contrast,
Ref. [38] calculated a value for the dielectric constant of ~10.65 in CIS using HSE06 hybrid
functionals, which is much closer to the experimental range. Therefore, we also performed DFT
calculations using HSEO6 functionals, and scaled the corresponding Madelung energies by the di-
electric constant 10.65. Due to computational constraints, we did not relax the ionic degrees of

freedom in the HSEOG6 runs, but only relaxed the electronic degrees of freedom starting with fully
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relaxed PBE-GGA runs.
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Figure 2.1: Energy change upon separation of different defect pairs in CIS, referenced to the energy at maximal
separation within the cell. (a), (b), and (c) represent PBE-GGA calculations, while (d), (e), and (f) represent HSE06

calculations.

The results, shown in Figure 2.1, show a close match between DFT and Madelung energies,
demonstrating that the binding of In/Gac, and V¢, defects can be modeled by coulombic interac-
tions alone. Even though for the PBE-GGA calculations we adjusted the dielectric constant to fit

the Madelung energies to the DFT energies, this does not necessarily invalidate the results, as they
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still demonstrate that the energy variation with separation distance is well-modeled by consider-
ing only coulombic interactions. The only major deviation is in (b) for PBE-GGA calculations at
Ist-nearest-neighbor (1NN) separation, but as this deviation does not appear in the equivalent and
more accurate HSEO6 calculation, it may be a unique feature of PBE-GGA functionals and not
indicative of the real physical behavior. Note that in this work we use “1NN” and related terms
such as “2NN” to refer to nearest-neighbors on the Cu-sublattice specifically, where “I1NN” Cu
sites are actually 2NN sites separated by Se atoms. We find that In and Ga have nearly identical
behavior, despite differences in ionic radii. The CGS binding energies were also calculated, but are
not shown as they are very similar to the results in Figure 2.1. The CGS binding energies tend to be
slightly stronger than their CIS counterparts, explained by CGS having a slightly lower dielectric
constant and slightly smaller lattice constants, both of which contribute to increased coulombic
interaction. The differences between the PBE-GGA and HSEOQ6 calculations in Figure 2.1 are due
to the difference in dielectric constant. An important consequence of our findings is that, due to the
slow decay of the ¥~ coulombic energy dependence, we should expect long-range defect interac-
tions, leading to loosely bound defect clusters, rather than tightly bound and well-defined defect
complexes. This will impact not only the equilibrium configuration of defects, but also the In/Ga
diffusion mechanisms, as discussed later in Chapter 3.

Having shown that the interactions of In/Gac, and V¢, defects can be modeled as coulombic,
we can then predict the binding energy of any collection of n such defects simply as the total

electrostatic energy of an array of point charges in a dielectric medium. This is given by!>>:

1 qiq;
E,= 3 ) ——I (2.2)



where g;,q; are the nominal charges of defects i and j, r;; is their separation distance, &) is the
vacuum permittivity, and x is the dielectric constant. As PBE-GGA appears to overestimate the
dielectric constant and HSEO6 slightly underestimates it, we use experimental values for K here
in order to ensure that our reported values accurately reflect the behavior of the physical system,
choosing xk=13.6 for CIS and x=11.5 for CGS. This is justified because the DFT results in Figure
2.1 establish that the binding interactions can be accounted for by the coulombic interaction of
point charges. Therefore, the actual strength of defect binding in CIGS material can be modeled
by Eq. 2.2 with an experimental value for k.

As an additional confirmation of this model for binding energy, we employed the extrapolation
method proposed by Ref. [56] to calculate the binding energies of Incy-Vcy and Ingy-2V ey com-
plexes in CIS. This method requires calculating the binding energies in DFT using increasingly
large supercells. The binding energies can then be extrapolated to the dilute limit to remove errors

arising from finite cell size effects. This is accomplished by fitting the DFT results to the form:

Ep(L) = Ep(L — o)+ a1 L' +a3L73 (2.3)

where L is the supercell dimension equal to the cube root of the cell volume, Ej(L) is the binding
energy found from cells of size L, and ay, a3, and Ej,(L — o) are the extracted parameters. Ej (L —
o) is then the binding energy extrapolated to the dilute limit. A requirement of this method is that
all supercells used have the same symmetry. Starting with the 16-atom unit cell, we constructed
three supercells: a 1x1x1 16-atom cell, a 2x2x2 128-atom cell, and a 3x3x3 432-atom cell. For
a defect complex comprised of n point defects, the binding energy for a given supercell size is

simply the combined energy of n — 1 perfect supercells and one supercell containing the complex,
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minus the combined energy of n supercells each containing one individual defect.
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Figure 2.2: Binding energies of defect complexes in CIS extrapolated with respect to increasing supercell size. Super-
cell energies are calculated from DFT and also from the Madelung energy of only the charged defects in a periodic
array. Binding energies for Incy-V¢y (a) and Incy-2V ey (b) are shown.

The results for PBE-GGA calculations are shown in Figure 2.2, along with the binding energies

found by using only the Madelung energies of equivalent supercells containing only the charged
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Table 2.2: Coulombic binding energies of antisite-vacancy complexes in their dominant charge state in eV calculated
from Eq. 2.2 as compared to literature values.

this work Ref. [40] Ref. [37] Ref. [46]
CulnSe,
([In/Galcy-Vey) ! -0.51 -0.18 -0.28 -
([In/Galcy-2Vey) o -0.85 -0.29 -0.46 -0.63/-0.67
CuGaSe,
([In/Galcu-Veu)t! -0.63 -0.65 - -
([In/Galcy-2Vey) o -1.05 -0.99 - -

defects. For this, we took the Madelung energy of a supercell containing the complex composed
of n defects and subtracted the Madelung energies of n supercells each containing one individual
defect, ignoring perfect supercells as they contain no charged defects. Note that a value of k=17
was used to scale the Madelung energies, which we found was appropriate for PBE-GGA, as
previously explained. The results give converged values of -0.43 eV for Incy-V ¢y and -0.74 eV for
Incy-2V . From the results it is clear that as supercell size increases, the values found with DFT
converge to the values found with just the Madelung energy (which at infinite cell size is simply
given by Eq. 2.2). The large deviations between the results found with DFT versus those found
with the Madelung energy at small cell size can be explained by considering the different scaling of
the two approaches. The Madelung energy scales like L~! as observed. However, Eq. 2.3 includes
a term that scales like L3, which accounts for the interaction of the localized charge distribution
with the uniform background!®’! and explains the large increase at small cell sizes. At infinite cell
size, the two approaches converge to the same values and thus provide additional evidence for a
model of binding of Cu-sublattice defects in CIGS that is coulombic.

Table 2.2 shows values for In/Gacy-Vcy and In/Gacy-2V ey complexes using Eq. 2.2 (note that
the use of the lower experimental value for K gives stronger binding energies in Table 2.2 than

reported in Figure 2.2). Our values for CIS are much stronger than those found in Ref. [40], but
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our values for CGS are very similar to theirs. Some difference may arise from their sampling of
only a single cell size. Although they applied the correction scheme of Lany and Zunger!>®!, the
corrected energy may still vary significantly with cell sizel>’). Still, it is not clear why their values
match ours for CGS but not for CIS, or why they find such a large variation between CIS and CGS,
where we find little.

In Ref. [37], they also report weaker antisite/vacancy binding in CIS than we find. However,
the value for the Incy-2V, binding energy in CIS is reported as the additional change in energy
due to bringing a second V¢, defect near a bound Incy,-V, complex. For consistency with our
results, the value should be reported as -0.46 eV: the sum of the initial binding energy of the
Incy-Vey pair and the energy change from adding a second V¢, defect. This brings their value
more in line with ours. Ref. [37] used the finite-size-scaling extrapolation scheme of Ref. [56] to
obtain converged binding energies. However, as Ref. [56] explains, the extrapolation can only be
done with cells of the same symmetry (such as cubic cells of increasing size). In contrast to our
application of this method, Ref. [37] used cells of widely varying symmetry (in terms of 16-atom
unit cells: 2x1x1, 2x2x1, 3x3x1, 3x3x2, and 4x4x2), and consequently their extrapolated values
are not necessarily reliable. Despite this, their results for separating Incy-Vcy pairs using PBE-
GGA functionals produce energy differences of ~0.3 eV, in line with values we find for a very
similar procedure (see Figure 2.1).

Ref. [46] reports binding energies of the In/Gac,-2V y complexes in CIS much closer to ours,
although still weaker. Because the focus of their work is comparing the binding energies of In
versus Ga complexes, rather than identifying the absolute magnitude of the energies, they did not
attempt to extrapolate their results even though they are still changing markedly with increasing

cell size (despite using the correction scheme of Freysoldt, Neugebauer, and Van de Walle!>*).
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This suggests that after extrapolating to infinite cell size, they may find stronger binding energies
than currently reported, bringing them even more in line with our values. Additionally, they concur

with our results that In and Ga have similar binding energies.

2.4 Migration Barriers

As discussed in Chapter 2.1, previous experimental and computational work leads us to focus on
a diffusion mechanism for In and Ga in CIGS dominated by 1NN vacancy-mediated hops of Incy,
and Gac, antisites on the Cu-sublattice. This mechanism involves an Inc, or Gac, hopping onto
a neighboring vacant V¢, site. To calculate the migration barriers of these processes in CIS and

CGS, DFT CINEB calculations were performed for vacancy-antisite exchanges. Figure 2.3 shows
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Figure 2.3: Diffusion paths for [In/Ga/Cu]c,-Vy processes in (a) CIS and (b) CGS. In the figure, the diffusing atom
(red) moves into the vacant site (white). The surrounding atoms are copper (blue), indium (pink), and selenium (green).

the energy along the diffusion path taken by the moving antisite, and Table 2.3 shows the resulting

migration barriers for the different processes. Our Inc, and Gag, barriers agree very well with
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Table 2.3: Migration barriers and average distortion of antisite-vacancy exchange processes.

Em [eV] Distortion (A) Em [eV] Distortion (A)
CIS CGS
Ga 1.47 0.056 Ga 1.23 0.042
In 1.10 0.049 In 0.92 0.032
Cu 1.13 0.047 Cu 0.98 0.035

those of Refs. [7] and [46], and our V¢, barriers agree with previous literature as well[P1371.160]
Although Inc, and V¢, have similar diffusion barriers, it is still expected that Cu diffusion occurs
much faster than In diffusion. This arises due to most In in the crystal being immobile on group-III
sites, so the overall diffusivity of In is significantly lower than the Inc, antisite diffusivity, a point
discussed further in Chapter 3. Two important observations can readily be made. First, the Ga
process in CIS has a much higher barrier than the In process in CIS, and similarly the Ga process
in CGS has a much higher barrier than the In process in CGS. Second, the In process in CIS
has a higher barrier than the same In process in CGS, which is likewise true for the Ga process
in CIS compared to the Ga process in CGS, and for the Cu process in CIS compared to the Cu
process in CGS. Both observations can be explained by quantifying the “average distortion” that
the lattice undergoes during the migration. To determine the average distortion of a given state, we
calculated the distance every atom in a simulation cell is displaced from its ideal relaxed position.
From this we determined the average displacement distance of an atom in the cell by averaging
the displacements at all sites (excluding the sites involved in the exchange). Lastly, we found the
change in average displacement between the ground and saddle states of each process, which we
will refer to as the “average distortion” caused by the process. The results are presented in Table
2.3. Positive values of average distortion indicate a greater degree of average displacement in the
saddle state compared to the ground state. We expect that a larger value of average distortion

will correspond to a larger barrier, as the system must undergo a greater change from ideality
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for the defect to migrate, which requires greater energy. In fact, this is exactly the trend that is
observed. In both CIS and CGS, the Inc, and Cuc, exchanges have similar barriers to each other,
and correspondingly have similar values of average distortion. Meanwhile, in both CIS and CGS
the Gac, exchange has a significantly higher energy barrier than the equivalent Inc, and Cucy
processes, and likewise has a significantly higher value of average distortion. Furthermore, all CIS
processes have higher barriers than their equivalent CGS processes, and likewise the CIS processes

have significantly greater average distortions than their CGS counterparts.

Figure 2.4: The saddle point configuration for (a.) Gacy-Vcy exchange and (b.) Incy-Vey exchange. The correspond-
ing ground state configurations are overlaid semi-transparently. Color coding: Se (green), In (pink), Gacy or Incy
(blue), V¢, (red). The 9 nearest-neighbors to the saddle and ground states are labeled.

Figure 2.4 shows the saddle and ground state configurations of Gacy-V¢y, and Incy-Vey swaps
in CIS. All six processes reported in Table 2.3 have qualitatively the same saddle point configura-

tion. The migrating atom moves through the tetrahedral interstitial site, but at the saddle point, it is

distorted away from the true tetrahedral site, towards the two vacancies. The distance between the
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migrating atom and Sel remains relatively constant throughout the migration, so that the migrating
atom is effectively “pivoting” around this selenium. We find that for all six processes, the saddle
point is symmetric between the initial and final states. This contrasts with Ref. [7], who find an
asymmetric saddle point configuration for the Gac, swap in CIS. This discrepancy may arise from
differences in their calculation method from ours that are not reported, such as the lattice constants
used and the degrees-of-freedom allowed to relax. They hypothesize that the large difference be-
tween Ga and In barriers in CIS may have some connection to this asymmetry, but since we find
similar energy barrier differences with wholly symmetric configurations, the asymmetry may not
be a key factor. As previously explained, we quantified the amount each atom was displaced from
its ideal relaxed location. For both In and Ga migration processes, Sel undergoes by far the greatest
increase in displacement between the ground and saddle states, in line with its role as the “pivot”
for the migrating atom. However, the average displacement of atoms in the In process ground state
is much greater than that of the Ga process ground state, while the average displacement of atoms
in the two saddles is more comparable. Because the In process begins already further from ideal-
ity, moving to the saddle does not require as large of an average distortion as for the Ga process,
which begins closer to ideality in a more stable configuration (hence the higher migration barriers
found for Ga compared to In processes). This trend is also observed in CGS, despite Ga being the
native lattice species. Of the nine nearest neighbors labeled in Fig. 2.4, only Se2, Se3, and Se4
behave significantly differently between the In and Ga processes. As these three are all neighbors
to the ground state (and in the case of Se2, not a neighbor to the saddle state), this confirms that
the difference between In and Ga processes originates primarily with the ground state.

In addition to the INN hops, previous studies have found that 2nd-nearest-neighbor (2NN) hops

of V¢, have a comparable migration barrier to INN V¢, hops, and therefore should be considered.

31



Table 2.4: Migration barriers for 2NN hops of a V¢, defect at INN distance to Gacy, Incy, or Cugy.

Em [eV] Enm [eV]
CIS CGS
INN to Gacy 1.22 INN to Gacy 1.31
INN to Incy 1.25 INN to Incy, 1.32
1NN to Cucy, 1.18 1NN to Cugy 1.17

We use “2NN” to refer specifically to the second-shortest distance between Cu sites, not to lattice
connectedness. Of special interest is the situation where the initial and final sites of a 2NN V¢,
hop are both INN to the same antisite. Although there is no overall change in binding energy, the
expected path approaches very closely to the antisite, and so the possibility of a distinctly different
barrier from the isolated 2NN hop exists. Table 2.4 shows the barriers for 2NN hops of V¢, in
the presence of different antisites and native copper. Our value of 1.18 eV for a free 2NN V¢
hop in CIS agrees well with Ref. [5]. In CIS, the presence of an antisite at 1NN increases the
barrier only modestly, but it has a more substantial effect in CGS. This is likely due to the smaller
lattice constants of CGS compared to CIS, which brings the antisite closer to the migrating atom
and raises the energy. In both CIS and CGS, when an antisite is present, the migrating atom is
distorted away from the antisite at the saddle point. In both cases, the saddle point configuration is
asymmetric when an antisite is present, and the potential energy landscape around the saddle point
is very flat and broad. Because 2NN hops only exist in ab planes (see Figure 3.1), the inclusion of
2NN hops in our models may impact anisotropy, as discussed in Chapter 3.2. 2NN hops of Incy,
and Gac, were found to have such high barriers that they do not significantly impact group-III

diffusion.
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Chapter 3

Cu(In,Ga)Se;: Diffusivity Models'

3.1 Methods and Model Selection

We now take the results of Chapter 2 to develop KLMC simulations of group-III diffusion. These
KLMC simulations were performed using the open source KMCLib code®*l. This method as-
signs atomic species to fixed lattice positions, and advances the simulation by randomly choosing
a migration process to perform, with the probability of selection weighted to be proportionate to
the transition rate of the process. Allowed transition events and associated rate constants were
determined from our DFT calculations. The binding energy between defects was treated by ap-
plying the coulombic model of interactions outlined previously. Our simulation considered only
the Cu-sublattice, utilizing 1000 lattice sites with periodic boundary conditions in all directions,
populated with a proportionate number of group-III antisites and vacancies for different compo-
sitions. The Cu-sublattice of CIGS has the connectivity of a diamond lattice but is elongated in

the c-direction by a factor close to v/2 (modified slightly by c/2a). INN hops are tetrahedrally

]Reproduced from A. S. Gehrke, D. E. Sommer, and S. T. Dunham, “Atomistic models of In and Ga diffusion in
Cu(In,Ga)Se,,” Journal of Applied Physics, vol. 134, no. 11, p. 115002, 2023, with the permission of AIP Publishing.
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Figure 3.1: The Cu-sublattice of CIS. The green arrows depict the connectivity of 1NN sites, while the red arrows
depict the connectivity of 2NN sites. Note that strictly 2NN diffusion is confined to the ab (blue) plane.

coordinated, while 2NN hops are confined to ab planes (see Figure 3.1). Allowed processes in-
cluded INN In/Ga/Cucy-Vy swaps and 2NN Cucy-Vy swaps. Because many processes result in
a change in the overall binding energy, in order to preserve detailed balance the migration barrier
was estimated as the sum of the barrier of a free swap and half the change of the overall binding

energy before and after the swap:

Eyn = Em,free + S AE, (3.1
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where Ey, rre. is the barrier of the isolated swap, and AE), is the change in overall binding energy
in the system. We tested this model against DFT calculations for a number of cases and found
generally good agreement, with average error less than kg7 even for the lowest temperatures simu-
lated. Typical runs consisted of 10° steps to produce reliably converged values of the mean-squared

displacement (MSD) of the group-III species. We obtained the diffusivity of the antisites via

_ 1.
D= (7 3.2)

where the MSD over time (r?)/t was extracted from the slope of the MSD vs time curve via
least-squares regression.

Initially, the Chemical Constraint Calculator (CCC) as developed by Ref. [32] was to be used
to ascertain the appropriate number of vacancies and antisites with which to populate the simu-
lation, by considering defect thermodynamics in the canonical ensemble. However, several sim-
plifications were found to apply which allowed for concentrations to be predicted simply from
stoichiometry. Generally, the valence ratiol®! 2[Se]/([Cu] + 3([In] 4 [Ga])) is very close to unity in
high-quality CIGS absorber material 311, and the cation ratio [Cu]/([In] + [Ga]) is copper poor
(< 1). For these composition ranges, results from the CCC show that antisites and vacancies
on the Cu-sublattice are overwhelmingly dominant compared to other defects. Consequently, the
stoichiometry is necessarily fixed by the Cu-sublattice defect concentrations. For a valence ratio
near 1, charge balance is maintained by having twice the concentration of singly negative charged
copper vacancies as doubly positive charged group-III antisites on copper sites. Although the
valence ratio may vary by a small amount above or below 1, because the simulation must be pop-

ulated with an integer number of defects, these small variations in valence ratio do not typically
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change the number of defects used in the model. Additionally, the CCC confirms that the ratio of
[Gacy|/([Incy] + [Gacy]) corresponds to the overall [Ga]/([Ga] + [In]) (GGI) ratio (in other words

the formation of In versus Ga antisites is equally favorable). Thus, the cation ratio is determined

by the following:
Cu]  _ 0.25 —[Vcu] 3.3)
[In] +[Ga] — 0.25+ [Incy] +[Gacy] |
2[Veu] = [Incy] + [Gacy] (3.4)
[Gacu]
= GGI 3.5
[incu] + [Gacy] G-

This system is fully specified for a given cation ratio and GGI ratio, and the concentration of
vacancies and antisites with which to populate the simulation can be readily obtained.

To account for alloyed CIGS, we considered how the formation energies and migration bar-
riers of the relevant defects vary with GGI. Our DFT calculations show no energy change when
exchanging Gacy + Inyy — Incy + Garyp or (Gacy+Veu) inn+Inm — (Incu+Vew) inn+Gany, sug-
gesting Inc, and Gag, antisites form with equal favorability. Refs. [60] and [40] have confirmed
that Inc, and Gac, have formation energies similar to each other in both CIS and CGS, and that
the formation energy of V¢, is the same in both CIS and CGS. Likewise, Refs. [62] and [63]
have found that in bulk group-III rich (thus Cu poor) CIS or CGS, the formation energy of V¢ is
unchanged over a wide range of Fermi energies in both CIS and CGS, and likewise the formation
energy of Inc, in CIS is similar to that of Gac, in CGS. Taken together, these findings suggest that
defect concentrations are unaffected by changes in GGI outside of the change in antisite ratio re-
flected by Eq. 3.5. Additionally, previous Monte Carlo studies suggest that for temperatures above
the range of interest considered here (> 400K), In and Ga mix homogeneously on the III-sublattice.

Therefore, we are justified in only considering system-level GGI and ignoring the possibility of lo-
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cal GGI variation[®*1-1%6] However, because there is a large variation in migration barriers between
CIS and CGS, for the given GGI we used a linear interpolation of the barriers between their CIS
and CGS endpoints. This assumption was confirmed by running several NEB calculations with
randomly arranged In and Ga atoms (corresponding to a GGI of 0.375) on group-III sites. The
average barrier for the Inc,-V, swap was nearly identical to the value expected from a linear
interpolation, likewise for the Gacy-Vy swap.

A difficulty that arose was developing a fast and efficient algorithm to calculate the binding
energy of the system, given our coulombic binding model. The long-range »~! decay of coulombic
interactions requires a sufficiently long cutoff to achieve well-converged results, but this can be
computationally intensive. We implemented the approach outlined by Ref. [55], which requires
only finding the electrostatic potentials at the two sites on which the process occurs, including only
the stationary charges up to a certain cutoff. The cutoff is defined radially from the point halfway
between both sites, so that the total charge used to evaluate both sites is unchanged. This has been
shown to speed convergencel®>!. Figure 3.2 shows convergence of the calculated diffusivity of In
for increasing cutoff. As can be seen, above 20 angstroms the results show tight convergence. All

the following calculations used 20 angstrom cutoffs to ensure the best results.

3.2 In and Ga Diffusivity

We calculated diffusivities for In and Ga in CIS over a range of compositions and temperatures
using our KLMC model. We chose to report Ga diffusivity in CIS as opposed to in CGS in order
to have a direct comparison between In and Ga diffusivity, and due to the lack of experimental

data for diffusivity in very high Ga content CIGS. To be completely physically realistic, a very
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Figure 3.2: Convergence of the diffusivity of In from KLMC simulations at 1000K, for increasing cutoff radius, as a
function of the cation ratio kcy/Kry.

small number of Ga atoms should have been added to the simulations to reflect a dilute Ga con-
tent that does not alter the overall properties of the bulk CIS system. However, it was found to
be difficult to obtain sufficient statistics to estimate the MSD with such low Ga content. We de-
cided instead to artificially convert all antisites to Ga while still maintaining CIS parameters, in
order to obtain more robust MSD data. Since our simulation has both Inc, and Gac, bind via the
same electrostatic interactions, the equilibrium configuration of defects should only depend on the
overall concentration of vacancies and antisites, not the ratio of Gacy/Incy. In turn, as the hop rate
of an individual diffusing Gac, antisite only depends on temperature and the neighboring defect
configuration, conversion of Inc, to Gac, should not affect Ga diffusivity. A run with half Gacy
and half Inc, antisites confirmed that no change in Ga diffusivity occurs from a change in the ratio
of Gac,/Ingy.

Figure 3.3 shows results from the simulations for different temperatures and compositions.

Figure 3.3a depicts the diffusivity of antisites, which is simply the diffusivity of the indicated
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Figure 3.3: Diffusivity of In and Ga in CIS. (a) the diffusivity of antisites, as calculated from both KLMC and analytic
models, for kcy/kiy ratios of 0.75-0.95. (b) the overall diffusivity of In and Ga versus composition, as calculated from
KLMC.

species extracted from the KLMC simulations, as given in Eq. 3.2. Figure 3.3b gives the overall
diffusivity, which is the antisite diffusivity multiplied by the fraction of the diffusing species that
is mobile. This takes into account the fact that most of the In and Ga in the system exists frozen on
the III-sublattice and does not contribute to diffusion; thus the overall diffusivity is lower than the
antisite diffusivity. It can be readily observed that the diffusivity of antisites (Figure 3.3a) is mostly
independent of the cation ratio, suggesting that the diffusing behavior of an individual antisite is
not strongly affected by the density of other antisites and vacancies nearby, at least within these
composition ranges. Therefore, the compositional dependence of the overall diffusivity of In and
Ga in CIGS (Figure 3.3b) is primarily due to the availability of mobile antisites, which increases
in more Cu-poor material. Ref. [3] finds a severalfold decrease in the diffusivity of Ga in CIS at
1000K when increasing the kcy/kyy, ratio from 0.75 to 0.95, which is generally consistent with our

findings. It is also evident from our results that Ga diffusion is predicted to be a couple orders of
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magnitude lower than In diffusion in CIGS having the same composition, which is consistent with
experimental observations. We discuss this in greater detail below.

The activation energies for In and Ga diffusion were found from the average of the 3 Arrhenius
slopes for different compositions. In diffusion was found to have an activation energy of 1.24
eV, and Ga diffusion a value of 1.54 eV. These activation energies are quite reasonable. For In
diffusion, the activation energy of 1.24 eV is noticeably higher than the migration barrier of 1.1
eV as listed in Table 2.3, whereas for Ga the value of 1.54 eV is closer to the barrier of 1.47 eV.
When an antisite swaps with a vacancy, if the exchange does not bring the antisite into contact
with a new vacancy, it is likely to simply reverse the swap with the original vacancy, leading
to no net diffusion. For long-range diffusion to occur, after an antisite-vacancy exchange the
vacancies must re-orient themselves to provide a pathway for a subsequent exchange that does not
merely reverse the prior swap!®”!. Because there are a variety of mechanisms for this to occur, it
is difficult to determine a single barrier to this re-orientation process. These mechanisms include
an antisite capturing a vacancy from far away, a vacancy disassociating from an antisite, and a
vacancy orbiting around an antisite to a different 1NN location. Furthermore, the rates of all
these mechanisms are influenced by the local defect landscape. A benefit of KLMC is its ability
to capture all these complex behaviors with a relatively simple model. Despite this complexity,
even using just NEB calculations of a few representative processes suggests that these mechanisms
generally fall in the range of 1.2-1.3 eV. For In diffusion, the low migration barrier causes the In
antisites to swap back and forth many times before a vacancy can re-orient itself on a new site.
Therefore, the overall diffusion of In is limited by the effective “vacancy re-orientation” barrier,
readily explaining why the activation energy is in the range of 1.2-1.3 eV. With Ga however, the

migration barrier is so high that after a Gac,-V ¢, exchange, the vacancies will re-orient many times
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Table 3.1: Correlation factors for In and Ga diffusion, at selected temperatures and a composition of kc,/ki, = 0.85.

TIK] In Ga

500 0.21 1.00
750 0.31 0.98
1000 0.36 0.93

before the Ga exchanges again, and subsequent Ga hops will be equally likely in any direction.
Thus, the overall diffusion of Ga is limited by Gac,-V ¢, exchange, and so the activation energy is
nearly the exchange energy.

This explanation can be confirmed by calculating the correlation factors (as defined in Eq. 1.2)
of sample KLMC runs. As the fraction of hops that are reversals increases (cos(6) — —1), f tends
to 0, while as hops become increasingly uncorrelated (each hop is independent of the previous
hop, (cos(0)) — 0), f tends to 1. The cosines are accumulated over the course of a KLMC run.
We expect In runs to have fairly low values for f, corresponding to frequent reversals, while we
expect Ga runs to have f values near 1, corresponding to nearly uncorrelated hops. Table 3.1 shows
calculated correlation factors for representative systems and confirms that In antisites experience
far more reversals than Ga antisites.

It was also observed that when considering a, b, and c axis diffusion separately, the diffusivity
in the ¢ direction was generally between 1.5-2 times higher than that in the a or b direction. As
mentioned previously, because the Cu-sublattice of CIGS is identical to the diamond lattice elon-
gated by a factor of about v/2 in the ¢ direction, each INN hop moves the defect proportionately
more along the ¢ direction than along the a or b directions. Thus, it is expected that about a 2-fold
higher diffusivity would be observed in the ¢ direction. For In, the doubling of the ¢ direction
diffusivity is depressed to only a 1.5-1.9 factor increase. This is believed to be due to the effect

of 2NN V¢, hops, which provide additional pathways for vacancy reorientation in the ab plane
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only, boosting ab diffusivity by increasing the frequency of uncorrelated hops. For Ga, a simple
2-fold ¢ direction increase is observed, explained by Ga diffusion being primarily limited by Ga/V
exchange rather than V reorientation. These results suggest the possibility of anisotropic diffusion
in CIGS, which is particularly interesting as we have not identified any work that recognizes such

behavior in CIGS.

3.3 Analytic Models

To extend the results of our KLMC models into higher-order continuum models, we sought to
estimate the temperature-dependent diffusion coefficient for In and Ga in CIGS using analytic
models. We used Eq. 1.1 to model the diffusivity, with g equal to % for 3D diffusion, A = 4.167 A,
v estimated as the typical Debye frequency (vo ~ 10 THz), and AE,, chosen for the desired complex
and charge state.

We assumed that the migration barrier of a complex can be replaced by an effective activation
energy for uncorrelated hops that causes f = 1. Essentially, this effective activation energy reflects
the rate that uncorrelated hops occur between stretches of (potentially many) reversals. To predict
pa for the different defect complexes, we developed a simple equilibrium reaction model. For
this model, we considered only 1NN single- and double-vacancy complexes along with unbound
antisites and unbound vacancies, allowing triple-vacancy and higher complexes to be subsumed
under the double-vacancy complex concentration. We also assumed that vacancies do not neighbor
more than one antisite at any time, which is generally true given strong antisite-antisite repulsion.

The formation of complexes is defined by the following equilibrium reactions:

IHCu,free + VCu,free = (HICu + VCu) INN (3-6)
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(HICu + VCu) INN + VCu,free S (IHCu + 2VCu) INN (37)

from which the following model was generated:

[Mcy) = [Mcy free] + [1V] +[2V] (3.8)
[Veu) = [Veufree] + [1V] 4 2[2V] (3.9)
[1V] = K1 [V free] [[Ncu free (3.10)
[2V] = K> [V free] [1V] 3.11)

Ky =A e Ei/ksT (3.12)

Ky = Age  E2/ksT (3.13)

where [ITlcy| and [V, ] are the total concentrations of ¢y, (group-III species: In and Ga) and V¢y
respectively, [IIcy free] and [Vey free] are the concentrations of unbound IMlc, and V¢, respectively,
and [1V] and [2V] and the concentrations of Incy + V¢, and Ingy + 2V, complexes respectively.
Equilibrium values for [Ilcy gree], [1V], and [2V] were extracted from KLMC simulations run under
varying [Illcy], [Vcu, and T values, and used with Egs. 3.8, 3.9, 3.10, and 3.11 to numerically
solve for values of K; and K; as functions of 7. From Arrhenius plots of these results, egs.
3.12 and 3.13 gave values of A =5.42, E; = —0.25 eV, Ay = 1.05, and E, = —0.29 eV. E;
and E, can roughly be interpreted as the “effective binding energies” for the complexes given
only INN interactions. Compared with the values of -0.51 eV and -0.85 eV in Table 2.2, it is
clear that the presence of long-range interactions substantially reduces the favorability of complex

formation. This is expected, as the slow decay of the coulomb interaction allows complexes to
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partially dissociate without much penalty in terms of energy increase. To test the validity of this
model, we solved Egs. 3.8, 3.9, 3.10, and 3.11 simultaneously in MATHEMATICA!®! using our

calculated parameters for different compositions and temperatures. The results in Fig. 3.4 compare

a. kCu/kIII =0.75 b. kcu/k||| =0.85 C. kCu/kIII =0.95
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Figure 3.4: Equilibrium distribution of defect complexes in CIS, at different temperatures and compositions. The
left-hand (blue) bars depict results from KLMC simulations, while the right-hand (orange) bars depict results from the
proposed analytic model. All IIlc, antisites in the system are distributed as either unbound (free) antisites (lightest
shading, on the bottom), in single-vacancy complexes (medium shading, in the middle), or double-vacancy and higher
complexes (heaviest shading, on the top). The percentages correspond to the fraction of total antisites found in each
configuration at equilibrium.

the KLMC equilibrium distributions of complexes with those found from our model. They agree
very well, with an average error of only 10.3% between KLMC and our analytic model. The
proposed model should be quite suitable for use in a continuum reaction-diffusion simulation.

We defined two free parameters for the effective activation energies of 1V and 2V+ complexes
and fit the analytical model to the KLMC results for different temperatures and compositions by
minimizing the total percent error. For In, the solution converged on identical activation energies
for 1V and 2V+ of 1.26 eV, which is also nearly identical to the overall activation energy of 1.24
eV found directly from the KLMC simulations. The average percent error in the diffusivity from

the analytic versus the KLMC model is only 2.9%. As explained previously, because the diffusion
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of In is limited by the effective “vacancy-reorientation” barrier, not the antisite-vacancy exchange,
both 1V and 2V+ complexes have the same limiting barrier, so the results we found are expected.
For Ga, we found a 1V effective activation energy of 1.47 eV and a 2V+ energy of 1.75 eV. The
average percent error in the diffusivity is 4.4%, similar to the In diffusivity error. The difference of
effective activation energy here is also reasonable. The 1V activation energy is identical to the 1V
antisite-vacancy exchange barrier because overall diffusion of Ga is limited by the antisite-vacancy
exchange barrier. The 2V+ antisite-vacancy exchanges have higher barriers because they require
changes in binding energy that increase the barrier by about 0.15 eV for a 2V complex hop, and
even higher for 3V+ hops, in line with the value of 1.75 eV found for 2V+ complex activation
energies. An interesting consequence of this higher activation energy for 2V+ complexes is that
diffusion of Ga is dominated by 1V complex hopping. Even at 300K, when our model predicts
98.7% of antisites should be in 2V+ complexes, diffusion is surprisingly still dominated by 1V
complexes, which account for 99.8% of the diffusivity at this temperature. Figure 3.3 plots the

analytic models against the KLMC results, which show very good agreement.

3.4 Comparison to Experiment

To validate our models against experimental results, we performed simulations to match the con-
ditions of the In radiotracer diffusion study by Ref. [4]. In this work they report temperatures for
each run and a GGI value of 0.3. They do not give values for valence ratio or cation ratio, but
the process cited for the fabrication of their samples!®®! is known to produce CIGS with valence
ratio of nearly 1 and cation ratio of 0.85!701-173] Therefore, we found it a reasonable comparison

to use these values of valence ratio, cation ratio, and GGI in our simulations. Figure 3.5 shows the
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Figure 3.5: Comparison of our KLMC results with experimental radiotracer diffusion of In in CIGS from TSM-15
[Ref. [4]].

comparison of our KLMC models with their experimental results. We find an excellent agreement
between our model and the reported data. Because our KLMC model relies solely on values cal-
culated from ab initio methods (with the exception of the experimental dielectric constant, which
itself falls within a narrow range of values and is not observed to strongly influence diffusivity in
the simulations), these results provide strong evidence for the validity of our model for In diffu-
sion in CIGS. Although we could not find studies on tracer diffusion of Ga in CIGS, there exist
several studies on various types of in- and inter-diffusion of Ga. While these studies show a wide
range of reported values, most suggest a diffusivity of Ga much smaller than that of In, consistent

[70LI741-176] " Ref. [70] finds an activation energy for

with our findings shown in Figure 3.3(3L36]
Ga in-diffusion from GaAs into single-crystal CIS of 1.49 eV, very close to our value of 1.54 eV
for Ga tracer diffusion. Future work will involve developing continuum models to reproduce the

specific design of these in- and inter-diffusion experiments, allowing for a more direct comparison

between model and experiment.
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Chapter 4

Cu(In,Ga)Se;,: Group-1II Sublattice

Ordering

4.1 Introduction

Having developed a robust model of diffusion on the Cu-sublattice of CIGS, we now turn to the
challenge of extending our KLMC model to include the III-sublattice (i.e. the In/Ga-sublattice)
as well. Even though significant diffusion of In and Ga is not expected to occur via these sites,
by including the III-sublattice explicitly we can observe the In/Ga ordering that arises from the
interactions between the species in the system. Understanding the local variations in In and Ga
concentration is crucial to optimizing solar cell device performance, as the band gap is larger in
regions of higher Ga content!®!. Consequently, precise control of the In/Ga ordering is necessary,
which requires detailed understanding of the mechanisms contributing to ordering. KLMC can
help elucidate these mechanisms. In particular, a long-term goal would be to develop a model that

predicts the local fluctuations in GGI ratio expected under varying temperature and composition.
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With such a model, it could then be possible to predict the local fluctuations in band gap and their
resulting impacts on device performance.

In KLMC, adding the III-sublattice is straightforward, requiring simply to add these sites to
the basis set and randomly populate them with the appropriate number of In and Ga types given
the global GGI ratio desired. Because diffusion of In and Ga in CIGS has been shown to occur
primarily on the Cu-sublattice (see Chapter 1.1), we do not need to add any hopping mechanisms
on the III-sublattice. Likewise, the overwhelming majority of defects can be expected to occur on
the Cu-sublattice (see Chapter 3.1), allowing the III-sublattice to simply be populated only with
In and Ga types. However, to correctly capture the kinetics of the full system, we would need to
add mechanisms allowing for interchange of In/Ga between the two sublattices. We are initially
only interested in the equilibrium configurations on the III-sublattice, and so we can exclude these
interchange mechanisms at first. Instead, we can artificially drive the system to equilibrium by
allowing In-Ga exchanges on the IlI-sublattice. We can choose a migration barrier similar in
magnitude to the Cu-sublattice hops, such as 1 eV, in order to obtain approximate parity between
the frequency of Cu-sublattice and III-sublattice hops. In actuality, an In or Ga would first hop to
the Cu-sublattice, diffuse some distance, and hop back to the III-sublattice in a new location. Our
approach accelerates this process by allowing In and Ga to move directly to lower-energy locations,
bypassing the Cu-sublattice diffusion steps. Although such a model will not have accurate kinetics,
and therefore a KLMC implementation is not necessary, by developing the model in a KLMC

framework it will be easy to extend it in the future to include the full kinetic picture.
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4.2 III-Sublattice Interactions Model

To build the KLMC simulation, and especially to understand the nature of In/Ga ordering in CIGS,
it is essential to have a good model of the binding interactions between the species in the simula-
tion. We have already demonstrated a coulombic model of interactions between the Cu-sublattice
defects. For IlI-sublattice interactions, we are primarily interested in low-Ga content situations (a
GGI ratio less than 0.5). Thus, by treating Inyy as the native species and Gayyy as a defect species,
we only need to consider interactions between Gayp-Gayyp and Gayy-V/In/Gagy. For example, if it
is favorable for Gayyy to be near another Gayyy compared to being near a Iny, the binding energy of
Gayyp-Gayyy (at that distance) will be negative, and positive if it is unfavorable. Unlike the coulombic
interactions among the charged Cu-sublattice defects, Gayy is uncharged, and so binding interac-
tions involving it are not expected to have a significant coulombic component and are expected to
be fairly short-ranged. As a result, we only need to consider the first few nearest neighbors for
each interaction type.

We used VASP to calculate the binding energies, following the same methodology as out-
lined in Chapter 2.2 for PBE-GGA. 64-atom cell calculations were performed with a 4 x 4 x 4
Monkhorst-Pack k-point mesh, 256-atom cell calculations with a 3 x 3 x 2 mesh, and 512-atom
cell calculations with a 2 x 2 x 2 mesh. Real space projection operators were used, with the error
confirmed to be well below 1 meV/atom, and therefore suitable to use. For calculations involving
only a small number of defects (around 0.5% or less of all sites) the pristine CIS lattice constants
were used. For calculations involving large defect concentrations, all runs with the same total num-
ber of defects of each type (i.e. the same overall composition) were initially run with the lattice
constants allowed to relax. The average value was calculated, and all the runs were rerun with lat-

tice constants fixed at the average values. The calculated lattice constants used are given in Table
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Table 4.1: Average value of the lattice constants for the different cell sizes and compositions used to develop the
interaction model. The table lists the number of atoms in the cell, the dimensions of the cell relative to a cubic 64-
atom cell, the cation ratio, the GGI ratio, and the lattice constants in the a, b, and c directions (in units of A). The
valence ratio is nearly equal to 1 in every case.

# Atoms Dimensions kew/kim GGI a,b C

64 Ix1x1 0.76 0.25 11.64 11.68
256 V2xV2x2 0.76 0.25 16.47 23.38
512 2x2x2 1.0 0.0 23.52 23.68
4.1.

To develop the model, we initially looked at separating defect pairs in large 512-atom cells of
pure CIS. The large size of the cells allowed us to calculate the change in energy between the pairs
being at close distance and being far apart (greater than 17 A separation). As explained above,
we fixed the lattice constants for all cells to the pristine CIS values, so that the energy of different
runs could be compared. By extracting the external pressure on the cell, we determined that the
global strain energy due to the defects was very small, and more importantly did not change upon
separating a defect pair. Thus, any change in energy upon separating a pair could be assumed
to arise from local strain interactions (as coulombic interactions are expected to be negligible),
which are precisely what we are trying to capture. To evaluate whether these interactions behave
additively, we then looked at separating 3-defect pairs in different bound configurations out to far
separation distances (with all 3 defects further than 9 A from any other defect). Although we
had initially just been looking at INN binding, these 3-body tests revealed that higher-neighbor
interactions were significant. In particular, we observed that for some defect pairs, such as Gayy-
Gayyy, the sign of the binding oscillated for different interaction distances: at 1NN it might be
positive, while at 2NN it might be negative, for example. To capture these more complex behaviors,
we decided to test binding interactions up to SNN distances (note that here, neighbors are being

considered only on the cation sublattices; between any “1NN” pair is a Se atom).
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Once we had determined the approximate pairwise interactions for the different pairs involving
Gayyy out to SNN in CIS, we then looked at modifying these interactions to predict the behavior
in cells with more realistic Ga alloy concentrations and Cu-sublattice defect concentrations. As
shown in Table 4.1, we first looked at 64-atom cells with 0.25 GGI ratio and 0.76 cation ratio (gen-
erally representative of high-performance PV material). For this, we would run 4 different runs in
VASP, each with the same In/Gac,-2Vy 1NN complex but different random Gayyp configurations.
By comparing the energy change between these 4 runs, we could isolate the effect of different Gayyy
configurations while fixing the interactions among Cu-sublattice defects. Our model can predict
the energy change between two configurations by adding up the different pairwise interactions in a
given cell, and the predicted energy change can be compared to the actual energy change given by
DFT. By tuning the pairwise interaction parameters, we minimized the mean squared error (MSE)
per cation in the cell between our model and DFT for a large number of different runs.

In KLMC, the simulation will spend the vast majority of the time in or near the lowest-energy
configurations, especially at lower temperatures. Consequently, we desire for our model to be par-
ticularly tuned for correctly representing these near-equilibrium configurations. Once we had ob-
tained a reasonably good model using the previously described procedure, we set up small KLMC
runs with 256 atom cells (see Table 4.1) using the optimized interaction parameters. We first
allowed the simulations to reach equilibrium at 300K, and then froze in the Cu-sublattice and con-
tinued running to generate a number of different low-energy Ill-sublattice arrangements for the
same low-energy Cu-sublattice arrangement. By doing so, we could compare the energy change
between low-energy structures that all possess the same Cu-sublattice configuration but different
III-sublattice configurations. We have already developed a coulombic model for Cu-sublattice in-

teractions in Chapter 2.3, and this approach allows us to remove any errors that might arise from
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modeling Cu-sublattice changes with coulombic interactions, and instead focus solely on modeling
changes on the III-sublattice. We then took samples of these structures and relaxed them in VASP,
allowing us to repeat the optimization procedure (as previously described) specifically for lowest-
energy defect configurations. This was an iterative process: after each optimization the procedure
was repeated.

To test the validity of the model, at each iteration we divided all the data up into N subsets, and
fit the parameters to N — 1 subsets while testing the goodness of the fit on the remaining subset.
We repeated this for each of the N subsets, and determined the average MSE/cation across all
subsets. In order to weight the KLMC runs more heavily (which are the most representative of
the conditions we ultimately hope to use the model on), all the runs involving separation of defect
pairs were combined into a single subset, and all the runs involving three or more defects but not
originated from KLMC were also combined into another subset. These first two subsets contained
20 and 50 data points, respectively, and each was weighted as 1x. Each iteration of KLMC runs
then created two additional subsets, where each subset contained 12 data points and was weighted
as 2x. This weighting was found to produce the optimal results, and prioritizes the KLMC data.
Ultimately, 4 iterations leading to 8 subsets of KLMC data were needed to reach an optimized and
converged model, for a total of 10 subsets and 166 data points used to create the final model.

To optimize the model, we carefully tuned the number and type of parameters included to
obtain the best MSE/cation results. First, we looked at varying the interaction distance of the
parameters to include. As shown in Figure 4.1, the MSE/cation improved up to inclusion of 4NN,
but the model fit degraded when 5NN was added. Therefore, we determined that inclusion of
neighbors up to 4NN produces the best fit. Additionally, we found that including two second-order

terms for the largest parameter values (note that these parameters were only the largest before
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Figure 4.1: Average MSE/cation in the test data as a function of the parameter count. 3NN, 4NN, and 5NN specify
the interaction distance up to which nearest-neighbors are included. The first point in each pair at the same maximum
nearest-neighbor distance excludes second-order terms, while the second point includes them (adding 2 additional
parameters).

the inclusion of second-order terms) also improved the model. These are terms that scale as the
number of pairs squared, rather than simply as the number of pairs. We added these terms to INN
type 1 Gay-Gayp and Gacy-Gayyy interactions. While these terms actually degrade the fit when
added to 3NN and 5NN models (shown in Figure 4.1), the best overall model was found for 4NN
with the second-order terms included. We also tested whether inclusion of valence cluster terms
would improve the MSE/cation. Ideal CIGS is ionic, with Se”> anions balancing equal parts Cu*!
and In/Ga*? cations. In ideal CIGS, the average cation valence is +2. Valence cluster terms for
each cation are parameters that are proportional to the square of the deviation of the local valence

around a cation from the ideal valence. This local neighborhood includes the cation itself and the
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Table 4.2: Optimized interaction energies (meV). Note that for certain distances, there are multiple types. These types
correspond to symmetrically-distinct pairs, where the change in the c-direction is different between types. The squared
term indicates that it is a second-order parameter.

Distance GaIH—GaIH VCu—GaHI GaCu—GaHI InCu—GaIH
INN type 1 7 -2 14 3

(INN type 1)? 1 4

INN type 2 5 7 5

2NN -10 2 -10 5

3NN type 1 -5 0 -7 -2

3NN type 2 -4

4NN 8 -2 6 -6

12 nearest-neighbor cations. These parameters are effectively a positive energy cost to the system
for having locally off-stoichiometric valence. However, we found that inclusion of these terms
significantly degraded the fit. Additionally, the terms were highly unstable, varying dramatically
depending on the subsets of data included in a fit. Therefore, we decided to exclude valence terms
from the model.

Table 4.2 gives the final values of the model parameters. These were obtained by fitting all 10
subsets of 166 data points at once. We also tested the stability of the parameters by excluding 1
subset at a time, following the method described previously, to quantify how much the parameters
fluctuated depending on the exact data included in the model. The average ratio of the uncertainty
of a mean to the mean itself for the parameters derived in this way was only 16%, confirming that
the parameters are reasonably stable. An additional 24 data points were generated for testing from
KLMC using the final model parameters. These data produced a MSE/cation of 1.5 x 107>, which
is a further improvement upon the best model depicted in Figure 4.1. Thus, we now have a model

suitable for use in larger KLMC simulations.

54



4.3 Kinetic Lattice Monte Carlo

With this model, we ran larger KLMC simulations with 2000 atoms (1000 on the Cu-sublattice
and 1000 on the III-sublattice) at different temperatures. As we are currently just interested in the
equilibrium configurations and not the full kinetic picture, we tuned the hop rates in the simulation
to produce roughly equal numbers of hops on the Cu-sublattice as on the III-sublattice over the
course of the simulation runs. First, we set all the migration barriers equal to 1 eV. Next, we
varied the attempt frequencies of the IIl-sublattice hops from factors of 0.1 to 1.0 relative to the
Cu-sublattice attempt frequencies. We ran several test runs and determined optimal scaling factors
of 0.1 for 300K, 0.25 for 500K, and 0.5 for 700K for the IlI-sublattice attempt frequencies relative
to the Cu-sublattice values. By tuning the rates in such a way, we can ensure that every part of the

system reaches equilibrium in a minimal number of steps.
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Figure 4.2: Average fractional deviation (at 300K, 500K, and 700K) of the occupation of different pair types from a
randomized (no binding interactions) structure. Each triplet of bars corresponds to a different pair type.

To understand how the interaction model affects the distribution of different pair types, we
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found the average occupation of the different pair types over a set of 40 randomly configured
structures, and the average occupation of the different pair types over 100,000 step periods in 4
different KLMC runs using the interaction model at 300K, 500K, and 700K. Figure 4.2 depicts
the results, plotting the fractional deviation of the occupation of different pairs with interactions
included from the randomized baseline occupation. A positive value indicates that the concentra-
tion of that pair increased upon inclusion of the interactions, and a negative value indicates that
it decreased. Figure 4.2 can be compared with Table 4.2 by noting that any pair with a positive
(negative) interaction energy is expected to decrease (increase) in concentration compared to a
randomized structure. In general, we observe this behavior occurring, with nearly all the positive
deviations in Figure 4.2 corresponding to negative energies in Table 4.2 and vice versa. This con-
firms our model is behaving as expected. Figure 4.2 also provides insight on the magnitude of the
deviations that our interaction model introduces into the system. The largest deviations show an
increase or decrease of about 30% from the baseline, while most pairs have a deviation of around
10% or less. This shows that our model introduces a significant but not overwhelming change to
the arrangement of atoms in the system. Figure 4.2 also demonstrates that as the temperature is
raised, the deviations decrease and the system becomes more like the randomized one. This is ex-
pected, because at higher temperatures the entropy factor driving disorder becomes larger relative
to the binding energies driving order.

We also developed an analysis to extract an order parameter from each step of the simulation
that quantifies the degree of clustering in the system. We looked at both the clustering of vacancies
on the Cu-sublattice and the clustering of Ga on the IlI-sublattice. For vacancies, the analysis
loops over every Cu-sublattice site in a given configuration and records the number of vacancies

around that site up to 3NN distance (including if the central site is itself a vacancy). For Ga, the
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Table 4.3: Order parameters based on the standard deviation of local clustering, for randomized, 300K, 500K, and
700K systems. The order parameters are given for both V¢, and Gayyy clustering.

Species Randomized 300K 500K 700K
Vcu 1.65 2.09 2.11 1.83
Gay 2.13 2.30 2.19 2.16

analysis loops over every Ill-sublattice site and records the Ga neighborhood in a similar manner.
This produces a list of values corresponding to the local concentration of vacancies or Ga around
each point. The standard deviation of this list is calculated, and following Refs. [65] and [66]
the standard deviation is interpreted as a measure of the degree of clustering of the species of
interest. In a completely randomized configuration, the standard deviation would be low, as all
local neighborhoods would have the same number of vacancies or Ga atoms corresponding to the
total concentration of these species. But in a highly inhomogeneous configuration, the standard
deviation is expected to increase, as some sites will have a large number of vacancies or Ga atoms
locally, while others will have few.

The order parameters calculated from our simulations are given in Table 4.3. As expected,
ordering is the highest for 300K, and tends to decrease as the temperature is raised. It is noticeable
that compared to a randomized system, the clustering of V¢, increases significantly, while the
clustering of Gayy increases only slightly. Consequently, our model suggests that even at room
temperature, CIGS will not have strongly Ga-rich and Ga-poor regions. This is reasonable in
light of Table 4.2 and Figure 4.2, which show that while 2NN and 3NN bonds between Gayy-
Gayyy are attractive, INN and 4NN bonds are repulsive. Thus, any region around a Gay atom will
include a similar fraction of sites that are favorable and unfavorable to other Gayyy atoms, preventing
strongly Ga-rich regions. In contrast, our model predicts a much more pronounced increase in V¢y

clustering, despite the fact that individual V¢, defects possess a -1 charge that repel them from
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one another. This counterintuitive result could be due to the clustering of vacancies around group-
IIT antisites (where their attraction to the +2 charged antisites is stronger than their repulsion from
each other), as well as their interactions with the III-sublattice. As Figure 4.2 shows, Vy-Gayy and
Incy-Gayyp pairs are mostly favorable. This could contribute to a scenario where even moderately
Ga-rich regions attract Inc,-Vy clusters, boosting the inhomogeneity of V¢, that already existed.
The ability to capture such complicated and overlapping interactions is one of the unique powers
of KLMC methods.

In a similar way, we developed an analysis to extract a local effective GGI ratio and local
effective [Cu]/([In] 4 [Ga]) (i.e. cation) ratio. As before, we looped over a set of all sites in the
simulation and explored the local neighborhood around each site. Here, we used a larger cutoff of
20 A (the largest spherical shell that can be inscribed in our 2000 atom simulation box). However,
rather than averaging all atoms within this larger shell equally, we used a Gaussian distribution
to weight the contributions from more distant sites less than those immediately around the central
site. The radial distance of a site from the central site was input into the Gaussian function, and we
varied the standard deviation radius of the Gaussian function from 10 A to 20 A. To find the GGI
ratio, we looped over each IlI-sublattice site and counted each (weighted) Ga within the cutoff from
the site, then divided by the total weighted number of group-III species within the cutoff. Likewise
for the cation ratio, we looped over every site and divided the weighted sum of Cu within the cutoff
radius by the weighted sum of In and Ga within the cutoff radius. We quantified the magnitude of
the fluctuations in the local GGI or cation ratios by calculating the standard deviation of the set of
local ratios at all sites in the simulation cell. Ref. [77] has derived equations predicting how the

band gap, valence band maximum (VBM), and conduction band minimum (CBM) of CIGS vary
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as functions of both the GGI ratio and the cation ratio, which they give as:

EP™ = (1-x)ES™ +xESS — bx(1 —x) + (25 — Xcu) (4.1)
Offsetcgm(eV) = Bx(Eg S — EG™ — b(1 —x)) + 0a(25 — Xcu) (4.2)
Offsetypm(eV) = (1 — B)x(Eg™ —ESC® —b(1 —x)) + (1 — 0) (25 — Xcu). (4.3)

Here x is the GGI, Xcy is the % atomic fraction of Cu (equal to 25 in ideal CIS), b = 0.23 is the
optical bowing constant, o = 0.017 is the slope of Cu off-stoichiometry versus band gap, f = 0.94
is the relative change of the total band gap because of the shift in CBM due to Ga content, and
o = —0.235 is the relative change to the total band gap from the CBM due to Cu off-stoichiometry.
These equations give a very similar dependence of the band gap on GGI as we find, and their
prediction that the CBM is mainly affected by GGI content, while the VBM is mainly affected
by Cu off-stoichiometry, is generally supported by other published work! 78791, We utilized these
equations to predict the local band gap, VBM offset, and CBM offset using our local GGI and
cation ratios. From these local values we found the fluctuations by taking the standard deviation
over all sites in the cell.

Table 4.4 gives the fluctuations in the local GGI ratio and cation ratio as a function of the tem-
perature and standard deviation radius. The GGI fluctuations decrease as temperature increases,
a result of increased disorder at higher temperatures. This is the same trend previously observed
in Figure 4.2, where increasing temperature drives the system towards a randomized structure.
Thus, rapid quenching may reduce fluctuations in the GGI ratio, by freezing in higher temperature

structures. However, the cation ratio does not have a clear temperature trend. This suggests that
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Table 4.4: Fluctuations in the GGI ratio and cation ratio at 300K, 500K, and 700K. Values are reported for standard
deviation radii of 10, 15, and 20 A. The global GGI and cation ratios are 0.25 and 0.75, respectively. The fluctuations
in the band gap, VBM, and CBM due to the GGI ratio, the cation ratio, and the combined effect of both are given, in
meV. Last, the correlations between the local GGI ratio and local cation ratio are also given.

10 A 15A 20 A

300K 500K 700K | 300K 500K 700K | 300K 500K 700K
GGI
GGI 0.030 0.024 0.022 | 0.027 0.020 0.019 | 0.026 0.020 0.019
Band gap (meV) | 16 13 12 14 11 10 14 10 10
CBM (meV) 15 12 11 13 10 9 13 10 9
VBM (meV) 1 1 1 1 1 1 1 1 1
Cation
Cation 0.041 0.056 0.040 | 0.033 0.049 0.033 |0.032 0.048 0.032
Band gap (meV) | 15 20 15 12 18 12 12 18 12
CBM (meV) 4 5 3 3 4 3 3 5 3
VBM (meV) 18 25 18 15 22 15 14 22 14
Combined
Band gap (meV) | 27 25 19 23 22 16 22 21 16
CBM (meV) 13 12 11 12 11 10 12 10 10
VBM (meV) 18 25 18 15 22 15 14 22 14
Correlation -0.492 -0.124 -0.004 | -0.489 -0.106 -0.011 | -0.477 -0.100 -0.022

rapid quenching may not help to reduce fluctuations in the cation ratio, as the fluctuations at 700K
and 300K are identical, and even higher at 500K. We found that increasing the standard deviation
radius consistently reduces the fluctuations. A longer radius gives increased weight to sites further
from the central site, effectively smoothing out the local values and moving them closer to the
global values, reducing the fluctuations as observed.

We calculated the correlations between the local GGI ratio and the local cation ratio, which are
shown in Table 4.4. The correlations are consistently negative, indicating that an increase in local
GGI ratio will lead to a decrease in local cation ratio, and vice versa. The correlations are quite
strong at low temperature, but decrease upon heating, nearly disappearing at 700K. As previously
discussed, this is caused by the increasing randomness of the system at higher temperatures. In-

creasing the standard deviation radius also tends to reduce the strength of the correlations, likely

60



for similar reasons as mentioned above: a longer radius reduces the fluctuations, so the correlations

T = 300K T = 500K

are less pronounced.

0.03

0.00

Deviation from average (eV)

-0.03

T = 700K

Figure 4.3: 4 x 4 nm cross-sectional xy-plane snapshots of the band gap fluctuations in CIGS at 300K, 500K, and
700K. The calculated local band gap values were interpolated with Gaussian smoothing to give the contours, which
represent the local band gap deviation from its average value in the system.

Figure 4.3 depicts cross-sectional snapshots of the band gap fluctuations at 300K, 500K, and
700K. At 300K pronounced deviations are evident, but they largely dissipate by 700K. Table 4.4
reports the fluctuations in the band gap, VBM, and CBM due to variations in the local GGI and
cation ratios, along with the fluctuations due to the combined effect of both. The combined band
gap and CBM follow the same trends as the GGI ratio, decreasing at both higher temperature and
higher standard deviation radius. However, the combined VBM follows the trends of the cation
ratio, peaking at 500K, with equivalent fluctuations at 300K and 700K. It has been shown that
the CBM changes significantly with GGI content, while the VBM remains nearly unaffected!”’!.
Thus, it is not surprising that the CBM fluctuations closely follow the GGI trends. Conversely, the
VBM is strongly affected by changes in Cu content, while the CBM is affected only minimally!’’).
Hence, the VBM fluctuations follow the trends in the cation ratio. This can be clearly seen by
observing the individual impact of the GGI and cation ratio: from Table 4.4 it is clear that the

VBM depends very little on GGI, while the CBM depends very little on the cation ratio.
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Note that the combined fluctuations of the band gap at 300K are as large as kgT at 300K (26
meV), suggesting these fluctuations may have a noticeable impact on the device performance. An
experimental study of CIGS films found band gap fluctuations that range from 15 to 65 meV!8"
(measured as the standard deviation of the local band gap energy), which generally agree well
with our predictions for the combined band gap fluctuations. The study concluded that alloy dis-
order and Cu content variation were key contributing factors to the fluctuations. In particular, they
found that the fluctuations increased around 15 meV when comparing CIS to 0.25 GGI CIGS. This
increase could reflect the contribution to the fluctuations arising from the introduction of alloy dis-
order, and it agrees very well with the band gap fluctuations we find arising from GGI variations.

Rapid quenching may reduce the fluctuations somewhat, as the hop rate of Ga is well below
once per hour at 500K, so the III-sublattice fluctuations can likely be frozen in at their SO0K values.
However, the fluctuations in the band gap at 500K are nearly as large as those at 300K, owing to the
impact of the high cation ratio (and thus the VBM) fluctuations at this temperature. To test the ef-
fects of quenching, we took structures that had previously been equilibrated to 500K, locked in the
positions of the atoms on the III-sublattice, and then equilibrated only the Cu-sublattice at 300K.
This reflects a more realistic scenario, in which the III-sublattice equilibrates down to SO0K before
freezing in, while the Cu-sublattice (with much faster diffusion) continues to equilibrate down to
300K. For a 10/15/20 A standard deviation radius, we found fluctuations of 0.024/0.020/0.020 for
the GGI ratio, 0.066/0.057/0.055 for the cation ratio, and 29/25/24 meV for the band gap. The GGI
ratio values are unchanged from the 500K values in Table 4.4, reflecting the fact that Inc,/Gacy
antisites do not have much impact on the local GGI ratio, so changes in only the Cu-sublattice
have little impact. The cation ratio values are higher than both the respective 300K values and

500K values in Table 4.4. This suggests that the III-sublattice at 500K, as opposed to at 300K,
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may actually contribute to the highest fluctuations in the cation ratio, whereas for the Cu-sublattice
the highest fluctuations are at 300K. The band gap fluctuations, driven by the higher cation ratio
fluctuations, are even greater after quenching than at either 300K or 500K alone. These results

suggest that a rapid quench may not do much to reduce fluctuations in CIGS.
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Chapter 5

Cu(In,Ga)Se,: Cuy, Passivation

5.1 Introduction

In semiconductor operation, deep level traps are defects that lie deep within the band gap, with
energy levels far from the band edges. They are undesirable, as they degrade device performance
by capturing free electrons or holes, thus compensating the desired doping, and reducing the non-
radiative lifetime of charge carriers/®!. Cuy, antisite defects are prominent deep level defects in CIS
solar cell devices. However, they can be passivated by forming a complex with Inc, antisites!®.
Careful control of the growth and annealing conditions can influence the formation of these com-
plexes and reduce deep level traps!®. By simulating the process whereby an Inc, diffuses towards
a Cuy, and forms a passivated complex, we can develop a model to predict the time for this capture
to happen as a function of initial separation distance, temperature, and composition. Such a model
can be incorporated into a continuum simulation and used to optimize the annealing process by

reducing expected deep level formation.
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5.2 Model Calibration

The current work builds on our previous models of Inc, diffusion in CIS. Previous work by us also
demonstrated that the binding interaction between Inc, and Cuy, can be modeled as the interaction
between +2 and -1 point charges, respectively!®!. To model the formation of passivated Inc,-Cury,
complexes, we started with our previous KLMC model for In and vacancy diffusion that only con-
tains the Cu-sublattice. To represent Cup,, a single immobile defect was added to the location of a
theoretical In site in the KLMC simulation, without adding the complete III-sublattice. Interactions
were incorporated such that the Cuy, defect behaved as a -1 point charge. Additionally, the Cu-
sublattice was populated with a number of Inc, and V¢, defects appropriate for the composition
desired, using the method outlined previously in Chapter 3.1.

Initially, the simulation was run at 750K for 100,000 steps, with a composition of kcy/ky, =
0.95, for 400 runs starting from random initial configurations. As each run only contains one Cuy,
defect, we defined a passivated state as one where one or more Inc, defects are at 1NN distance
(technically 2NN as there is a Se site between Cu and In sites, but INN when only considering
the cation sublattices) from the immobile Cuy, defect. If for a given time step the simulation was
in a passivated state, we assigned it 1, and if it was not passivated we assigned it 0. At each
simulation time step, we averaged these values for all 400 runs, with the resulting value being the
average fraction of Cuy, passivated over time. This value initially began low, based on a random
distribution of Inc,, but over time equilibrated to a stable value of around 0.75, suggesting the large
majority of complexes are passivated even at high temperature.

Next, we identified a set of 400 equilibrium configurations that combined have an average
fraction of Cuy, passivated that is equal to the equilibrium value at 750K. These configurations

were used to initialize 400 runs at 300K. As with the higher temperature runs, we found the average
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fraction of Cuy, that is passivated at each time step over the course of the simulations. At the start
of the simulations, the average fraction passivated equals the 750K equilibrium value, but gradually
increases as Inc, diffuses and is captured by Cup,. Our goal is to simulate a rapid quench from
high to low temperature, and the rate by which the average fraction passivated increases can be
used to develop a model for the rate of passivation of Cuy, by Inc,. The large number of different
runs allows us to sample a large number of different capture events, to obtain a smooth function of
the average fraction passivated over time.

We had previously observed that when the cutoff radius for the coulombic interactions between
charged defects was too large, so that the spherical shell of interaction surrounding a defect could
not be contained entirely within the simulation cell, the self-interactions that Cuy, had with its
periodic images created undesirable effects. Essentially, any movement of a mobile species such
as Inc, towards the frozen Cuy, was also movement away from the image of Cuy, in the neighboring
cell, and the overlapping potentials effectively reduced the net interaction strength between Inc,
and Cuyy,, leading to a slower rate of passivation. On the other hand, when the cutoff radius was too
small, so that the interaction sphere around a defect was significantly smaller than the simulation
cell, this also created undesirable problems. In this case, with a large fraction of sites in the cell
outside the interaction radius of the Cuy, defect, the rate of passivation was incorrectly predicted to
be slower, as Inc, atoms outside the cutoff radius did not experience any attraction towards Cuyy,.

To avoid these problems, we determined that the optimal configuration is to have a nearly-cubic
cell with the cutoff chosen so that the spherical interaction shell can be nearly inscribed in the cell,
but not extending beyond. This allows the interactions to cover the largest fraction of the cell
possible while avoiding self-overlap. Because the c-axis of the 8-atom unit cell is longer than the

a- and b-axes, this requires the c direction to have fewer repetitions to be nearly-cubic. We tested
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convergence by running the full set of calculations at three different cell sizes: 4 x4 x 3,5 x5 x 4,
and 7 x 7 x 5 multiples of the 8-atom unit cell in the a x b X ¢ directions, with interaction cutoffs
of 16 A, 20 A, and 28 A, respectively. We used the average fraction passivated to calculate the
concentration of unpassivated Cuy, at each step in the simulations, and plotted the concentration

as a function of simulation time. These results are plotted in Figure 5.1 for the three different cell
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Figure 5.1: Concentration of unpassivated Cuy, over time for different simulation cell sizes: 4 x4 x 3,5 x 5 x 4, and
7 x 7 x 5 multiples of the 8-atom unit cell.

sizes. As can be seen, the results are clearly converged with respect to cell size, and show a smooth
decay of the concentration of unpassivated Cuy,. The diffusivities are also quite well-converged:
6.9 x 1072 €2 in 4 x 4% 3,9.6 x 10725 <2 in 5 x 5 x 4, and 1.2 x 10724 €2 in 7 x 7 x 5. Over
time, Inc, migrates to the unpassivated Cuy, and forms complexes, improving the charge carrier

lifetime of the device by eliminating these unpassivated Cuy, deep level traps.
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5.3 Capture Cross Section Estimation

From these results, we attempted to estimate a capture cross section for Cuyp, by fitting the data
to a rate equation. The process of Cuy, passivation can be modeled at the continuum level as
a diffusion-limited reaction among charged species. Essentially, we can treat unpaired Inc, and
unpaired Cuy, as separate reactants A and B that react to form C, which is the passivated defect
complex. This reaction is considered to happen instantaneously when the two reactants are within
a INN radius of each other, so the rate is controlled only by the diffusion of the reactants towards
each other. Because we treat Cuy, as being immobile, we only need to consider the diffusivity of

Incy,. The reaction can be expressed as:

[Incy] + [Cupy| = [Incy + Cuyy) (5.1)

where [Inc,] and [Cup,| are the concentrations of unpassivated (i.e. neither has the other at a INN
location) Incy, and Cuyy, respectively, and [Inc, + Cupy| is the concentration of passivated Incy+Cury
complexes.
We are interested in modeling the rate of depletion of unpassivated Cuy,, which is then given
by:
d[Cupy]

— 7 =k [Incu] [Culn] —k_4 [Incu + CuIn] (5.2)

where k; is the forward rate constant and k_; is the backwards rate constant. As can be seen
from Figure 5.1, nearly all unpassivated Cuy, defects react to become passivated complexes over
time, and we can thus assume that the backwards rate constant k_; is very small and ignore the

k_1[Incy + Cuyy,| term. Likewise, [Incy] is much larger than [Cup,] and can be treated as a constant,
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as Inc, does not get used up. The general solution to the rate equation takes the form:
[Cupy] = Ae kilncult (5.3)

To improve the accuracy, the small but non-zero equilibrium value of [Cup,] can be added to the
equation giving:

[Cuyy] = Ae Mllhcu 1 [Cuyy],, (5.4)

where [Cupy],, is the equilibrium concentration of Cuyy.
It has been derived previously!®!! that the rate constant for the diffusion-controlled reaction

A+ B = C, with a coulombic interaction between A and B, has the form:
ki =2nDa (5.5

where D is the diffusivity of one species with respect to the other (in our case when Cuy, is im-
mobile, it is simply the diffusivity of Incy), and a is the capture radius, with units of length. Thus
we can fit Equation 5.4 to our data by finding A and a. This is valid for when a single mechanism
with rate k| controls the reaction at all times, with D constant. However, because our simulations
at 300K are initialized with configurations run at 750K, the arrangement of defects (such as the
concentration of Incy-Vcy complexes) will not be at equilibrium initially. This will impact the dif-
fusivity of Inc, and other factors such as the screening of Cuy, by other charged vacancies. Over
time, these will change and the rate may also change as a result. Thus we suspect that a double

exponential function, which allows for two different mechanisms with distinct rates, will better
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Table 5.1: Parameters determined from fitting to single and double exponential functions. A and a correspond re-

spectively to the pre-exponential factor (<) and capture radius (A) for the single exponential function, while A; and
a; correspond to the faster mechanism of the double exponential function, and A, and a; correspond to the slower
mechanism of the double exponential function.

A a Al al A2 ar
4x4x%x3 23x 101 30 2.0x 10 64 0.7x 10 10
5x5x4 1.6x 10 10 1.9x 10" 86 09x109 5
TxTx5 2.1x10 13 1.2x 10 49 1.3x10"° 8

capture the simulation dynamics. Such a function has the form:

[Culn] — Ale_kl [Incu]t +Aze—k2[lncu]l + [Culn]eq

(5.6)

where k; and kp are the rate constants associated with a slower and a faster mechanism, and A

and A; represent the relative weights of the two different mechanisms to the overall passivation

process.
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Figure 5.2: Results from fitting the passivation of Cuy, to (a) single and (b) double exponential functions, for each of

the three different simulation cell sizes.

We fit our results for the three different simulation cell sizes to both single exponential and dou-
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ble exponential functions, as shown in Figure 5.2, with parameters given in Table 5.1. As expected,
the double exponential functions fit better than the single exponential functions. However, even the
single exponential functions fit the data fairly well. This suggests a single rate constant generally
captures the behavior, and the different passivation mechanisms may be similar to each other in
magnitude. Mainly, the single exponential fits fail to fully characterize the initial rapid drop in un-
passivated Cuy,. We suspect that this initial fast mechanism arises from the non-equilibrium nature
of the starting configurations. At 750K, most Inc, defects have no or only one V¢, neighbor. At
300K, nearly all of the Inc, defects have two or more V¢, neighbors. Given that Cup, is immo-
bile, passivation can only occur when a mobile Incy-V, complex migrates towards a Cuy, defect.
An Inc, in a complex with only one V¢, will have a net charge of +1, and so will be attracted
towards the -1 charged Cup,. But when all Inc, defects are in a complex with two or more Vy
defects, the complex as a whole will be neutral or negatively charged, and so will not be attracted
to unpassivated Cuy,. We propose that closer to ¢+ = 0, most mobile Inc, is in positively charged
complexes and so moves rapidly towards unpassivated Cuy, sites. Over time, however, more V¢
defects attach themselves to Incy, and effectively screen the interaction between Inc, and Cuyy,
reducing the rate of passivation. This would explain the initial fast mechanism that causes a rapid
drop in the concentration of unpassivated Cuy,, followed by the slower mechanism at later times.
To test this, we developed an analysis class that tracks the number of V¢, at INN to each
Inc, at 1000 step intervals. When a simulation run is initially in an unpassivated state, the analysis
identifies the first Inc, to passivate the Cupy,. It then calculates the average number of V¢, neighbors
that the Inc, that eventually passivates the Cup, had from # = O until the time that the passivation
event occurred. Essentially, this is calculating what the average “vacancy neighborhood” around

the Inc, looked like over the path it took to reach the Cup,. For each simulation run that is initially
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unpassivated (about 100 runs for each cell size considered), there is a unique time that the run
became passivated, and an associated average vacancy neighborhood for the path the Inc, took to

reach the Cuy,.
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Figure 5.3: Average number of V¢, neighbors to an Inc, from ¢ = O until the time that the Inc, forms a passivated
complex with Cup,. The data points are ordered by the time that the passivation occurs in the simulation. The three
different simulation cell sizes are shown: (a) 4 x4 x 3, (b) 5x5x4,and (¢c) 7x 7 x 5.

We plotted these results in Figure 5.3. Simulation runs that became passivated very quickly
correspond to data points at earlier times on the x-axis, while simulation runs that took very long
to become passivated correspond to data points at later times. As can be seen in Figure 5.3, Incy
defects that passivated the Cuy, early on had fewer V¢, neighbors during their journey to the Cuyy
than those that passivated it later on. The average number of V¢, neighbors when passivation
occurs near ¢ = 0 is around 1, but as time passes, more V¢, attach themselves to Incy, so that
the average number of neighbors increases to over 2 at later times. This confirms our theory by

demonstrating that early on in the simulations, most Inc, is found in single-vacancy +1 charged

complexes, which are rapidly drawn towards unpassivated -1 charged Cup,. But over time, V¢,

72



(with -1 charge) surrounds Incy and screens their interactions with Cuy,, slowing down the rate
of passivation. Therefore, we can see two distinct mechanisms as existing: the fast mechanism
applying to single-vacancy Inc, complexes (which are attracted to unpassivated Cuy,), and the
slow mechanism applying to multiple-vacancy Inc, complexes, which do not feel any attraction

to unpassivated Cuyy,. Initially the fast mechanism is dominant, but over time the slow mechanism

takes over.
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Figure 5.4: Modifications to the interaction model in the 4 x 4 x 3 cell size. (a) compares the original (unmodified)
model to the model including only INN interactions for Cuy,. (b) compares the original model to the model without
Vu interactions. Note the difference in x-axis scale.

To further explore the impact of the binding interactions on the rate of passivation, we tested
two artificial modifications of the model in the 4 x 4 x 3 cell. In one, we limited the interaction
range of the Cuy, defect to only 1NN distances. In the other, we made all V¢, defects neutral,
leaving Incy as +2 and Cuyy, as -1. The results are shown in Figure 5.4. As expected, by limiting

the Cuy, interactions to only 1NN (Figure 5.4a), the rate of passivation is much slower than with

long-range interactions. This is because Inc, defects are not attracted to Cuy, and so only passivate
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Cuy, when they happen to reach a INN site after a long period of random diffusion. However,
without long-range interactions, there are no reversals of passivation and the curve trends steadily
downward until every run is passivated. This occurs because with long-range interactions, a hop
from 1NN to 2NN is only a small energy penalty, as 2NN has nearly as strong of binding as
INN does. But with only INN interactions, a hop from 1NN to 2NN requires overcoming the
full INN interaction, which is very difficult at 300K. Thus, while passivation is slower overall,
once passivation occurs it becomes locked in. In contrast, eliminating V¢, interactions causes
passivation to become extremely rapid (note Figure 5.4b and the difference in x-axis scale). One
factor is simply that the diffusivity of Inc, becomes much higher: it is 3.8 x 10723 % in Figure
5.4b compared to 8.7 x 1072 % in Figure 5.4a and 6.9 x 10~ % in the original run. The
higher diffusivity allows Inc, defects to reach Cuy, much more quickly. The diffusivity likely
increases because without interactions, the V¢, defects can move around freely and do not get
locked into low-energy configurations. Additionally, without the -1 V¢, interactions, the only

attractive interactions are between Inc, and Cup,. This means that Cup, becomes the prime target

for all Incy in the simulation, and there is no V¢, screening to slow them down.

5.4 Comparison to Experiment

Unpublished experimental work, courtesy of X. Xiang (2022) in the S. Dunham research group at
the University of Washington, demonstrated that heating CIS samples to 383K for 2 hours caused
a drop in the open-circuit voltage (Voc), reflecting a degradation in the cell performance. After
cooling and remaining at 300K several weeks, however, the Voc had recovered to pre-annealing

levels. Initially, it was supposed that if Cuy, antisites are the performance-limiting trap centers,
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the drop in Voc would have likely been caused by the annealing breaking apart passivated Inc,-
Cup, complexes and activating the detrimental Cuy, trap states. However, as our model predicts
that passivation of Cuy, after cooling from a high temperature to 300K will take centuries to reach
equilibrium (in Figure 5.1, 10!! seconds is approximately 3000 years), it seems unlikely that any
meaningful recovery of the Voc would occur in just a few weeks if the Voc is limited by Cup,.
Thus, our results motivate searching for alternative possible mechanisms besides the passivation

of Cuy, by Incy to explain the rapid recovery in Voc observed experimentally.
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Chapter 6

Cd(Se,Te): Diffusion of Intrinsic Defects

6.1 Introduction

In addition to our work on CIGS, we present results for diffusion of intrinsic defects in CdSeTe
using a very similar approach. Unlike with CIGS, in CdSeTe there is less certainty as to which
defects dominate diffusion and the nature of their ground state configurations. Antisites primarily
diffuse in complexes with vacancies, but the expected concentrations of the necessary complexes
in CdSeTe are too low to contribute significantly to diffusion. Therefore, we exclude antisite
diffusion and consider only diffusion via vacancies and interstitials. Furthermore, we consider
only the dominant charge states of the defects, as we find that the concentrations of the defects in
their non-dominant charge states are too low to ever be significant for diffusion.

A review of the experimental literature on CdTe diffusion will be helpful here. Figure 6.1
depicts several radiotracer diffusion experiments on Cd self-diffusion in CdTe over a range of

[10],[12],[82]-[87] )

temperatures As is apparent, there is a strong consensus on the value of D¢y,

especially in the high-temperature regime. Figure 6.1 also demonstrates the existence of high-
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Figure 6.1: Arrhenius plots of experimental tracer diffusivity of (a) Cd and (b) Te in CdTe. Results by Woodbury 1967
[82], Borsenberger 1968 [12], Chern 1975 [83], Astles 1986 [84], Jones 1987 [10], Jones 1993 [85], Ahmed 1996
[86], and Kanno 2003 [87].

temperature and low-temperature mechanisms with distinct activation energies, although there is
some disagreement on the temperature at which the low-temperature mechanism becomes dom-
inant!12-83LI85LI87] - Additionally, there is a consensus that Dcg has very minimal or nonexistent

dependence on the partial pressure pcgl! 2831851831

In order to explain the absence of signif-
icant partial pressure dependence of D¢y, different mechanisms are proposed: it is believed that
D4 arises either from a superposition of contributions from different defects with opposite pcq
dependencies (such as vacancies and interstitials)!!?M®31 or it arises from a pressure independent
mechanism such as a (Cd;V¢q)* ring mechanism!8311881,

Figure 6.1 shows less of a clear-cut consensus with regards to D, self-diffusivity. Refs. [12],

[82] agree with each other but are quite different from Ref. [83]. Unlike with D¢q4, Dt displays

a strong dependence on pcq. Refs. [12], [82], [83] report a pE(} dependence of Dt., while Refs.
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[83], [88] also report a p(lj/; dependence at high pcq’s. Refs. [12], [82] both suggest that Dt is

mediated by neutral Te;. Ref. [82] observes that D, is independent of doping, indicative of neutral
defects. Additionally, they note that the simple reciprocal pcq dependence suggests a simple Te;
mechanism over more complex models. Refs. [83], [88] agree with a Te;* mechanism at low pcgq,

but also observe evidence of a transition to a high pcq mechanism, which they assume to be Vfgz,

possessing the observed pé/(f dependence.

6.2 Ab Initio Calculations

To elucidate the nature of the intrinsic defects in CdSeTe, we used molecular dynamics (MD) to
run simulated annealing, a technique for finding global energy minimums without an initial guess
structure. Essentially, the system begins at high temperature and is slowly cooled, eventually
settling into a low energy configuration. MD was run in the canonical (NVT) ensemble, using
the Nose-Hoover thermostat to control the system temperature. The system was advanced with
a 6 femtosecond time step for 1000 steps, starting at 1000K and ending at 1K. Four runs were
performed for each defect, and the lowest energy structures resulting from these runs are shown in
Figure 6.2. In VE&, the neighboring Te atoms are contracted inwards about 0.2 A, while in V}rez
the neighboring Cd atoms are distorted outwards about 0.7 A. When a Se atom is added nearby,
the neighboring Cd is distorted even further from the vacancy and towards the Se. In V%ez, with
the removal of the fourth Te bond, the neighboring Cd atoms shift from tetrahedral coordination to
more stable trigonal planar coordination with Te-Cd-Te angles of 119 degrees. However, in VE&,
the neighboring Te atoms are not quite trigonal planar, with Cd-Te-Cd angles of only 104 degrees.

In Cd;r 2. we found that the interstitial is stable in both the tetrahedral anion (T,) site surrounded
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(d) (e) (f)

Figure 6.2: Relaxed ground state structures of intrinsic defects in CdTe. (a) Vg with nearest-neighbor Te atoms
highlighted. (b) V. with nearest-neighbor Cd atoms highlighted. (c¢) V. with nearest-neighbor Cd atoms highlighted
and a neighboring Set. defect. (d) Cd; with T(c) and T(a) sites indicated, connected by a possible diffusion path. (e)
Te;-Te; split interstitial. (f) Se;-Te; split interstitial. Purple corresponds to Cd atoms, dark green corresponds to Te
atoms, and light green corresponds to Se atoms (only shown in (c) and (f)).

by Te atoms and the tetrahedral cation (T.) site surrounded by Cd atoms. However, for this charge
state the T, site is lower in energy by about 0.38 eV. The dashed line in Figure 6.2 illustrates the
path the interstitial takes through the intermediate T, site to move between more stable T, sites.
In contrast to CdiJr 2, both Te;r % and Se;r 0 prefer to form split interstitials oriented along the [110]
directions. Ref. [13] find identical stable configurations for both the Cd;r2 and Tef“o interstitials.
Next, we used NEB in VASP to find the migration barriers for the defects in CdTe. Attempts
to calculate barriers for defects in CdSe have not yet succeeded, so we exclude them for now. The

methodology followed that as outlined for CIGS in Chapter 2.2. Table 6.1 contains the migration
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Table 6.1: Migration barriers for vacancy and interstitial defects in CdTe.

Vacancies Vea V2 (Sete + Ve ) ™2
0.93 1.20 1.15
Interstitials Cd; 2 Te;" 0 Se;t 0
0.52 0.16 0.28

barriers found for defects in CdTe. Our value of 0.93 eV for Vag diffusion is somewhat lower
than Ref. [89]’s value of 1.19 eV. However, our value of 1.2 eV for V}rez is quite close to Ref.
[15]’s value of 1.13 eV. Although we did not find this value reported in literature, we find that an
(Sete + VTe)+2 exchange in CdTe is 1.15 eV, which is quite similar to the V%ez exchange. For Cdi+2
diffusion, we find the same diffusion path as in Ref. [13]: the interstitial is stable in the T, site,
moves to the T, site, and then quickly moves either back to the original T, site or to a new T, site.
We find a barrier of 0.52 eV when hopping from T, to T, and a barrier of 0.13 eV when hopping
from T, to T,. This agrees well with Ref. [13]’s values of 0.42 eV and 0.08 eV and Ref. [11]’s
values of 0.47 eV and 0.1 eV for the forward and reverse barriers, respectively. We found the Te;LO
and Se;ro split interstitials can diffuse rapidly along the [110] directions, with barriers of 0.16 eV
and 0.28 eV respectively. Refs. [13] and [11] confirm this, finding 0.1 eV and 0.09 eV respectively

for the Tei+O interstitial.

6.3 Kinetic Lattice Monte Carlo

Last, we developed both KLMC and analytic models to describe the diffusion of isolated defects
in CdSeTe, following a similar approach as used for CIGS. Our simulations incorporated both
the Cd and Te/Se sublattices in cells containing 1000 lattice sites. Unlike in CIGS, the typical

concentrations of the relevant defects are very dilute and unlikely to interact significantly with other
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Table 6.2: Parameters used in analytic diffusion models.

z d f A(cm) v(THz) AE
Vacancies
Vea 12 3 0.7815 4.69 x 1078 10 0.93
V2 12 3 0.7815 4.69 x 1078 10 1.2
(Sete + V) 2 12 3 0.7815 4.69 x 1078 10 1.15
Interstitials
Cd;™ 4 3 0.75 4.69 x 1078 10 0.52
Te;" 2 3 1 4.69 %1078 10 0.16
Se;* 2 3 1 4.69 x 108 10 0.28

defects. Therefore, we simulate each defect type separately in a cell containing only one instance
of the defect of interest. For VE&, we included Vg — Cdcg hops with Vg — Sete interactions as
previously calculated by our group up to 2NN distance. For V+ez, we included both V1. — Tet, and
V1e — Sete hops with Set. — Sete interactions up to 1NN. To model Cdi+2, we added additional
lattice sites corresponding to the T, and T, sites. Allowed hops included both T,-T. and T.-T,

hops, with no interactions added. Modeling of the Te;r

O/Scf:;“O split interstitials was significantly
more complicated. The split interstitials have 2 atoms and 6 possible orientations, for a total of 12
unique sites needed to be added to every original Te/Se site. Furthermore, we defined a rotation
process that changes the orientation of the interstitial, which from NEB has a transition energy of
0.5 eV. Set. — Sete interactions were included for split interstitials.

In addition to KLMC, we created simple analytic models using Eq. 1.1, with parameters as
shown in Table 6.2. The results from KLMC and the analytic models are plotted in Figure 6.3. It
can be seen that the KLMC and analytic models agree very well for Vag , V2, VgLez, and Cdi+2, but
are less suitable for Te;r 0 and Sei+0. In VE& diffusion, the diffusivity is virtually identical in both
CdTe and CdSe, but lower for the alloyed material. This can be explained by the Vg — Sere inter-

actions. In both pure CdTe and CdSe, the interactions have no effect as the local Se neighborhood

to the vacancy does not change with the location of the vacancy. In the alloy however, certain posi-
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Figure 6.3: Results of KLMC simulations and analytic models for the diffusivity of various defects in CdTe, CdSeTe
with a 0.25 Se/(Se+Te) ratio, and CdSe. (a) Vcg. (b) Vresse. (¢) Cdi. (d) Te/Se;.

tions are more favorable given the local Se neighborhood, which effectively “locks in” the vacancy
and discourages rapid diffusion. For Vs, diffusion, the vacancy diffusivity gradually increases
moving from pure CdTe to pure CdSe, a result of the lower barrier of Vgrez compared to V%ez. The
Cdi+ 2 simulation is quite simple with no interactions, thus the analytic model predicts the KLMC
results nearly perfectly. Lastly with TefO/Se;rO diffusion, there is a general trend of decreasing
diffusivity with increasing Se content, explained by the higher barrier of Sef“o migration compared
to that of Te;r O The split interstitial diffusion is more difficult to model, as there exists both a rapid
[110] diffusion mechanism and a slower rotation mechanism. The rotation is not simply the rate-
limiting mechanism, as the interstitials can diffuse a large distance between rotations. However,

this diffusion is only 1-dimensional, and so cannot describe the overall diffusion behavior in all 3
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dimensions. This unusual combination possibly leads to the non-Arrhenius behavior observed in
Figure 6.3.

The results in Figure 6.3 cannot be directly compared to Figure 6.1, as Figure 6.3 gives only the
diffusivity of a defect, while Figure 6.1 gives the diffusivity of the entire species, which is the sum
of the products of the defect diffusivity and the defect concentration for each diffusion-mediating
defect. However, because the defect concentrations are expected to be low in CdSeTe, the species
diffusivities will be several orders of magnitude lower than the constituent defect diffusivities.
This is generally in agreement with our results, which are several orders of magnitude greater than
the experimental species diffusivities. More work is needed to develop a complete model of the

species diffusivities in CdSeTe.
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Chapter 7

Cd(Se,Te): As and P Doping

7.1 Introduction

Undoped CdTe films can only be made weakly p-type!'®!. Cu doping is often used to improve
p-type conductivity, but it may also cause device instability and degradation owing to the high
diffusivity of Cul'®l. Group V pnictides such as N, P, As, and Sb, when they are substitutional on Te
sites, are being considered as effective acceptors!!]. As{e1 and P{el form symmetric tetrahedrally
coordinated acceptors (Fig. 7.1a), but they can be compensated by the formation of As}re1 and
P}rel donors, which relax into an AX center configuration. (Hereafter when we specify As, unless
otherwise indicated the methodology applies also for P.) When an AX center is formed, the As
atom and a neighboring Te atom will move toward each other, forming an As-Te bond while
simultaneously breaking one Cd-bond each (Fig. 7.1b). The formation of these AX centers will
pin the Fermi level under equilibrium growth conditions, setting a limit on doping!'®!. We have
developed models for the formation energy of these two competing acceptor and donor defects

for alloy CdSeTe systems. We then have used KLMC simulations to predict the net doping of
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Figure 7.1: Visualization of the different possible substitutional Ast. configurations. (a) depicts the As{e1 tetrahedral
structure. (b) depicts the Asflfe1 AX center structure. The dashed lines indicate bonds that break as the Te and As atoms
move together to form the AX center.

CdSeTe from the presence of Aste under variations in temperature, Se content, and Fermi level, by

simulating the relative concentrations of Ast. acceptor and donor defects.

7.2 Methods

To study the net doping effectiveness of As and P in CdSeTe alloys, we employed KLMC simula-
tions. These simulations allowed for 1NN (on the Te sublattice) exchanges of Se with Te. Because

we are primarily interested in the equilibrium configurations and not the actual kinetics of the
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system, we chose to use these unphysical Se-Te exchanges with an arbitrary rate constant to effec-
tively create a Metropolis Monte Carlo simulation. We implemented this in a KLMC framework
rather than a Metropolis one to build on previous KLMC simulations, and to allow the possibility
of easily incorporating proper kinetics in future simulations. This choice is not expected to influ-
ence the results. A simulation consisted of 216 lattice points representing the CdTe lattice. An As
atom was fixed in the center of the cell on a Te site, and remained there throughout the simulation.
Se atoms were populated on Te sites, corresponding to the desired ks /(kse 4 kte) (SST) ratio.

At each step, the energetics of the configuration were calculated before and after a Se-Te ex-
change. A custom rate calculator was implemented to calculate both the energy from the Aste
interacting with Se and Se-Se interactions. Previous work conducted by this group has revealed
that the formation energies E/[Asy'] and E/[As$] have little dependence on local alloy arrange-
ment, but moderate dependence on the overall SST ratio. Meanwhile, it was found that Ef [As}“el]
has little dependence on the overall SST ratio, but a strong dependence on the local alloy arrange-
ment. This suggests that Se must be carefully controlled in CdSeTe to reduce the possibility of AX
structure formation. Note that we do not include the formation of compensating defect complexes,
which may have a large impact on dopant activation. These will be addressed in a forthcoming
work.

Our previous work identified 14 unique Te-site locations relative to the oriented AX dimer that
are the main contributors to the variance in E/ [As}rel]. For each site, the presence of Se on that
site results in an energy change relative to the presence of Te, and the energy changes associated
with each site are tabulated in Table 7.1. The locations of these sites are defined using a vector
coordinate system such that Ast. is located at (0, 0, 0), the associated Te that distorts toward the

AsTe in the AX structure is located at (1, 0, 0), and the Cd that neighbors both the Ast. and the
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Table 7.1: Vectors given in new coordinate system (see Fig. 7.2) for locations of significant sites relative to an oriented
As or P AX dimer, along with the energy change AE associated with the presence of Se on the site, in units of eV.

Vector:  (0.5,0.5,-1) (0.5,-0.5,-1) (0.5,0.5,1) (0.5,-0.5,1) (-0.5,0.5,-1)

AE (As): -0.100 -0.100 -0.030 -0.030 0.045
AE (P): -0.110 -0.110 -0.024 -0.024 0.054
Vector:  (-0.5,-0.5, -1) 0, 1,2) ©,-1,2) O, 1,-2) O, -1,-2)

AE (As): 0.045 -0.015 -0.015 -0.015 -0.015
AE (P): 0.054 -0.017 -0.017 -0.017 -0.017
Vector: (15,05,1) (1.5,-05,1) (-1,0,2) (-1,0,-2)

AE (As): -0.020 -0.020 0.023 0.023
AE (P): -0.023 -0.023 0.009 0.009

distorted Te is at (0.5, 0, 0.5), as shown in Fig. 7.2. Thus for an AX dimer in a given orientation,
the 14 significant sites can be located using this coordinate system. In our KLMC simulations, at
each step, for each of the (up to) 12 possible AX dimers, we wanted the simulation to check each of
the 14 significant sites for the presence of an Se. Because the AX structure does not form between
AsTe and Sere, the presence of Se on sites neighboring Aste reduces the number of possible AX
structures that can form. Given the locations of the Aste, the distorted Te, and the Cd neighboring
both (in the coordinates of the KLMC unit cell), the significant sites can be found by rotating the

vectors in Table 7.1 by the rotation matrix given by:

- - —1

1 05 O
R:{al a, 33} 0 0 -1 (7.1)
0 05 O

where a; and ap are the column vectors of the Te that is distorted toward the As and the Cd
neighboring both As and the distorted Te, respectively, in the coordinates of the KLMC unit cell.

The second matrix is identical for any AX dimer orientation, and the columns correspond to the
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Figure 7.2: New coordinate system for defining atom locations relative to an oriented AX dimer. The coordinates are
defined by As (0, 0, 0), the distorted Te (1, 0, 0), and the Cd bonded to both (0.5, 0, 0.5). Additional sites for a Se at
(0.5,0.5, 1) and a Te at (0, 0, 2) are also depicted. Black arrows show the As and Te deformation when the AX center
forms.

same Te and Cd defined by a; and ap, but in the coordinate system given in Fig. 7.2. To have
an invertible matrix, a third column vector was created for each matrix from the cross product of

% (the third column of the second matrix was

the first two column vectors: az = (aj x az) -
derived in a like manner). For each significant site occupied by a Se, the associated energy from
Table 7.1 is added to the baseline E/[As}!] in pure CdTe.

We calculated the barrier for transformation between the AX center and the symmetric tetra-
hedral structure and found that in both the -1 and +0 charge states, Ast. spontaneously relaxes
from the AX structure to the symmetric structure. Meanwhile, in the +1 state the AX structure

has a lower energy, and the transition barrier between AX and symmetric structures was found to

generally be between 0.2 and 0.7 eV for different SST ratios. Therefore, even at room temperature
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it is reasonable to assume that As}“e1 will equilibrate to the AX structure.

For a fixed As location, the AX dimer can exist between the As and any neighboring Te, with up
to 12 dimers possible. In our simulations, for each step we calculate the formation energy of each
possible dimer orientation, and find an effective formation energy that treats the overall structure

as a superposition of the individual orientations, with energy given by:

Ef[Ast!] = —kBTane Ef (Asi)/ksT (7.2)
E/[Asf]] =191 +EF+ZAE (7.3)

J
E/[Pl]=2.06+EF + Y AE; (7.4)

J
where E/ [AS}LC]] is the effective overall formation energy for the AX structure in the simulation,
Ef [AsTl] is the individual formation energy of each possible AX center orientation (likewise
Elf [P}'el] applies for P doping), AE; is the change in formation energy resulting from the pres-
ence of Se on a significant site (as given in Table 7.1), and EF is the Fermi level. In effect, this
is finding an effective energy that produces the same concentration of defects as the sum of the
concentrations of the individual orientations possible. Because the formation energies of the sym-

metric structures are not dependent on the local alloy configuration, they can be found simply

from:
E’[Asy)] =2.06+ (0.24 % SST) — Ef (7.5)
E'[Py)] =2.04+ (0.17%SST) — Ep (7.6)
E7[Asf?] = 1.94— (0.40 % SST?) + (0.06 % SST) (7.7)
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E7[P49] = 1.93 — (0.80 % SST?) + (0.68 + SST) (7.8)

The overall formation energy of an Ast. defect can be found by solving for an effective formation
energy that produces the same concentration as the sum of the individual concentrations of [Asfel],

AS{Y), and [As):

Ef[ASTe] = —kgTn (e—Ef[ASfelD/kBT + e—Ef[AS%FeO])/kBT + Z <e_Eif[AS:lte1VkBT>> ‘ (7.9)

i
We defined the net doping effectiveness of a given state of the simulation as:

[Asy']— [Asf)]
[As]+ [AsE] + [Asf]]

Net doping effectiveness = (7.10)

Each step in the simulation can be viewed as a potential local arrangement that might exist around
an As dopant in a real system. If this local arrangement occurs many times simultaneously in a real
system, the net doping effectiveness of the arrangement is the average doping the As atoms with
this local Se neighborhood will contribute, based on the relative concentrations of the acceptor,
donor, and neutral charge states. Our convention defines a net doping effectiveness of 1 as maximal
p-type acceptor (desired) doping, and -1 as maximal n-type donor (undesirable) doping. A value of
0 indicates that the different charge states cancel each other out, so there is no overall contribution
to net doping. The average value of the net doping effectiveness over all the structures that occur in
the simulation can be then seen as the overall effectiveness of As as a p-type dopant in the system.

At each step in the simulation, we record the net doping effectiveness and the overall forma-
tion energy E/[Ast.]. Additionally, we include Se-Se interactions, having determined a repulsive

0.0123 eV 1NN Se-Se interaction exists. The difference between E/[Ast.] before and after a Se-
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Te swap and the difference between the sum of Se-Se interactions before and after the swap are
combined and used to modify the rate constant. As mentioned previously, while the absolute rate
constant is not physically meaningful, the relative change in energetics reflected here is important

for moving the simulation towards an equilibrium alloy configuration.

7.3 Results and Discussion

7.3.1 Maximum dopability and net doping effectiveness

Simulations were run for 25,000 steps, for varying temperatures, Fermi levels, and Se content,
for both As and P dopants. After an initial equilibration period, the net doping effectiveness was
averaged over all steps for every run. Initially, for each temperature and SST ratio of interest,
several different Fermi levels were run, and the results used to narrow in on the “break-even”
Fermi level, meaning the Fermi level (for a given temperature and SST ratio) that sets the net
doping effectiveness to 0. At the break-even Fermi level, any additional As added to the material
will have no further impact on the equilibrium doping level, as all As{e1 defects will be equally
compensated by Aslfe1 defects. The break-even Fermi levels are plotted in Fig. 7.3. The simulations
were then run again using Fermi levels ranging from -1, -0.5, 0, +0.5, and +1 k;, T above and below
the respective break-even Fermi levels, to study the behavior of the system as it approaches the
break-even Fermi level. A positive value of net doping effectiveness indicates that additional As
added to the material will contribute to overall p-type doping, while a negative value indicates
additional As will contribute to overall n-type doping. When the net doping effectiveness tends
to 1, this indicates that all additional As dopants will behave as acceptors. Fig. 7.4 plots the net

doping effectiveness for different conditions for As dopants, and Fig. 7.5 for P dopants.
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Figure 7.3: Temperature dependence of the break-even Fermi level (where [Asfe1

presents results for As dopants and (b) for P dopants.

]:[As}rel]), for several SST ratios. (a)

In Figs. 7.4 and 7.5 for a given curve, the break-even Fermi level is the Fermi level where the
net doping effectiveness is equal to 0. Starting with material possessing a Fermi level above the
break-even Fermi level, additional As dopants added to the system will push the Fermi level down
until reaching the break-even Fermi level. At the break-even Fermi level, additional As will self-
compensate and leave the Fermi level unchanged. Likewise, starting with material possessing a
Fermi level below the break-even Fermi level, additional As will raise the Fermi level to the break-
even Fermi level, but not beyond. Thus, addition of As to CdSeTe will always tend to push the
material to the break-even Fermi level, which represents the maximum p-type doping achievable
with As in the absence of other doping species.

Figs. 7.3, 7.4, and 7.5 show that the break-even Fermi level consistently increases as the Se con-
tent increases, suggesting that As is an effective acceptor dopant in CdTe, but is significantly less
effective as Se alloying increases. Egs. 7.5 and 7.6 show that E/ [As{el] increases with increasing

Se content, while E/ [As}re]] is not directly dependent on overall Se content. However, increasing
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Figure 7.4: Net doping effectiveness of As substitutional defects in CdSeTe at varying Fermi levels, SST ratios, and
temperatures. (a) is at 1000K, (b) is at 800K, (c) is at 600K, (d) is at 400K.

Se content increases the probability of occupation of a significant site by Se, which more often

(see Table 7.1) tends to reduce E/[Ast!]. Because higher Se content decreases E/[Asf!] and

increases E/ [As{el], As%e1 will be increasingly favored over Asfel, leading the break-even Fermi

level to increase, as observed in our models. Note that in pure CdTe, the Ast. can always form 12

AX dimers with neighboring Te atoms, but as Se content is increased, the number of available Te

neighbors decreases, which causes As%e

1

formation to become less favorable, opposing the overall

trend. While this effect was observed to shift higher-Se-content curves in Figs. 7.4 and 7.5 to lower

Fermi levels, it is not enough to overcome the opposing factors previously described.
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Figure 7.5: Net doping effectiveness of P substitutional defects in CdSeTe at varying Fermi levels, SST ratios, and
temperatures. (a) is at 1000K, (b) is at 800K, (c) is at 600K, (d) is at 400K.

There also is observed a trend of increasing break-even Fermi level with increasing tem-

perature. This trend is the most pronounced in pure CdTe (see Fig. 7.3), which is the sim-

plest to consider as the local arrangement of Se is irrelevant. In CdTe, because all 12 potential

AX center orientations are available and have identical formation energies, Eq. 7.2 reduces to

Ef[As}!] = 1.91 + Er — kgTIn(12). The third term here represents the configurational entropy

due to the multiplicity of orientations possible for the AX center. As temperature increases, the

break-even Fermi level must increase to balance E/[As}!] with E/[Asy!], which is independent

of temperature. This trend also applies to the alloy, although developing a simple expression for
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the configurational entropy becomes complicated by the presence of Se, which often reduces the
number of AX structures that can form and changes their individual formation energies.

In contrast to the general trend of increasing break-even Fermi level with increasing tempera-
ture, at lower temperatures there is a relative boost to the break-even Fermi level seen in Fig. 7.3
when Se content is increased, beyond a simple translation of the linear O SST curve upwards. We
have identified at least two independent causes for the low-temperature boost in the alloy. First, at
high temperatures for the alloy systems, the Se configuration will approach a random arrangement,
while at low temperatures the Se configuration will increasingly be driven to the lowest-energy
arrangement. This is done in part by arranging the Se atoms to minimize E/[Aste]. As E/[Asy]
is independent of Se arrangement and temperature in our simulations, this minimization has the
effect of just minimizing E/[As}!], and consequently increasing the ratio of Asf! relative to Asy,
as the temperature is lowered, increasing the break-even Fermi level. It is not trivial to predict if
occupying a site with Se is favorable, as a site which is favorable to one AX configuration may be
unfavorable to other AX configurations. Thus the simulation will find a balance between all these
competing factors, and this illustrates the necessity of using Monte Carlo models to capture the
complex behavior occurring.

The second cause for the low-temperature boost in the alloy arises from the presence of the
As}“eO charge state. Consider that the break-even Fermi level is defined as the Fermi level that sets
the average net doping effectiveness of a simulation to zero. The average net doping effectiveness
is calculated from the individual net doping effectiveness (Eq. 7.10) at each step. For the average to
equal zero, some steps will have positive values of the net doping effectiveness, and some will have
negative values. First consider Eq. 7.10 when As}? is excluded from the simulation. [Asg'] will

remain constant for every step as its value depends only on global parameters. Thus, whether the
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individual net doping effectiveness of a given step is positive or negative will depend on whether
E/[As}]] is less than or greater than the constant value of E/[Asy!]. Adding in As? will have the
effect of scaling down the individual net doping effectiveness of a step without changing the sign.
Because the values of [Asy!] and [As"] are constant throughout a single simulation, the magnitude
of the scaling caused by the addition of AS}LGO to Eq. 7.10 will only depend on the magnitude of
[As.!] for a given step. First let us consider the situation where [As;] << [Asg!]. Since this holds
true throughout the duration of the simulation, whether As}“eO is included or not will have minimal
impact on the individual net doping effectiveness values and consequently will not impact the
average net doping effectiveness value. But when [AS}LGO] >> [As{el] , if the net doping effectiveness
of a certain step is positive, it indicates that [As}] < [Asg'] and by extension [As}!] << [Ast?),
in which case including 0 will significantly scale down the net doping effectiveness. But if the
net doping effectiveness of a certain step is negative, it indicates that [AS}LGI] > [Asfel], in which
case it may even be true that [Ast!'] >> [Ast?], and addition of As$? will not impact the net
doping effectiveness. Taken together, this shows that positive values will be scaled down more
than negative value upon inclusion of the 40 charge state, which will have the aggregate effect
of reducing the average net doping effectiveness. To compensate, the break-even Fermi level
will increase. At lower temperatures, small differences between the formation energies of the
different charge states will lead to the differences between the relative concentrations to become
more pronounced, enhancing the scaling effect and explaining why we observe a larger boost to the
break-even Fermi level at lower temperatures. This result may seem counterintuitive, as Eq. 7.10
appears to imply that the break-even Fermi level should only depend on when [As}“el] = [Asfel],
regardless of the value of [As}reo]. But the effect occurs because each individual value of the net

doping effectiveness is generally not equal to O even when the average is equal to 0, so the presence
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of As%’eo does in fact alter the average net doping effectiveness. Additionally, this effect will only
occur when [As}“el] can vary from step to step, which is only possible when Se is present, explaining
why the boost is not observed for pure CdTe.

We find that both the first cause (related to Se ordering) and the second cause (related to the
presence of the As%e0 charge state) are responsible for the boost effect seen in the break-even Fermi
levels. In particular, the two causes appear to be inversely related: when E/ [As}reo] is higher, the
effect is primarily due to the first cause, while when E/ [As}“eo] is lower, the effect is primarily
due to the second cause. This occurs because for the simulation to favor Se moving from one
location to another, the formation energy given by Eq. 7.9 must be lowered by swapping the
locations of a Te and a Se. Because only E/ [As}“el] depends on the local alloy arrangement, the
summation term in Eq. 7.9 pertaining to E/ [As}rel] must change significantly enough to alter the
overall E/[Ast.] noticeably. However, if E/[As"] is low enough (which it sometimes is in our
simulations), its exponential term in Eq. 7.9 will overwhelm any changes to E/ [As}rel]. This
effectively removes the driving force for arranging Se into a lower-energy configuration. (Note
that while E/ [As{el] also does not depend on the local alloy arrangement, at the break-even Fermi
level [Asy'] = [Ast!]. Therefore, a lower value of E/[Asy!] will alter the break-even Fermi level,
but it will not remove the driving force mentioned above as [As}Le]] is always significant relative to
[Asy)] near the break-even Fermi level). Thus, a lower value of E/[As$?] both suppresses the first
cause while contributing to the second cause, and vice versa when E/ [As%eo] is higher. In most
cases, we find a mixture of both causes at play in our simulations. The combined effect tends to be
the same magnitude regardless of which cause is dominant, and so the break-even Fermi levels are
constant even when E/[As}?] varies.

Another interesting trend can be seen in Figs. 7.4 and 7.5, where the curves become flattened at
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lower temperatures and lower SST ratios, especially for P doping in pure CdTe. By this we mean
that although all curves range from +k;T around their respective break-even Fermi levels, the
net doping effectiveness may range from up to 0.9 to less than +0.25 net doping effectiveness.
This is caused by the presence of As%eo. When As%eO is not included, all curves range from about
+0.9 net doping effectiveness. When [As£?] is much greater than [Asg] and [As}!], as previously
explained its presence scales down the net doping effectiveness. This is particularly pronounced at
lower temperatures, where small differences between E/ [As "] compared to E/[As] or E/[Ast)]
lead to much larger differences in concentrations. Additionally, as the break-even Fermi level
increases (either when moving from low to high temperature or from low to high SST ratios) the
break-even value of E/[Asy!] = E/[As})] tends to decrease. Since E/[As{] is independent of
the Fermi level, this trend reduces the scaling effect caused by AS}LCO by reducing the difference
between [Asy!] and [Asf!] compared to [As{?]. Note that in our simulations this only occurs
when E/[As1?] is less than E/[Asy] = E/[As})] (at the break-even Fermi level); when it is much
higher [As£?] is too low to affect the results.

In general, the behavior of P as a dopant is qualitatively very similar to that of As, and so our
discussion of As doping applies to P doping as well. The primary difference between As and P
doping is that the break-even Fermi levels are shifted noticeably downward with P compared to
As (see Figure 7.3). Likewise, the net doping effectiveness curves for P are shifted to lower Fermi
levels compared to As. This is significant, as it implies that P is likely to have higher activation
than As in CdSeTe systems, in situations where activation is limited by AX formation. The main
driver of this difference is the higher baseline formation energy of P%el compared to As}“el (2.06
in Eq. 7.4 compared to 1.91 in Eq. 7.3). This makes AX formation less favorable for P dopants

relative to As dopants, allowing the Fermi level to be pushed lower before AX self-compensation
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becomes significant.

The next largest difference between As and P dopants is the formation energy of P?eo compared
to As?eo, which ranges from a difference of 0.01 to 0.17 eV for Se alloy ratios ranging from 0 to
0.375, with the formation energy of P}“eo being consistently larger than that of As%eo. This leads to a
lower concentration of P}reo relative to its As}reO counterpart. This could result in less flattening (as
described previously) of the net doping effectiveness curves for Pt.. However, it is also true that
the values of E/[Py!] = E/[P£!] at the break-even Fermi level are also consistently larger than the
values of E/[Asy] = E/[Asj] at the break-even Fermi level for the same temperature and SST
ratio. In pure CdTe, where E/[As$] and E/[P1?] are nearly equal to each other, the much larger
values of E/[Py!] = E/[P{]] at the break-even Fermi level compared to those of As mean that in
pure CdTe, P1” is more significant relative to P! and P, compared to the significance of Asf?
relative to As}“e1 and Asfel. This explains the much greater flattening of P in pure CdTe compared
to that of As. But for CdSeTe, the increase in E/[P1?] compared to E/[As}] is greater than the
increase of E/[Py!] = E/[PL!] at the break-even Fermi level compared to E/[Asy] = Ef[As{]]
at the break-even Fermi level. As a result, in CdSeTe, the net doping effectiveness curves for P are

less flat than those for As.

7.3.2 Relation between dopant concentration and Fermi level

Using these results, we then calculated the Ast. concentration necessary to achieve a desired Fermi

level. Overall charge neutrality requires that

Nf+p=Ny+n (7.11)
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where N, g and N, are the concentration of ionized donors and acceptors respectively. Rearranging

Eq. 7.11 gives

p—nzNX—Nﬁ

which with As as the only dopant, this can be rewritten as

~1 1
p—n=[Asy] —[Asg, ]

Dividing by the net doping effectiveness (Eq. 7.10) gives

p—n
Net doping effectiveness

[ASTC] =

For a known Fermi level Er (relative to the valence band), n and p are given by

3
Ec—E 2amikT \ 2
n:NCexp<— GkT F),Ng:Z( Mite )

3
Er 2nmpkT \ 2
=N —— |, Ny =2

(7.12)

(7.13)

(7.14)

(7.15)

(7.16)

where Eg is the band gap, N¢ and Ny are the effective densities of states in the conduction and

valence bands respectively, and m; and m; are the effective masses of the electron and hole respec-

tively. As a function of temperature 7" and SST ratio, Eg can be approximated by

0.000597

1.79(SST) + 1.49(1 — SST) — 0.9(SST)(1 — SST) — ————— +0.116.

T +160

100

(7.17)



Note that the first three terms that depend on SST ratio were calculated by our group previously
for CdSeTe at 300K, while the remaining two terms that incorporate temperature dependence were
calculated by Ref. [90] for pure CdTe only. Because we could not identify any work that incor-
porates both temperature dependence and SST ratio dependence, we find this approximation to be
reasonable.

For a given Fermi level, the net doping effectiveness is known from the simulations (see Figs.

7.4 and 7.5). With Er, T, and SST specified, we can calculate n and p, and find [Ast.]. The
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Figure 7.6: Fermi level as a function of Ast. concentration in CdSeTe, for varying SST ratios and temperatures. (a) is
at 1000K, (b) is at 800K, (c) is at 600K, (d) is at 400K.

results are plotted in Figures 7.6 and 7.7. The same trends as before are apparent, with both
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increasing Se content and increasing temperature reducing the maximum achievable p-type doping.
Additionally, it is clear that in the absence of complex formation, at high dopant concentrations a
lower Fermi level can be achieved using P dopants than As dopants. At the limits of experimentally

achievable doping in the low 107 cm™

more pI'OIlOl.ll’lCCd.
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7.3.3 Effects of quenching on doping

Because of the possibility that the Se arrangement is less favorable to the detrimental As}“e1 struc-
tures at high temperatures than at low temperatures, we decided to test the effects of a rapid
quench from high temperature to low temperature. Such a quench should freeze in the desired
high-temperature arrangement of Se and reduce the formation of As%el, lowering the Fermi level
at operating temperatures. In order to simulate such a quench, we assume that it can be modeled
using a sampling of the Se configurations from a high temperature run, but calculating the net
doping effectiveness at a low temperature. Throughout the quench, the concentration of Ast. must
remain constant in the system. However, this variable is not directly controlled in our simulations,
but rather the Fermi level is. Because the Fermi level varies as the temperature is lowered, we
must calculate the self-consistent Fermi level at the low temperature that produces the same Aste
concentration as at the high temperature.

To do this, we first ran an ordinary simulation at 1000K for 25,000 steps, and each step output
the change in formation energy due to the local Se configuration (AE; in Egs. 7.3 and 7.4) for each
of the 12 possible AX orientations. With this data saved outside the simulation, we applied Egs.
7.2 through 7.17 to calculate the concentration of Ast. for the temperature, SST ratio, and Fermi
level used in the simulation. We then changed the temperature to 300K and recalculated the Aste
concentration, using the data for the Se arrangement from the high temperature run. Finally, we
varied the Fermi level in our calculations to find the value that fixes the Ast. concentration to the
concentration calculated at 1000K. This value is then the Fermi level at 300K after quenching the
system from 1000K, keeping the Ast. concentration fixed.

The results of these calculations are depicted in Figure 7.8. Only the high Ast. concentration

range is depicted, as we found that for lower concentrations the equilibrated and quenched simula-
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Figure 7.8: Fermi level as a function of Ast. concentration in CdSeTe, for varying SST ratios. Solid lines depict
simulations that were allowed to equilibrate at 300K, while dashed lines depict simulations that were quenched from
1000K to 300K. (a) presents results for As dopants and (b) for P dopants.

tions produce identical results. This occurs because at lower Ast. concentrations, the Fermi level
is high enough that As{e] overwhelmingly dominates. Because As{e] only depends on the global
SST ratio and not the local Se arrangement, the quench has no effect as it only serves to alter the
local Se arrangement. In the high Ast. concentration regime, quenching reduces the break-even
Fermi level as expected, although the reduction is fairly modest. Because quenching freezes in
a structure less favorable to detrimental As%e1 formation, p-type doping becomes easier and the
break-even Fermi level is lowered. Despite this improvement, quenching is still not sufficient to
overcome the increase in break-even Fermi level caused by addition of Se. Thus, our results sug-
gest p-type doping will be harder to achieve in higher Se-content material, even with quenching.
Table 7.2 records the average fraction of Te sites neighboring the Ast. defect that are occupied
by an Se throughout the simulation, for both the 1000K the 300K equilibrated structures. As

expected, the fractions for structures at 1000K are very similar to the overall SST ratios, indicating
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Table 7.2: Fraction of Te sites neighboring the Ast. occupied by Se, at different SST ratios, for both the structure
quenched from 1000K and the structure allowed to equilibrate at 300K.

SST Quenched from 1000K Equilibrated at 300K
0.125 0.133 0.176
0.25 0.271 0.311
0.375 0.405 0.412

a nearly random Se distribution. Once the structure equilibrates at the lower 300K temperature
however, the fraction occupied by Se increases noticeably, demonstrating that the system is driving
the Se arrangement to a low energy minimum. The increases are still relatively small overall, which
fits with the results in Figure 7.8 that also show a noticeable, but still relatively small, change in
Fermi level upon quenching. The results for P doping are qualitatively very similar to those for As
doping as shown in Table 7.2.

We found that if E/ [As}reo] decreases even slightly from our current calculated values, it can
significantly reduce and even eliminate the effects of quenching. As previously described, high
values of [As}reo] can suppress the formation of Se arrangements favorable to AX structure forma-
tion, and consequently a quench will have no additional effect on the system. For example, while
we treat As}re0 as a delocalized charge (such that there is a net local charge on the nuclei not com-
pensated for by the delocalized electrons/holes), we found that if we instead treat it as a localized
charge, E/ [As}reo] decreases by about 0.1 eV. This change is enough to completely eliminate the
effects of quenching, and we confirmed that when using the lower values for E/ [As}reo], the fraction
of Te sites neighboring the Ast. occupied by Se at 300K becomes identical to the values at 1000K.
This demonstrates that the increased concentration of As%eO moves the system towards a nearly
random Se configuration. Likewise, if As}reo is removed completely from the simulation (such as
when setting E/ [AS}LCO] to an arbitrarily large value), the fraction of Te sites neighboring the Aste

occupied by Se (at 300K) increases from the current values shown in Table 7.2. This suggests
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that the presence of As}“eo does currently somewhat reduce the effect of the quench by suppressing
the number of Se neighboring the Ast.. These results illustrate how sensitive the behavior of the

system is to the input parameters, and the importance of obtaining robust DFT values.

7.3.4 Comparison with previous literature

Previous computational studies have attempted to calculate the break-even Fermi level, although
only in CdTe. The values obtained for As doping range from finding no energy level within the
gap where As?e1 is stable®11921 .12 eVI?3! 0.21 eVPP4 0.36 eVI®, and 0.40 eV, Likewise
for P doping, the values range from finding no energy level within the gap!®'1°%1, 0.16 eVI°4l, 0.31
eV and 0.32 eVI®l. In general, these results reflect a somewhat lower break-even Fermi level
for P compared to As, consistent with our findings. However, none of these studies considered
the configurational entropy due to the existence of 12 possible As}re1 distortions for any one Aste,
but instead only reported the +/— charge transition level as the break-even Fermi level. If we
exclude configurational entropy, our calculations produce a +/— charge transition level of 0.08
eV for As in CdTe (and no value is stable within the gap for P), which is on the lower end of the
previously reported results. The inclusion of configurational entropy can significantly increase the
actual break-even Fermi level, up to an increase of 0.11 eV at 1000K (including configurational
entropy always increases the break-even Fermi level for CdTe systems by In(12)/2 = 1.24kgT, so
it will always be significant).

Although we had difficulty identifying detailed experimental literature for the alloy system,
there are several papers that look at As and P activation in pure CdTe, to which we can compare
our results. With As doping, the reported maximum attainable hole concentrations range from 1 x

10'7 cm 381 4 % 1010 cm 3191, 4 % 1016 cm 311001 2 5 1016 cm 31101, and 2 x 101 cm—31102),
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For P doping, it ranges from 2 x 10'7 em™3[81, 1.5 x 107 cm 31931 and 6 x 1015 em—3[*1. In
comparison, our simulations predict maximum hole concentrations at 300K in CdTe of 2.8 x
107 cm™3 for As doping and 7.8 x 10'® cm™3 for P doping. Our value for As is on the high
end but still reasonable compared to the experimental values. However, our value for P is signif-
icantly higher than any of the reported experimental values. Although our models predict that P
dopants should sustain higher hole concentrations than As dopants, the publications that reported
on both As and P doping in CdTe®®+*°1 did not seem to identify noticeable differences between
the maximum achievable doping with As compared to P. The presence of defect complexes (which
we did not include in our models) may be reducing the activation of As and especially of P in these
experimental systems, explaining why we generally find higher dopant activation than reported
experimentally.

Computational studies have also calculated the migration barrier for conversion between the
AX and symmetric tetrahedral structures, which we found to range from between 0.2 and 0.7 eV,
depending on the SST ratio. Ref. [93] reports a value of 0.49 eV for conversion of symmetric
AsTe into AX in CdTe, in line with our values. In contrast, Ref. [95] report that there is a “large
energy barrier” between the symmetric and AX configurations in CdTe, which they report for
the phosphorus P}Le] defect as being “less than 1 eV” (they find phosphorus and arsenic behave
very similarly to each other in CdTe). Using these findings, they argue that a rapid quench from
high temperature can freeze in a higher concentration of As{e1 than equilibrium allows, which is
contrary to our assumption that even at room temperature Ast. will quickly reach an equilibrium
distribution between As{e1 and As}“el. However, we find that assuming an attempt frequency of
10'3 Hz, even at room temperature and with a barrier as high as 1 eV, equilibration will occur in

about 2 hours. This suggests that non-equilibrium p-type doping with As is likely unstable, and

107



our assumptions of fast equilibration are generally valid. Ref. [95] acknowledge this as a problem
for the long-term stability of As as a p-type dopant. Both Refs. [95] and [94] find in computational
studies that rapid quenching should significantly increase the hole density in As- and P-doped
CdTe systems. However, because they both assumed that AX donor structures would not convert
to symmetric acceptor structures and vice versa at room temperature (which as discussed above
may not be the case), it is difficult to know whether these findings are valid. In contrast, Ref. [93]
does not find a dependence of doping efficiency on cooling rate in their simulations, in line with
our findings for CdTe.

There is some evidence from experiment that quenching does impact the hole concentration
in CdTe, however. Ref. [104] finds that the doping efficiency of As in CdTe varies from 2%
to 50% depending on the cooling rate. Ref. [96] reports that faster cooling gave an acceptor
concentration two orders of magnitude greater than that produced by slower cooling. Ref. [105]
observe a 5% activation of As dopants without quenching, compared to a 35%-80% activation of
As dopants with quenching. However, they find this high activation efficiency decays to nearly the
unquenched 5% value after only two weeks. If the AX centers are indeed the primary source of As
self-compensation, this decay suggests a fairly low barrier to AX-symmetric conversion, generally
in line with our findings.

While previous computational studies have investigated AX compensation in CdTe, this study
has primarily focused on compensation in CdSeTe alloys. A key finding from our results is that
increasing Se content should reduce the maximum obtainable hole concentration possible with As
or P doping. The computational work by Ref. [106] suggests that the hole concentration is lower in
CdSeTe compared to CdTe, which agrees with our findings. The results of experimental literature

are mixed: some!!?”! suggest this is indeed the case, while others/'%! find the opposite to be true.
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Because of the paucity of studies on the behavior of the As and P AX structures in alloyed CdSeTe,
this work represents an important contribution to the understanding of p-type doping limitations in

the alloy system.
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Chapter 8

ZnO: Surface Modeling

8.1 Introduction

Beyond our work on thin-film photovoltaics, we have also conducted some initial investigations
into ZnO in conjunction with the UW MEM-C MRSEC program. ZnO possesses a wide band gap
of 3.4 eV and a large exciton binding energy of 60 meV, making it a promising candidate material
for UV light-emitters in lasers, LEDs, and other light-emitting devices!!'%°l. It is also an emerging
platform for qubits!''%). In collaboration with our experimental partners, we are particularly inter-
ested in the annealing of ZnO nanorods in an oxygen atmosphere, and the subsequent effects on
defect states in the band gap. The ZnO nanorods of interest to us grow in a hexagonal wurtzite
structure, elongated along the [0001] direction, with the large majority of the surface area occur-
ring on the non-polar [1010] sidewall faces. These faces, shown in Figure 8.1, will be the most

likely adsorption sites for oxygen during annealing, so they will be the focus of our studies.
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Figure 8.1: (a) ZnO wurtzite structure. (b) ZnO sidewall facets. Image reproduced from Ref. [111].

8.2 Bulk ZnO

Before we can model ZnO surfaces, we must establish a strong baseline in bulk ZnO using DFT.
However, even for bulk ZnO there are several current challenges to the accurate modeling of the
material. Both LDA and GGA functionals produce significantly underestimated band gaps (0.7-1.0
eV) compared with the experimental value (3.4 eV{!12]). Semi-empirical DFT+U approaches have
been employed that can correct the band gap, but at the cost of reductions in the lattice constant of
up to 6%. Hybrid functionals can reproduce both the experimental band gap and lattice constants,
but at a high computational cost!!!?].

Table 8.1 summarizes the properties of bulk ZnO reported in experimental and computational
literature, along with the results of our work. As can be seen, our calculated band gap for GGA-
PBE alone is far too small when compared with experimental values. We attempted to reproduce

Ref. [114] using DFT+U, with Uz, 4 = 10 eV and Up, = 7 €V, but could not obtain the correct
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Table 8.1: Summary of experimental and computational ZnO lattice constants and band gap from literature, compared
with our work.

Experiment a (A) c(A) Band gap (eV)
Ref. [112] 3.25 521 3.3
Ref. [113] 3.24 5.19 3.4
GGA-PBE a(A) c(A) Band gap (eV)
This work 3.29 5.31 0.7
GGA-PBE+U Uzn,a Uo,p a(A) c(A) Band gap (eV)
Ref. [114] 10 7 3.05 491 3.4
This work 10 7 3.09 4.98 2.9
This work 10.75 10.5 3.05 491 3.4
This work 12.5 0 3.01 4.86 3.4
HSE o (A1) a (mix) a(A) c(A) Band gap (eV)
Ref. [115] 0.2 0.375 3.24 5.20 3.4
This work 0.2 0.375 3.25 5.21 3.4

band gap reported by them for these parameters. We found, however, that different combinations
of the U parameters were able to reproduce the band gap. A sample of some of these combinations
is shown in Table 8.1. The fact that very different combinations produced nearly identical results
raises concerns about the justification for using one set of parameters over another.

Because of these concerns with the DFT+U method (along with the error in the lattice con-
stants brought about by DFT+U), we turned to HSE hybrid functionals. Following Ref. [115], we
successfully reproduced the experimental lattice constants and band gap with HSE, using a mixing
parameter of @ = 0.375. The density of states (DOS) from our HSE calculations is shown in Figure
8.2. The peak of the Zn 3d states is around -6.2 eV, compared to the experimental value of -7.5
eVI13] Therefore, we conclude that the use of HSE is suitable for accurately modeling ZnO. To
reduce the computational burden, we conducted compute-intensive explorations with faster GGA-

PBE functionals, and final optimizations with HSE.
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Figure 8.2: Density of states (showing both up and down spin states) of ZnO, calculated using HSE hybrid functionals.
The vertical line indicates the Fermi level. The Zn 3d states are labeled.

8.3 [1010] ZnO Surfaces

With a bulk ZnO baseline established, we turned to modeling the [1010] non-polar surface. To
simulate such a surface in DFT, we first created a large supercell of bulk ZnO. Then we removed
all but 4 layers, as shown in Figure 8.3, so that there exists a large vacuum space extending 17
A above the surface. To minimize interaction of the top surface with the periodic image of the
bottom surface, pseudo-hydrogen atoms were added to the bottom surface to passivate the dangling
bonds. Pseudo-H atoms with fractional charge of % were added to Zn and pseudo-H atoms with
fractional charge of % were added to O. The top 2 surface layers were allowed to relax, while the
remaining layers were frozen in their bulk positions. To find surface reconstructions, we initially
used molecular dynamics (MD) to run simulated annealing, as described in Chapter 6.2. MD was
run in the canonical (NVT) ensemble, using the Nose-Hoover thermostat to control the system

temperature. The system was advanced with a 6 femtosecond time step for 1000 steps, starting at
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Figure 8.3: Side view of the bare unrelaxed ZnO [1010] surface. The layers that are frozen, the layers that are allowed
to relax, and the vacuum space are labeled. Zn is gray, O is red.

Table 8.2: Bond lengths (A) corresponding to the labeled bonds in Figure 8.4. The columns (a), (b), and (c) correspond
to the bare unreconstructed surface, the bare reconstructed surface, and the reconstructed surface with an adsorbed O
atom, as in Figure 8.4.

Bond Label (a) (b) (c)

1 1.98 1.85 2.05
2 1.97 1.91 2.01
3 1.97 1.98 1.91
4 1.91 1.89

600K and ending at 1K. MD was run using PBE-GGA functionals for speed, but with the frozen
layers fixed at their optimal bulk positions as determined by HSE calculations. At the end, the final
structures were relaxed using the full HSE functionals. In addition to studying the bare surface, we
also ran simulations with 1-2 additional O atoms added to the surface, and 1-2 O atoms removed
from the surface.

The results of a representative sample of these MD runs followed by HSE relaxations are shown
in Figure 8.4, with the corresponding bond lengths of the labeled atoms in Figure 8.4 given in

Table 8.2. When the bare surface relaxes, the top Zn atoms contract downwards, being pulled 0.26
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Figure 8.4: Surface reconstructions of the ZnO [1010] surface. (a) the bare unreconstructed surface. (b) the bare
reconstructed surface. (c) the reconstructed surface with an adsorbed O atom. The labels correspond to the bond
lengths given in Table 8.2

A closer to the bulk, as shown in Figure 8.4b. The surface Zn-O bonds (labeled 1b) contract from
1.98 A to 1.85 A, a contraction of 0.14 A. Ref. [116], in their computational study of the same
ZnO surface, report that the surface Zn atoms move downwards 0.22 A, with the surface Zn-O
bonds contracting 0.15 A, in agreement with our results. Likewise, Ref. [117] find that the surface
Zn atoms move downwards by 0.27 A, also closely matching our values. The other bonds in the
bare reconstructed surface contract slightly, but much less than the surface Zn-O bonds, which has
also been reported by Ref. [116]. When an O is added to the surface (Figure 8.4c), it relaxes to
a position halfway between two surface Zn atoms, with a bond distance (labeled 1c) of 2.05 A,
slightly larger than the bulk Zn-O bond distance. The adsorbed O displaces the O immediately
beneath it, shifting that bulk O downwards 0.14 A from its position in Figure 8.4b.

Figure 8.5 plots the DOS for the bare surface, surfaces with 1-2 O atoms added, and surfaces
with 1-2 O atoms removed, referenced to the valence band maximum (VBM). For (a) and (b) the

Fermi level is at about 1.4 eV relative to the VBM, while for (c), (d), and (e) the Fermi level is at
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Figure 8.5: Density of states of ZnO, for surfaces with (a) 2 O atoms removed, (b) 1 O atom removed, (c) the bare
[1010] surface, (d) 1 O atom added, and (e) 2 O atoms added. The vertical line indicates the valence band maximum
(VBM).

about 0.3 eV relative to the VBM. Consequently, as with the bulk ZnO in Figure 8.2, all valence
band states are filled, while all conduction band states are empty. For the surfaces with additional
O atoms, we observed that there are unfilled states introduced below the conduction band within
the band gap. Meanwhile, for the surfaces with O atoms removed, we observed that there are
filled states introduced above the valence band within the band gap. These states move the Fermi

level up about 1.1 eV. Ref. [117] also reports additional filled states above the valence band when
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removing an O atom from the same ZnO surface. Such states may function as a reservoir for less
energetic photons, helping to excite them to the conduction band!!!7!. Our results suggest that the
addition or subtraction of O from the [1010] surface of ZnO (corresponding to annealing in an O
atmosphere) will not introduce or remove any substantial surface charges, as for varying degrees
of O coverage the valence band states are always filled and the conduction band states are always
empty. However, heavily p- or n-doped material may have substantial surface charges, if the states
near the top of the band gap become filled, or the states near the bottom of the band gap become

emptied.
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Chapter 9

Conclusions, Reflections, and Future Work

In this work I have presented several KLMC models of different systems relevant to thin-film PV
technology. I have demonstrated a model for the diffusivity of In and Ga in CIGS, an important
contribution that will be useful in understanding and controlling In/Ga interdiffusion and Ga grad-
ing in CIGS. This model can be integrated into continuum simulations of CIGS, and it has been
shown to reproduce experimental diffusivity very closely. Additionally, I have built a model that
captures the interactions of In and Ga on the III-sublattice with vacancies and antisites on the Cu-
sublattice, which was used to predict both group-III and Cu-vacancy ordering, which in turn was
used to model the band gap fluctuations that arise in the Cu-deficient CIGS used in high perfor-
mance solar cells. I have built a model to simulate the passivation of Cuy, deep level traps by Incy
in CIS, a process that is critical to understanding and improving device performance. This model
predicts passivation timescales that are far longer than those obtained in experiment, potentially
suggesting other mechanisms are at play and should be investigated. I have developed simple
models for the diffusivity of intrinsic defects in CdSeTe, which can also be applied to continuum

simulations. I have shown how self-compensating AX structure formation for As and P dopants
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in CdSeTe limits p-type doping. I have found that in the absence of complex formation, P should
allow for better p-type doping than As, and that rapid quenching from high temperature during
processing may improve p-type doping. Additionally, by including Se interactions (which has not
previously, to my knowledge, been attempted by other groups) I have demonstrated that increasing
Se content will make p-type doping more difficult. I have reproduced the bulk properties of ZnO
with HSE hybrid functionals, and used them to model [1010] surfaces with varying levels of oxy-
gen coverage, finding that oxygen annealing is unlikely to introduce or remove surface charges in
undoped ZnO.

In addition to specific findings related to these materials, I believe that my work has contributed
to advancing KLMC methodology. In general, I have found there to be a limited number of pub-
lications that engage with the type of KLMC methods I utilize here for the types of compound
semiconductor alloys that I have looked at. In general, most publications involving Monte Carlo
methods in this area that I have identified use the Metropolis-Hastings class of algorithms, which
do not include kinetics and focus only on arriving at the equilibrium state of a material. Often
when these thin-film materials are processed in real life, rapid quenching occurs such that non-
equilibrium, kinetically limited structures become frozen in at room temperature. As a result,
incorporation of kinetics is necessary to properly reproduce and understand the formation of these
structures, and KLMC is needed. By demonstrating a KLMC approach to diffusion in CIGS that is
validated against experiment, this work may help future investigators in applying these techniques
to other systems of interest. In addition to models of diffusion, I have demonstrated creative ways
to utilize KLMC (or in some cases simply Metropolis-Hastings MC) to understand the behavior
of performance-limiting defects in the materials studied, such as the kinetics of the passivation

of detrimental trap states or the self-compensation of dopants. These approaches hopefully will
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demonstrate the versatility of the MC method to solve a wide variety of problems, and serve as
inspiration for others. I have also found there to be a limited amount of modeling work done in
the alloy regime of these thin-film systems, so by working in this regime (as opposed to simply
studying the extrema, e.g. CIS and CGS) I have advanced methods for dealing with these types of
alloys that can be translated over to any number of similar alloy systems.

It is hard to overstate how much I have learned over the course of this PhD. One key area that
I have grown in is understanding both the power and the limitations of computational modeling
methods. I have discovered that it can often be relatively straightforward to run a large number
of calculations and set up some initial model, but that it is much harder to actually ensure that the
model represents reality correctly. When I began my studies here, I initially treated tools such as
VASP as simply producing the “correct answer’ right off the bat, and only over time did I learn how
calculations such as in VASP need to be tweaked and carefully validated to confirm proper results.
Examples include the proper treatment of the errors that originate from the presence of charged
defects in periodic cells, or handling the often incorrect estimations of the band gap produced by
standard DFT methods. For both of these there exists a variety of proposed solutions with no
“one-size-fits-all” approach, and a good physical intuition of the system is needed. Often many
groups will publish results that disagree significantly on a single parameter, such as the formation
energies of the AX structures of As and P in CdTe, where a half dozen papers differed substantially
on this one point. Differences in the treatment of spin-orbit coupling or the localization of charge
were found to have large impacts, illustrating the difficulty of even a relatively “straightforward”
calculation.

I found hierarchical modeling to be especially difficult in this regards, as even slight errors in

the foundational levels of the model will propagate upwards and compound, increasing the risk that
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the higher-level model becomes decoupled from reality. Consider that for my model of In and Ga
diffusion in CIGS to be accurate, I needed to identify the correct diffusion-limiting defects, obtain
reliable estimates of defect concentrations, accurate defect binding energies, accurate defect migra-
tion barriers, accurate hopping attempt frequencies, and properly combine all these into a complex
KLMC model. Furthermore, experimental results may be significantly impacted by more complex
factors such as the presence of grain boundaries and extrinsic impurities such as Na, making ex-
perimental validation even more challenging. Failing to identify a critical rate-limiting process can
mean that even an accurate model may be irrelevant to explaining experimental observations.
Going forward, one way to address this problem could be by identifying ways to break up larger
projects into smaller parts, where each part independently provides valuable contributions. An
example might be the work I have done on In/Ga ordering in CIGS. Here, KLMC can produce the
structures to be fed into a model that predicts the impact that local variations in In/Ga concentration
have on the band gap and ultimately on device performance. However, a smaller standalone project
could involve initially testing a range of realistic structures (generated apart from KLMC) on the
model to understand how the magnitude of In/Ga clustering impacts device performance, which
is valuable in itself even if the KLMC models ultimately prove to be inaccurate. Additionally, I
think collaborations between computational and experimental groups (such as we see with the UW
MEM-C MRSEC) are extremely important to the success of computational modeling work. They
allow for a back-and-forth, where computational results can guide experiment, which in turn can
guide computation, and this process will hopefully ensure that the computational models remain
in touch with experimental reality. Lastly, [ am excited for how future developments in computing
power and artificial intelligence (AI) may increase the usefulness of computational models. Al has

the potential to accelerate workflows, automate the setup of runs, help with processing data, and
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more. Increases in computing power will simply allow for more brute force, such as larger and
longer simulations. In doing so, it may be possible to cut out various simplifying assumptions that

introduce error. All in all, it is an exciting time for the field of computational materials modeling.
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