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Conjugated polymers are semiconducting materials of high interest for use in organic
photovoltaics (OPV), organic light-emitting diodes (OLED), and organic field-effect transistors
(OFET) owing to their light weight, flexibility, and solution processability. However, their
electronic and physical property limitations have prevented their widespread use in devices
such as solar cells and transistors. This work seeks to understand the relationship between
tunable parameters, microstructure morphology, and device properties in conjugated polymers
to design better materials and bridge the performance gap with traditional semiconductors.
Specifically, characterization techniques including particle scattering and electronic property
measurements are used to understand the connection between molecular structure, thin film
morphology and electronic performance in thiophene and indacenodithiophene based

conjugated polymers.
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Chapter 1. Introduction and Motivation

1.1 Conjugated Polymers

Traditional semiconductors are integral to modern electronic devices. However, inorganic
(non-carbon-based) semiconductors such as silicon and gallium arsenide have several limitations
that make their use in specific applications difficult. One such application is healthcare devices
that can be attached directly to the skin or implanted in the body!. Wearable devices, which are of
high interest in the field of medicine, require that they be flexible, stretchable, and durable to
survive the stretching, pulling, and twisting of their environment. These properties are not
associated with typically brittle inorganic semiconductors, which are highly crystalline. Clever
engineering has been employed, which allows devices made of inorganic semiconductors to stretch
by constructing prestressed mechanical structures such as springs2. Unfortunately, the fabrication
of these structures is a slow, multistep process that greatly limits large-scale manufacturing.
Another application of semiconductors is the use of photovoltaics. Solar cells require a large area
for light collection. Producing large-area devices using inorganic semiconductors is expensive
because of the limited manufacturing methods involving slow crystal growth or vapor
deposition®*. This high manufacturing cost has significantly limited the use of solar energy
technologies based on inorganic semiconductors.

There is a need for a new generation of flexible, stretchable materials that can be
manufactured into large-area devices. Organic semiconductors, which include carbon in their
chemical makeup, are one such class of materials. Within organic semiconductors are a subset of
materials known as semiconducting or conjugated polymers (CP). Synthetic polymers, commonly
known as plastics, are ubiquitous in everyday life and can be found anywhere from gaskets on

space stations to cases on phones. They have been used in a variety of applications since their
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invention in the early 20" century and were thought to be electronic insulators until the 1970s.
This mindset was changed with the invention of the first conducting polymer, polyacetylene, for
which the creators Shirakawa et al. were awarded a Nobel prize in 2000%%. Since then, CP, such
as polyaniline, polythiophene, and polypyrrole, have been researched and developed for use in
electronic devices’. CPs are solution processable, which facilitates large-scale manufacturing
because they can be rapidly deposited over large-area substrates under near-to-ambient conditions.
This property has been exploited to create roll-to-roll fabricated and flexible solar cells (Figure
1-1)2°. Scalable manufacturing reduces the cost of fabricating large areas of active material, thus
reducing the cost of photovoltaics and improving their energy payback time. Energy payback time

is the time required for a photovoltaic system to recover the energy invested in its production, and
-
——

Figure 1-1: Ribes Tech, an Italian
company, is manufacturing roll to roll
organic solar cells at the time of this
writing.
improving this figure of merit is vital for more widespread adoption of the technology*°. CP can

also be made both flexible and stretchable for use in wearable electronics, and skin-applied sensors
have been manufactured in laboratories. These biosensors and skin-compatible transistors have
shown good electronic device performance, while maintaining their ability to deform and stretch
along the human skin%12,

The overall device performance of CP is not as good as that of traditional inorganic

semiconductors. Electronic device performance figures of merit for these applications include the
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charge carrier mobility and photovoltaic power conversion efficiency (PCE). Charge carrier
mobility is an intrinsic property of a material that allows the flow of electrons or electron holes in
a potential field and is directly proportional to conductivity. Charge carrier mobility in the best
doped organic materials (30 cm? V-1 s1) is an order of magnitude lower than that of doped silicon
(500 cm? V-1 s1)1314 The PCE is the percentage of incident solar energy that is converted into
electrical energy. Among organic semiconductors, 19.3% has been achieved for a single-junction
solar cell, whereas single-crystal silicon solar cells achieve a PCE of up to 27%.>6 Despite their
shortcomings, organic semiconductors have gained attention owing to their promise of flexible,
stretchable, and solution-processable electronic devices. In the years since their conception,
organic electronic devices have seen an increase in charge carrier mobility that surpasses the rise
that silicon experienced, and even with lower PCE, some organic photovoltaics are already more
affordable, with shorter energy payback times than their inorganic counterparts®’18,

The source of their properties must be well understood to develop better CPs for advanced
applications. It has been demonstrated that the structure and form of these materials at the nano-
and microscopic scales are fundamental to the determination of their electronic properties®22, It
is well understood from traditional plastics that the same structures determine the mechanical
properties of bulk materials, such as stretchability and toughness?®26. To improve their
performance, researchers must better understand the relationship between the CP structure and its
physical properties.

1.2 Polymer Structure and Properties

Polymers, or as they are more commonly referred to, plastics, owe their mechanical and
physical properties to their molecular structure. At the molecular level, polymers are composed of

many repeated subunits called monomers, which are connected to each other by covalent bonds
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(Figure 1-2). Like the small molecules that make up the rest of the materials in the world, the
physical properties of polymers are determined by the nature of the monomer that makes them up.
In addition, the arrangement in which the monomers are found in the polymer chain, as well as
other properties such as the chain length, also influence the materials properties?’. Polymers can
be found everywhere; for example, some natural polymers include proteins, such as wool, DNA,
and carbohydrates, such as starch. Synthetic polymers are man-made and include polystyrene and
polyethylene, which are used in household items, such as chairs. Biopolymers, such as polylactic
acid (PLA), are used in biodegradable containers and 3d printing.

To better understand what allows polymers to have such a diverse array of properties, one
must investigate the monomer. The size, shape, and functional groups of the subunits can affect
the mechanical behavior. For instance, the presence of aromatic rings in monomers such as styrene
results in polymers that are more rigid and glassy owing to the stiff nature of the aromatic groups®.
The carbon-fluorine bonds found in the polytetrafluorethylene (Teflon) monomer allow it to serve
as a non-stick cooking surface, as it makes the polymer very hydrophobic and non-reactive.
However, some properties arise from the arrangement of the monomer subunits. The best example
is polyethylene, the simplest polymer that consists of a chain of carbon atoms (Figure 1-2). When
these atoms are connected in a straight chain, they can pack well together and form crystals,
resulting in a very strong, stiff, and durable material that can be used in tough containers, such as
milk jugs. However, if the monomers are connected in a non-linear manner with branches in the
polymer chain, the chains cannot pack well together. This results in flexible and non-durable

materials that are used in plastic bags.
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In much the same way as the previously mentioned household polymers, conducting

a) Polymer d)

e e nBs

C C
@ o P\
Monomer

b) c)

\{\/\/\/\]\n !

T -T
_, Stacking

P Orbital

Figure 1-2: Schematic of polymer structures. a) Polymer and monomer relationship, b)
linear polyethylene, c) branched polyethylene, d) overlapping = bonding orbitals in
polyacetylene.

polymers can transport charges because of both the monomer molecular structure and the ordering
of the monomers in the chain. Take polyacetylene: a carbon chain of alternating single and double
bonds. The carbon chain is almost identical to that of polyethylene, which is used for plastic bags;
however, the connection between carbon atoms includes an additional bond, which is called a =
bond. The alternating single- and double-bond structures manifest as a series of connected = bonds
that continue throughout the entire chain, as shown in Figure 1-2. Because of the continuous =
bond structure, electrons can move between carbon atoms. These “delocalized” electrons can then
be transported throughout the chain backbone (intrachain transport) upon being pushed by a
potential field?°. Charge transport can also occur between different chains or chain segments that
have overlapping P orbitals (interchain movement) owing to their proximity. This overlap, called
n-n stacking, allows charge carrier transport between the stacked chain segments. This form of

carrier movement is slower than intrachain transport, yet it is fundamental for efficient transport
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in three dimensions3%3L, If electronic charges are transported only along the backbones of these
polymers, then charges cannot move across the bulk material because polymer chains
thermodynamically conform in a way that prevents them from being completely extended, thus
covering long distances.

Crystalline CP shows microstructural features like those of traditional crystalline polymers

such as linear polyethylene. The morphology consists of ordered polymer segments dispersed in
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Figure 1-3: Crystalline polymer morphology
with highlighted tie chain. The gray areas are
crystal domains.

random polymer coils, forming a semicrystalline ordering, as shown in Figure 1-3. Studies have

_—

found that charge transport is most efficient through these ordered crystalline regions of CP. In the
crystalline regions, chains remain rigid and coplanar, having very few chain torsions between
monomer units. Chain torsion leads to trap states for charge carriers; this occurs because the
overlapping orbitals that participate in the continuous = bonding have a dumbbell shape. When
they rotate with respect to each other, they can cease to overlap, thus creating a local spot where
charges can no longer move. If a chain is not planar because of significant chain torsion, then there
will be many “breaks” along the conduction path, which manifests as a positive correlation
between chain planarity and efficiency of intrachain transport.3>-3* Also, in the crystalline regions,

there are more opportunities for interchain charge transport. Good chain packing in more ordered
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regimes leads to close proximity of chains, and therefore extended n—n stacking.32° In addition to
exhibiting a folded lamellar structure, CP also forms ordered regions with domains of greater
length, such as those seen in structures such as nanowires and nanoribbons.3%3” The most efficient
material charge transport occurs when there is a high degree of interconnectivity between
crystalline domains by tie chains, as shown in black in Figure 1.1. Tie chains are extended polymer
chains that participate in m—7 interactions with multiple ordered regions, serving as conductive
bridges between them.

There is still much left to be discovered in the structure-property relationships of CP. Early
CP such as poly (3-hexylthiophene) and poly(2,5-bis(thiophen-2-yl)thieno3,2-b]thiophene)
(pBTTT) displayed extensive crystallinity, which was found to be positively correlated with device
performance; therefore, research has focused on improving the formation and control of ordered
and crystalline regimes. However, newer donor-acceptor copolymers, such as
poly(indacenodithiophene-C16-benzothiadiazole) (PIDTc16-BT), challenge this idea by
demonstrating high field-effect charge mobility but lacking detectable long-range order38-4C,
Having access to good electronic performance without constraining the mechanical properties by
maintaining high degrees of crystallinity opens possibilities for applications of conjugated
polymers.

Although organic semiconductors have been investigated because of their claim to
traditional polymer properties, such as deformability and high fracture toughness characteristics,
high-performing CP tend to not fully display this traditional plastic behavior. The need for rigid
polymer backbones and highly ordered regions to improve electrical performance leads to higher
crystallinity, which decreases the elastic modulus of the material.?32* Flexibility in neat CP is

obtainable but comes at the cost of device performance, The newer donor-acceptor copolymer
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materials are paving the way for more mechanically compliant high-mobility materials since they
do not depend on crystallinity to display high mobilities, but there is still ground left to cover in
optimizing them for devices and understanding how they work. In addition, researchers have been
able to overcome mechanical weaknesses in crystalline CP by blending them with other polymers
like elastomers.*! Blends additionally can introduce a method by which the active device layer can
be modified to fit specific mechanical and electronic parameters.

1.3 Polythiophenes

The most widely studied CP are semicrystalline poly(3-alkylthiophene) (P3AT). P3AT has
been thoroughly investigated because of its good optoelectronic properties, stability, and ease of

side chain tailoring. They serve as models for semi-crystalline CP. Figure 1-4 shows the molecular
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Figure 1-4: Molecular structure of polythiophenes. (a)
poly(3-hexylthiophene) (b) poly(3-(2-ethylhexyl)
thiophene) (c) poly(3-(4-octylphenyl) thiophene).

structures of various P3AT, including what is known as the fruit fly in the field of CP, poly(3-
hexylthiophene) (P3HT). The molecular structure of these polymers consists of an electron-rich
thiophene backbone complemented by alkyl side chains that give the polymer its solubility and aid
with packing. Each monomer has one side chain, giving it directionality, which allows for different
coupling along the backbone. The morphology of P3HT consists of crystalline regions dispersed

in an amorphous polymer matrix. The crystalline domains assume three degrees of order. The first
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degree is the polymer backbone itself, which propagates in the [001] direction in the crystal. The
second degree of order originates from n—m stacking by chains directly adjacent to each other and

normal to each other. m—m stacking occurs under two circumstances: chain folding and different
[100]
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Figure 1-5: Crystal structure of P3HT crystalline regime.

chain stacking. The n-n stacking order of the crystal propagates in the [010] direction. The third
degree originates from the side-chain crystallization, which occurs in the [100] direction. The
crystal lattice directions and the corresponding crystallite schematics are shown in Figure 1-5. As
mentioned before, charge transport is dominated by intrachain movement along the [001] direction
and supplemented by interchain movement along the n-n stacking direction [010].

In addition to forming crystallites, P3HT can and has been formed into higher-order
structures such as nanoribbons and nanowires.*> Nanowires of P3HT can be formed most
commonly using self-assembly methods. The nanowires have a width and height equal to the [001]
and [100] crystal directions, respectively, and typically measure 24-27 nm wide and 3-4 nm tall,
respectively. Their length is in the n—n stacking direction [010], which is typically on the order of
one micron. The typical film morphology of P3HT nanowires is shown in Figure 1-6. The

formation of nanowires of P3HT and using a material combination of nanowires, which are
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crystalline, smaller crystallites, and amorphous chains in the thin-film active layer of OFETSs have
been shown to improve the mobility of the material without nanowires. The nanowires form a
better interconnected network of efficient charge transport ordered regions that facilitate charge
carrier flow throughout the film.#344 For this reason, it is favorable not only to have crystalline

regions in P3AT but also for them to be organized into higher-order nanofibers and nanowires.
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Figure 1-6: Atomic force microscopy image
of P3HT nanowires formed using the
whisker method.

Due to the intimate relationship between microstructure and macroscale properties, being
able to control the microstructure of conjugated polymers is of the utmost importance. The CP
microstructure is influenced by the molecular structure and characteristics of the monomer units
and polymer chains. It is also influenced by processing factors, such as polymer deposition
conditions, post-deposition annealing, and blend formation with other polymers. The first
molecular parameter that influences the microstructure is the length of thiophene side chains and
their orientation within the polymer. Park et al. demonstrated that shorter side chains were
correlated with better chain packing in the ordered domains, leading to better mobility as compared
to longer side chains.*® However, shorter side chains also limit the processability of the polymer

as it becomes less soluble. Therefore, the field gravitates towards a balance between good chain
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packing and sufficient processability. In special applications, such as blends, it may be beneficial
to use the side chain length to control interactions between components and influence the

morphology. Another aspect of the side chains is their relative positions on the thiophene units

Head-Tail Tail-Tail Head-Head

Figure 1-7: Types of couplings possible in the synthesis of P3HT that give rise to
regioregularity in the polymer chain.

along the backbone. The figure of merit for this is called regioregularity, which is the percentage
of head-tail couplings of thiophenes in P3HT. Figure 1-7 shows the different types of coupling that
can occur, leading to different degrees of regioregularity. A higher percentage of the polymer that
is coupled in a head-tail conformation allows polymer chains to adopt planar configurations that
increase conjugation and allow for better chain packing.324¢ Regio-irregularities like head-head
and tail-tail coupling lead to sterically driven chain torsion, which disrupts conjugation and the
crystal lattice. Higher regioregularity results in higher degrees of crystallinity and better formation
of higher-order structures, such as nanofibers.

Another influential molecular factor in the overall morphology of P3HT is the molecular
weight of the polymer chain. Increasing the molecular weight is correlated with increasing
crystallinity and tie-chain content, which leads to increases in charge transport.4”48 Furthermore,
there are critical chain lengths, past which certain phenomena are displayed. The first is chain
folding, in which the polymer chain becomes long enough to not simply stack with other extended

chains in proximity but folds completely to n-stack with itself. This occurs at around 50 monomer
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units of P3HT and is shown schematically in Figure 1-8.8 The other critical length is

entanglement, in which the backbone becomes long enough to form tie-chains. Tie chains result

Figure 1-8: Chain packing of different polymer chain lengths of P3HT. Short
chains stack (left) and long chains fold (right). This impacts the crystal width
(Lc).

in an increase in the amount of connectivity because more chains participate in multiple ordered
regions. In general, the higher percentage of regioregularity and longer the polymer chains are, the
higher the quality of the nanowires formed, and higher percentage of overall polymer incorporated
into the nanowires.*

In addition to the molecular structure and weight, the processing conditions are the most
important tunable parameters for controlling the film morphology and polymer microstructure.
One of the processing techniques that occurs when polymers are in solution is self-assembly.
During self-assembly, disordered molecules of a material are induced to spontaneously organize
themselves into higher-order structures driven by local inter-and intramolecular interactions. In
polymers, self-assembly is an invaluable tool for controlling chain conformation. The simplest
example of self-assembly in CP, which also happens to be the most used technique, is
supersaturating a solution with CP and allowing slow phase separation to achieve a higher order
in the CP phases. This ordering is driven by the thermodynamic forces. In P3HT, n-stacking of
thiophene rings is an energetically favorable conformation that leads to crystallite formation. This

results in the formation of fibers and crystallites in these solutions. Samitsu et al. developed a
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method by which P3HT is dissolved in a poor solvent, anisole, to form a supersaturated solution.
The solution was heated and stirred to fully dissolve the P3HT. After slowly cooling the
supersaturated solution over 3 h, nanowires of P3HT were formed.*® This is most commonly
referred to as the whisker method. Chang et al. formed nanowires in dilute solution by irradiating
the solution using UV radiation.>® Most self-assembly methods require the use of creating a slightly
unfavorable condition for the polymer chains to stay in solution, thus leading to aggregates, which
then lead to higher-order structures (nanowires). It is therefore important to note that self-assembly
and nanofiber formation are related to the interactions between the polymer chains, the solvent,
and other system components, such as a different polymer chain.

Another form of processing that has been widely used to fine-tune the morphology of P3AT
is thermal annealing. In this method, after films are cast, they are exposed to elevated temperature.
At these temperatures, particularly above the glass and crystallization temperatures of the
polymers, the chains in the solid state can relax into energetically favorable conformations. The
result is a morphology related to the lowering of the thermodynamic energy of chain-chain
interactions as well as the interactions at interfaces that can improve the overall device
performance. An et al. studied the effect of thermal annealing on cast films of P3HT and found
that it enhanced the m—m interaction in the P3HT crystal domains.® This increase leads to an
improved field-effect mobility of the corresponding OFET. At the same time, however, annealing
above the crystallization temperature can eliminate higher order structures such as nanowires. The
nanowires formed in solution via the whisker method can be reversibly transformed into smaller

crystallites by thermal annealing.
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Annealing plays an even larger role when a combination of materials is used in composites,
such as organic solar cells (OSC). Typical solar cells contain a bilayer of semiconducting
materials. One is a donor, and the other is an acceptor. When a light particle, hits the active material
and excites an electron-hole pair, the pair must travel to the interface of the two materials where
the electron and the electron hole are separated. This separation generates a potential and creates
current. In inorganic semiconductor materials, electron-hole pairs can travel large distances before

they recombine. Therefore, the device can be designed with two bulk materials meeting at a flat
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Figure 1-9: Schematic of the layers in an organic solar
cell showing the morphology of the bulk
heterojunction. The figure is reproduced from Tong et
al.

interface as an electron—hole pair created hundreds of nanometers away from the interface can
travel all the way there before recombination. When photons create an electron-hole pair in CP
and other organic semiconductors, they travel only 3-8 nm before they recombine.®? This is a
problem if one wants to have an active layer thicker than 20 nm to capture as much light as
possible. To combat this, the active layer is designed as a bulk heterojunction (BHJ) where the
donor and acceptor materials are mixed with each other to minimize the domain sizes and increase
contact area, where the electron-hole pairs are split. This morphology is shown in Figure 1-9%,
Research has focused on improving this morphology and the interaction between the donor and

acceptor materials to improve solar cell efficiency. One of the most common material
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combinations studied is P3HT and [6,6]-phenyl C61-butyric acid methyl ester (PCBM). Chen et
al. studied the effects of annealing on the morphology and the subsequent impact on the efficiency
of charge movement.>* They found that immediately upon annealing, the two materials formed bi-
continuous networks, allowing charges to separate at the high surface area interfaces and then
travel through the networks to their opposing charge collecting poles. Post-deposition annealing is

fundamental for controlling and understanding the morphology of the CP by itself and as a blend.
1.4 Indacenodithiophene Polymers

Donor—acceptor (DA) copolymers are a relatively new type of conjugated polymer whose
molecular design is inspired by the active layer of organic photovoltaics. Within the repeat unit,
they contain an electron-rich and electron-poor portion, one serving as the electron donor and the
other as the acceptor. The electron-donating units are rich in electrons because of the presence of
conjugated systems with electron-donating groups or atoms such as oxygen or nitrogen. Electron-
accepting units are electron-scarce owing to electron-withdrawing or electronegative groups. This
structure of alternating electron-donating and electron-accepting units affects the optoelectronic

properties of copolymers. One positive impact is that the absorption spectrum, the wavelength at

Figure 1-10: Molecular  Structure  of
Poly(Indacenodithiophene-C16-
benzothiadiazole). The donor unit is the 5-ring
fused structure (left) and the acceptor unitis the
2-ring structure (right).

which a material strongly absorbs light, shifts into the near-infrared region, allowing for the

absorption of more wavelengths of light, which is instrumental in efficient solar-energy capture®.
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To serve as a good electron donor, the molecular structure of the donor unit may involve extended
fused rings. One such fused ring moiety that emerges from DA polymers is the donor unit,
indacenodithiophene (IDT) (Figure 1-10). The molecular structure consists of a central benzene
ring joined to two flanking thiophenes by a connecting bridge. Long side chains are attached to
the atom on the connecting bridges and are used to solubilize the polymer. Polymers based on IDT
tend to have rigid backbones which reduce chain torsion and adopt a planar chain conformation.
Both characteristics reduce the trap states to charge mobility, making the polymer adept at
conducting charges. Although donor-acceptor polymers were conceived for applications in
photovoltaics, some designs such as IDT have resulted in improved electronic properties, meriting
their use in many other applications.

Zhang et al. synthesized an IDT-based copolymer, poly(Indacenodithiophene-C16-
benzothiadiazole) (PIDTc1e-BT), which displayed an OFET mobility greater than 3 cm? V1 s,
beating that of polythiophenes®. Surprisingly, in contrast to P3HT, which displays highly
crystalline regions, PIDTc16-BT shows very broad and weak X-ray diffraction (XRD) peaks,
indicating a low degree of overall crystallinity and no detectable long-range crystalline order. To
understand why a polymer with such low crystallinity and order can still display such high
mobility, various groups have investigated the unique charge transport mechanisms of polymers.
Simulations have shown that the IDT unit combined with the acceptor unit, benzothiadiazole (BT),

reduces torsion along the backbone via interactions between the nitrogen on the BT unit and the
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proton on the adjacent IDT unit*®%’. These interactions create a large energetic barrier that
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Figure 1-11: Non-covalent interactions of
IDT-BT. Red areas of the ovals represent a
partial positive charge, while blue areas
represent partial negative charge; gray
atoms = C, white atoms = H, yellow atoms
=S. Reproduced from Wadsworth et al.

maintains a specific rotational angle between monomer units. Figure 1-11% shows the two
conformations that the angle between the BT and IDT unit adopt, with the conformation on the
right side being preferential. This preferred conformation leads to a uniquely planar polymer
backbone chain. The combination of reduced chain torsion and high planarity minimizes trap states
along the polymer backbone. The result is that charge carriers can travel long distances along the
chain before requiring interchain hopping in what is called quasi-one-dimensional transport*.
Only occasional interactions between neighboring chains in the form of local aggregates or small
crystals separated by short distances are necessary to allow charges to hop from one chain to the
next. The rigidity and planarity that maintain efficient intrachain charge transport combines with
the long side chains to disrupt close chain packing. The long side chains extend in a direction
normal to the plane of the polymer backbone, creating steric hindrances to n-n stacking and other
interactions that semiflexible CP like P3HT experience. The outcome is a polymer with amorphous
properties, such as high ductility, that maintains excellent electronic performance®. By not
requiring crystalline domains for high electronic performance, PIDTc16-BT opens possibilities for

compatibility with various other types of materials for OPV and blend applications. Ren et al. also
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employed it as an intrinsically stretchable semiconductor for use in wearable devices.*® The study
applied very thin films of CP on flexible substrates, and demonstrated the use of an array of
transistors that could stretch and deform.

The crystalline domains of IDT-based polymers are composed of small and infrequent
interactions between polymer chains. The typical characterization method used to determine the
quantity, size and structure of crystalline domains is grazing incidence wide angle X-ray scattering
(GIWAXS). Using this technique, the -t stacking and alkyl side chain distances have been
determined. However, there is no crystal unit structure analogous to that of polythiophenes because
crystal domains are of small length scales. They are composed of one chain segment interacting
with another through side chain interdigitation or acceptor unit n-n stacking*®. Modifications to
the molecular structure of IDT-based polymers have been investigated to understand their effects
on polymer properties. Much like its semiflexible analogs, IDT-based polymer film microstructure
can be tuned by side chain engineering. It would be expected that the side chains act as insulators
between polymer chains so decreasing their length would allow for closer interaction between
chains and remove steric hindrances to chains coming together. Bronstein et al. studied the
influence of side chain length on electronic performance®. They found that long side chains were
necessary for solution processability of the polymer and made better films for devices compared
to shorter side chains. Because of this, the highest mobility came from the longest side chains of
16 carbons long. Surprisingly, they also found the highest degree of aggregation occurred with the
long side chains which also aided in improved device performance. This showed that shorter side
chains are not necessarily better for processability or final film morphology.

The acceptor unit of IDT-based copolymers can be swapped for structures that have specific

electronic properties that tune the bandgap. Studies have shown that using different acceptor units
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allows the control of the HOMO level which is a useful tool for tailoring the polymers for
photovoltaic applications®®. However, using different acceptor units also changes the interaction
between the donor and acceptor units that induces the high planarity seen in PIDTc16-BT. Certain
acceptor units can create very favorable bandgaps for solar capture but decrease chain planarity
and ultimately, decrease electronic device performance. For transistor applications, tuning the
acceptor unit can lead to varying mechanical and electronic properties. Li et al. synthesized three
IDT-based polymers with different acceptor units that had varying degrees of chain torsion due to
interactions between the donor and acceptor®?. They found that when the acceptor unit induced
more chain torsion, the hole mobility would decrease, but ductility of the polymer would increase.
The decreased planarity decreased intermolecular interactions between chains which aids in
mechanical compliance but hinders electronic connectivity and device performance.

Another structural modification occurs at the connecting bridge between thiophen and
benzene in the IDT core. The bridging carbon atom can be swapped for other heteroatoms such as
silicon or germanium. Those molecular changes have shown to influence the chain packing and
overall aggregation. Larger atoms push away the side chains from the polymer backbone. Since
those side chains serve as steric hindrance from z-n stacking; the effect is improved connectivity
between polymer chains®861.63, Although not a molecular structure modification, molecular weight
is a polymer parameter used to tune material properties as has been shown for many polymers and
would be expected to make an impact in the properties of IDT based polymers. Zhao et al. studied
the impact of increasing the molecular weight of PIDTc16-BT to 1MDa®. They found that the
increased molecular weight increased both the device performance and the deformability of the

polymer reaching 100% crack-onset strain (COS). The authors proposed a microstructural model
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where the polymer chains form locally strained conformations that facilitate efficient charge
transport while allowing for large deformations under stress.

Although IDT-based polymers have shown promise as nearly amorphous materials that still
display high charge mobilities, it is still of interest to develop techniques to manipulate and
improve their morphology and long-range order. Studies of molecular modifications to IDT-based
polymers tend to cover the device performance and very limited morphological figures of merit:
n-n stacking distance from GIWAXS, and general degrees of aggregation from absorption
spectroscopy. To improve and manipulate the morphology, it must first be well characterized.
Some groups have attempted using novel techniques and analysis to unravel the film morphology
of IDT-based copolymers. Cendra et al. used low-dose transmission electron microscopy (TEM)
and high-resolution TEM (HRTEM) to image and quantify the nanoscale and mesoscale
KT
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Figure 1-12: Representation of PIDTC16-BT film microstructure
taken from HRTEM. Figure reproduced from Cendra et al.

organization of the copolymer. These techniques revealed nanoscale crystallites of aligned
polymer chains throughout the film®. The analysis showed a film which contained short and
medium range order of aligned polymer chains that formed grains, which had local preferential
alignment as shown in Figure 1-12. As was expected, the long side chains prevent dense packing

and therefore although there were locally ordered grains, the film is mostly amorphous.
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As covered in the previous section, there are a variety of methods by which semicrystalline
CP can be modified post-synthesis to improve the material properties. The two most prevalent
methods are the pre-aggregation of the polymer in solution and thermal or vapor annealing after
polymer film deposition. These techniques have been attempted with IDT-based polymers. Shin
et al. investigated how the pre-aggregation of PIDTc16-BT in solution affects their electronic
performance®. They used a mixed solvent system of good and poor solvents for the polymer to
induce aggregation. They found that picking the right solvent mixture would induce better pre-
aggregation as determined by absorption spectroscopy. However, upon fabricating devices from
the solution, thee expected improvement in electronic performance was not observed. Another
group, Chen et al. developed a method to improve the annealing of PIDTcie-BT films by
incorporating a high boiling point solvent into the solution prior to spin-coating. Typically, thermal
annealing for PIDTc16-BT does not affect film morphology; the chains do not relax any more than
at room temperature because the glass transition is below room temperature, and they appear to be
already at a low energetic state. However, by thermally annealing the films with small amounts of
solvent still in the film, the evaporating solvent created more space for the films to move around
and reduce energetic disorder. The result was improved aggregation determined by absorption
spectroscopy which gave way to improved charge transport determined by transistor
measurements. There remains work to be done in understanding the aggregates that form in
solution that will lead to the ordered domains seen in the film, to better tune the electronic

performance.
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Chapter 2. Experimental Methods

2.1 Particle Scattering

The potential of X-rays to probe atomic structures was realized when Max von Laue,
alongside Friedrich and Knipping, discovered X-ray diffraction by crystals in 1912. Their
experiment showed that crystals could act as a diffraction grating for X-rays, implying that X-rays
are electromagnetic waves with wavelengths on the order of interatomic distancess®’. This
discovery led William Henry Bragg and William Lawrence Bragg to develop Bragg's Law in 1913,
which provides a simple equation relating the angle of incidence and the lattice spacing of crystals
to the wavelength of the X-rays®®. Over the 20th century, improvements in X-ray sources,
detectors, and computational methods expanded X-ray scattering applications. Dorothy Crowfoot
Hodgkin famously used X-ray crystallography to determine the structures of vital biochemical
substances like penicillin and vitamin B12, for which she received the Nobel Prize in Chemistry
in 1964,

Neutrons were discovered by James Chadwick in 1932. Unlike X-rays, neutrons do not
experience interactions with atomic electrons, allowing them to penetrate deeply into materials
and interact with the nuclei’. The first significant use of neutron scattering began with the advent
of nuclear reactors in the 1940s, which served as powerful neutron sources. This development
significantly enhanced the study of atomic and molecular structures using neutrons. Clifford
Shull and Ernest Wollan at Oak Ridge National Laboratory pioneered various neutron scattering
techniques, providing insights into the arrangement and dynamics of atoms in solids’2. These
techniques proved essential for studying materials with complex light-element compositions and
magnetic properties. Today, neutron scattering is used in material science, chemistry, physics, and

biology, facilitated by advanced reactors and spallation sources providing intense neutron beams.
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This technique is indispensable for understanding the structure and dynamics of complex systems
at the atomic and microscale.
2.1.1 Basic Theory

Neutron and X-ray scattering are nondestructive characterization methods that can provide
information about the arrangement and dynamics of materials at various length and time scales.
Depending on the region of interest, one can probe from the crystal lattice molecular arrangements
on the order of Angstroms to large aggregates in a morphology such as nanowires on the order of

hundreds of microns. The major difference between X-rays and neutrons from a scattering
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Figure 2-1: Interaction between incident beam and scattering object.

perspective is the degree to which they interact with the atoms of a material. While X-rays interact
with the electron shell that occupies most of the volume in an atom, neutrons only interact with
the nuclei. In an experiment, particles are directed at a sample with an incident momentum, Ki, and
either interact with the atoms in the material or pass through. A schematic of this interaction is
shown on Figure 2-1, where Ks is the scattered particle beam, Kt is the transmitted beam, @ is the
scattering angle and Q is the scattering vector. The interaction between the incident particle beam
and the sample is a function of the type of atom or nuclei, the dynamics of the atoms and the
arrangement of atoms in the material. The interaction with an atom causes a change in the direction
and energy of the neutrons or X-rays, which can be detected and transformed into scattering
vectors. This work utilizes small angle neutron scattering (SANS), small angle X-ray scattering

(SAXS), wide angle X-ray scattering (WAXS), and grazing-incidence wide angle X-ray Scattering
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(GIWAXS). These are all elastic scattering techniques in which the kinetic energy exchange
between scattering particles and sample is assumed negligible, so that only the direction change of
the scattered particle is relevant. The particle-sample interaction then is a function only of the atom
type and arrangement. The magnitude of the incident beam vector is inversely proportional to its
wavelength, 1. Due to the elastic nature of the scattering, the magnitude of Ki equals the magnitude
of Ks. Q is a vector in reciprocal space, in units of AL, The relationship with real space is given by

Bragg’s law. This leads to the following equation for Q.
Ko =K = 101 = - sin (5) = 22

A 2
2-1
This equation relates the reciprocal space Q vector with the real-space distance d. In addition to
the assumption of negligible energy transfer, there are two more assumptions that this definition
of scattering makes. (1) the scattering beam only accounts for a small portion of the incident beam
(Born approximation), and (2) multiple scattering is negligible’. In a scattering experiment, the
number of particles at distance Q from the transmission beam are detected in a two-dimensional
space which is then integrated and reduced using background, sample thickness and empty cell
data into an absolute scattering intensity profile 1(Q). Features in a material will cause an increase
in the intensity at different length scales. The total scattering intensity can be broken down into
the following Equation>:
1(Q) = ¢ Ap* V P(Q) S(Q)

2-2
where ¢ is the scale or volume fraction of scattering domains in the sample, V is the volume

of the scattering domain, Ap? is the scattering contrast, or the difference in scattering length density

between components in the system, P(Q) is the form factor, which includes information about the
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shape of the scattering domain, and S(Q) is the structure factor which includes information about
spatial correlations between domains distributed throughout the sample. The presence of structural
features at a given length scale will cause an increase in the scattering signal at the corresponding
Q value to that length scale, which is what give rise to the curves of P(Q) and S(Q).

The scattering contrast Ap? in equation 2-2 arises because scattering particles interact with
atoms of different elements to different degrees. The degree to which an atom will interact with an
incident beam of particles can be described by the scattering cross section, which is expressed in
units of area. It represents the effective surface area seen by the incident particle (X-ray or neutron),
and as such, is a measure of the probability that an interaction will occur between the particle and
the atom. The cross section can be calculated theoretically using various methods, including
quantum mechanics and classical electromagnetism. It can also be measured experimentally using
techniques such as X-ray scattering spectroscopy. For X-rays, which interact with the electron
cloud, the electron density around the nucleus of an atom is directly correlated with the scattering
cross section. Because of this, as you increase the size of the atom and go up in atomic number,

you tend to see an increase in electron density and therefore an increase in scattering cross section.

X-ray cross section

neutron cross section

Figure 2-2: Scattering cross section comparison
for X-rays and Neutrons for select elements.
Reproduced from Ref .

Unlike X-rays whose interaction with atoms follows a periodic trend with increasing electron

density, the degree of interaction between neutrons and atomic nuclei is random across atomic

36



size. A representation of relative sizes of scattering cross sections for X-rays and neutrons is shown
in Figure 2-2.

As shown by the figure, it is more probable for a neutron to hit hydrogen than deuterium.
Hydrogen has a total scattering cross section of 82.02 * 10-2* cm? while deuterium’s is 7.64 * 10
24 cm?. The scattering contrast places constraints on the samples that one can perform scattering
on because there must be a difference in scattering cross section between the matrix or solvent and
the sample. At the same time, that property can be used as an advantage to visualize only specific
portions of the sample. For example, in neutron scattering, different components of a blend can be
“hidden” from the neutron scattering intensity profile by deuterating those components to match
the matrix or background. This is known as contrast variation neutron scattering (CV-NS), and it
allows probing specific phases within a bulk sample. CV-NS can capture the bulk morphology at
length scales ranging from 1 nm to 10 um by replacing the hydrogen atoms of one phase with
deuterium to create sufficient contrast between the polymeric components. Changing hydrogen
atoms to deuterium atoms does not significantly alter the structural behavior of polymers.
Additionally, neutron scattering has the advantage of being able to scatter from almost any solvent
and material, whereas that is not the case for X-ray scattering. Certain atoms such as halogens are
strong X-ray absorbers, limiting the use of halogenated solvents. Also, there is no way to change
the chemical makeup of a scattering sample to create X-ray scattering contrast without
significantly altering its chemical and structural behavior. Works in the literature have
demonstrated how CV-NS can be useful for understanding CP structure in both the solution and
the solid state. Researchers have been able to define the thermodynamics in polymer blends by
extracting the Flory-Huggins parameter.”® Others have been able to capture the mixing of the

amorphous phases between the crystalline regimes.””
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2.1.2 Instrumentation

A typical scattering experiment requires: (1) source for the particles (2) monochromator to
make the particles of the same wavelength, (3) collimators to shape the beam, (4) sample stage,
and (5) detector to capture the scattered particles as a function of Q8. For each of the techniques
used in this work, the experimental setup keeps to those essentials. Each technique differs either
in the type of particles used or geometry, so the instrumentation differs to match.
Particle Sources and Beam Modifiers

For X-rays, sources can come in the form of sealed X-ray tubes in which electrons are
accelerated across a potential and their subsequent impact into the cathode material generates X-

rays’®. These X-ray sources are of moderate intensity and are commonly employed in university

X-ray Source Sample Chamber Vacuum Detector Chamber
Collimator ) /
-3 ,
!
-\ -~
_— | Z
X Xeuss 3.0

Figure 2-3: Schematic of Xeuss 3.0 X-ray scattering instrument at use at the University of
Washington. Picture courtesy of Maria Politi.

laboratories. This work presents data obtained using one such source and instrument which is
manufactured by Xenocs (Grenoble, France) (Figure 2-3) and used at the University of
Washington. X-rays can also be produced in much higher intensities at synchrotron radiation
sources which are a type of particle accelerator that produces intense beams of X-rays®. Usually,
these are required when a more powerful beam of light is necessary to image samples and can be

accessed through grant proposals or collaborations. This work presents data obtained at the
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Stanford Synchrotron Radiation Lightsource (SSRL). Neutrons do not typically have a
commercially available source because neutrons are more difficult to generate, and their sources
are most commonly nuclear reactors. To perform neutron scattering experiments, nuclear reactors
are maintained specifically for research such as the NIST Center for Neutron Research (NCNR),
which accepts proposals for experiments utilizing neutrons.

The primary function of collimation is to shape and direct the particle beam onto the
sample, ensuring that the particle beam is well defined and to reduce background scattering.
Circular pinhole collimation is commonly used, where the neutron beam passes through a series
of circular apertures to create a beam with a well-defined circular cross section. The collimation
system is designed to minimize the divergence of the neutron beam, ensuring that the particles
incident on the sample are nearly parallel. Monochromators ensure that the particles are the same
speed or wavelength. From equation 2-1, the Q vector is inversely proportional to the wavelength
of incident particles, so if there is a wide distribution of wavelengths, the structural features will
be broadened and more difficult to detect. X-ray and neutron collimators commonly take the form
of slits stationed throughout the beam path that tailor the beam cross section before it hits the
sample. Monochromators for X-rays are usually single crystal reflectors that diffract specific
wavelengths of radiation®. Monochromators for neutrons are usually spaced choppers that are
timed to only allow neutrons of a specific velocity to continue through, and in this way, narrow
the wavelength of those particles in the beam.

Instrument Geometries

The type of scattering geometry (small angle vs wide angle, and transmission vs grazing-

incidence) indicates the length scale of the structures being determined and the configuration of

the samples. Equation 2-1 relates the Q vector to the real-space distance d inversely. The smaller
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the angle of scattering, the larger the structures that are being investigated. Small angle X-ray and
neutron scattering observes structures from tens to hundreds of nanometers. Wide angle X-ray
scattering probes atomic distances in the single nanometers and angstroms. In the field of polymers
this equates to small angle scattering probing chain conformations and aggregate structures such
as nanowires. Wide angle scattering probes the crystalline and lamellar spacing of polymer crystals
and chains. Much of the data presented in this work including WAXS, SAXS and SANS data was
collected using a collimated transmission configuration. To capture all angles from very small
(0.001 A1) to very wide (3 A1), the sample and detector chamber is cleverly constructed as shown

in Figure 2-4. The detector is designed to move along the axis of the scattered beam to capture the

yacuum Chamber
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Figure 2-4: Typical SANS Instrument setup. The detector is not 3 separate detectors, but
one single detector that moves along an axis parallel to the scattered beam to capture wider
and smaller angles depending on the distance from the sample.

entire range of angles depending on its proximity to the sample. Additionally, sample stages are
often constructed to alter parameters such as temperature and humidity. Some stages can perform
mechanical deformation or sonication on the samples as they are being measured®?.

GIWAXS, in contrast to the other techniques which measure scattering after the beam
passes through the sample (transmission), uses a grazing-incidence geometry, where the X-ray
beam hits the sample at a very shallow angle, typically less than 1° (Figure 2-5)%. Because of this,
the effective scattering volume is greater than in WAXS, resulting in stronger signals from difficult

to detect crystal spacing in polymers. GIWAXS is specifically designed to study thin films,
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surfaces, and interfaces, and is particularly useful for characterizing the structure of materials in

two dimensions®4. It can obtain information on how the structures orient themselves with respect
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Figure 2-5: Schematic of grazing-incidence geometry used in GIWAXS
showing edge-on and face-on lamellar geometries and their respective
representative plane scattering.

to the film plane, which is very useful for understanding interfacial interactions in thin film
electronic devices. Figure 2-5 shows how the alignment of lamellar sheets with respect to the film
plane can be discovered from the 2-dimensional scattering profile on the detector. If the lamellae
orient themselves in an “edge-on” fashion, then the scattering peaks for the lamellae will appear
in the in-plane angle. If the lamellae are stacked and parallel with the plane, then their scattering
peaks will appear in the out-of-plane angle®*. In this way, the preferred orientation of polymer
crystals and lamellae can be determined in their films.
2.1.3 Data Analysis and selected Models
Small Angle Scattering

During scattering experiments, data is collected in a 2D detector and in small angle
scattering is typically integrated azimuthally to obtain a 1D profile. The factors due to the
instrument such as background radiation and neutron or X-ray flux can be normalized in the data.
Sample holder or capillary scattering and sample thickness are further corrected for. This leaves

the absolute scattering intensity as a function of the form and structure factors, 1(P(Q)S(Q)).
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Structural information can be derived from scattering profiles in two ways: (1) I vs Q relationships
at high and low ranges of Q; (2) fitting carefully selected models to the profiles. An example of
the first method is the determination of the characteristic size of a polymer molecule, its radius of
gyration, Rq. The relationship between the radius of gyration and the form factor in the scattering

intensity is given by
2p2

P(Q) = Nexzo(—Q3 %)

2-3
where N is the degree of polymerization. This equation is only applicable in the very small region
of Q when Q *Rg < 1 and when N is known. By fitting the relationship to the region of the
scattering intensity that follows a Q2 dependance, the radius of gyration of the scattered polymer
can be determined. In a similar fashion, the predicted scattering from shapes such as spheres and
cylinders which would represent globular aggregates and rods, respectively, are represented by
models that are fit over the entire scattering profile. The simplest model used is a sphere, for which

the following equation has been derived.

scale sin(qr) — qr cos(qr) 2
v T Gy

1(Q) =

2-4
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In equation 2-4, r is the radius of the sphere and V is the volume of the sphere. Figure 2-6 shows
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Figure 2-6: Plot of Equation 2-4 with sphere
radius of 40

a plot of the sphere model. A more common model used with conjugated polymers is the
parallelepiped which has been shown to model well the intensity profile given by P3HT nanofibers.
The parallelopiped is a rectangular prism where a, b and c represent the dimensions of the

parallelepiped shape, and is modeled by the equation:

P(0) = 2 (2 2@ (sin (QAsin(a) cos(b))) (sin (QBsin(a) cos(b))\ (sin (QC cos(a))
@ = ;JO JO [( QAsin(a) cos(b) )( QBsin(a) cos(b) )( QCcos(a)

)]2 sin(a) 5adB
2-5

Models and slope relationships are used to elucidate both the structures of the shapes in the blends
and the sizes of those shapes. Additional models that are used throughout this work can be found
in Appendix A%,
Wide Angle Scattering

In the wide-angle regime, the features observed are of very small scale. Small enough that
structures such as chains, spherical aggregates, etc. which are characterized by from factors (P(Q)),

are not visualized. What is found at that scale are interatomic distances such as crystal and lamellar

spacing. These distances give rise to structure factors (S(Q)) which manifest as peaks in the 1-
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dimensional profile. Fully amorphous materials (e.g. PS) will show broad peaks that correspond
to polydisperse correlation distances within the material. Semi-crystalline materials will display a
combination of broad peaks from the amorphous phase and sharper peaks from the crystalline
phase. An example is the wide-angle scattering profile of P3HT. In it, various crystalline peaks
appear as shown by Figure 2-7%. The peaks at Q-values of approximately 0.35 and 1.7 A
correspond to the lamellar and pi-stacking distances of the crystal structure, respectively. By

converting these Q-values into real space using equation 2-1, the crystal spacing can be extracted.
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Figure 2-7: Out-of-plane linecut of GIWAXS of
P3HT at various degrees of doping. Reproduced
from Benavides et al.
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Additional information about the nature of the crystalline regimes is contained within the peak
characteristics. For example, the height of each of these peaks corresponds to the degree of
crystallization in their respective directions. By comparing the relative heights of the lamellar and
pi-stacking peaks across different samples, one can understand the preferred crystallization
direction within a material. Additionally, the width of the peaks can be correlated to crystal
properties such as crystallite size or coherence length®’. It is important to note that form factors

are not limited to the small-angle region and structure factors are not limited to the wide-angle
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region. For example, in block copolymers, micelles often form. The micelles are spherical in shape
and show a sloping profile that is like the one in Figure 2-6. Additionally, the micelles can arrange
themselves in a repeated crystal-lattice type pattern. The result is peaks in the small angle region
with a characteristic spacing related to the distance between arranged micelles®®,
2.2 Field Effect Mobility Measurements
2.2.1 Basic Theory

Field-effect mobility (i) measures how quickly charge carriers (electrons or holes) can
move through a semiconductor material under the influence of an electric field. It is a fundamental
property that influences the performance of electronic devices, affecting their speed and

efficiency®. In a field-effect transistor (FET), the mobility of the active layer can be measured

Source\ / Drain

+ + o+ o+

Semiconductor

Dielectric Layer

+ + o+ o+ o+ o+

Substrate/Gate Electrode

Figure 2-8: Schematic of an organic field effect transistor in top-contact
bottom-gate configuration. The red charges in the gate electrode indicate
a positive potential, which attracts negative charges to the bottom of the
semiconductor, inducing a conductive layer between drain and source of
positive charges (electron holes).

within the channel between source and drain terminals, under the gate (Figure 2-8). When a voltage
is applied to the gate, it creates an electric field that modulates the conductivity of the channel by
attracting charge carriers to the semiconductor/dielectric layer interface. This is what is known as

the field effect. The ability of carriers to move through the channel material when a drain-source
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voltage is applied is what is measured as mobility®°. Several factors can affect the mobility in
semiconductors. High interconnectivity between conducting domains and general isotropy in a
material improves mobility. In certain instances, especially in CP, anisotropy that aids alignment
in the direction of the OFET channel can also aid in increasing mobility®:. On the other hand,
inhomogeneities in conducting domains reduces charge transport and impurities and defects can
scatter charge carriers, reducing mobility. There are factors outside of the material properties that
may affect the measure field mobility. High carrier concentrations brought on by excessive doping
or charge injection can lead to increased carrier-carrier scattering. At high electric fields, the carrier
velocity may saturate due to increased scattering events, a phenomenon known as velocity
saturation which is used as an advantage in measuring saturation mobility.

Mobility can be experimentally determined by directly measuring the current-voltage
characteristics of a field-effect transistor. This measurement involves calculating the slope of the
linear region of the transistor’s transfer characteristics and applying the fundamental MOSFET
operation equations which are covered in the analysis section below.?? Understanding and
optimizing field-effect mobility is essential for designing efficient electronic devices. Higher
mobility allows for faster switching speeds in transistors and lower power consumption, crucial
for high-performance computing and mobile devices. Measuring the field effect mobility in CP
helps researchers understand not only the electronic performance of a given polymer structure, but
fundamentally aids in understanding polymer packing and morphology.

2.2.2 Device Fabrication

There are many architectures of FET, but the most common one used for organic field

effect transistors (OFET) is the one shown in Figure 2-8. It consists of 4 active layers: the bottom

is a conductive electrode that serves as the gate. This is followed by a layer that serves as an
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insulator to prevent charges from jumping from gate to active layer. After that is the active layer
of the semiconductor in question, and lastly is the electrodes that serve as the source and drain
charge injectors®. The process of fabricating an OFET follows the steps necessary to assemble
each of these films on top of each other.

Starting from the bottom, the gate electrode and the dielectric layer are usually
commercially available in the form of heavily doped single crystal silicon with a thermal oxide
layer of silicon dioxide grown on top of it. Since these wafers are widely available®, the single
crystal growth, doping and thermal processes required to generate the oxide layer will not be
covered in this work. On top of this layer, the active layer is spin coated. Typically, there are
challenges associated with creating homogenous thin films of conjugated polymers on wafers. The
first challenge is that of surface interaction. The surface of the silicon dioxide layer is decorated
with hydroxyl groups, which are polar in nature. In contrast, conjugated polymers are decorated
with alkyl side chains to aid in dissolving them and are nonpolar. The result is that hydrophobic
conjugated polymers and their solvents do not interact well with the hydrophilic surface of the
SiO2. If CP are spin-coated on the pristine surface, they most likely spin off and if they do manage
to adsorb to the SiOz, the film will present holes and inhomogeneities. To solve this issue, the field
has developed surface modifications with which to transform the hydrophilic surface into a
hydrophobic one. Alkylsilanes are molecules developed to modify hydrophilic surfaces with alkyl
chains®>%, They are composed of a nonpolar alkyl side chain connected to a silicon atom which
has also chlorine groups that are very reactive to polar hydroxyl groups. When these chemicals are
applied to pristine oxide surfaces, the ClI groups react with the hydrogen on the oxide layer,

bonding the silicon atom, and the alkyl chain attached to it to the oxygen atoms of the oxide layer.
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Figure 2-9 shows this process and the resulting structure®’. Because this reaction is limited to only
the surface atoms of the oxide layer, they form self-assembled monolayers (SAM). These thin

layers do not get in the way of the OFET function and functionalize the oxide layer so that nonpolar

i i
% H-C-H H-C-H
R R AN AN
FERE ’(I(I(I(I(I(I
o = - o~ i i
i TTTTITT o e 0 e O AN LI
PerEPT  PPTIIT e PPPPTT STYETY
Oxide layer penvdaration OXide layer  o.mation Oxide layer Oxide layer

— I — N —

Figure 2-9: Diagram showing the modification of hydrophilic oxide layers
by alkylsilanes to form hydrophobic self-assembled-monolayers (SAM)..
Figure reproduced from Li et al.

I.

solutions of CP can be spin coated into homogenous films to form an active layer. This work uses
two different techniques to form an alkysilane monolayer. One uses vapor deposition to slowly
form the layer on the oxide surface and the other uses solution spin-coating®°°. Both methods are
covered more in detail in the methods sections of Chapter 3.

On top of the SAM, the active layer is deposited as a thin film using spin-coating. The
morphology, thickness and contact resistance between the active layer and the surface electrodes
all impact the mobility of the completed OFET. Additionally, films can be thermally, and solvent
annealed after deposition to alter their morphology to improve charge mobility. To isolate just the
impact of the film morphology, the film parameters are optimized by changing spin-coating
parameters such as CP concentration, type of solvent, and spin speed. This work presents 4 papers
in which materials are used as the active layer for OFET fabrication, and for each one, the

parameters of the films were optimized by methodically varying each of the tunable parameters to
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obtain the best possible mobility. The last layer of the stack is the source and drain electrode layer.
For all the OFETSs fabricated in this work, this layer was formed by thermally evaporating gold
and depositing it slowly on the active layer surface which was covered by masks that had holes in
the shapes of the OFET channels.
2.2.3 Measurement and Analysis

Once the OFET is fabricated, it is tested in a nitrogen environment, usually a glovebox.
The testing setup consists of two source-measuring units (SMU). One SMU is used to apply a
potential between the source and the drain electrodes and measure current between them. The other
SMU is used to apply a potential between the gate and the drain electrodes. Typically, two types
of measurements are made that result in characteristic transistor curves. The first type generates
output curves which are obtained by sweeping the voltage between source and drain (Vsp) at a
fixed gate voltage (Vc) and measuring the current between source and drain (Isp). This type of
measurement is useful for getting an idea for the threshold gate voltage and it informs of the
saturation regime of the OFET. The saturation regime occurs when increasing Vsp no longer
increases Isp. This happens because a high Vsp causes a pinch-off point in the conducting region
created by the field effect. Within this pinch-off point, electron velocity is limited by scattering
events. This region can be clearly seen in Figure 2-10 as the region in which increasing source-
drain voltage no longer increases current. The saturation and linear regimes display slightly
different electron behavior, and so will have differing mobilities even in the same device. The
other characteristic curve is called the transfer curve and can be obtained by sweeping the gate-
source voltage at a constant drain-source voltage. This is usually set up to satisfy the conditions of
either the linear regime or the saturation regime. The linear regime is the regime where an increase

in Vsp correlates with increase in Isp. Mathematically, the linear regime occurs when (Ve-VT) >>
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Vsp and the saturation regime when (Ve-Vr) < Vsp. In Figure 2-10, for the transfer curve, a high

Vsp is selected so that the mobility extracted is a saturation regime mobility.
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Figure 2-10: Characteristic curves of an OFET measurement: (left) output curves and
(right) transfer curves.

Once the characteristic curves are measured, the mobility can be extracted using the

following relationship, which is only valid in the saturation regime:

WcCu
Isp = T(VG - VT)Z

2-6
In this equation, W and L are the channel width and length respectively, and C is the capacitance

per unit area of the insulator, which for SiOz2 is 10 nF-cm2. By solving for mobility and re-equating

for slope, one gets:

2L (6Tep)\
Har = (W)( 5V, )
2-7
Thus, the mobility can be extracted by fitting a linear slope of the square root of transfer curve in
the saturation regime. There is an equivalent equation and derivation for the linear regime, but this
work primarily uses the saturation mobility as a figure of merit. In addition to the charge mobility,
the threshold voltage (V) is easy to extract using either the output curves or extrapolating the

linear fit of the linear region in the transfer curve to the x-intersection. Lastly, on/off ratio (lon/lof)
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is a ratio of the current when the transistor is on to when it is on. It can be calculated by measuring

the highest and lowest currents achieved in the transfer curve.
2.3 Ultraviolet-Visible Absorption Spectroscopy

2.3.1 Basic Theory
Ultraviolet-visible light absorption spectroscopy (UV-Vis) is a widely used analytical
technique that measures the absorbance of light by a sample across the ultraviolet and visible
regions of the electromagnetic spectrum. This technique is based on the principle that molecules
absorb light energy, which excites their electrons from the ground state to higher energy states.
The energy required for this excitation is specific to the molecular structure and bonding
environment of the sample'®1%1, The UV-Vis region of the electromagnetic spectrum spans from
approximately 100 to 780 nanometers (nm), with shorter wavelengths corresponding to higher
energy. The technique involves measuring the absorbance of light by a sample as a function of
wavelength, which is typically plotted as a spectrum. The absorbance is calculated using the Beer-
Lambert Law, which relates the absorbance (A) to the concentration of the absorbing species (c),
the path length of the sample (b), and the molar absorption coefficient (¢)1%2.
A = ¢gbc
2-8
The feature peaks of UV-Vis spectra occur because of optical transitions. Optical
transitions refer to the electronic transitions that occur within a molecule when it absorbs light
energy. These transitions involve the promotion of electrons from a lower energy state to a higher
energy state, resulting in the absorption of light at specific wavelengths. There are several types of
optical transitions that can occur in molecules. © - 7* transitions involve the promotion of an

electron from a m bonding orbital to a @* antibonding orbital. n - 7* transitions involve the
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promotion of an electron from a non-bonding (n) orbital to a ©* antibonding molecular orbital. ¢ -
o* transitions involve the promotion of an electron from a ¢ bonding molecular orbital to a ¢*
antibonding molecular orbital. Additionally, several factors can affect the optical transitions in a
molecule. The molecular structure, including the presence of unsaturated bonds, lone pairs, and
electron-donating or electron-accepting groups, can influence the types of optical transitions that
occur. The solvent in which the molecule is dissolved can affect the optical transitions. For
example, polar solvents can cause a blue shift (shorter wavelength) in the absorption spectrum,
and non-polar solvents can cause a red shift (longer wavelength). Lastly, the presence of
conjugated double bonds in a molecule can lower the band gap, leading to absorption at longer
wavelengths. Understanding optical transitions is crucial in UV-Vis, as they determine the
absorption spectrum of a molecule. The absorption spectrum can provide valuable information
about the structure and properties of a molecule, including the presence of certain functional
groups, the degree of conjugation, and the energy levels of the molecular orbitals.

The instrumentation used in UV-Vis spectroscopy typically consists of a light source, a
monochromator or diffraction grating to select specific wavelengths, a sample holder or cuvette,
and a detector to measure the transmitted light. The choice of cuvette material is important, as it
can affect the absorbance cutoff, with quartz being a common choice due to its low absorbance

cutoff of around 160 nm.
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2.3.2 Model Fitting and Analysis

A typical CP UV-Vis spectra is shown in Figure 2-11. For many CP systems, specific
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Figure 2-11: UV-Vis Spectra of a thin film of P3HT on
glass. Additionally, an H-aggregate fit is shown
representing the electronic transitions. The x-axis is usually
wavelength in nm but was converted to energy in this
representation.

models are designed to capture their vibronic transitions and gleam structural and order
information from them. Shown in Figure 2-11, P3HT can be fit with a model developed by Spano
et al. which represents a weakly interacting chains H-aggregate model from which important chain
ordering parameters can be derived'%1%4, Other polymer systems can be analyzed by observing
parameters such as the wavelength at maximum absorption,Amax, Which indicates the degree of
conjugation or that a CP may have. In the figure above, the model is composed of various gaussian
curves, each of which represents one optical transition. Another parameter that is investigated in
conjugated polymer is the ratio of the peak heights of the 0-0 and 0-1 transitions. This ratio is
directly related with the exciton band width which can provide information about the general

degree of chain disorder.10510
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Chapter 3. Using Electronic Properties of Conjugated Polymers

to Understand their Structure-Morphology Relationships.

Field effect mobility and conductivity are important figures of merit commonly used to
assess the electronic performance of semiconducting materials. Often, studies published in the
field involve designing and synthesizing novel conjugated polymers (CP) and then extensively
characterizing their properties including their electronic properties. The morphological
characterization of the novel materials is used in these studies to explain the physical
characteristics such as mechanical behavior and electronic performance. In contrast to that are
studies that vary molecular structure or processing conditions in a known polymer system and use
extensive characterization to gleam trends from the variation. These trends can then be used to
understand more fundamental concepts of the structure-property relationships governing CP. This
chapter visits three instances of using field effect mobility or conductivity to not only assess the
electronic performance of the CP materials, but also to understand how their molecular structure

impacts the morphology.

3.1 Using Particle Scattering and Conductivity to Determine the Impact of Weight

Fraction and Solvent in Conjugated/Insulating Polymer blends.
This chapter section contains material from the following publication and the author would
like to acknowledge the contributions of all coauthors:
Wolf, C. M.; Guio, L., Scheiwiller, S. C., O’Hara, R., Luscombe, C., Pozzo, L. D. Blend
Morphology in Polythiophene-Polystyrene Composites from Neutron and X-ray Scattering.

Macromolecules 2021 54 (6), 2960-2978. DOI: 10.1021/acs.macromol.0c02512
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Statement on Distribution of Work: The work done herein was a combination of efforts by

Dr. Caitlyn Wolf, Dr. Sage Scheiwiller, and I. Specifically, I was responsible for the synthetic
component of one polymer used in this work, collection of the conductivity data, WAXS analysis,
and helping with SANS data collection. Dr Caitlyn Wolf and Dr. Sage Scheiwiller also collected
SANS and WAXS data. Dr Caitlyn Wolf performed the SANS data analysis and is the first author
of this paper. We also discussed ideas and conclusions from the data collaboratively prior to the
writing of this paper.
3.1.1 Introduction

Although P3HT has many excellent properties for use in organic electronic devices, it has
its limitations. One of those limitations is its instability in the real-world environment. P3HT is
known to degrade readily under air and sunlight exposure. Hintz et al. investigated the various
environmental factors that affected the stability of P3HT films using fluorescence quenching to
track the quantity of degradation products over time.1%7.1% They derived that the degradation
process starts with exposure to UV light, followed by photooxidation when exposed to sources
such as air and water. The result of oxidation and the generation of other degradation products
leads to a decrease in device performance in OPV’s and OFET’s. Furthermore, P3HT has a trade-
off in terms of properties. Kim et al. investigated the effect of changing the regioregularity of
P3HT on the mechanical properties of the material. As the regioregularity goes up, so does the
crystallinity of the P3HT material, making it much more brittle, prone to cracks and not durable.
However, that also comes with an increase in device performance as higher regioregularity leads
to higher crystalline regions and long-range crystalline order. The result is a tradeoff between a
good electronic device and a device that can resist mechanical stresses and stretch to adapt to the

human skin.

55



One of the available strategies to combat the weaknesses of polymers is blending various
polymers together. Blending polymers is a technique that polymer scientists have been using since
polymers were first formulated. Most commonly polymers are dissolved in a solvent that can
solubilize both and then cast. Making polymer blends can result in materials with properties from
both component and new properties that result from the interaction between them. Blends are

classified as either miscible, where polymer components are homogenously dispersed down to the

P3HT/PS in sol.
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Figure 3-1: Improvement of OFET
mobility of P3HT/PS blends using a
marginal mixed solvent system to induce
nanofiber formation.

molecular level, and immiscible where the two components form phase separated domains. Blends
lie in a gradient between miscibility and immiscibility; where this is largely determines the
interaction between them and the structures that are resulted from their phase segregation or lack
thereof. The structures that form when polymer blends phase separate, like in pure polymers, give
rise to the blend’s macroscopic properties. To improve the environmental stability and mechanical
durability of conjugated polymers, while keeping their electronic device abilities, researchers have

investigated blends of CPs in a matrix of an insulating commodity polymer, such as polystyrene
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or polyethylene. Goffri et al. blended high regioregularity P3HT with different types of commodity
polymer to compare the effect of varying the matrix polymer. The group blended P3HT with
commodity polymers of varying compatibility and crystallinity and measured their mobility using
thin-film OFET devices. They found that they could maintain OFET mobility comparable to that
of the neat P3HT by using amounts as low as 3 weight percent of conjugated polymer in the blends.
They also found that blending the semicrystalline P3HT with amorphous polystyrene resulted in
much lower hole mobilities than the semicrystalline polystyrene and polyethylene. They concluded
that to maintain good charge mobility, the blends needed to consist of phase separating components
that would allow the semiconducting component to form percolation networks. Lastly, they found
that the best mobility came when there was also vertical phase separation, which is ideal for a thin
film OFET device structure. Other researchers have similarly found success in maintaining good
OFET performance by encouraging vertical phase separation, which enriches the surface of the
active layer with the semiconducting material. 11

Another successful strategy in introducing the electrical properties of the semiconducting
CP into commaodity polymer blends is creating an environment that leads to pre-aggregation and
even nanowire formation of the CP in the solution state. Qiu et al. studied the influence of solvent
quality on the final solid-state morphology in P3HT-PS blends. They discovered that, like in the
neat films of CP, marginal solvents could be used to form P3HT nanofibers, which when dried in
a thin film, assembled into networks dispersed in the PS matrix that still maintained device
performance with a very low concentration of P3HT.'! Han et al. also found that choosing a
solvent with a high boiling point was useful for increasing the drying time of the blend and
encouraging phase separation for improved devices.''> The morphology of conjugated and

insulating polymer blends directly impacts the electronic abilities of the material.
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Ample research has been focused on improving material properties by creating blends.
However, the morphological behavior of CP in these blends has not been completely understood.
By investigating exactly how CP interact with the commodity polymer media and how processing
conditions change the interactions, researchers will be able to tune parameters and improve the
physical and electronic properties even further. There are numerous experiments focusing on
P3HT/insulating polymer blends, with most studies focusing on creating thin films and testing
their transistor performance. However, this figure of merit is useful only for the specific transistor
type that is being tested. In fact, Hou et al. has shown that vertical phase separation aids in
improved mobility only within 5-10 nm of the surface of the blend film. For this reason, it is
important to investigate the morphology and the electrical properties of CP/insulating polymer
blends within the bulk of the material and not just in very thin films. This is difficult to do with
traditional characterization methods, which typically use photons and electrons to probe structures
on the surface of materials. Probing bulk conformation also necessitates a technique that can
distinguish polymer phases in the blends at multiple length scales.

In this paper, CV-SANS was used to characterize the bulk conformation and self-assembly
behavior in polythiophene and polystyrene blends. For this chapter, the CV-SANS exploration is
only sufficiently covered to understand the bulk conformation and relate it back to WAXS and the
electronic characteristics. Polymers whose WAXS and Conductivity measurements are not used
in this work are omitted for clarity. A set of semi-crystalline polythiophenes with differing chain
packing properties were explored, including crystalline high regioregularity poly(3-
hexylthiophene) (RRe-P3HT) and amorphous low regioregularity poly(3-hexylthiophene) (RRa-
P3HT). The matrix polymer for all blends was an atactic (amorphous) PS. Solvents with a range

of CP solubilities: toluene, chloroform, and bromobenzene, were used to understand the effect of

58



processing conditions on the final blend morphology in the solid-state. CV-SANS was first used
to quantitatively define the CP structures formed in the matrix, such as nanofibers or globular
aggregates. Wide-angle X-ray scattering (WAXS) was then used to determine the nature of
crystalline phases within the blends. Finally, the bulk conformation was related back to the
macroscopic performance of these materials by use of conductivity measurements.
3.1.2 Materials

A set of CP were purchased from Rieke Metals (Lincoln, NE USA): poly(3-
dodecylthiophene) (P3DDT) (MW=39 kg mol-1, B=1.8, Product 4005-E), low regioregularity
poly (3- hexylthiophene) (RRa-P3HT) (MW=63 kg mol-1, B=2.4, Product 4007), and high
regioregularity poly(3- hexylthiophene) (RRe-P3HT-2) (MW=55 kg mol-1, D=2.4, Product 4002-
EE). Hydrogenated polystyrene (PS-H8) (MW=278 kg mol-1, D=1.07, Product P8610-S) and fully
deuterated polystyrene (PS-D8) (MW=305 kg mol-1, D=1.08, Product P19833-dPS) were
purchased from Polymer Source (Dorval, Montreal, Quebec Canada). All polymers were used as
received. For the preparation of solid samples, solvents of chloroform, toluene, and chlorobenzene
were purchased from Fisher Chemical (Waltham, MA USA), bromobenzene was purchased form
Aldrich Chemistry (St. Louis, MO USA), and fully deuterated toluene (toluene-D8) was purchased
from Cambridge Isotope Laboratories, Inc. (Tewksbury, MA USA). All solvents were used as
received. In addition to the purchase polymers, RRe-P3HT (MW=22.7 kg mol-1, b=1.2) was
synthesized following literature procedure!® with noted modifications:
Bromo(2-methylphenyl) bis(triphenylphosphine)nickel (11)

Nickel (1I) Bromide (2.19 g, 10 mmol) and triphenylphosphine (5.25 g, 20 mmol) were
added to a 3-neck flask with an attached condenser and dried under vacuum for 30 minutes. After

drying, 15 mL anhydrous THF was added. The flask was brought to 70° C and the mixture was
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refluxed for 2 h. Mg turnings (0.29 g, 12 mmol) were added to a Schlenk flask and flame dried
under vacuum. After drying, 1 M 2-bromotoluene in anhydrous THF (10 mL, 10 mmol) was added
dropwise to the Schlenk flask. The mixture was stirred for 1 h under darkness. The 3-neck flask
was allowed to cool to RT and the Grignard solution was injected into it. The mixture was stirred
for 20 minutes at RT and then quenched by pouring into methanol. The product was vacuum
filtered with fine glass frit, washed with methanol, and dried under vacuum. 3P NMR shifts: &
21.97 (s, 2P)
High regioregularity Poly(3-hexylthiophene)

1,3-bis(diphenylphosphino)propane (41.25 mg, 0.05 mmol) and bromo(2-methylphenyl)
bis(triphenylphosphine)nickel (1) (37.72 mg, 0.1 mmol) were added to a Schlenk flask, and dried
under vacuum for 30 min. After drying, anhydrous THF (2 mL) was added, and the mixture was
stirred for 2 h. 2-bromo-3-hexyl-5-iodothiophene (1.45 mL, 6.6 mmol) was added to a Schlenk
flask and degassed under vacuum for 30 min. Anhydrous THF (66 mL) was added to the Schlenk
flask, the flask was placed in an ice bath and 1.85 M isopropyl magnesium chloride in THF (3.24
mL, 6 mmol) was added dropwise over 30 min. Following addition, the flask was returned to RT,
and stirred for 1 h under darkness. The catalyst mixture was injected rapidly to the monomer flask
to start the polymerization. Immediately after injection, the flask was placed in an oil bath at 45C
to prevent precipitation. The polymerization proceeded for 2 h. The polymerization was quenched
with the addition of HCI (3 mL, 5 M). The polymer was precipitated into methanol (1000 mL) and
collected by vacuum filtration. The polymer was purified using Soxhlet extraction with methanol,
acetone, and hexanes. The polymer was extracted from the thimble with chloroform, then
precipitated into methanol and collected via vacuum filtration. The polymer was dried under

vacuum. *H NMR spectra were obtained on a Bruker AV-500 spectrometer using CDCls as
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solvent. Size exclusion chromatography (SEC) was performed using a Malvern Viscotek TDA 305
SEC with a UV and RI detector. Samples were run using THF as the eluent at a flow rate of 1
mL/min. The concentration of the polymer was 0.5 mg/mL. The molecular weight distribution is
determined by SEC, and the Mn is obtained by NMR end-group analysis. Regioregularity was
determined by comparing the ratio of integrations of the head-to-tail couplings against tail-to-tail
and head-to-head couplings; these showed the polymers to have >99% regioregularity within the
resolution of the NMR. 1H NMR Shifts: 6 7.43 (m, 2H), 7.24 (m, 2H), 6.98 (s, 1H), 2.80 (t, 2H
(2H between the peaks at 2.8 and 2.61), J = 7.7 Hz), 2.61 (t, 2H (2H between the peaks at 2.8 and
2.61), J = 7.6), 2.49 (s, 3H), 1.71 (quint, 2H, J = 7.6 Hz), 1.48-1.38 (m, 2H), 1.37-1.30 (m, 4H),
0.91 (t, 3H, J = 7.2 Hz).
3.1.3 Methods

The complete sample preparation process for solid polythiophene-polystyrene blends is
shown below in Figure 3-2. For each sample, a CP of either P3DDT, RRe-P3HT or RRa-P3HT
was dissolved in solution with either PS-D8 or PS-H8 at a total polymer concentration of 50
mg/mL. The ratio of CP and PS varied to correspond to solid-state polythiophene concentrations.
The fully deuterated PS-D8 was used to create sufficient contrast in samples that would be
characterized using SANS. The solvents used were toluene, chloroform, and bromobenzene as
they provided a range of solvent quality for the CPs. Toluene can be described as a moderate
solvent for polythiophene, chloroform a good solvent, and bromobenzene an excellent solvent.
These solutions were cast onto a watch glass on a hot plate at 50 °C to evaporate the solvent.
Bromobenzene solutions took approximately 3 hours to dry, toluene solutions took approximately
30 minutes, and chloroform solutions took approximately 12 minutes. Additional residual solvent

was removed by placing the sample ina 50 °C vacuum oven for 24 hours. Finally, the solid samples

61



were shaped with 2-3 cycles in a heat press at 150 °C, which was above the glass transition of the
PS and below the melting temperature of RRe-P3HT. Precision metal shims were used as a spacer

to ensure that any bubbles in the film would be removed, and the material would form a uniform
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) Solid Sample Images of
1. Dissolve 2. Evaporate solvent Conjugated Polymer and Polystyrene-D8
mixed polymer at 50 °C (or ambient Blends Cast from Chloroform

in solvent at conditions for a
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Figure 3-2: Sample preparation schematic for solid polymer blend films
comprised of a CP with PS-D8 or PS-H8 (not shown). CPs used in this work
included RRe-P3HT, RRa-P3HT and P3DDT. The concentration of CP in the
solid blend was targeted between 0.1 — 50

disc with a thickness of 254 um.
Small and Ultra-Small Angle Neutron Scattering

All SANS and USANS experiments were performed at the National Institute of Standards
and Technology (NIST) Center for Neutron Research (NCNR) in Gaithersburg, MD. SANS data
was collected using the NG-3 45m Very Small-Angle Neutron Scattering and the NG-7 30m
Small-Angle Neutron Scattering instrument, both configured for a Q-range of 0.002 - 0.1 A™.

USANS data was collected using the BT-5 Ultra-Small-Angle Neutron Scattering instrument
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configured for a Q-range of 0.00004 - 0.003 A, The NCNR SANS and USANS reduction
macros'!# for Igor Pro were used to reduce the data, integrating 2D scattering images to 1D
profiles, correcting for the instrument background, and to determine absolute scaling of scattering
intensity. Further SANS/USANS analysis and modeling was performed using the
SasView/sasmodels'>16 and bumps!!’ packages for Python. Solid samples were measured using
titanium and cadmium sample frames that enabled the beam to pass through the sample only.
Smearing of the USANS data for the solid samples was accounted for using the
SasView/sasmodels'>16 package, and so all USANS data for these samples is presented in the
smeared form.
Small Angle Neutron Scattering Data Analysis

In multi-component systems, one can grab the scattering equation and define it with respect
to the self- and cross-interaction terms between components!!8.119:

1@ =21 [(p = po)*Fu(@] + 2 Zic [(pi = po)(pj = po)Fij (@]

3-1
where F(Q) is the partial scattering function, and N is the number of components. In solid polymer
blends, one can expect three potential sources for contribution to the overall scattering intensity
that relate to (1) intrinsic PS-D8 density fluctuations, (2) isolated or ‘free’ CP chains and (3) phase
aggregated or self-assembled CP structures (e.g., globular domains, nanofibers). Each of these
contribute to the scattering intensity as they generate contrast with respect to the average PS-D8
SLD, p,. To a first approximation, one can assume that the cross-interaction terms in the second
part of equation 3-1 contribute negligibly to the total scattering intensity in comparison to the
primary contributions that relate to the shape factors of each anticipated morphology. The cross

terms only becomes significant to the intensity if the scattering domains are correlated.**® This
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would arise in our polymer blends if any of the structures contributing to the scattering intensity
were dependent on another, e.g. if the positioning of aggregated or self-assembled CP structures
were dependent on the position of the free polymer chains. However, in our samples we can expect
these structures to be randomly distributed and independent of each other. Therefore, by applying
a mass balance and removing the cross-term contributions, we generalize the scattering intensity
for each sample as:
1(Q) = ¢dcpZiemr [Xlep e (@1 + (1 = ¢ep)lps(Q) + background

3-2

where x,, is the fraction of CPs present in form k of K total conformations and Z5_,x, = 1,

Icp (Q) is the scattering intensity due to conformation k (e.g. phase aggregated CP or free

polymer chains), and Ip5(Q) is the scattering intensity from the density fluctuations of the PS-D8
phase.

The PS-D8 contribution, I,5(Q), is well defined by the Guinier-Porod model!15120.121 while
the CP contribution, Zx_; [xxIcp.(Q)], Was broken up into at most two contributions. Free
polymer chains could not be identified from the scattering profiles, which suggests that phase
separation dominates the morphology in most of these blends. It was possible, however, to model
large-scale phase separation using spherical or ellipsoidal form factors for the globular domains
and a long cylinder form factor for the nanofibers. Model names of ‘sphere’, ‘ellipsoid’,
‘sphere+cylinder’, and ‘ellipsoid+cylinder’ are used to indicate which form factors are included in
the CP contribution while always maintaining a CP mass balance. While not explicitly stated in
the naming convention, these combined models always include the intrinsic PS-D8 contribution
as shown below. However, we note that there is no molecular justification for the specific form

factors that were chosen (i.e. sphere vs. ellipsoid) to capture the globular domains of the conjugated
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component. We simply used the simplest models that would accurately capture the shape and
length scales of these globular domains. Therefore, in generalized terms, we will also refer to these
fits as ‘Globular Domains’ or ‘Globular Domains + Nanofibers’. To compare a common size
parameter between the sphere and ellipsoid globular domains that are formed in the samples, we
use the radius of gyration (Ry).

When fitting SANS and USANS data, the cylinder volume fraction of CP, ¢, was allowed
to vary following a normal distribution centered at the known CP concentration that is obtained
from UV-Vis Spectroscopy. Other parameters allowed to vary included Rgyperes Rpotar:
Requatoriatr Reytindgers @Nd Leyiinger When applicable. Finally, in the ‘spheretcylinder’ and
‘ellipsoid+cylinder’ models, the fraction of CP present in either sphere/ellipsoid or cylinder form
xwas allowed to vary within a uniform distribution from 0 to 1. We fit the combined globular
domain radius of gyration data to a logistic function to determine a critical concentration, C.,;;, at

the transition from small to large globular domains:

H
1+ exp[-W(In(mcp) — In(Cerit))]

In(R;) =B +

3-3

where B is a vertical shifting parameter, H is the height of the transition, W is the width of the
transition, m.p is the mass fraction of conjugated polymer in the sample, and C_,;; is the midpoint

or inflection point of the transition. Other models used in this work are included in Appendix A.

Wide-Angle X-ray Scattering
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SAXS and WAXS data for the samples containing PS-D8 were collected at the 9ID
beamline at the Advanced Photon Source at Argonne National Laboratory.?>-124 The instrument
used an X-ray source of 21 keV and a beam size of 0.8 x 0.8 mm with a flux density of
approximately 5 x 102 photons/second/mm?. SAXS and WAXS data were collected with exposure

times of 10 seconds each. Samples were mounted using custom designed 3D-printed 48-sample
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Figure 3-3: Example multi-gaussian fit of wide-angle
X-ray scattering (WAXS) data for a solid blend of 10
weight percent of RRe-P3HT in PS-D8 cast from
chloroform.

frames'? that enabled execution of remote experiments during COVID-19 constrained access.
SAXS and WAXS data were reduced, de-smeared, and corrected to absolute intensity using the
Nika package'?® for Igor Pro. This package was also used to combine the data from the SAXS and
WAXS detectors to produce datasets that will be referred to as “WAXS data’ for the remainder of
the work.

WAXS data for additional samples batches containing either RRe-P3HT-2 or RRa-P3HT
in PS-H8 were measured using an Anton-Paar (Graz, Austria) SAXSess X-ray scattering
instrument. The instrument was operated in line collimation mode with a Cu-Ko source

(wavelength of 1.54 A). Solid polymer blends were placed in a custom, 3D-printed frame to hold
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the sample in place and ensure the X-ray beam passed through the middle of the sample. The
sample chamber was held under vacuum at ambient temperature (approx. 20 °C) during all
measurements. Data was collected using Fujifilm (Greenwood, SC USA) image plates and read
using a PerkinElmer Cyclone (Covina, CA USA) image plate reader. The Anton-Paar SAXSQuant
software was used to reduce data from 2D scattering images to 1D plots of scattering intensity (1)
versus scattering vector (Q), remove contributions from the background and desmear the data.

Analysis of WAXS data was performed using the SasView/sasmodels'*>1%6 and bumps*’
packages for Python. The PS-D8 peaks were first fit using three gaussian distributions for the
polymerization peak, amorphous peak, and a trailing background peak.'?” For blend samples,
peaks relating to the [100] and [010] reflections of the polythiophene crystal were fit in the 0.25-
0.35 Al and 1.6-1.7 A ranges, respectively. These reflections pertain to the lamellar and -
stacking directions of the crystal, respectively, and are shown in Figure 3-3 with an example of
these fits.
UV-vis Spectroscopy

A Thermo Scientific (Waltham, MA USA) Evolution 300 UV-Visible Spectrophotometer
was used for all measurements. UV-Vis spectroscopy was used to determine the final
concentration of CP in the solid polymer samples. This was important to accurately determine the
actual concentration in the final blend sample, after all processing steps, rather than relying solely
on the ‘target’ concentration. An accurate concentration was also critical to modeling of
experimental SANS profiles by minimizing adjustable parameters and subjecting model fits to
constraints that will meet the mass-balance of components in all phases. For all SANS modeling,
the corrected concentration in wt% was first converted to a volume fraction using a CP density of

1.1 g/mL and a PS-D8 density?8-1% of 1.13 g/mL. Although the volume fraction was used for
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SANS modeling, all CP concentrations will be discussed here in units of wt% to be consistent with
relevant works!3-1%6 in the literature.
Conductivity Measurements

Conductivity measurements were performed on an Ametek (Berwyn, PA, USA) Parstat
4000a Potentiostat using RHD Instruments (Darmstadt, Germany) TSC SW closed measuring cell.
The samples were first prepared by blade coating square electrodes on each side of the films with
silver paste. The square electrodes had a side length of roughly 2mm. The DC current was
measured across the thickness of the samples (254 um) as potential was applied ranging from 1-
10 V. The conductivity was then derived using geometric calculations. For high resistance
samples, the entire measuring cell was enclosed in an aluminum mesh lined enclosure to shield
from electromagnetic interference.
3.1.4 Results
Bulk Phase Morphology of Polythiophene/Polystyrene Blends

We modeled the data over the entire range of USANS and SANS to quantitatively describe
the CP structures that are formed within the PS-D8 matrix. We first account for the contribution
to the scattering due to the PS-D8 phase using the Guinier-Porod model. By performing
simultaneous fits of several pure PS-D8 samples and by using the Porod exponent from the
previously performed Porod analysis (not covered in this text), we can find a dimensional
parameter of s = 2.5, a radius of gyration of 180 A and a scale of 2.1x10 that adequately capture
the natural density fluctuations of the samples that give rise to Ipg(Q). Ips(Q) is scaled
appropriately for each sample based on the known volume fraction of CP as obtained from UV-

Vis while all other parameters of the Guinier-Porod model are held constant.
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Figure 3-5: SANS and USANS data for blends made from (a) RRa_P3HT and
(b) P3DDT in PS-D8 cast from solutions in chloroform. The CP phase was
modeled using sphere or ellipsoid fits. All combined models include a common
Guinier-Porod fit to account for the PS-D8 phase, and a representative Guinier-
Porod fit for a PS-D8 control sample is shown.

To account for the CP scattering contribution, I.p , (@), we utilize sphere, ellipsoid and/or
cylinder form factors to model the SANS and smeared USANS data for each sample. For blends
comprised of RRa-P3HT or P3DDT in PS-D8 cast from solutions of chloroform, a sphere or
ellipsoid model adequately captures the CP phase for all samples as shown in Figure 3-5. For these
samples, the overall intensity increases, and we observe the Guinier region shifting to lower Q-

values as the concentration of the CP increases. This suggests that there is growing phase
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Figure 3-4: Radius of gyration for the globular domain phase (spheres, ellipsoids)
in all replicate blends cast from chloroform. A fit of the logistic function is
provided as a trendline to guide the eye and estimate. Vertical and horizontal error
bars correspond to the standard deviation of and CP concentration.
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separation as the CP loading increases and this is confirmed by plotting the globular domain radius
of gyration in Figure 3-4. For each sample, we note a significant jump in domain size at a critical
concentration (Cerit) unique to each conjugated polymer. We approximate these transitions with a
log function to be at least 6.5 wt% for RRa-P3HT samples, 1.4 wt % for P3DDT samples, and 1.4
wt% for RRe-P3HT. The RRa-P3HT displays larger globular domains and a lower interfacial
concentration, indicating more phase separation.

WAXS measurements allow us to probe the crystallinity in these phase-separated structures
within the polythiophene-polystyrene blends. Shown in Figure 3-6 is the WAXS data for blends
comprised of RRa-P3HT and P3DDT in PS-D8 cast from solutions of chloroform. There are three
broad peaks that correspond to the PS-D8 phase. In the RRa-P3HT samples, the WAXS profiles
only show broad peaks across all length scales that indicate a fully amorphous form in both the
RRa-P3HT and PS-D8 phases. However, the P3DDT show the presence of additional sharp peaks
that appear above the PS-D8 background, indicative of crystalline regimes within the CP phase.

WAXS measurements confirm the conformation change that we observed with visual inspection

12 P3DDT in PS-D8 from Chloroform 1.2 RRa-P3HT in PS-D8 from Chloroform
’ 0.05 wt% P3DDT  —— 2.66 wt% P3DDT ’ —— 0.02wWt% RRa-P3HT —— 3.53 wt% RRa-PIHT
0.33 wt% P3DDT 5.01 wt% P3DDT 0.21 wt% RRa-P3HT 6.58 wt% RRa-P3HT
0.78 wt% P3DDT 0.53 wt% RRa-P3HT
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Figure 3-6: WAXS data for blends made from P3DDT (left) and RRa-P3HT (right)
in PS-D8 cast from solutions in chloroform.
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of the color changes in these samples. As they dried, they formed stiffer chains that phase separated
into CP-domains with both crystalline and amorphous regimes.
Solvent Effects of Nanofiber Formation

The SANS profiles for the P3DDT/PS-D8 blends across samples cast from solutions in
bromobenzene, chloroform, and toluene, are shown in Figure 3-7. A sphere or ellipsoid model is
adequate for capturing the growing, globular phase domains of P3DDT as the CP concentration
increases. When plotting the radius of gyration of the globular domains we again find a significant
jump in the size of these domains at a critical concentration. The domains in samples cast from
chloroform are typically smaller than in samples cast from bromobenzene or toluene at the same
P3DDT concentration.

WAXS results for P3DDT blends cast from solutions in bromobenzene, chloroform, or
toluene are shown in Figure 3-7. A prominent lamellar peak at approximately 0.25 A= grows
larger with increasing weight fraction but is minimally affected using different solvents. However,

we also note that at no condition is a m-stacking peak observed (expected at approximately 1.7
A=1). This indicates suppression of crystal growth in the m-stacking direction and confirms the

SANS results that showed no indication of nanofiber formation.
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Figure 3-7: (Top row): SANS and USANS data for blends made from P3DDT and PS-D8
cast from solutions in bromobenzene, chloroform, toluene. The conjugated polymer phase
was modeled using sphere or ellipsoid fits. All combined models included a common
Guinier-Porod fit to account for the PS-D8 phase. A representative Guinier-Porod fit for a
PS-D8 control sample is also shown on all plots. (Bottom row): WAXS data for blends
comprised of P3DDT and PS-D8 cast from solutions of the same solvents.
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For most of the blends comprised of RRe-P3HT and PS-D8, a globular domain model alone
(i.e. spheres or ellipsoids) was found to be insufficient to adequately model the data of the CP
phase. Given that RRe-P3HT has a high propensity for self-assembly into nanowires, a model for
elongated nanostructures was necessary to adequately model the data. Although it is well-
established that P3HT nanowires form with a rectangular cross-section04137-139 we find that a
simpler cylindrical model was also sufficient to model the nanofiber structures while limiting the
variables of our fit. Thus, we use sphere+cylinder or ellipsoid+cylinder models to capture the CP
that is present in either large globular domains (i.e. spheres or ellipsoids) or in a nanofiber structure
(i.e. cylinder). The presence of cylindrical nanostructures is most evident in slope changes

occurring at mid- to high-Q in the scattering profiles of RRe-P3HT and PS-D8 blends as shown in
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Figure 3-8. When considering the RRe-P3HT that is present in globular domains with or without
the presence of nanofibers, we again observe growing aggregates that are similar in size to those
created by the RRa-P3HT and P3DDT. We also see again a critical concentration associated with
the size of these domains that we estimate at less than 0.097 wt% for RRe-P3HT samples cast from
toluene, 1.4 wt% for samples cast from chloroform, and at least 10 wt% for samples cast from

bromobenzene shown in Figure 3-9a. The model fits also allow us to further investigate the relative
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Figure 3-8: (Top row): SANS and USANS data for blends made from high regioregularity
RRe-P3HT and PS-D8 cast from solutions in solvents indicated. The CP phase was
modeled using sphere, ellipsoid, sphere+cylinder or ellipsoid+cylinder fits. All combined
models included a common Guinier-Porod fit to account for the PS-D8 phase, and a
representative fit for a PS-D8 control sample is also shown. (Bottom row): WAXS data for
blends comprised of RRe-P3HT and PS-D8 cast from solutions in solvents indicated.

amounts of RRe-P3HT that was present in the nanofiber form, as shown in Figure 3-9b. As the
solvent evaporates during the drying stage of these blends, the effective polymer concentration in
solution increases and allows for RRe-P3HT to self-assemble into nanofibers. This process can be

affected by the polymer-solvent interactions (i.e. solubility, polarity) and by the time allowed for
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self-assembly. Chloroform and bromobenzene were respectively the fastest and slowest solvents
to evaporate from the blends, but both types of samples result in approximately the same amount
of nanofiber formation. The toluene samples, however, show the highest concentrations of
nanofibers at the same total CP concentrations across most of the range, suggesting that the less
favorable interaction between RRe-P3HT and toluene, a known moderate solvent, is the
dominating factor in this process, not the time allowed for self-assembly.

WAXS can characterize the preferred growth direction for crystals within the CP phase.
Also shown in Figure 3-8 is the WAXS data for a set of RRe-P3HT and PS-D8 blends cast from
solutions in bromobenzene, chloroform, and toluene. The broad amorphous peaks at
approximately 0.75 and 1.4 A~* correspond to scattering from the PS-D8 phases. The peaks at

approximately 0.4 A~* and 1.7 A~ can be attributed to the lamellar and m-stacking distances
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Figure 3-9: (a) Radius of gyration for the globular domain phase (spheres, ellipsoids) in blends
of RRe-P3HT in PS-D cast from chloroform, toluene, or bromobenzene. A fit of the log function
is provided as a trendline and to estimate. (b) Concentration of CP present in the nanofiber form
versus CP concentration in the blends of RRe-P3HT and PS-D8 cast from solutions in
chloroform, toluene or bromobenzene. Dashed lines show polynomial fits to guide the eye only.
(c) Pi-stacking: lamellar peak height ratio for all replicates of RRe-P3HT and PS-D8 or RRe-
P3HT-2 and PS-H8 blends cast from solutions in bromobenzene, chloroform, and toluene.

within the P3HT crystal structure. Many works in the literature'37140141 have found that P3HT
nanofibers prefer to grow lengthwise in the m-stacking direction, rather than the lamellar direction.

As solvent quality is reduced from bromobenzene to chloroform and to toluene, we observe that
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the rr-stacking peak height is increasing relative to the lamellar peak height. This is quantitatively
captured in Figure 3-9c by plotting the lamellar to m-stacking peak height ratio as a function of
RRe-P3HT concentration and solvent quality. This plot, however, also shows this same analysis
applied to samples of RRe-P3HT-2 and PS-H8 and we do not observe the same effect of solvent
on the degree of crystallization in the r-stacking direction. This suggests that nanofiber formation
is also dependent on the conjugated polymer’s molecular weight. Nevertheless, these results also
suggest that nanofiber formation begins while the samples are still in the solution phase and
confirm the direct influence of solvent quality on the morphology in the final solid film state.
Blend Conductivity

We aim to relate the nano-scale morphology of CP/PS blends to their performance metrics.

Conductivity results for bulk films are provided in Figure 3-10. Many of our samples were found

Conductivity Measurements RRe-P3HT

@ Toluene ®
Bromobenzene
® Chloroform
1077{ @ RReP3HT
O RReP3HT 2 °
= O P3DDT
£
g 10—8,
>
=
2
=
S 107
©
c
A= o)
9 O no T
10—10_ Qe 4 -
o o ©
10—11,
10° 10!

Conjugated Polymer wt%

Figure 3-10: Conductivity data for blends comprised of RRe-P3HT
or P3DDT in PS-D8 or blends comprised of RRe-P3HT-2 in PS-
H8 cast from solutions in toluene, bromobenzene or chloroform.

to be highly insulating, likely due to the use of relatively thick samples (~254 um), which reached

the sensitivity limits of the instrumentation. Additionally, our samples are not doped, a common
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approach for increasing the electronic conductivity of CPs.!#? Overall, as we increase the
concentration of the conjugated component, we observe a marked improvement in the conductivity
for all measurable samples. For RRe-P3HT and RRe-P3HT-2 blends, the conductivity appears to
correlate with a higher m-stacking: lamellar peak height ratio, suggesting that the nanofibers
improve electronic performance of the bulk material. For P3DDT blends, only minimal
conductivity was observed.
3.1.5 Discussion

An advantage of utilizing combined neutron and X-ray scattering analyses is we can gather
a rich, quantitative description of the bulk phase morphology in these polythiophene-polystyrene
blends that would not be accessible with microscopy methods due to the opaque nature of the
samples and the limited contrast between the two organic phases. To aid in visualization of the
different observed morphologies, we provide in Figure 3-11 a schematic of the proposed bulk
structure for the CP phase in these blends. The CP is shown as either free polymer chains,
amorphous/crystalline phases, or nanofibers. The SANS data for all RRa-P3HT and P3DDT and
blends were fit with either sphere or ellipsoid models to characterize ‘globular’ domains, which
suggests a strongly phase-separated network of CPs is formed within the PS-D8 matrix. However,
the crystalline peaks present in the WAXS data for P3DDT blends indicate that although these
materials are not self-assembling into structures such as cylinders, they are still forming coexisting
amorphous and crystalline regimes within the CP phase, which is like the behavior observed in
pure CP solid-state materials. We find a purely amorphous blend morphology in RRa-P3HT
samples and a semi-crystalline blend morphology in the P3DDT blends. As CP concentration

increases, we see for each CP component a unique critical concentration at the transition from
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small spherical globular domains to larger ellipsoidal domains. Moreover, these transitions show
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Figure 3-11: Proposed morphology of the CP phase in blends of RRe-
P3HT, RRa-P3HT, and P3DDT with PS-D8

that blends of polymers form smaller globular domains, P3DDT form moderate globular domains,
and RRa-P3HT form the largest globular domains.

For all RRe-P3HT blends, however, we find that a nanofiber structure coexists with phase-
separated semi-crystalline ‘globular’ domains within the PS-D8 matrix. The proportion of
nanofibers increases as the RRe-P3HT concentration increases and as the solvent quality
decreases. This nanofiber morphology of the RRe-P3HT blends can form a dense network that
facilitates charge transport pathways across the bulk of the film, as shown by the WAXS peak
analysis and conductivity results. This is most evident in the samples of RRe-P3HT and PS-D8
cast from solutions in chloroform where we observe a significant increase in the -
stacking/lamellar peak height ratio (indicative of more nanofiber formation) that correlates with
an improvement of conductivity by multiple orders or magnitude. The blends created from RRe-

P3HT-2 and PS-H8 did not show a clear effect of solvent on the degree of nanofiber formation in
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the blend or the conductivity of the sample. However, the degree of folding of the RRe-P3HT
chain, which increases with molecular weight, has been shown to play a role in the dimensionality
and exciton coupling of nanofibers.104.137.143

The neutron scattering data uncovered another important behavior in these blends. We find
that a critical concentration (Ccrit) develops to delineate a sharp transition between ‘small’ and
‘large-scale’ phase-separated globular domains. We hypothesize that at this critical concentration,
smaller globular aggregates of the CP phase begin to coalesce with others forming the larger
aggregates. For RRe-P3HT samples, Cerit Systematically increases with solvent quality. As solvent
quality decreases, it is more favorable for these globular domains to aggregate resulting in a lower
critical concentration. However, the critical transition (Cerit) in globular domains for RRa-P3HT
and P3DDT samples does not appear to trend simply with the expected polymer-solvent
interactions.

The use of different solvents in the RRe-P3HT blends also showed a significant impact on
the degree of nanofiber formation in these samples. Conversely, we did not observe any nanofiber
formation in the P3DDT blends, only globular domains of the CP phase that were minimally
affected by solvent choice. This suggests that there are complex interactions occurring in the
solution phase, not only between the CP and solvent but also between the CP and PS-D8 phases,
that affect the final, solid-state morphology. Nanofiber formation has been shown in the literature
to occur across a range of poly(3-alkylthiophenes),#4-146 with formation influenced by side-chain
length, molecular weight of the polymer, and the solvents used to encourage the fiber formation.
The solvents chosen in this work have varying ranges of solubility for P3HT specifically. Due to
the higher molecular weight of our P3DDT material, as well as its increased solubility (due to the

longer alkyl side chains), we expect processing to result in less nanofiber formation compared to
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RRe-P3HT. It is also worth noting that, although we see the most nanofiber formation in RRe-
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Figure 3-12: Correlation plot between conductivity and the ratio
between the peak heights of the lamellar and =-Stacking peaks RRe-
P3HT and RRe-P3HT-2 blends cast from chloroform. Solid and dashed
lines overlaid on the data are linear fits with R-values of 0.796 and
0.715 of PS blends with RRe-P3HT and RRe-P3HT-2, respectively.

P3HT samples cast from toluene (a moderate solvent), we still observe significant nanofiber
formation in samples cast from bromobenzene and chloroform (good solvents). In a pure solution
of RRe-P3HT in either of these solvents, we would expect nanofiber formation to be difficult and
limited. However, there are additional factors in the solution state to consider, such as CP-PS
interactions, solvent drying time, and starting concentrations, that can significantly affect self-
assembly and the solid-state morphology. In our RRe-P3HT blends, we found that higher nanofiber
formation resulted in higher mt-stacking/lamellar peak height ratios extracted from the WAXS data,
indicating a preferred crystal growth direction in the m-stacking direction. When we investigate
the conductivity in these same samples, we find that the higher m-stacking/lamellar peak height
ratios can be directly correlated to increased conductivity. P3DDT blends which displayed no

nanofiber growth resulted in conductivities that were comparable to RRe-P3HT, and RRe-P3HT-
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2 blends that showed the least amount of nanofiber formation (low m-stacking/lamellar peak height
ratios). However, the performance in these blends is multiple orders of magnitude lower than that
of the blends with significant nanofiber formation and was only minimally within the sensitivity
of our instruments, emphasizing the importance of the crystallization in the m-stacking direction
and formation of nanofiber networks in these systems. To further highlight this relationship, Figure
3-12 shows a correlation plot between conductivity and the m-stacking/lamellar peak height ratio
from WAXS for RRe-P3HT blends with PS-D8 cast from chloroform. The P3DDT blends did not
show a visible m-stacking peak. The preferred growth of crystallization (m-stacking) is in-fact
shown to have a significant influence on the performance in these systems.
3.1.6 Conclusions

In this work, we have used both SANS and WAXS to characterize blends comprised of
RRe-P3HT, RRa-P3HT, and P3DDTin PS-D8. These conjugated and commodity polymer blends
are advantageous for reducing costs of the material and improving mechanical stability while also
maintaining charge transport properties of the conjugated component. A combined neutron and X-
ray scattering approach enabled access to the bulk morphology in these systems that are not
accessible with common microscopy methods. Model fitting of the SANS data found the CP to
phase separate from the PS-D8 and form various, complex structures within the matrix component.
RRa-P3HT formed an amorphous globular phase separation morphology while P3DDT displayed
similar globular phases with both amorphous and crystalline regimes, as confirmed by WAXS
(semi-crystalline morphology). Finally, RRe-P3HT samples were found to form both semi-
crystalline globular domains and nanofibers. Fitting of the SANS data also found a critical

concentration at which the blends make a significant transition from smaller to larger globular
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domains, a behavior that has not yet, to the best of our knowledge, been observed in these
conjugated and non-conjugated polymer blends.

By comparing RRe-P3HT blends cast from solutions in different solvents (bromobenzene,
chloroform, or toluene), we were able to determine that the less favorable interactions between the
CP and toluene, a moderate solvent, were a primary driving force in the formation of nanofibers.
Samples cast from toluene showed a constant and higher percentage of RRe-P3HT in nanofiber
form when compared to samples cast from chloroform and bromobenzene, indicating that
nanofiber formation begins to occur in the solution phase.

Finally, we relate the phase morphology to performance in these blends with conductivity
measurements. The m-stacking to lamellar peak height ratio from WAXS results, which is
indicative of nanofiber formation, was found to be directly correlated to the blend conductivity
indicating that these nanofiber networks were critical to forming sufficient charge transport
pathways across the bulk of the RRe-P3HT blends. As CP blends are increasingly explored in
flexible device applications, it is important that fundamental relationships between processing
decisions (e.g. solvent, temperature, evaporation rate), the blend morphology, and charge transport
are well understood so that they may be used to improve and control material and device

performance.
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3.2 Trends in mobility help elucidate the interdigitating behavior of side chains in

IDT based conjugated polymers.

This chapter section contains material from the following publication and the author would
like to acknowledge the contributions of all coauthors:

Sommerville, P. J. W., Balzer, A. H., Lecroy, G., Guio, L., Wang, Y., Onorato, J. W.,
Kukhta, N. A., Gu, X., Salleo, A., Stingelin, N., and Luscombe C. K. Influence of Side Chain
Interdigitation on Strain and Charge Mobility of Planar Indacenodithiophene Copolymers. ACS
Polymers Au 2023 3 (1), 59-69. DOI: 10.1021/acspolymersau.2c00034

Statement on Distribution of Work: The work done herein was a combination of efforts by

all the authors. Specifically, I was responsible for the fabricating and testing organic field effect
transistors and collection of hole mobility data. The first author, Dr. Sommerville, synthesized the
polymers used in this paper and performed the overall analysis. Dr. Garrett Lecroy collected the
GIWAXS data and aided in analysis and peak assignments. We also discussed ideas and
conclusions from the data collaboratively prior to the writing of this paper.
3.2.1 Introduction

Increased interest in deformable electronic devices such as e-skin, wearable sensors,
stretchable organic photovoltaics, soft robotics, and stretchable organic field effect transistors
warrants the development of intrinsically deformable electronic materialst®1%147:148 TI-conjugated
polymers (CPs) can be utilized as a semiconducting material within deformable devices because
of their tunable electronic properties and wide variance of mechanical properties?. As is the case
for commodity polymers and their applications, a single CP often does not satisfy the various

optoelectronic, semiconducting, or mechanical requirements imposed by a given deformable
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electronic application. Polymers with different elastic moduli, elongation at breaks, rheological
properties, stress-strain profiles, solubilities, optoelectronic profiles, and hole mobilities are, thus,
required to fulfill the various needs of certain applications. This warrants the further development
of structure-property relationships for CP systems to guide the design of new intrinsically
deformable CPs to address this need.

Side chain substitution has been shown to impact the materials properties of semicrystalline
CPs. For both poly(3-alkylthiophene) (P3ATs) and DPP-based CPs it has been shown that
increasing the length or increasing branching of side chains results in increased extensibility and
decreased elastic modulus.*4°-15 This is caused primarily because of a resultant decrease in both
glass transition temperature (Tg) and the amount of load bearing interactions that occur between
polymer backbones during deformation, with both effects affording these materials an enhanced
ability to reorganize polymer chains during strain'*8. It is important to consider however that the
side chain modifications can also lead to changes in the overall polymer assembly and the resulting
thin-film microstructures that manifest differences in hole mobility.152153

Poly(indacenodithiophene-benzothiazdiazole) (PIDTci16-BT) (Figure 1) is the most studied
IDT-copolymer and has displayed charge mobilities of up to 10 cm? V-1 s 11 In terms of
mechanical properties, PIDTc16-BT, like most polymers, is brittle at low molecular weight (Mn =
12 kg/mol) with a crack onset strain (CoS) of just 3%,% extensible up to 22% of its original length
at significantly higher molecular weight (Mw = 295 kg/mol);*° and it has elastic moduli ranging
from 150-750 MPa depending on molecular weight.'®% Similarly to PIDTc1-BT,
poly(indacenodithiophene-thiopyrollodione) (PIDTc1s-TPDc1) (Figure 1) has a highly coplanar
backbone, limited long-range order, a CoS of 3%, an elastic modulus ranging between 110 to 410

MPa; and it displays unole equal to that of PIDTci6-BT when processed under the same
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conditions.'® In contrast to both PIDTc16-BT and PIDTcis-TPDc1, the more torsioned IDT-
copolymer poly(indacenodithiophene-benzopyrollodione) (PIDTcis-BPDc1) is much more
extensible than PIDTc16-BT, displaying a CoS of 75% at low molecular weight (Mn = 14
kg/mol).15 The backbone torsion in PIDTc1s-BPDc1 has the positive effect of generating a 360°
side chain extension profile which allows the system to undergo plastic deformation, but the
backbone disorder negatively impacts charge mobility.'>” Comparing the mechanical and
electronic properties of these IDT-copolymers highlights the necessity of backbone planarity for
low energetic disorder and thus high unote, as well as the impact that side chains have on the
mechanical deformation of IDT-copolymers. Therefore, altering the side chains of PIDTc16-BT
and PIDTc16-TPDc1, which are both coplanar, is a potential strategy to endow each polymer system
with increased extensibility and decreased elastic moduli without significantly altering their unole.

Five distinct IDT-copolymer systems are synthesized and investigated herein to determine
the impact that side chain substitution has on the mechanical and electronic properties of planar
IDT copolymers. The structures of these polymers are shown in Figure 3-13. There are two
polymer samples with the PIDTci6-BT backbone structure. They differ in the length of the alkyl
side chain on the IDT unit of backbone. These two polymers, which are referred to as the BT-
containing IDT-copolymers, are PIDTci16-BT and PIDTc20-BT due to the hexadecane (Cis) and
isodecane (C2o) side chains covalently bound to the IDT monomer unit. Three polymer systems
were synthesized with the PIDTc16-TPDc1 conjugated backbone structure. These systems, which
are referred to as TPD-containing IDT copolymers, differ in the length and degree of branching of
alkyl side chains stemming from the TPD monomer unit. These TPD-containing systems are
referred to as PIDTci16-TPDci, PIDTcis-TPDcs, and PIDTci6-TPDciss due to the methyl (C1), octyl

(Cs), and (6-ethyl)-undecane (Ci3g) side chains that are covalently bound to the TPD monomer
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unit of each respective polymer. The “13B” notation of PIDTcis-TPDciss signifies that the side
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Figure 3-13: The structures of the BT-containing IDT copolymers which vary in the length of each
side chain extending from the IDT monomer (left) and the TPD-containing IDT-copolymers which
have the same side chains at the IDT monomer and vary side chain character at the TPD-position

(right).

chain contains 13-carbons in total and is branched. Each of the TPD-containing systems have IDT

monomers with linear Cis side chains.

We observe that IDT-copolymers with no or methyl side chains on their acceptor unit
(PIDTc16-BT, PIDTc20-BT, and PIDTc16- TPDc1) display a (001) scattering peak in their GIWAXS
profile that is representative of parallel alignment of polymer backbones with translational order
within their thin films. For this arrangement of polymer backbones to occur, we hypothesize that
it is necessary for the long and linear side chains stemming from the IDT unit to interdigitate with
the side chains of neighboring chains. The lengthened and branched side chains on the TPD-
monomer unit in PIDTcis-TPDcs and PIDTcis-TPDcase prohibit interdigitation and side chain
ordering, affecting in turn the backbone assembly. Due to the lack of side chain interdigitation,
PIDTc16-TPDcs and PIDTci16-TPDc13s seem to show improved ductility and decreased elastic

moduli. However, while these polymers retain their backbone planarity, they display reduced unole
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— an observation that provides further evidence for the importance of parallel alignment of IDT-
copolymer backbones with translational order to achieve high unoe. In contrast, PIDTc16-BT,
PIDTc20-BT, and PIDTcis-TPDc1 have higher unole but are more brittle. These results demonstrate
that side chain substitution of IDT-copolymers affects their ability to interdigitate causing them to
be more disordered. As a result, IDT-copolymers with a denser side chain attachment display
reduced unole, reduced elastic modulus, and increased elongation at break.

3.2.2 Materials

Full details are provided in the published article supporting information. A representative
polymerization procedure is described below. All other polymerizations were carried out using a
similar procedure.

Synthesis of PIDTc16-BT

Poly(4-methyl-7-(4,4,9,9-tetrahexadecyl-7-methyl-4,9-dihydro-s-indaceno[1,2-b:5,6-
b']dithiophen-2-yl)benzol[ c][1,2,5]thiadiazole)

This was performed as reported previously.'> A mixture of IDTc16 (58.2 mg, 0.05 mmol),
BT-Brz2 (14.7 mg, 0.05 mmol), tris(dibenzylideneacetone)dipalladium(0) (2.3 mg, 5 mol%), tris(o-
anisyl)phosphine (1.8 mg, 10 mol%), cesium carbonate (81 mg, 0.25 mmol) and pivalic acid (2.6
mg, 0.025 mmol) in o-xylene (1 mL) was degassed and filled with nitrogen in a pressure reaction
tube. The tube was sealed and the mixture was heated at 100 °C for 16 h, then cooled to room
temperature and precipitated into methanol (100 mL). The precipitate was filtered through a
Soxhlet thimble and then purified by Soxhlet extraction with methanol, acetone, and hexanes. The
hexanes fraction was collected, and the solvent was removed by rotary evaporation. The residue
was dissolved in chloroform and precipitated into methanol. The precipitate was collected by

filtration and dried under vacuum to afford a deep blue solid in 68% yield. (500 MHz, CDCls, 6,
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ppm): 8.10 (s, 2H), 7.95 (s, 2H), 7.39 (s, 2H), 2.08 (s, 4H), 1.96 (s, 4H), 1.17 (m, 112H), 0.85 (t,
12H).

Five different IDT-copolymer samples were prepared using direct arylation polymerization
(DATrP). Unalkylated IDT- and TPD-monomers, and the alkylated monomers IDTci6 and TPDcz,
were synthesized as previously reported.'> The monomer IDTc20 was synthesized by alkylating
the IDT core with 1-bromoicosane instead of 1-bromohexadecane. The TPDcs and TPDciss
monomers were synthesized by alkylating the TPD core with 1-bromooctane and 6-(bromoethyl)-
undecane, respectively, in place of methyl iodide. Following our previously utilized procedures,
direct arylation polymerization was used to synthesize PIDTc16-BT, PIDTc20-BT, PIDTc16-TPDc1,
PIDTcis-TPDcs, and PIDTcie-TPDcises.'®” These polymers were subjected to 'H NMR
spectroscopy and size exclusion chromatography at 30 °C to characterize their chemical structure
and Mn. The degree of polymerization (DP) can be used to compare the size of each polymer
system, given the fact that the mass of the donor-acceptor (D-A) repeat unit varies greatly due to
the variation in alkyl chain content in each system. Based on DP, all polymers can be designated

as belonging to the low-molecular weight regime (Table 3-1).

Table 3-1: Molecular weight, polydispersity, degree of polymerization and combined molecular
weight of comonomer units for each IDT-based copolymer used in this study.

Polymer Sample M, (g/mol) H Combined M.W. of Comonomer Units (u) _
BT 1.8 8

11000 8 1297

21000 2.8 1521 14
9000 17 1326 7
ISJONEIO 000 18 1426 g
14000 2.1 1496 9

3.2.3 Methods

NMR Characterization
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'H NMR and C NMR spectra were collected on a 500 MHz Bruker AV500 NMR
spectrometer. CDCls was used as solvent and the measurements were conducted at room
temperature.

SEC Characterization

The polymer molecular weights (vs. narrow dispersity polystyrene standards) were
determined using a Viscotek TDA 305 gel permeation chromatography (GPC) system with
combined UV detector at 30 °C, using chlorobenzene at a flow rate of 0.5 mL/min as the eluent.
Optoelectronic measurements

UV-Vis absorption and PL spectra were measured on a Varian Cary 5000 UV-Vis-NIR
spectrometer and a Horiba Fluorolog FL-3 spectrometer, respectively. Solution measurements
were performed in chloroform solutions with a polymer concentration of 0.05 mg/mL. Thin films
used for measurement were spin cast from a chloroform solution with a polymer concentration of 5
mg/mL onto cut glass substrates.

Crystallographic measurements

Grazing incidence wide-angle X-ray scattering (GIWAXS) measurements are conducted
at Stanford Synchrotron Radiation Lightsource, SLAC National Accelerator Laboratory, Beamline
11-3. An incident X-ray energy of 12.7 keV was used. The incidence angle a of the X-ray beam
was 0.1°. Scattering intensity was detected with a Rayonix MX225 CCD 2D area detector, and
sample to detector distance was calibrated with a LaB6 polycrystalline standard. Data is reported
in terms of the scattering vector, q = (4m/A)sin(0), where 0 is the angle of scattering. GIWAXS raw
data was corrected for distortions introduced by the area detector with Nika 1D SAXS'*® and
WAXStools®™® software packages in Igor Pro. Polymer films for GIWAXS were prepared in the

same method as those prepared for CMS described above.
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Field Effect Mobility Measurements

Heavily boron-doped silicon substrates with a 300 nm (£ 5 nm) thick thermal oxide layer
(University Wafer) as a gate dielectric were used for the thin-film field-effect transistors (FETS).
Substrates were first scrubbed with detergent and water and then sonicated in DI water, acetone,
and IPA for 15 min per solvent, followed by drying under a stream of compressed nitrogen. The
substrates were then cleaned in a plasma cleaner for 15 min using air plasma. To passivate the
thermal oxide, a vacuum vapor deposition of octadecyl trichlorosilane (ODTS) on the cleaned
substrates was used. After the ODTS deposition, the substrates were rinsed with chloroform
(CHCI3) and IPA to remove any physiosorbed ODTS from the surface. The polymer layer was
then spin-coated from a 5 mg/mL solution of each polymer in CHCIs at 1500 RPM for 60 s onto
the ODTS passivated substrates in a N2 environment. Gold electrodes were thermally evaporated
onto the active layer to a thickness of 100 nm at a rate of 0.5 A st . The gold was evaporated from
an alumina coated Mo boat and the electrodes were deposited through a shadow mask. After
electrode deposition, the devices were tested for charge mobility, threshold voltage and current
on/off ratio. The devices had a top-contact bottom-gate architecture with a channel width of 1000
pm and a channel length of 50 um. They were tested in a nitrogen atmosphere using a Signatone
Probe Station and two Keithley 2400 Source-Measure units. The transfer curves were collected in
the saturation regime, where the linear section of the curve was fitted to estimate the charge
mobility using the following equation:

_WCu

Ip = T(VG —V,)?

where Ip is the drain-source current; [ is the charge mobility; W is the channel width; L is
the channel length; C is the capacitance per unit area of the insulator (SiO2, 300 nm, 10 nF-cm).

Ve is the gate voltage; and Vt is the threshold voltage. The threshold voltage was obtained by
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fitting the linear region of the Ip¥? vs Ve curve and extrapolating to Ip = 0. Measurements were
averaged from at least five transistors across three substrates and devices.
Pseudo free-standing tensile tests

Thin film tensile tests were performed on the water surface through pseudo-free-standing
tensile tester. Details about the tensile stage setup can be referred to our previous publication.6°
Briefly speaking, the polymer thin films (90 nm) were patterned into dog-bone shape by oxygen
plasma etching process and floated on top of water before being further unidirectionally pulled at
astrain rate of 5 x 107* s™! until the film fractures. At least six independent samples were measured
for each conjugated polymer to provide statistically averaged mechanical properties. The elastic
modulus was obtained from the slope of the linear fit of the stress—strain curve using the first 0.5%
strain (elastic region).
3.2.4 Results and Discussion

As is expected for IDT copolymers, GIWAXS for each polymer displayed broad and
diffuse crystallographic signals as shown in Figure 3-14. The pi-stacking peak (010) is expected
in the 1.6-1.65 A-1 region. Its absence and the broad peak at 1.2 — 1.5 A-1 suggest disordered side

chains, short coherence lengths and reduced crystallinity?! for all the polymers and can therefore
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Figure 3-14: Linecuts of the 2D GIWAXS spectra in the Qxy direction (in-plane, left) and
Q: direction (out-of-plane, right) of each IDT-copolymer is shown. The (001) signal is
labeled for clarity. The full 2D spectra can be found in the Sl of the published article.
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be lacking long-range crystalline order'’. The in-plane (100) signal can be seen for the TPD-
copolymers at 0.25 A-1 indicating interlamellar spacing of ~24-25 A. Additionally, the out-of-
plane (100) signal is observable in both the BT and TPD copolymers suggesting that all polymers
have some parallel alignment with the BT series being oriented more edge-on. PIDTc16-BT,
PIDTc20-BT, and PIDTci6-TPDca displayed an in-plane (001) backbone signal, which indicates
translational order of rigid IDT-copolymer segments,*6* while PIDTc1s-TPDcs and PIDTcise-
TPDci3s do not show this peak. The (001) peak position of the BT-containing systems is at a
slightly higher Q-value than observed for PIDTcis-TPDci due to slight differences in the backbone
repeat-unit length. It has been observed in scanning tunneling microscopy measurements that side
chains of PIDTc16-BT interdigitate tightly when aligned in parallel.'®? The interdigitation of alkyl
side chains is perhaps a necessary condition for the translational order, or precise intermolecular
shifts, of IDT copolymer backbones, and thus for the appearance of the (001) reflection. Having
long side chains on every monomer rather than every other monomer is effectively increasing the
side chain attachment density, which has been shown to inhibit side chain interdigitation in CPs.*63
Thus, it is reasonable to suggest that the absence of a (001) signal in PIDTc1s-TPDcs and PIDTc1e-
TPDc13s thin films is due to the long (and branched in the case of PIDTcis-TPDc13g) alkyl side
chains extending from the TPD monomers, which disrupts the uniform pattern by which side
chains extend away from the IDT copolymer backbone when only the IDT monomer is alkylated.
The regular extension of alkyl chains from the IDT monomer unit alone, provides sufficient space
for interdigitation with side chains of neighboring, and parallelly aligned, macromolecules.
Representations of interdigitating IDT-copolymers with lower side chain attachment density and
IDT-copolymers with increased side chain attachment density are shown in Figure 3-15. While the

presence of the (001) signal in a thin film arises from just a fraction of polymer chains, the
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Figure 3-15: IDT-coponmers with side chains on only the IDT subunit (blue block) are
able to interdigitate side chains and show translational order between the chains (a) and
IDT-copolymers with side chains on the IDT-monomer and TPD-monomer cannot
interdigitate t heir side chains and therefore do not align as precisely (b).

alignment of IDT copolymers is an arrangement that does impact the electronic properties of
resultant thin films,'®! and may impact the mechanical properties of IDT-copolymer thin films
studied herein.

The UV-Vis absorption spectra of all polymers in solution and thin films are shown in
Figure 3-16. BT-containing IDT-copolymers exhibit more pronounced redshifts in absorbance
maximum than TPD-containing systems upon casting into thin films from solution suggesting that
they adopt a higher degree of planarization in the solid state. In solution the BT-containing
polymers have visible but less pronounced 0-0 transitions compared to the TPD-containing
polymers, for which the transition is strongly pronounced. All polymers studied herein display a
pronounced 0-0 transition in thin films. This 0-0 transition is indicative of J-aggregation

behavior,'®* and has been observed in PIDTcis-BT and PIDTci6-TPDc1 previously.!%>157 The
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Stokes shift of the TPD-containing IDT copolymers in solution is approximately half that of the
BT-containing IDT copolymers. This suggests that the TPD-containing systems may in fact be

more planar and rigid than the BT-containing systems, 6> which is in agreement with previously

Thin Film Absorbance

1.0 wme PIDT,,-BT
w— PIDT, BT

Solution Absorbance Solution Photoluminescence

1.0 e PIDT,,(-BT
w— PIDT ;BT

10 w— PIDT1-8T
— PIDTe-BT

081

061

044

024

0.04

300 400 500 600 700 800

300 400 500 600 700 800

w— PIDT,,-TPD,,
PIDT,-TPD,
== PIDT,,-TPD, 135

e PIDT - TPD,,
PIDT - TPD,
= PIDT,-TPD; 134

— PIDT 3 TPDs

Arbitrary Units

01

0-0

0.2 :0 24 ",4 I
0.0 ool loo
300 400 500 600 700 80 : 600 620 640 660 : 300 400 500 600 700 800
Wavelength (nm)
662 656 598 604 604
46 49 26 2 2

Figure 3-16: (Top)Solution and thin film absorption spectra and solution photoluminescence
spectra for each IDT-copolymer. (Bottom): Table showing wavelength at maximum absorption
and the stokes shift for each polymer.

performed density functional theory calculations comparing PIDTc16-BT to PIDTc16-TPDc1.1%®
The similarity in Stokes shift between PIDTci16-TPDc1, PIDTc16-TPDcs, and PIDTc16-TPDci3s
suggests that the planarity and rigidity of the polymer backbone is not altered by side chain
substitution. Within each IDT copolymer family, the optoelectronic properties are strikingly alike,
suggesting that the side chain substitution at these positions minimally impacts the optoelectronic
properties of IDT copolymers.

Film-on-water thin film tensile measurements were performed to quantify and compare the
mechanical properties of the IDT-copolymers.1® The stress-strain curves of all polymer systems

except PIDTci6-TPDc1 are shown in Figure 3-17. Five samples were tested for each polymer and

93



the thickness of the films ranged from 50-61 nm. PIDTcis-TPDc1 was too fragile to load onto the
strain stage for reliable measurement. Comparing PIDTc16-BT to PIDTc20-BT, a slight increase in
extensibility is observed when increasing the length of the alkyl side chains on the IDT subunit.
The PIDTc16-BT sample is very brittle and fractured within 1% of strain at this low molecular
weight. The PIDTc20-BT sample did elastically deform until fracture was observed at 2% strain.
We suggest that the needed molecular reorganization is inhibited by the interdigitation of this
polymer’s side chains, which leads to embrittlement of the material by preventing plastic
flow.167.168 \We ascribe the slightly larger elongation at break of PIDTc20-BT system compared to
PIDTc16-BT to the former’s higher average molecular weight. Moreover, we find that increasing

the length of the IDT-unit side chain does not lead to a significant decrease in elastic modulus,
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Figure 3-17: (Top Left): Representative stress-strain curves obtained through film-on-
water elongation measurements for all IDT-copolymers except PIDTc1s-TPDc1, which was
too brittle to be tested. The colored ‘X’ on each line denotes the elongation at break of eact
material for clarity. (Top Right): Representative OFET transfer curve. (Bottom): The
mechanical properties and hole mobility of each IDT-copolymer are tabulated. The elastic
moduli of PIDTc16-BT is effectively infinite because of the verticality of the stress strain
curve.The PIDTcis-TPDc1 material was too fragile to be loaded onto the strain stage for
measurement.

supporting the view that increasing side chain length does not have a significant plasticizing effect.
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In contrast, both PIDTc16-TPDcs and PIDTc1s-TPDc13s Were able to undergo plastic deformation
during elongation, despite low molecular weight. As a result, these polymers displayed average
elongation at break values of 7% and 16% for PIDTcie6-TPDcsand PIDTcie-TPDcass, respectively.
Side chain substitution at the TPD-position led to reductions in elastic moduli, with PIDTcue-
TPDcsand PIDTci6-TPDcasg displaying elastic moduli of 14 MPa and 50 MPa respectively. The
elastic moduli, when compared to other reported polymers (e.g., diketopyrrolopyrrole (DPP)-based
polymers have elastic moduli ~150 — 480 MPa;*° P3HT has been reported to have elastic moduli
~200-300 MPa'®%) are remarkably small despite these two polymers’ backbone rigidity. These
attributes increase their suitability in wearable or e-skin devices due to a modulus which is more
closely related to that of skin.!’® We moreover suggest that the decreased elastic moduli of
PIDTc16-TPDcs and PIDTc1s-TPDc13s and the ability to plastically deform, is due to the lack of
side chain order caused by the inclusion of longer side chains on the TPD unit.2”* From a structural
perspective, it is the increased density of alkyl side chains on PIDTcis-TPDcs and PIDTcaies-
TPDcass that hinders side chain order (i.e., side chain interdigitation), which in turn provides these
materials with a greater ability for backbone reorganization upon plastic deformation.63
Intriguingly, inclusion of the branched side chain leads to an increase in elastic modulus,
suggesting that there may be increased interactions between the branched side chains on the TPD
monomer and other side chains in the system. The higher elongation at break of PIDTc16-TPDc13s
compared to PIDTci6-TPDcs is potentially due to the larger and branched side chain on the
TPDc13s monomer shielding the backbone more than the linear side chain of the TPDcs monomer,
enabling backbone motions. Moreover, by increasing the attachment density of alkyl side chains
from every other to every monomer repeat unit, through inclusion of long alkyl side chains on the

TPD unit, IDT copolymers can be made more extendable and make them feature a significantly
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decreased elastic moduli. This may occur because of limited or hindered side chain interdigitation
and thus more facile reorganization of the polymer backbone during elongation.

OFETSs were fabricated so that the electronic properties of each IDT copolymer could be
assessed. Measurements were averaged from at least five transistors across three substrates and
devices, and the film thickness ranged from 20-30 nm. These results are shown in Figure 3-17. We
believe that the high uncertainty seen in unole in some samples reflects inhomogeneities in film
thickness. All polymer samples display threshold voltages similar to our previous reports on IDT-
copolymers.t> When assessing average unote, lengthening of alkyl side chains decreases the znole
and on/off current ratio in every case. The unole Of PIDTc20-BT and PIDTci6-BT remain on the
same order of magnitude. In contrast, the unole Of PIDTc16-TPDcs and PIDTcie-TPDciss are
reduced by an order of magnitude compared to PIDTci6-TPDci. It is observed that PIDTci6-TPDc1
and PIDTc16-BT have the same OFET characteristics, which corroborates our previous reports.%°
One interpretation of decreases in unole is that arrangements that enhance p-orbital overlap and
facilitate intermolecular charge transport, including parallel chain alignment as found for PID T c16-
TPDc1, PIDTc20-BT and PIDTc16-BT, are hindered in PIDTci16-TPDcs and PIDTci6-TPDc13g. 162
Accordingly, our data suggest that the inability of polymer side chains to interdigitate, and thus
form 2D aligned structures, may be responsible for the decrease in unoe 0f PIDTc16-TPDcs and
PIDTc16-TPDciss.

3.2.5 Conclusion

Increasing the side chain attachment density of IDT-copolymers from every other
monomer unit to every monomer unit has widespread effects on electronic and mechanical
properties of their thin films. With increased side chain attachment density comes an inability for

side chains to interdigitate. This is supported by the absence of the (001) reflection in PIDTcue-
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TPDcs and PIDTc16-TPDci3s. Consequently, these systems display order of magnitude less unole
than PIDTc16-BT, PIDTc20-BT, and PIDTc16-TPDc1, which do exhibit interdigitation of their side
chains and thus display parallel and translational ordering of their backbones. In contrast, because
of the lack of side chain interdigitation, PIDTci6-TPDcs and PIDTcis-TPDcis thin films can
dissipate strain through plastic deformation; exhibiting greatly improved elongation at breaks and
remarkably low elastic moduli. This suggests that side chain interdigitation is a major contributor
to preventing polymer chain reorganization of IDT-copolymers while under strain. Inhibition of
interdigitation can endow planar IDT-copolymers with reduced elastic moduli and the ability to

deform plastically under strain.
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3.3 The Impact of extended conjugation of IDT-based copolymers on strain charge
mobility.

This chapter section contains material from a publication that is in preparation for
manuscript submission and the author would like to acknowledge the contributions of all
coauthors:

Lin, A., Lecroy, G., Sharif, A., Guio, L., Tran, H., Luscombe, C. K. Synthesis of
thienopyrrolodione-based donor-acceptor polymers via direct arylation polymerization for
improved mechanical and electrical properties. Under Preparation

Statement on Distribution of Work: The work done herein was a combination of efforts by

all the authors. Specifically, 1 was responsible for the fabricating and testing organic field effect
transistors and collection of hole mobility data and analysis. Angela Lin synthesized all polymers
and collected polymer characterization data unless otherwise specified. Garrett Lecroy collected
GIWAXS data and provided analysis. Adnan Sharif collected film-on-elastomer strain
measurements. We are collaborating in the writing of the manuscript together.
3.3.1 Introduction

In the study in Chapter 3.2, the molecular structure of IDT-based copolymers was modified
to increase the polymer deformability with the aim of also retaining good hole mobility. The
acceptor unit was varied from BT to TPD, and alkyl side chains of various lengths were decorated
on the TPD acceptor unit. The result was an increased side chain density on the backbone chain
which disrupted side chain interdigitation. This disruption successfully caused an increase in
deformability but came at the cost of electronic performance via hole mobility. A material that

could retain and enhance both a low elastic modulus and high charge mobility is desirable.

98



One of the modifications to the IDT-based copolymer structure that has been used to tune
the parameters of the polymer is that of the IDT backbone unit itself. One strategy employed is
extending the pi-conjugated system of the fused ring structure by adding more fused aromatic
rings. This has been done in multiple studies to modify IDT when coupled with a BT acceptor
unitt®2172173 The impact of additional fused rings depended on the size of the addition and the
order. For the polymer in which benzothiophene was added to the IDT core, the charge mobility
decreased compared to the unmodified IDTc16-BT. It was expected that the addition of more fused
planar rings would increase the backbone planarity of the chain and reduce backbone chain
disorder. However, it was found that the decrease in the side chain density created free volume
leading to impurities in the side chains that lead to increased disorder. For the polymer in which
only a thiophene ring was added to each side of IDT, there was a slight increase in hole mobility.
It was found that there was no significant decrease in backbone disorder, except when the polymer
films were annealed. In fact, after annealing at high temperatures, the chain disorder substantially
decreases and the hole mobility increases. It appears that extending the IDT core unit by one
thiophene does not disrupt the sweet spot of side chain density between too packed which disrupts
interdigitation and too loose which introduces disorder. This paper takes inspiration from that work
to improve the ordering of the PIDTc16TPDcs.

Another modification commonly employed in CP to improve their properties is controlling
the molecular weight. Increasing molecular weight has been shown in various IDT-based polymers
to increase both crack-onset strain and hole mobility. For those polymers, these improvements also
came with an increase in the modulus of elongation, which is not desirable for elastic electronics.
The polymers studied thus far for increased molecular weight all included the BT acceptor unit;

the study has not been attempted at higher molecular weights with a TPDcs unit which already
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shows promise as a more elastic polymer (previous paper). The desire to maintain atom efficiency
by using direct arylation polymerization (DArP) has traditionally limited the molecular weights
achieved by the reaction. Recently, Lizuka et al. attained increased molecular weight and
decreased defect formation in DATrP reactions of donor acceptor copolymers by using a mixed-
ligand approach’4.

In this study, the synthesis of IDT-based polymers by DArP is improved upon by using
TMEDA as an additional ligand that allows the reaction to achieve much higher molecular weights.
Two distinct IDT-copolymer systems are synthesized and investigated herein to determine the
impact that an extended conjugated IDT core and increased molecular weight has on the strain
characteristics and charge mobility of planar IDT-copolymers. The study aimed to decrease the
side chain density displayed by PIDTcis-TPDcs with the addition of a core spacer in the form of
fused thiophenes on each end of the IDT donor unit. It was expected that this modification would
create additional space along the backbone, effectively decreasing the side chain density that was
disrupting side chain interdigitation. It was expected that better interaction between polymers
would improve hole mobility while at the same time still allowing the polymer to retain high
deformability. Additionally, the increased molecular weight was expected to augment both hole
mobility and deformability of the polymer as has been demonstrated for similar IDT-based
systems. It was found that the increased molecular weight improves elasticity in the polymer
systems as well as hole mobility. The extended IDT core system displayed increased chain
ordering indicative of interdigitation, but it did not lead to a marketable increase in the hole

mobility.
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3.3.2 Materials
Chemicals used in this study were purchased from Sigma-Aldrich and Combi-Blocks and
were used as received. The donor units (IDT and IDTT) were purchased from Derthon OPV Co

Ltd and used as received. All reactions were carried out in air unless specified. Figure 3-18 shows

S

a.g Br Pd,(dba),,
\ P(o-MeOPh),, * Ar S
+ A TMEDA, \ |

O7™N7T0 Cs,CO,,

oMy PivOH 07N O
g - > CgH17
d'BrTPDca o-xylenes, 100°C

Ar: CigHazaC16Hs3 c LigHaz

16Ha3 4, s

CqgHaa CieHas
Low M_ (10 kg/mol)
C16

Low M, (11 kg/mal)

IDT IDTT,,

Figure 3-18: Reaction Scheme and molecular
structure of TPDcs (top). Molecular structures of the
core donor unit of each polymer system and the
synthesized molecular weights (bottom).

the typical DATrP reaction scheme for IDT-based polymers with the notable addition of a TMEDA
ligand. Higher molecular weights were achieved with a simple reaction scheme. Also shown are
the molecular structures of the donor and acceptor units as well as the molecular weights achieved
for each polymer system. Figure 3-19 shows the size exclusion chromatography (SEC)
characterization and NMR spectra indicating the degree of polymerization along with images of
the dry polymers. Synthetic details including monomer synthesis are omitted in this work and will

be in the supporting information of the published article.
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Figure 3-19: Pictures of the start and finish of the polymerization as well as
pictures of the dry polymers at each molecular weight synthesized (left).
Aromatic region of the NMR spectra for each polymer (middle). SEC
profiles indicating molecular weight for each polymer (right).

3.3.3 Methods
NMR characterization

'H NMR, HSQC, and HMBC spectra were collected on an Agilent DD2 NMR 500 MHz
spectrometer with a dual resonance (OneNMR) probe and *3C NMR spectra were collected on an
Agilent DD2NMR 500 MHz spectrometer at 25°C equipped with a cryoprobe. HSQC spectra were
collected with a gHSQC pulse sequence and the HMBC spectra were collected with a gc2HMBC
pulse sequence. Quantitative *H NMR spectra for polymers were recorded on an Agilent DD2
NMR 500 MHz spectrometer at 25°C with a pulse angle of 90°. Quantitative *H NMR spectra was
acquired after first performing an inversion-recovery T1 experiment (array = 15) to determine T1s
for p(IDT-BT) (longest T1 = 3.6 seconds) and then setting the d1 of consequent *H spectra to at

least five times the length of the highest T1 measured to ensure full relaxation of signals
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(p(IDTBT): d1 = 20 seconds; p(IDTT-TPDcs), p(IDT-TPDcs): d1 = 25 seconds). Chemical shifts
for all NMR spectra are reported in parts per million (ppm) and referenced to residual protonated
solvent (CDCls: & 7.26 for *H and & 77.16 for 13C).
SEC characterization

The polymer molecular weights (vs. narrow dispersity polystyrene standards) were
determined using a Tosoh EcoOSEC High Temperature GPC system equipped with an RI detector
at 135 °C, using 1,2,4-trichlorobenzene stabilized with BHT (0.015%) as the eluent at a flow rate
of 0.5 mL/min. The polystyrene standards were purchased from Tosoh Bioscience LLC (oligomer
kit) and a calibration curve built using A-2500, A-5000, F-1, F-2, F-4, F-10, F-20, F-40, F-80, and
F-128. Data processing was performed using the ECoSEC Data Analysis software (version 1.14).
Optoelectronic measurements

UV-vis absorption spectra were measured on Agilent Cary 7000 UV-Vis-NIR Universal
Measurement spectrophotometer (spectral range 170 - 3000 nm, double beam instrument) and a
100% transmittance sample was recorded as a blank using chloroform in a quartz cuvette. PL
spectra were measured on a Horiba Fluorolog-3 spectrofluorometer with an excitation wavelength
of 420 nm and emission spectra collected from 500 to 800 nm. Solution measurements were
performed in chloroform solutions (polymer concentration: p(IDTT-BT) - 0.01 mg/mL; p(IDT-
BT) and p(IDTT-TPD cs) - 0.02 mg/mL; p(IDT-TPDcs) - 0.06 mg/mL. Thin films used for solid-
state absorption measurements were spin cast from a chloroform solution with a polymer
concentration of 5 mg/mL onto 5 by 5 mm glass substrates.
Crystallographic measurements (GIWAXS)

Samples for GIWAXS measurements were prepared by spin-coating 5 mgmL-* polymer

solutions in CHCIs onto lightly doped n-type silicon substrates with a native oxide layer. Polymer
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solutions were stirred at 55°C overnight and filtered with 0.45-micron PVDF filters prior to spin-
coating. Spin-coating was performed at 1500 rpm for 60 seconds, yielding films of ~50-60 nm
thick. All sample preparation was performed in a nitrogen glovebox (O2 < 0.5 ppm).

GIWAXS measurements were performed at Stanford Synchrotron Radiation Lightsource,
SLAC National Accelerator Laboratory, Beamline 11-3. A flat area detector (Rayonix MAR-225)
was used. The X-ray incident energy was 12.7 keV and an incident angle of 0.1° was used.
GIWAXS data was corrected for geometric distortions imposed by the flat area detector and
reduced/analyzed using a combination of Nika 1D SAXS and WAXStools software packages in
Igor Pro.1? All data is reported in terms of the scattering vector, Q where Q = 4 sin(0)/A where 0
is the scattering half angle and A is the incident X-ray wavelength. All GIWAXS measurements
were performed in a helium purged chamber to minimize X-ray air scatter and sample beam
damage.
Charge transport property measurements

Heavily boron-doped silicon substrates with a 300 nm (£ 5 nm) thick thermal oxide layer
(University Wafer) as a gate dielectric were used for the thin-film field-effect transistors (FETS).
Substrates were first scrubbed with detergent and water and then sonicated in DI water, acetone,
and IPA for 15 min per solvent, followed by drying under a stream of compressed nitrogen. To
passivate the thermal oxide, a self-assembled monolayer of octadecyl trimethoxy silane (OTMS)
was deposited on the cleaned substrates using a literature technique with slight modifications.? The
substrates were cleaned in a plasma cleaner for 15 min using air plasma. They were then quickly
spin coated with a solution of 3 mM OTMS in trichloroethylene. The substrates were placed in a
chamber that was being fed nitrogen through a bubbler with saturated ammonium hydroxide into

the chamber overnight at room temperature and ambient pressure. The substrates were rinsed with
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toluene and then isopropyl alcohol for 5 minutes each to remove any physiosorbed ODTS from
the surface, followed by drying under a stream of compressed nitrogen. Polymer solutions were
stirred at 55°C overnight and filtered with 0.45-micron PVDF filters prior to spin-coating. The
polymer layer was then spin-coated from a 5 or 10 mg/mL solution of each polymer in CHCl3 at
2000 RPM for 60 s onto the OTMS passivated substrates in a nitrogen environment. Gold
electrodes were thermally evaporated onto the active layer to a thickness of 100 nm at a rate of 0.5
A s1. The gold was evaporated from an alumina coated molybdenum boat and the electrodes were
deposited through a shadow mask. After electrode deposition, the devices were tested for charge
mobility, threshold voltage and current on/off ratio. The devices had a top-contact bottom-gate
architecture with a channel width of 1000 um and a channel length of 50 um. They were tested in
a nitrogen atmosphere using a Signatone Probe Station and two Keithley 2400 Source-Measure
units. The transfer curves were collected in the saturation regime, where the linear section of the

curve was fitted to estimate the charge mobility using the following equation:

Iy = M;—i‘u(vc - VT)Z

where I, is the drain-source current; p is the charge mobility; W is the channel width; L is the
channel length; C is the capacitance per unit area of the insulator (Si02, 300 nm, 10 nF-cm2). V,
is the gate voltage; and V; is the threshold voltage. The threshold voltage was obtained by fitting
the linear region of the I, vs V; curve and extrapolating to I, = 0. Measurements were averaged
from at least five transistors.
Film-on-elastomer: Crack onset strain and buckling measurements

PDMS (Sylgard 184, Dow Corning) was prepared by vigorously mixing the base resin and

the curing agent in 20:1 (by weight) ratio, pouring into a Petri dish, and leaving under dynamic
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vacuum at ambient temperature for 2 hours before curing at 65 °C for 12 h in an oven. The PDMS
strips were then cut (4 cm x 1 cm x 0.5 cm) with a scalpel.

Bare Si wafers were cleaned with acetone, MeOH, and DI water and then dried under
vacuum before being plasma treated (ambient air, 150 mTorr, 3 minutes; PE-50 Plasma Etcher).
The substrates were then spin coated with 3 wt% PSS (aq. DI water, 120 uL) at 4000 rpm for 60
seconds and annealed at 80°C for ~10 seconds to drive off remaining water. Polymer solutions
were prepared by dissolving in anhydrous chlorobenzene at a 10 mg/mL concentration and stirred
on a hot plate with a magnetic stirrer at 50°C for 2-4 hours before filtering through a 0.22 um
PTFE filter. Filtered polymer solutions were spin cast onto the Si wafers (drop on and then spin
coat, not annealed) at 1500 rpm for 60 seconds.

For crack onset strain measurements, the polymer thin films were transferred to the PDMS
by pressing the Si wafer onto the PDMS strip and then submerging it into a DI water bath. After
5-30 minutes (depending on sample), the PDMS sample was removed from the water bath and the
Si wafer carefully removed with tweezers to give the thin film polymer on the PDMS. The sample
was dried in a desiccator under dynamic vacuum for 2 hours before loading onto a homemade
strain stage. The formation of cracks was observed using an optical microscope (Zeiss Axio
Imager.A2m) incrementally from 0 to 100 % strain to relaxation.

For buckling measurements, the same protocol for film transfer was followed except the
PDMS was pre-strained to 2% strain before transferring the polymer thin film. The strain was
removed right before imaging to avoid potential stress-relaxation and/or reduction in amplitude of
the buckles. The thickness of each polymer film (dr) was measured using AFM (Bruker, ICON).

The elastic modulus of the PDMS was measured using a CellScale Univert S Mechanical Test
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System (4.5 N load cell) and obtained from the slope of the linear fit of the stress-strain curve in

the elastic region. The average elastic modulus (Er) was calculated from the equation below:

1—v? \°
i b
E; = 3E
r=3 S(l—vf)(an)

Where v is Poisson’s ratio, E is the elastic modulus, and A, is the measured wavelength of the

buckles in the film. S and f denote the values for the film and the substrate (PDMS).
3.3.4 Results and Discussion

GIWAXS measurements allow us to probe the crystalline and lamellar morphology as well
as small spatial interactions between polymer chains such as evidence of interdigitation. Figure
3-20 shows the 2D GIWAXS curves for both sets of materials along with in-plane and out-of-

plane linecuts. Both sets of materials display broad out-of-plane nt-stacking scattering peaks arising

from (0kO) planes. In-plane mt-stacking is difficult to deconvolute from the diffuse scatter apparent
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Figure 3-20: 2D GIWAXS spectra (left) and linecuts of the 2D GIWAXS spectra in the Qxy
direction (in-plane, middle) and Qz direction (out-of-plane, right) of each IDT-copolymer is
shown. Major peaks are labeled for clarity.
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at ~1.4 A for both sets of materials. This has been attributed to scattering arising from the
disordered alkyl side chains®. PIDTTc1s-TPDcs shows n-stacking scattering peaks in the out-of-
plane direction at 1.54 A", indicative of d-spacing of ~4.1 A, matching closely with the reported
n-stacking distance for PIDTc16-BT4%%. PIDTcis-TPDcs shows broad out-of-plane n-stacking
scattering peaks at a reduced Q of ~1.42-1.45 A1, corresponding to spacing of ~4.3-4.4 A) in line
with study in section 2 of this chapter'’>. The predicted n-stacking of IDT-based polymers occurs
as a crisscrossing of polymer chains at the acceptor unit. The extension of the IDT core was
expected to decrease side chain density, allowing for more closer interactions between chains. The
reduced rt-stacking is a promising indication. The =-stacking distance decreases slightly going
from the low to the high molecular weight batches in PIDTcis-TPDcs. m-stacking structural
coherence is low for both PIDTTc1s-TPDcs and PIDTcis-TPDcs (~3-5 pi-stacks), indicating little
long-range interchain ordering as is expected from IDT-based polymers.

Lamellar structural coherence is low as well for both PIDTTcis-TPDcs and PIDTcie-
TPDcs. PIDTc16-TPDcs out-of-plane lamellar spacing of ~22-23 A is larger than that of PIDTTc1s-
TPDcs (~20 A), and both sets of material have smaller lamellar spacing than that of PIDTcus-
BT4065176 nossibly indicating less volume occupied by the side chains in PIDTTc1-TPDC8 and
PIDTc16-TPDcs. The lamellar peak is also present in the in-plane linecuts, indicating that both
polymer systems have no preferential orientation relative to the film plane. The reduced lamellar
spacing in the extended core polymer system could be indicative of increased interdigitation
caused by decreasing side chain density as interdigitation would allow the polymer chains to come
slightly closer together. Interestingly, there is a broad shoulder out-of-plane at ~0.58 A in
PIDTTc1s-TPDcs that is most prominent in the medium molecular weight batch that possibly arises

from a 2" order lamellar feature.
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PIDTTcis-TPDcs displays strong in-plane scattering features at ~0.50 A and ~1.05 A,
corresponding to a spacing of 12.6 A, assigned to scattering from polymer backbone ordering
along (00I) planes. This ordering is most pronounced in the medium molecular weight batch as
evidenced by the largest estimated structural coherence (~4.7 scattering planes). PIDTc1s-TPDcs
shows a weak in-plane scattering feature at 0.44 A (14.1 A) in the high molecular weight batch
also assigned to scattering from polymer backbone ordering. Scattering arising from backbone
ordering requires some degree of interchain registry, and thus does not necessarily arise from
scattering features that correspond precisely to monomer-monomer repeat distances. The re-
appearance of this peak, which is missing in the low molecular weight non-extended core polymer
system was attributed to translational order for the polymer systems in the previous section of this
work and is indicative of increased interdigitation. The assignment of exact physical features to
the backbone scattering is highly dependent on how polymer chains are aligned relative to each
other®®>177. Given the larger monomer units of PIDTTc16-TPDcs compared to PIDTc16-TPDcs, but
shorter backbone scattering feature of D(o1) = 12.6 A for PIDTTc1s-TPDcs compared to Doz =
14.1 A for PIDTc1-TPDcs, it is a reasonable hypothesis that PIDTTcis-TPDcs might have

preferential interchain crossing angles that are more shallow than those of PIDTc16-TPDcs.
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The UV-Vis absorption and photoluminescence (PL) spectra of all polymers in solution
and thin films are shown in Figure 3-21. The maximum absorption wavelength for each spectrum
as well as the calculated Stokes shift, lo-1/11-1 ratio, and aggregation shift are presented in Table

3-2. The 0-1 transition and 0-0 transition are related to aggregated and unaggregated chains,
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Figure 3-21: (Left) Absorption and photoluminescent spectra for polymers in solution marked by

solid and dashed lines, respectively for (a) PIDTci6-TPDcs and (b) PIDTTcis-TPDcs. (Right)
Absorption spectra of cast thin films for each polymer system.

respectively ,and the ratio of their intensities (lo-1/l1-1) is related to the degree of interchain
aggregation present!’®, For all polymers the 0-0 transition is pronounced, indicative of heavily
favored J-aggregation behavior. The peak wavelength of the 0-0 transition sees a slight blueshift
in PIDTTc16-TPDcs compared to PIDTc1s-TPDcs which can be attributed to a change in the donor-

acceptor hybridization levels brought on by the extension of the IDT core. There is also a slight
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redshift in both polymer systems according with increasing molecular weight, indicating an
increase in the effective conjugation length. The Stokes shift is related to the relaxation of the
molecular excited state and the electronic-vibrational modes. This means that a higher molecular
rigidity leads to smaller Stokes shifts'’®. For both polymer systems the Stokes shift is lower than
that of PIDTc16-BT as established in the previous study. For both systems, there is a slight
decreasing of the Stokes shift with increasing molecular weight indicating a slight increase in
backbone rigidity with longer chains. Compared to each other, however, there is no significant
change in the stokes shift, and therefore the extended conjugation of the IDT core does not
significantly later backbone rigidity. lo-1/l1-1 for PIDTTc16-TPDcs compared to PIDTci6- TPDcs
across the same molecular weights is identical in the solution state, indicating little difference in

aggregation. However, for both systems, the increasing molecular weight leads to increasing

Solution-state Solid-state

5
Amax,abs AmaxpL Stokes shift lo-o/lo-1 : Amax.abs Asolution to thin film, abs
OP O mp (mp (nm) | (omp (nm)
i
7 601 624 23 1.2 E 607 6
i
PIDT,¢-TPDq 12 606 625 19 14 é 611 5
32 609 629 20 1.7 E 613 4
et S S e S R S
7 597 623 26 13 i 613 16
PIDTTc-TPDgs 13 601 622 21 14 i 621 20
40 603 626 23 16 i 616 13
!

Table 3-2: Optical spectroscopy peak characteristics and calculated figures for each
polymer system and molecular weight derived from the optical spectra shown in Figure
3-21: (Left) Absorption and photoluminescent spectra for polymers in solution marked by
solid and dashed lines, respectively for (a) PIDTcis-TPDcs and (b) PIDTTcis-TPDcs.
(Right) Absorption spectra of cast thin films for each polymer system.

aggregation in the solution state, which agrees with the general trend of high molecular weight

polymers inducing more aggregation in solution. The most interesting feature of the optical
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characterization is the shift in peak absorption wavelength when going from solution to thin film,
referred to here as aggregation shift. The aggregation shift for the extended core polymers is twice
that of the unmodified PIDTcis- TPDcs, indicating that they adopt a much higher degree of
planarization in the solid state. This behavior is very similar to that seen in the thiophene extension
of the IDT core for PIDTc16-BT*2, where the extended core led to a polymer that would improve

its aggregation upon being annealed. A future study probing the effects of high temperature

annealing of PIDTTci6-TPDcs on strain and charge mobility would help in expanding on this
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