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The proliferation of portable electronics and electric vehicles paired with the updating of

an antiquated grid system has driven the rapid progression of improved technologies related

to energy distribution and storage. However, energy storage materials and devices have come

to be viewed as a crux impeding advanced device development. Alkali-ion, namely lithium

and sodium, batteries are a robust technology that has seen gains in performance based on

materials chemistry over the past several decades. Despite years of intensive research ac-

companied with significant progress, the cathode remains a limiting factor towards improved

battery performance because of its low capacity and exasperated degradation over long term

cycling; the cathode is also one of the most expensive material components of the overall

cell. Thus, research concerning new cathode material development and the improvement of

already well-established cathode materials should be a top priority. Within this context,

vanadium oxide is an ideally suited model material showcasing how structural or chemical

alterations can have tremendous impact on device performance.

As a means towards improving electrochemical performance, the role of kinetics and

thermodynamics were investigated through structural and defect chemistry manipulation in

the vanadium oxide system. Structural modification, as a means towards achieving kinetic

stabilization, can be utilized to develop electrodes with the chemical stability of microsized
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particles that simultaneously exploit the beneficial properties associated with nanoparticles.

Defect modification is a powerful means towards improving material intercalation capabilities

by reducing the stress and localized electrostatic contributions which directly alter the mi-

gration energy and diffusion barriers the alkali-ion must overcome. Lithium-ion was chosen

for structural (kinetic) examination as it is a mature technology that has been extensively

investigated; sodium-ion was chosen for defect manipulation because the larger size and dif-

ferent transport characteristics of sodium ions influence the thermodynamic (and to a lesser

extent the kinetic properties) of sodium-ion batteries, and can lead to unexpected electro-

chemical behavior. The findings gained are by no means limited to the originally investigated

systems, and should be taken into consideration for an assortment of electrode materials.
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Chapter 1

Motivation and Context

1.1 Energy Demands

Energy plays an increasingly important role in modern society, and its use has histori-

cally been accommodated by considerable daily fossil fuel consumption in order to power our

modern infrastructure. For the past several years, fossil fuels - including coal, petroleum,

and natural gas - have meet approximately 80% of the overall US energy demands.[2] In

turn, the use of and emissions from these combustion based fuel sources has led to both

environmental and economic concerns regarding the depletion of natural resources, green-

house gas emission, price volatility, and foreign resource dependence. Moreover, the Energy

Information Administration (EIA) projects that world energy consumption will grow by 56%

between 2010 and 2040 despite US demand maintaining at its current level thanks in large

part to enhancements in efficiency and consumer awareness.[2] However, fossil fuel costs will

remain a concern as resource depletion and scarcity become more of an issue.

Consequently, substantial efforts have been made to develop renewable energy harvesting

technologies as energy security and environmental concerns have spurred great commercial,

public, and political interests. Towards these means, the renewable energy market - including

hydroelectric, geothermal, solar, wind, and biomass - has seen steady expansion in overall
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Table 1.1: Range for total system levelized costs of new generation resources, (2012
USD/MWh).

Plant type Minimum Average Maximum

Conventional Coal 87.0 95.6 114.4

Advanced Coal with CCS 137.3 147.4 163.3

Advanced Nuclear 92.6 96.1 102.0

Wind 71.3 80.3 90.3

Solar PV 101.4 130.0 200.9

Solar Thermal 176.8 243.1 388.0
Hydro 61.6 84.5 137.7

market share, up to 9%, while fossil fuels have merely maintained their levels of consumption

over the past several years. This, of course, has unfolded as renewable technology and system

costs have decreased; the comparative levelized costs (net cost to install a system divided

by its expected life-time energy output) of several renewable technologies are listed in Table

1.1.[2] However, the successful implementation of these technologies is dependent on reliable

and robust electrical energy storage since these energy harvesting methods are diffuse in

space and intermittent in time, and because the majority of energy consumption targets

cannot be directly tethered to the grid. Thus, it is imperative that we develop improved,

commercially viable energy storage devices that can provide direct relief for some of the most

confronting energy issues.

1.2 Energy Storage Systems

Electrical energy has been a critical industrial driver since the advent of the technological

revolution (second industrial revolution). Unlike energy sources preceding this time, wood

or coal, electricity must be used as it is generated or converted immediately into another

form such as potential, kinetic, or chemical energy. There is a profusion of electrical energy

storage devices and technologies that have been developed over the past several decades, and
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a comparison of their application range in terms of energy stored and power output is shown

in Fig. 1.1. [3]

Figure 1.1: Application range of different energy storage technologies based on power output
and energy stored.[3]

1.2.1 Mechanical Energy Storage

Initial developments in energy storage mainly focused on mechanical, non-chemical, stor-

age technologies that have seen continual advancement in performance into recent years. Of

these technologies, pumped-storage hydroelectricity (pumped-hydro) is by far the largest-

capacity form of grid energy storage currently available, and accounts for the overwhelming

majority of bulk storage capacity worldwide. The basic principle on which pumped-hydro

operates is quite simple. At times of low electrical demand, excess generation capacity is

used to pump water from a lower elevation source into a higher reservoir. When there is

higher electrical demand, the water is released back into a lower reservoir (or body of water)

after passing through a turbine that generates electricity in the process. However, it is clearly

improbable for pumped-hydro to be accessible in all markets given the need for an abundance
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of water and topographic variation. Compressed air energy storage (CAES) functions in a

similar manner where low cost off-peak energy is stored in the form of compressed air for a

latter time. Flywheels offer a mechanism of intermittent energy storage, and are used more

as a means of maintaining an even power distribution.

1.2.2 Electrochemical Energy Storage

Electrochemical cells and systems play a key role in a wide range of sectors, and their

continued development is crucial as society moves away from chemical/carbon based fuel

systems. It should come as no surprise that there are strong similarities among the var-

ious electrochemical energy storage systems - capacitors, fuel cells, and batteries. Their

most apparent mutual feature is their design which establishes that the energy storage and

conversion processes take place at the phase boundary of the electrode/electrolyte interface

while electron and ion transport are locally isolated.

Electrochemical Capacitors

Electrochemical capacitors (supercapacitors) consist of two electrodes separated by an

ion permeable membrane (separator) saturated with electrolyte. When the electrodes are

polarized via an applied potential, ions in the electrolyte form an electric double layer of

opposite polarity in response to that of the electrode. Supercapacitors offer high specific

power as well as long cyclic stability and life time, but suffer from low specific energy because

they store their energy electrostatically. They are used for voltage drop compensation in

weak networks, allowing for very intense peak power. Efficiencies of approximately 90%

can be achieved for very long cycle lifetimes since there are no chemical reactions involved.

Supercapacitors differ from traditional capacitors in that the energy is interfacially stored

in the electric double layer between an electronically conducting porous electrode and the

ionically conducting liquid electrolyte. Thus, the amount of charge stored per unit voltage

in an electrochemical capacitor is primarily a function of the electrode size and specific
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surface area. It is possible for additional charge mechanisms to occur based on surface redox

reactions (pseudocapacitance).

Fuel Cells

Fuel cells, like batteries, convert the chemical energy residing in a fuel into electrical

energy on demand. Fuel cells differ from batteries in that the fuel and oxidant are not

contained within the same compartment but are supplied continuously from external sources,

meaning that no time is lost to recharging. Fuel cells can be roughly categorized into low-

temperature (< 200◦C) and high-temperature (> 450◦C) divisions. Low-temperature fuel

cells typically use alkaline or acidic electrolytes. Hydrogen gas is the preferred fuel for low-

temperature cells since the only waste products generated from its use are heat and water.

In such a system, hydrogen fuel is pumped into the anode where its reduction is catalyzed

by the anode itself, generating electrons and protons. The electrons power an attached load

while the positively charged protons migrate to the cathode, where they are recombined

with electrons and oxygen to form water and heat. Thus, the fuel cells electrodes serve to:

ensure a stable interface between the reactant gas and the electrolyte, catalyze the electrode

reactions, and conduct the electrons from or to the reaction sites. A significant problem is

the control of the interface where the electrolyte, electrode, and gas all reside together. As

the main difference among fuel cell types is the electrolyte, fuel cells are classified by the

type of electrolyte they use followed by the difference in startup time.

Batteries

The expression ’battery’ was originally used for assemblies of cannons in artillery

units, but around 1750 Franklin used it, for the first time, to describe the con-

nection of Leyden jar capacitors. Then, in 1801, David applied the term to an

assembly of galvanic cells to obtain a higher power. Later, in 1808, Cruikshank

used the term ’cell’ to describe the compartment of a battery. Following this rea-
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soning, the word battery should be used only for an assembly of cells (in series

or parallel); however, it became a technical and commercial common practice to

use the word battery for even single cells.

- Karl Kordesch in a ”History of Primary Batteries”

Batteries, as devices for chemically storing energy, possess the advantages of high porta-

bility, high conversion efficiency, long life, and zero exhaust release.[4] They are ideal power

sources for portable devices, automobiles, and backup power supplies; accordingly, batteries

power nearly all of our portable electronic devices and are used to improve the efficiency

of hybrid electric vehicles. The ideal battery would offer a combination of high power and

energy density, long cyclic life, stability, and potential for recyclability. Although many

types of batteries have been developed with much improved energy storage performance,

the fundamental structure of a battery remains the same, consisting of a negative (anode)

and positive (cathode) electrode separated by an intermediate electrolyte. To date, the ad-

vancements in battery technology have mainly relied on the development and use of different

types of materials for electrodes and electrolytes yielding new electrochemical reactions; the

most celebrated innovation being the advent of rechargeable (secondary) batteries in addi-

tion to disposable (primary) cells. The gravimetric and volumetric energy densities of several

battery chemistries are compared in Fig. 1.2.[5]

Primary batteries are non-rechargeable, and are discarded once used. The advantages

of primary cells include high energy density, since there are no compromises in design to

accommodate recharging, and a sloped discharge profile that can be used for accurate depth

of discharge measurement. However, they are extremely wasteful both environmentally and

economically; most primary cells are only capable of supplying approximately 2% of the

power used in their manufacture. Some of the more common primary battery chemistries

include: alkaline, silver oxide, zinc-air, and lithium.[6]

The alkaline battery derives its name from the alkaline electrolyte of potassium hydroxide

it utilizes. Fundamentally, an alkaline cell involves the reaction of a metal with oxygen,
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Figure 1.2: Comparison of the different battery technologies in terms of gravimetric and
volumetric energy density.[5]

and the most popular version engages the reaction between zinc and manganese dioxide

(Zn/MnO2). The alkaline electrolyte of potassium hydroxide is not part of the reaction, only

the zinc and manganese dioxide are consumed during discharge. Alkaline batteries account

for approximately 80% of manufactured batteries in the US and over 10 billion individual

units produced worldwide.[7] The capacity of an alkaline battery is strongly dependent on

the load, and they are well-suited for light and intermittent load applications. The usable

capacity is dependent on the application cut-off voltage as the voltage declines steadily

during use, but it can deliver four times the capacity of equivalently sized nickel cadmium or

nickel metal hydride cells. Because of resistance related limitations, the amount of current

an alkaline battery can deliver is roughly proportional to its physical size. The batteries are

relatively high in cost and are prone to leaking potassium hydroxide, a caustic agent.

A silver oxide battery uses silver oxide as cathode, zinc as anode, and an alkaline elec-

trolyte that is typically either sodium (NaOH) or potassium hydroxide (KOH). During dis-

charge, the silver is reduced at the cathode from Ag+ to Ag and the zinc is oxidized from

Zn to Zn2+. The silver oxide system is most notably known for its high capacity per unit

weight, extremely long operating life, and low self-discharge. However, its biggest downside

7



is the use of expensive materials (although manufacturers state the amount of silver used is

minimal and is not a significant contributor to cost), but it is possible to recover the silver

from spent batteries; these cells also suffer from poor low temperature performance and zinc

dendrite formation can be an issue. The silver-zinc battery is a variation of the silver oxide

chemistry that is rechargeable.

Zinc-air batteries are a non-rechargeable metal-air chemistry based on the oxidation of

zinc with oxygen pulled from air (via an O2 permeable membrane). During discharge, oxygen

is reduced at the porous carbon cathode leading to the formation of hydroxyl ions (OH−)

that migrate to the anode. The anode in this case is composed of porous zinc saturated

with electrolyte. The hydroxyl ions react with the zinc yielding zincate (Zn(OH)2−4 ), and the

resulting electrons are released back to the cathode. Water is returned to the electrolyte as

zincate decays to zinc oxide, and the anodic water and hydroxyl groups are recycled at the

cathode so the water is not consumed. Cells can be easily tailored as zinc is the consumable

material and the reaction rate can be controlled by the intake of oxygen. These batteries

have high energy densities and are relatively inexpensive to produce, but have low power

density and suffer from high self-discharge.

Lithium batteries are primary batteries that engage lithium metal as anode. Lithium

cells can be grouped into three general categories: liquid cathode, solid cathode, and solid

electrolyte. There are many variations of cathode material options available for this cell,

and some of the most common are manganese dioxide (MnO2), iron disulfide (FeS2), thionyl

chloride (SOCl2), and sulphur dioxide (SO2). The electrolyte is some lithium metal salt

dissolved in a mixture of organic compounds, but solutes are often added to the electrolyte

to increase conductivity. Lithium primary batteries were initially very attractive for their

extremely high energy densities attributable to the inherent qualities of metallic lithium.

However, it was quickly discovered that cycling produced unwanted anodic dendrites, that

cause an electrical short after growing and penetrating the separator. Such an event is usually

associated with catastrophic failure, as the cell temperature quickly rises and approaches the
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melting point of lithium, causing thermal runaway. Thus, the cell design needs to include

safety vents that can alleviate any over-pressure, thereby preventing uncontrollable safety

issues but at the same time separating the environment from the volatile lithium. Despite

initial safety concerns, primary lithium batteries are now finding steadfast application in

pacemakers and defibrillators, as well as portable and lower-power consumer devices.

Secondary batteries are capable of recharge, which makes them more cost-effective over

their lifetime. Generally, secondary batteries have a lower capacity and initial voltage, a

flat discharge curve, higher self discharge rates, and varying recharge life ratings. Secondary

batteries usually have more active (less stable) chemistries which require special handling,

containment, and disposal. Some of the more common rechargeable battery chemistries

include: lead-acid, zebra (NiNaCl), nickel cadmium, nickel-metal-hydride, and lithium-ion.

A lead-acid battery is composed of a lead dioxide cathode, metallic sponge lead anode,

and a sulphuric acid electrolyte solution. During discharge, the lead dioxide (positive ter-

minal) and lead sponge (negative terminal) react with the electrolyte to create lead sulfate

and water. The cycle is reversed during the charging process: lead sulfate and water are

electrochemically converted to lead, lead oxide, and sulfuric acid by an external potential.

These batteries are extremely reliable and robust, but often large and somewhat toxic.

Molten salt (or liquid metal) batteries are a class of battery epitomized by their utilization

of molten salts as electrolyte, and offer both a high energy density and a high power density

as well as long cycle life. Two of the most advanced molten salt battery chemistries are

the sodium-sulfur (NaS) and sodium nickel chloride (Na-NiCl2) varieties, both of which are

attractive from the standpoint of employing inexpensive and abundant electrode materials.

In the NaS setup, molten elemental sodium at the core serves as the anode, and is separated

from the molten sulfur cathode by a beta-alumina solid electrolyte (BASE). BASE is a good

conductor of sodium ions, but a poor conductor of electrons, meaning that it is ideally

suited for electrolyte application and thus avoids self-discharge. During discharge, Na+ ions

and their corresponding electrons are discharged from the anode towards the cathode where
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sodium polysulfide (Na2Sn) is eventually formed. Thus, the sodium anode is depleted as the

cell discharges, but this can be reversed upon charge. Given the necessity for molten states,

the battery typically operates in the 300 to 350◦C temperature range. The sodium nickel

chloride (Na-NiCl2) system, also known as the sodium-metal halide or ZEBRA battery, again

employs molten elemental sodium as the anode but pairs it against a porous nickel cathode.

The electrolyte is molten sodium tetrachloroaluminate (NaAlCl4) which is separated from

the liquid anode by a sodium-conducting beta-alumina ceramic separator. When the battery

is discharged, Na+ ions migrate from the anode, through the ceramic electrolyte to reaction

sites at the interior of the cathode to form NaCl. This process is reversed during discharge;

thus it is clear that the positive electrode is nickel in the discharged state and nickel chloride

in the charged state. The Na-NiCl2 cell typically runs at an operating temperature of 245◦C

in order to achieve adequate battery performance by improving the ionic conductivity of the

solid electrolyte and secondary liquid electrolyte. Molten salt batteries are typically used

for large scale energy storage applications given their size along with required time to reheat

and/or charge.

Nickel cadmium cells employ nickel oxyhydroxide, NiO(OH), as the positive electrode,

porous cadmium Cd as the negative electrode, and an alkaline potassium hydroxide (KOH)

electrolyte to realize an energy density approximately double that of lead acid batteries.

During discharge, cadmium and nickel hydroxide, Cd(OH)2 and Ni(OH)2, are both formed.

Upon reversal of this process, oxygen is generated at the positive (nickel) electrode and

hydrogen is formed at the negative (cadmium) electrode, thus it is necessary to properly

vent the device. They are capable of operating at high charge and discharge rates, can

be deep cycled, and have low internal resistance. However, the major drawback of this

technology is its susceptibility to memory effect that can lead to an impedance buildup.

Nickel-metal-hydride batteries utilize chemical reactions somewhat similar to those in

nickel-cadmium batteries, with the main difference being the negative electrode is a hydrogen-

absorbing alloy as opposed to metallic cadmium. This electrode is made from a metal
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hydride, usually alloys of lanthanum and other rare earths, that serves as a solid source

of reduced hydrogen that can be oxidized to form protons. The electrolyte and positive

electrode are still alkaline potassium hydroxide and nickel oxyhydroxide, respectively. During

discharge, the metal hydride intermetallic compound is stripped of its hydrogen, while nickel

hydroxide is formed at the positive electrode. NiMH batteries have recently begun to find

use in high voltage automotive applications; their energy density is more than double that of

lead acid and 40% higher than that of NiCd. The significant disadvantage of NiMH batteries

is the high rate of self-discharge; NiMH batteries typically lose 4% of their charge per day

of storage.[6]

A Li-ion battery consists of several electrochemical cells connected in parallel and/or in

series to provide a designated capacity or voltage. Li-ion batteries provide lightweight, high

energy density power sources for a variety of devices. Each electrochemical cell has two

electrodes separated by an electrolyte that is electrically insulating but conductive towards

Li+ ions. During discharge, when a Li-ion battery operates as a galvanic cell, Li+ ions exit

the negative electrode (typically carbon) and insert themselves into the positive electrode

(typically some layered transition metal oxide compound), while electrons move externally

from the negative electrode to the positive electrode. During charge, or when it operates

as an electrolytic cell, Li+ ions are driven from the positive electrode back to the negative

electrode by means of a electromotive (potential based) force, while electrons move exter-

nally from the positive electrode to the negative electrode to maintain charge. During these

processes, Faradaic reactions are accompanied with both mass and charge transfer through

the electrodes as well as dimensional change; therefore, the surface area and the transport

distance critically determine the performance of the material in question. Electrode com-

position, crystal structure, and microstructure will have significant impacts on the reaction

rate and transfer processes as well as cyclic stability.

Research and development of new battery chemistries has been exponential over the past

two decades. Unfortunately, considerable improvements in rechargeable battery technology
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are still necessary in order to achieve energy sustainability. Most importantly, the energy

density, power density, stability, and recharge time must be vastly enhanced in order to make

smart grid and fully electric vehicle technologies an attainable reality. Therefore, developing

battery technology, particularly rechargeable batteries, has become a crucial issue for science

and industry over the past several decades.

1.3 Scope and Objective

This dissertation includes the experimental work and analysis of the collected results

towards understanding and developing new methods and materials that allow for the ex-

ploitation of efficient alkali-ion intercalation electrodes based on vanadium oxide. In con-

trast to the ever-growing energy demands, the candidate pool of the intercalation electrodes

is limited. The introduction of nanostructures has achieved huge (research) success in the

lithium-ion battery field, as is the case with many other fields. The essential contribution

of nanostructuring to the improvement of the intercalation capability lies not only in the

increased specific surface area for interfacial Faradaic reactions and the reduced/favorable

mass and charge diffusion paths for ions and electrons, but also in the modification of the sur-

face thermodynamics and kinetics which facilitates phase transitions. Practical application

of nanostructured materials is limited by low stability and high surface reactivity, which lead

to capacity fade. Therefore, kinetically stabilized nanomaterials should be considered given

their unique combination of nanoscale properties with order over the microscopic scale; such

assemblies possess the structural and chemical stability of microsized electrodes while ex-

ploiting the beneficial properties associated with nanoparticles. Parallel to this, the presence

of defects has been shown to modify the electrode thermodynamics and facilitate the phase

transitions. The amorphous state could possibly store more ions because of its more open

structure; similar results have been reported in electrodes with poor crystallinity. Materials

possessing surface and bulk defects with poor crystallinity are away from equilibrium, an
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effect which has previously demonstrated favorable intercalation properties. The enhanced

contribution of the non-equilibrium state is due in part to three aspects: (1) enhancing the

storage capacity by shifting the phase transition boundary, (2) improving the rate capability

by introducing fast mass and charge transport paths, and (3) extending cyclic stability by

permitting more freedom for volume change accompanying de/intercalation. The drawback

of the electrodes away from equilibrium state is their chemical and structure stability.

Provided this information, it is clear that there is considerable room for an improved

and a more clear understanding of nanomaterial electrode modification. The experimen-

tal work was mainly based on solution based methods such as electrochemical deposition,

solvothermal precipitation, sol-gel processing, and chemical decomposition. The fabrication

of structurally and defect modified nanomaterials were the two primary topics of focus. The

findings garnered from these studies should, at the least, be taken into consideration for a

range of electrode materials during production. The results gained are by no means limited

to the originally investigated systems, but rather strive to serve as a model system show-

casing how small structural or chemical alterations can have significant impact on device

performance.

Chapter 2 serves as an overview of alkali-ion battery operation with special consideration

for Li-ion and Na-ion chemistries. The thermodynamics, kinetics, performance considera-

tions, and material selection of such cells are reviewed. The structure and properties of

vanadium oxide pertaining to such applications are also detailed.

Chapter 3 provides a brief literature review of recently reported efforts focusing on the

fabrication of nanostructures and how they can be exploited to enhance alkali-ion battery

performance. This section will highlight some of the recent developments towards tailoring

nanostructures and nanostructure assemblies through the synthesis of faceted (and often

high energy) structures, micro/nano-structures, mesocrystals, and the manipulation of sur-

face chemistry for Li-ion battery electrodes with superior performance characteristics. Con-

trarily, the disadvantages of nanostructured electrode materials are also discussed as there
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are several performance issues, either lingering or deriving from nanostructuring, that are

often overlooked.

Chapter 4 reports on the polyol induced solvothermal synthesis of hollow vanadyl gly-

colate nanostructured microspheres, their conversion to hollow nanostructured V2O5 mi-

crospheres, and their subsequent electrochemical properties. The work proposes a novel

formation mechanism involving N2 microbubbles that act as quasi-micelles due to the large

polarization discrepancy between nitrogen and water, and provides a firm understanding

of the processes leading to the observed hollow microsphere morphology. The encouraging

electrochemical performance of the thermally treated material was attributed to the rela-

tively thin walled structure that ensured fast phase penetration between the electrolyte and

active material, and the inherent morphological void that can readily accommodate volume

expansion and contraction upon cycling.

In Chapter 5, the solvothermal synthesis of VO2(B) mesocrystals via an additive and

template free process is discussed. The homoepitaxially oriented nanostructures were pro-

duced through classical as well as non-classical crystallization processes. Despite their overall

micro-scale size, the mesocrystals exhibit one of the highest Li-ion intercalation performance

and capacity retention values for VO2(B) when compared to the results from other VO2(B)

structures taken from the literature, especially upon cycling at higher discharge rates. The

excellent cycle stability can be attributed to the crystallographically oriented nanoparti-

cle structure that ensures good electrochemical stability and mechanical integrity can be

guaranteed for many cycles.

The positive role of the amorphous structure for V2O5 electrode materials used as sodium-

ion battery cathode is described in Chapter 6. The crystallinity of the electrode was con-

trolled by managing the annealing profile and environment employed. Amorphous V2O5

demonstrated superior sodium-ion intercalation properties as compared to its crystalline

counterpart when examined as positive electrode material for Na-ion battery application.

The percolation of certain diffusion channels in amorphous materials can be activated be-
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cause of the disordered structure. Such effects improve charge and ionic transfer at the

electrode/electrolyte interface during the sodiation process, yielding a positive electrode ma-

terial for sodium-ion battery application with superior energy density and strong cycling

performance. The possible relationship between the disparity in intercalation properties and

structure is discussed.

Chapter 7 is a continuation of the analysis of the positive role of defects to sodium ion

intercalation capability for NaxV3O8. It was possible to control the sodium composition in

the final product by adjusting the amount of sodium precursor added during synthesis. It

was determined that deficient and surplus sodium contents, with respect to the ideal stoi-

chiometry, are accommodated by the generation of oxygen vacancies and partial transition

metal reduction, or cation disordering, respectively. The disparity in electrochemical perfor-

mance was attributed to variations in the electronic distribution as promoted through Na-ion

interactions and the direct influence of such on the oxygen framework (sub-lattice); these

factors were determined to have significant impact on the migration energy and diffusion

barriers.

Chapter 8 aims to draw conclusions based on the results obtained over the course of these

works, and speculates on the future of related efforts.
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Chapter 2

Alkali-ion Battery

2.1 Overview

Overall, batteries are a well-developed technology that have seen gains in improvement

based on materials chemistry over the past century. Although many different types of batter-

ies are produced, their fundamental design and structure remains the same - two electrodes of

different potential separated by an electrolyte. Moreover, battery operation can be summa-

rized as the conversion of chemical potential to electrical energy through Faradaic reactions

that include heterogeneous charge transfer processes occurring at the surface of the electrode.

Until recently, the bulk of alkali-ion battery research focused solely on lithium-ion (Li-

ion) chemistry. However, advances in energy harvesting technologies have spurred the need

for an array of energy storage for both portable and stationary applications. Fig. 2.1

shows the abundance (atomic fraction) of the chemical elements in Earth’s upper conti-

nental crust as a function of atomic number;[8] clearly, it is more cost-effective to use less

expensive and more abundant materials when available. As the use of large format bat-

teries becomes widespread, increasing demand for lithium commodity chemicals combined

with geographically-constrained lithium mineral reserves will drive up prices. Currently, ap-

proximately 35% of the world’s production of lithium-containing precursor materials is now
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consumed by battery manufacturing while lithium recycling has been historically insignifi-

cant and technologies are under development.[9] Identified lithium resources total 5.5 million

tons in the US and approximately 34 million tons in other countries, with approximately

50% coming from Bolivia and Chile alone.

Figure 2.1: Abundance (atom fraction) of the chemical elements in Earth’s upper continental
crust as a function of atomic number.[9]

An alkali-ion battery consists of several electrochemical cells connected in parallel and/or

in series to provide a designated capacity or voltage. Each electrochemical cell has two elec-

trodes separated by an electrolyte that is electrically insulating but ionically conductive.

During discharge, when a alkali-ion battery operates as a galvanic cell, alkali-ions exit the

negative electrode (typically carbon) and insert themselves into the positive electrode (typ-

ically some layered transition metal oxide compound), while electrons move externally from

the negative electrode to the positive electrode. During charge, or when it operates as an elec-

trolytic cell, alkali-ions are driven from the positive electrode back to the negative electrode

by means of a electromotive (potential based) force, while electrons move externally from

the positive electrode to the negative electrode to maintain charge. A simplified schematic
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Figure 2.2: Schematic illustration of a typical alkali-ion cell and simplified charge processes
(credit: Kang Xu).

of an alkali-ion battery during charge is shown in Fig. 2.2. A comparison of the three most

practical alkali-ion battery chemistries is depicted in Table 2.1.

Table 2.1: Comparative qualities of lithium, sodium, and potassium for alkali-ion battery
application.

Parameter Lithium Sodium Potassium

Cationic radius (Å) 0.76 1.06 1.38

Atomic weight (g mol−1) 6.9 23.0 39.1

E◦ (V vs. SHE) -3.04 -2.71 -2.92

Carbonate cost ($/ton) 5000 150 900

Metallic capacity (mA h g−1) 3829 1165 687

Coordination preference
octahedral octahedral octahedral

and tetrahedral and prismatic and tetrahedral

Because of the reversibility of the cell, both oxidation and reduction reactions can occur at

the same electrode meaning that the conventional designation of the electrodes (cathode and

anode) switches depending on the charge state of the battery. However, further discussion

will designate the electrode with a lower open circuit voltage (OCV or Voc) versus alkali

metal the anode, and the electrode of higher OCV the cathode for the sake of clarification

throughout the remainder of this text. The total energy stored in and released by a cell

during charge and discharge is controlled by the thermodynamics and kinetics of the active

electrode processes.
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Herein, this chapter serves as an overview of alkali-ion battery operation with special

consideration for Li-ion and Na-ion chemistries. The thermodynamics, kinetics, performance

considerations, and material selection of such cells are covered. The structure and properties

of vanadium oxide are also detailed.

2.1.1 Li-ion Battery

Among the many types of rechargeable batteries, Li-ion batteries (LIB) are a mature

and robust technology that have been extensively used in consumer devices and industrial

applications, and are heralded for their high energy and power densities.[10] Li-ion batteries

have the highest volumetric (Wh kg−1) and gravimetric (Wh L−1) energy density among all

the metal based batteries because of the small ionic radius and low atomic weight of lithium

which are 0.76 Å and 6.94 g mol−1, respectively, in addition to its low density of 0.53 g cm−3.

More notably, lithium metal has an extremely low redox potential, -3.041 V (vs. standard

hydrogen electrode, or SHE), which provides a strong electromotive force to drive the overall

reaction. In contrast to disposable or primary batteries, a Li-ion battery is a rechargeable or

secondary battery system based off Faradaic reactions with accompanying mass and charge

transfer within the electrodes.

The total energy stored in and released by a cell during charge and discharge is controlled

by the thermodynamics and kinetics of the active electrode processes, the reaction occurring

at the individual electrodes during discharge can be expressed as:

Lix(anode) −→ (anode) + xLi+(electrolyte) + xe−(circuit)

and

(cathode) + yLi+(electrolyte) + ye−(circuit)−→ Liy(cathode)

The above electrode reactions can be investigated using either half cells or full cells; the only

difference being that in a half cell metallic lithium is used as the counter/reference electrode

against the working electrode. In a full cell, the electrons produced at the cathode are those
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consumed at the anode, and the electrons are conserved provided no side reactions take place

at either one of the electrodes.

2.1.2 Na-ion Battery

Current Li-ion batteries are priced at approximately $600 USD per kWh, but several

global government agencies have set goals of seeing these costs decrease to $150 USD per kWh

with accompanying increases in energy density into the 400-500 Wh kg−1 range.[11] One of

the most expensive material components of a Li-ion battery, regardless of the configuration,

is the cathode, as shown in Fig. 2.3.[12] Reduction of cost has been one of the primary

driving forces for the investigation of new cathode materials to replace expensive LiCoO2,

particularly for vehicular and grid storage applications. Thus, it is clear that the development

of either other battery systems or the refinement of current assemblies using new materials

is necessary.

Figure 2.3: Material cost breakdown for a typical 96 Wh PHEV cell.[12]

Compared to the comprehensive body of work on lithium-ion batteries, research on

sodium-ion (Na-ion) batteries is still in its nascency. A Na-ion battery functions under

the same principles as Li-ion technology, but with different characteristics as dictated by

the properties of the transporting ionic species and the consequent effects such has on the

electrode materials. Sodium and lithium share similar chemical properties including ionic-
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ity, electronegativity, and electrochemical reactivity as they are both alkali metals. They

accordingly have comparable synthetic protocols and electrochemical performances, which

indicates that the development of sodium-ion batteries can be (ideally) based on previously

applied approaches or methods utilized for LIBs. However, the larger size and different

bonding characteristics of sodium ions influence the thermodynamic and/or kinetic proper-

ties of sodium-ion batteries, and can lead to unexpected behavior in terms of electrochemical

performance or reaction mechanism.

Na-ion batteries are attractive because sodium resources are seemingly inexhaustible as

well as ubiquitous, and therefore cost considerably less (by a factor of roughly 30-40 times)

than lithium; additionally, sodium does not undergo an alloying reaction with aluminum

at low voltage, as is the case with lithium, meaning that aluminum can replace copper as

the anodic current collector which equates to an overall cell cost savings of 2%.[13, 14, 15]

The lower operating voltage of Na-ion cells results in enhanced stability of the non-aqueous

electrolyte, but also manifests itself in lower energy density. The majority of the proposed

electrode materials for Na-ion battery show similar or slightly lower specic capacity and redox

potential than when used in Li-ion cells.[16, 17] However, the accommodation of sodium in

traditional host materials is difficult because the ionic radius and reduction potential of

sodium are strikingly larger than that of lithium.[18] Therefore, the de/sodiation process

induces large distortions in the host lattice that ultimately lead to pulverization of the

electrode and the impending failure of the cell.

2.2 Electrode Thermodynamics

Thermodynamics can only be used to construe systems at equilibrium. The concept of

equilibrium dictates that a process can move in one of two opposite directions from the

equilibrium position, thus reversibility is critical towards treating real processes thermody-

namically.
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2.2.1 Governing Thermodynamic Considerations

Assuming the cell is in thermodynamic equilibrium, including zero charge exchange, the

open-circuit voltage, V (i = 0), can be measured. It does not depend on the direction of

reaction. According to the first and second laws of thermodynamics, the system has energy:

∆E = ∆Q+W = T∆S − P∆V +We (2.1)

where T, S, P, V are the temperature, entropy, pressure, and volume of the system, respec-

tively. We is the electrical work that the cell can provide. Equation 2.1 can be rearranged

to yield:

We = ∆E − T∆S + P∆V = ∆G (2.2)

The Gibbs free energy, ∆G, represents the maximum amount of work, and can be extracted

from an open-circuit measurement of potential:

∆G = −Wmax = QE = −nFE (2.3)

where Q is a product of the number of electrons within the cell and the elementary charge,

n, is the number of electrons exchanged; F is the Faraday constant of a mole charge

(F = eNa = 96485 C or 26.8 Ah), and N is Avogadro’s number. E represents the re-

versible cell voltage and is commonly referred to as the electromotive force (emf ). The

product of nF represents the amount of charge passed, while E represents the reversible

potential difference. A negative emf value means that electric energy is necessary to drive

the electrochemical reaction, while reversing the convention implies a positive emf when

the reaction is spontaneous. From Equation 2.3, the chemical potential change µ can be

obtained from:

µ =
δG

δn

∣∣∣∣
T

= −eV (2.4)
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The equilibrium electrical potential is a function of the chemical potentials µ of the reactants

i :

∆G =
∑
i=1

viµi (2.5)

where v is [+1] for substances formed (reducing agents) and [−1] for substances consumed

(oxidizing agents) in the reaction. Therefore, the thermodynamic component of the cell

voltage can be expressed as the sum of the chemical potentials of the substances involved in

the reaction:

v◦ =
1

nF

∑
i=1

viµi (2.6)

where v◦ is known as the standard potential. The full cell potential must also take into

account the concentrations of the different reacting species c. The standard thermodynamic

relation between chemical potential and concentration is given by:

µi = µ◦i +RT log ci (2.7)

Equations 2.6 and 2.7 relate the electrical potential to differences in the chemical potential

and ionic concentration. Assuming dP = 0, and replacing molar fraction by composition,

x = n/Na, the change in energy can be described as:

dG = −FV dx− SdT (2.8)

Other thermodynamic quantities can be derived from electrochemical measurements now

that the potential difference across the cell has been linked to the free energy. For example,

the entropy change in the cell reaction is given by the temperature dependence of ∆G:

∆S = −
(
δ∆G

δT

)
P

= nF

(
δErxn
δT

)
P

(2.9)
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and

∆H = ∆G+ T∆S = nF

[
T

(
δErxn
δT

)
P

− Erxn
]

(2.10)

Equations 2.9 and 2.10 relate basic thermodynamic functions to electrochemical param-

eters. For example, a change of the entropy difference between the two electrodes with

alkali-ion concentration is proportional to the change of how the open-circuit voltage de-

pends on temperature at a fixed state of charge.

2.2.2 Gibbs Phase Rule

Crystallographic changes that occur in electrodes during cycling are often reflected in

the cell potential. The cell potential alternates between regions of invariance (plateau) and

regions of continuous change (redox distributions) as the amount of incorporated alkali metal

is varied; the dependence on this alkali metal content can be understood through the Gibbs

phase rule. The Gibbs phase rule of thermodynamics can be applied to battery cells provided

the system is under thermodynamic equilibrium. The number of degrees of freedom, f, is

given by:

f = c− p+ n (2.11)

where c is the number of chemical components, p is the number of coexisting phases, and

n is the number of the intensive variables necessary to describe the system. For a closed

electrochemical system, the only intensive variables are temperature and pressure, meaning

that n is simply 2. Alkali-ion intercalation most often propagates as a two component

system composed of the alkali-ions themselves and the host structure. The electrochemical

potential varies with composition in the single-phase regions of a binary phase diagram and

is composition-independent in two-phase regions if the temperature and total pressure are

kept constant. Therefore, there is commonly a single degree of freedom for most electrode

materials: the alkali-ion concentration. Thus, the variations of the electrode potential during

dis/charge, as well as the phases present and the charge capacity of the electrode, directly
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reflet the thermodynamics of the system, meaning that the chemical potential µ (or OCV)

is a direct function of the composition, x. Assuming that T and P truly are fixed, all

thermodynamic functions such as µ, S, or H would remain constant with composition.

2.3 Electrode Kinetics

Whereas thermodynamics can only be used to describe equilibrium, kinetics describe the

evolution of mass flow within and throughout a given system, including both the approach to

equilibrium and the dynamic maintenance of that state. Moreover, in the limit of equilibrium,

the kinetic equations must collapse to relations of the thermodynamic form.

2.3.1 Arrhenius Relation

The rate of charge transfer can often be the limiting factor in electrochemical cell op-

eration, and it is therefore necessary to consider the kinetics in order to gain a better un-

derstanding of the cell itself. Arrhenius was among the first to note that general reaction

kinetics have an exponential dependence on 1/T, and proposed the form:

k = k
′

◦exp

(
−Qa

kbT

)
(2.12)

where Qa is the activation energy or the standard internal energy of activation. It only has a

difference of ∆PV compared to the standard enthalpy of activation ∆H (meaning that they

become the same when ∆PV is ignored). The attempt frequency factor is designated as k◦.

This prefactor can also be included in the product k
′
◦exp∆S/kB, which involves the standard

entropy of activation, ∆S. Thus the Arrhenius relation (Equation 2.12) can be recast as:

k = k◦exp

(
−∆G

kbT

)
(2.13)
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where ∆G is the standard Gibbs free energy of activation. Equation 2.13 is an equivalent

statement of Equation 2.12, and can be used as an empirical interpretation of reaction

kinetics.

2.3.2 Nernst Equation and Tafel Equation on Electrodes

For an electrode reaction, equilibrium is described by the Nernst equation:

E = E◦ +
RT

nF
ln

(
Co
Cr

)
(2.14)

where Co and Cr are the bulk concentrations of the cathodic and anodic components in the

electrode, respectively. The Nernst equation relates the equilibrium reduction potential to

the standard electrode potential, temperature, activity, and reaction quotient of the under-

lying reactions and chemical species. The equation states that if all steps have facile kinetics

and are chemically reversible, the electrode potential and the surface concentrations of the

initial reactant and final product are in local Nernstian balance at all times, regardless of

the current flow.

It has already been established that the reaction rate is governed by the Arrhenius re-

lationship, but the activation energy can be lessened if the battery cell operates under an

overpotential, η. The overpotential is the difference between the actual potential and ther-

modynamically determined reduction potential:

η = E − E◦ (2.15)

where E is the measured potential and E◦ is the equilibrium potential. In more general terms,

the overpotential can be described as the total free energy change per charge transferred.

Referring to Equations 2.3 and 2.13, the exchange current experienced by a cathode with an

applied overpotential will be decreased by some charge transfer coefficient, α, and the cell

activation energy will be decreased by αnFη. This leads directly to the empirical relation is
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known as the Tafel equation:

η =

(
kBT

αnF

)
log i = a+ b log i (2.16)

where b is the cathodic Tafel slope, and can be used to relate the rate of an electrochemical

reaction to the overpotential.

2.3.3 Marcus Theory of Electron Transfer

Electron transfer occurs quite fast compared to chemical reactions, and takes place with-

out the breaking and forming of chemical bonds. Classically, chemical kinetics are assumed

to be independent reactions in dilute solutions whose rates are determined by mean concen-

trations and follow Butler-Volmer theory. The standard phenomenological model of electrode

kinetics is the Butler-Volmer equation, which assumes the dilute solution approximation and

operates under thermodynamic equilibrium:

I

I◦
= exp

(
−αcneη
kBT

)
− exp

(
−αaneη
kBT

)
(2.17)

where I◦ is the exchange current and α represents the anodic/cathodic charge transfer coef-

ficients for a single step charge transfer reaction.

Butler-Volmer theory is a convenient assumption to adopt, but may not be applicable to

ionically transporting battery systems given that the exchange current can be affected by

configurational entropy and enthalpy, electrostatic correlations, and the coherency strain in

concentrated solutions. (Coherency strain arises when the molar volume is a function of com-

position, due to the difference in lattice parameters between the lithiated and non-lithiated

phases.) The kinetics associated with the generalized Butler-Volmer equation (Equation

2.17) attempts to apply chemical kinetics in concentrated solutions to Faradaic reactions.

However, such generalizations do not apply well to ionic battery systems where the equilib-

rium electrostatic potential is approximated by the open circuit voltage and the exchange
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current to the discharge curve(s) given that these quantities are related by nonequilibrium

thermodynamics.[19]

Marcus initially developed his theory to describe electron transfer between small solvated

donors and acceptors, and was later able to expand it to include biological electron transfers

and electrode reactions.[20] Within these systems, nuclei have no time to shift position

during the fast electron transfer processes, thus the electron transfer occurs mainly at or

near the intersection of the reactant and product potential energy curves. This intersection

also represents the position and energy of the transition state.[21] Marcus theory can be

used to explain the dependence of the activation energy (Qa) on changes in the free energy

(∆G◦):

Qa = w +
λ

4

(
1 +

∆G◦

λ

)2

= w +
(λ+ ∆G◦)2

4λ
(2.18)

where w is the work done to bring together either the products or reactants to form an

association complex and λ represents the reorganization energy. This energy was defined by

Marcus as the energy input necessary to alter the structure (nuclear configuration) of the

solvated reactants to match that of the solvated products before electron transfer. Provided

Equation 2.3, Equation 2.18 is commonly transcribed as:

Qa = w +
nF (λ+ ∆E◦)2

4λ
(2.19)

Equation 2.19 reveals that reaction thermodynamics can influence kinetics. In condensed

matter, strong interactions alter chemical activities and create variations that can dramati-

cally affect the reaction rate. The extreme case is that of a reaction-driven phase transfor-

mation and are common in electrochemistry where charge transfer is accompanied by ion

intercalation or deposition in a solid phase.[19]
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2.3.4 Fick’s Laws

At very high currents, a limiting current may be reached as a result of concentration

overpotential. Simplistically, the limiting current is diffusion limited, and can be determined

by Fick’s laws of diffusion, but more realistically the mass transfer to an electrode is governed

by a combination of the Nernst-Planck equation and Fick’s first law of diffusion:

Ji(x) = −Di
δCi(x)

δx
− ziF

RT
−DiCi

δφ(x)

δx
+ Civ(x) (2.20)

where Ji(x) and Ci(x) are flux and concentration of species i at distance x from the surface,

Di is the diffusion coefficient, δCi(x)/δx is the concentration gradient at x, and δφ(x)/δx is

the potential gradient. The three terms represent contributions to the flux from diffusion,

migration, and convection, respectively. The Einstein relation is derived from Fick’s first

law, when only diffusion is considered:

D =
uRT

zF
(2.21)

where u is the ionic mobility, z is the number of charges per unit, and F is Faraday’s constant.

The Einstein relation connects the diffusion coefficient D and ionic mobility u. Since molar

conductivity (σ) is equal to the product of zuF we arrive at:

σ =
Dz2F 2

RT
(2.22)

as the general expression for conductivity. In the case of a strong electrolyte, the conductivity

is the sum of contributions of cations and anions. For time-dependent diffusion processes,

Fick’s second results in:

δCi(x)

δt
= Di

δ2Ci(x)

δx2
(2.23)
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2.3.5 Electrolyte Conductivity

While the considerations already discussed predominately apply to the electrode materials

themselves, it is also worth pointing out that there are limitations regarding the electrolyte

as well. Ideally, the electrolyte is ionically conductive while being electronically insulating.

The ionic conductivity, κ, of an electrolyte solution derives from the application of a gradient

of the electrostatic potential in the electrolyte solution phase, ∇φ, that causes the anions

and cations in the electrolyte solution to move. An electric current is produced because of

the flowing ions, and can be expressed in terms of the ionic mobility u, the ion concentration

c, and the charge number z :

i = −F (z+c+u+ + z−c−u−)∇φ = −κ∇φ (2.24)

The conductivity of most electrolyte solutions is typically on the order of 10 mS cm−2.

2.3.6 Tortuosity in Porous Electrodes

The overwhelming majority of rechargeable battery systems employ porous electrodes as

they provide much larger contact areas per unit volume between electrolyte, reactant, and

electronic conductor. At any given time, there will be a large range of reaction rates within

the pores because of their varying size and composition (non-active material components).

The distribution of these rates will depend on physical structure, conductivity of the matrix

and the electrolyte, and on parameters characterizing overpotential phenomena. In galvanic

cells this average particle size and accompanying rate distribution directly specifies the power

and energy densities that contribute to the polarization losses.[22, 23] The tortuosity of the

porous electrode is described by the well-known Bruggeman relation:

τ = ε−1/2 (2.25)
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where τ is the tortuosity and ε is the porosity, and their relationship is used as a measure for

the decrease in effective electrolyte conductivity and diffusivity due to the microstructure of

the electrode. It is worth noting that a portion of the current distribution is related to the

current production sites inside the porous electrode itself.

Recent X-ray tomography studies have demonstrated that non-spherical, anisotropically

shaped active material particles often align in a manner that increases the tortuosity perpen-

dicular to current collector. This effect can ultimately impact the achievable power density

and cycling performance of the overall battery considerably.[24]

2.4 Electrode Material Selection

As is the case in all aspects of material processing, there is a fine balance between the

associated material costs and device performance. The main considerations for cost include

abundance (or scarcity) of the starting reagents and processing expenses, of which reaction

temperature, pressure, and purity are primary aspects. A periodic palette available for the

design of electrode materials is presented in Fig. 2.4, where the individual elements are

colored by their suitability for battery electrode materials as well as any qualities related to

cost, abundance, toxicity, and radioactivity.[25] This is not a steadfast or absolutely resolute

guide as there are many batteries specifically tailored to their individual application where it

may be possible to make allowances for any unfavorable material aspects. For instance, some

transition metals are still actively investigated, such as V and Co, despite their toxicity.

There are many useful trends directly applicable to electrochemical materials that can

be quickly gathered from a simple survey of the periodic table. Generally, electronegativity

increases as one moves from left to right and upwards across the periodic table; however,

there are several exceptions (i.e., copper and zinc). This trend generally holds because there

are less screening effects for elements with smaller radius as the positively charged nucleus can

more effectively pull and influence the valence electrons, leading to corresponding increases
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Figure 2.4: Periodic palette available for the design of new electrode materials.[25]

in the electronegativity and ionization energies. Remembering that electronegativity is a

measure of the tendency of an atom to attract a bonding pair of electrons, it is clear that

such a quality can be used to directly tune the redox potential and ionicity/covalency of

insertion electrodes. The redox potential is a measure of the affinity of a substance for

electrons taken with respect to hydrogen. Substances more strongly electronegative than

(i.e., capable of oxidizing) hydrogen have positive redox potentials, while substances less

electronegative than (i.e., capable of reducing) hydrogen have negative redox potentials.

Moreover, the ionization energy (the quantity of energy that an isolated, gaseous atom in

the ground electronic state must absorb to discharge an electron, resulting in a cation)

dictates the oxidizing/reducing power of the atom. For example, monovalent ions are more

likely to lose an electron, or be oxidized, than multi-valent ions because it is easier to remove

electrons more distanced from the core that have lower ionization energies. It is worth noting

that 3d cations of the same charge have more oxidizing power from the left to the right along

the periodic table because of atomic size, and thus screening, effects. Clearly, size effects

play a role in stabilizing high-valence oxidation states by reducing the coulombic repulsion.
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It is well known that the electronegativity values of the constituent elements for a given

compound can be used to determine the percent ionic character of that given compound via:

% ionic character = 100×
[
1− exp

(
−0.25 (Xa −Xb)

2)] (2.26)

where Xa and Xb are the electronegativity values of elements A and B in compound AyBz.

It is clear intuitively and according to Equation 2.26 that the greater the electronegative

difference between two elements or a metal-ligand pair, the greater the percentage of ionic

character in the connecting bond. Covalent bonds will have a (somewhat) equal sharing of

the electron while ionic bonds will have electron localization around the more electronegative

element. This information gathered from the bonding characteristics can be directly used to

infer the density of a given compound. Materials with more ionic bonds favor the formation

of a dense structure comprised of edge- or face-sharing polyhedra, while covalently bound

materials are more often poorly packed structures consisting of corner-shared or isolated

polyhedra. The density is of critical importance in layered electrode materials as it is often

directly correlated with the magnitude of the diffusion plane through which the intercalating

species travels.

A schematic of the relevant energy levels in the electrodes and the electrolyte of a ther-

modynamically stable LIB relative to one another is shown in Fig. 2.5.[26] The energy

separation (Eg) between the lowest unoccupied molecular orbital (LUMO) and the highest

occupied molecular orbital (HOMO) of the electrolyte represents the potential window over

which the electrolyte can reversibly function. The two electrodes serve as electronic conduc-

tors with anode (reductant) and cathode (oxidant) electrochemical potentials of µA and µC ,

respectively. If the employed anode has µA above the electrolyte LUMO, then the electrolyte

will be reduced unless the anode-electrolyte reaction becomes blocked by the formation of

a passivating layer (SEI). The same occurs for a cathode with µC below the HOMO, but

µC cannot be lowered below the top of the cathodic anion p-bands which may have an en-
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ergy above the electrolyte HOMO; thus, the voltage of many layered oxides is intrinsically

self-limited by the top energy of the O2p bands. Therefore, the electrode electrochemical

potentials µA and µC must reside within the electrolyte window to ensure thermodynamic

stability, thereby constraining the open-circuit voltage the battery cell.

Figure 2.5: Schematic illustration of the open-circuit energy diagram for a typical alkali-
ion electrochemical cell (ΦA and ΦC are the anode and cathode work functions). The red,
blue, and green lines correspond to the Fermi energy of the alkali species in the anode, the
lowest energy level of the transition metal antibonding states, and a typical placement for
the voltage window for the electrolyte, respectively. The SEI regions are passivation layers
that impart kinetic stability.[26]

It is possible to suppress the cathode electron energy level by increasing the ionic nature

of the electrode material. The position of the cathodic conduction band states can be directly

determined by metal-ligand (MX) bonding characteristics and is reflected in the interatomic

distances, where short distances imply stronger (predominately covalent) bonds. Increasing

the ionic contribution to the bonding coincides with a decrease in the separation between

the bonding (σ) and antibonding (σ*) orbitals (or any splitting of degenerate orbital states

which are often seen in transition metal oxides); this in turn gives rise to a greater difference

in energy between the alkali-ion 1s and the lowest unoccupied 3d metal levels (σ*). This

ultimately increases cell potential, and has come to be known as the inductive effect; it has

been demonstrated experimentally as an important way to tune redox potentials in a wide
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variety of systems. Through this mechanism, it is possible to adjust the open circuit voltage

through structural modification which in turn alters the charge density of the MX bonds.[26]

2.4.1 Solid Electrolyte Interphase

It has been well established that the anode of all lithium-ion batteries, regardless of active

material or electrolyte selection, is covered by a passivating layer that has been dubbed the

solid electrolyte interphase (SEI).[27] The same phenomena has also been observed in many

Na-ion cells thus far. Experimental results have also suggested that there is an analogous

passivating layer that forms on the cathode as well, but these findings seem to be less ubiq-

uitous and critical to overall cell performance.[28, 29] In general, SEI growth is associated

with the irreversible electrochemical decomposition of electrolyte at the electrode surface

because of electrolyte instability during charging. Moreover, the film produced from the

products of electrolyte reduction is considered to adopt a two-layered structure; a compact

inorganic inner layer 1 to 2 nm thick with a porous organic outer layer roughly 10 to 100 nm

thick. A vast variety of compounds has been observed in this layer, but the exact structure

and composition are dependent on the composition of the electrolyte salt, solvent, and ad-

ditives, in addition to the electrode itself. There is little understanding of the mechanisms

that govern the formation and growth of the SEI.[30] A proposed schematic of the SEI is

presented in Fig. 2.6.[27] The formation of a stable and (somewhat) uniform SEI layer is

critical towards the successful operation of an full-cell alkali-ion battery because it prevents

further electrolyte degradation by blocking electron transport. Lithiation can still be carried

out because lithium ions can easily pass through the SEI via the exchange of ions between

the solvent, SEI compounds, and the lithium intercalated in the active material. The com-

position, thickness, morphology, conductivity, crystallinity, and density of the SEI are all but

a few of its parameters that significantly affect battery performance. The characteristics of

the SEI are still poorly understood, and are intensive areas of ongoing investigation. Ideally,
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Figure 2.6: Proposed schematic of the SEI layer with the left most edge representing the
interface with the electrode surface.[27]

the SEI is ionically conductive, morphologically and chemically homogeneous, mechanically

stable, and somewhat flexible as well.[31]

2.5 Electrode Material Performance

There are several ways in which alkali-ions can be repeatedly incorporated and removed

from the electro-active material of the electrode. The three main mechanisms through which

lithiation or sodiation occur are based on intercalation, alloying, and conversion reactions. A

schematic representation of the different reaction mechanisms observed in electrode materials

is shown in Fig. 2.7.[32] It is most often the case where there is only a single mechanism

operating, but it is possible for there to be a combination of the processes taking place if

certain criteria are met.

Alloying reactions are primarily observed in the Group IV (silicon and tin) and V (phos-

phorus and antimony) elements that serve as anodic materials with high specific capacity.
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Figure 2.7: A schematic representation of the different reaction mechanisms observed in
electrode materials for alkali-ion batteries. Black circles: voids in the crystal structure, blue
circles: metal, yellow circles: lithium.[32]

The main challenge for the implementation of alloy anodes is their large volume change (up

to 400%) during lithium insertion and extraction, which often leads to pulverization of the

active alloy particles and poor cycle stability. In addition, the first-cycle irreversible capacity

loss of alloy anodes is too high for practical application (SEI and loss of active material).

A more recently investigated system is the conversion mechanism that involves the for-

mation and decomposition of at least two separate phases through conversion reactions.

Reversible conversion reactions can transpire between binary MX compounds, where M is

often a transition metal and X a chalcogen or halogen, and metallic lithium, and are based

on the reduction and oxidation of metal nanoparticles. Thus it is a reaction that involves

heterogeneous lithium storage. It has been determined that the reversibility of the conversion

reaction depends on complete reduction of the metal species.
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Of the three methods, intercalation is by far the most thoroughly investigated and well

understood, and was the system on which initial developments in LIB were based. Inter-

calation is the reversible insertion of a guest species (ion or molecule) into the lattice of a

lamellar host structure. The structure of the host remains unchanged or is only slightly al-

tered in the guest-host complex that is in the intercalation compound (intercalate), however

there can be phase changes depending on the degree or extent of intercalation. The rate

of intercalation can be controlled by imposing an external potential across the cell, and the

reaction will stop when this potential equals the free energy of the system. Deintercalation

will occur when the voltage exceeds this free energy. The following considerations will be

made based on intercalation systems chemistries alone.

For a given electrode material, the composition, crystal structure, and morphology can

dictate the reaction rate and transfer processes for the electrode materials, and can be

manipulated to alter the overall electrochemical performance.[26] Provided this synopsis, it

is evident that there are several characteristics paramount to good electrode, particularly

cathode, performance:

(i) The material contains a readily reducible/oxidizable ion, for example a transition metal.

(ii) The material reacts with lithium in a reversible manner by having tolerance for struc-

tural changes during the reversible lithium insertion and extraction process.

(iii) The material reacts with lithium with a high free energy of reaction.

(iv) The material can incorporate large quantities of lithium reversibly with high capacity

and at high voltage.

(v) The material should have good electronic conductivity and Li+ ionic conductivity.

(vi) The material and its synthesis should be inexpensive for commercialization.

(vii) The material is safe and environmentally tolerable.
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2.5.1 Performance Metrics

Capacity

The capacity of an electrode material represents the amount of charge that it can store.

The gravimetric and volumetric specific capacity can be expressed as:

Cg =
1000xF

3600Mw

(2.27)

Cv = ρCg (2.28)

where x is the amount of alkali ions per formula unit of active material that can be reversibly

incorporated and ρ is the material density. Equation 2.27 represents the gravimetric capacity

and has units of [mA h g−1] while Equation 2.28 expresses the volumetric capacity and has

units of [mA h cm−3].

Rate Capability

The term charge/discharge rate or C-rate is often used to describe how fast the cell can

be charged or discharged. 1 C denotes either the theoretical charge capacity of a cell or the

nominal capacity of the cell, but should be explicitly listed. For example, a C/10 rate means

a current allowing full charge or discharge in 10 hours.

Energy Density

Energy density is one of the most important parameters to evaluate the performance of

a battery. The energy stored in a battery could be expressed as the integral of voltage upon

capacity:

E =

∫
V dC (2.29)
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The cell energy in terms of total mass and the volume of a battery correspond to the gravi-

metric and volumetric energy density, respectively. Strictly speaking, it is not correct

Figure 2.8: Voltage versus capacity for LIB electrode materials.[10]

Figure 2.9: Voltage versus capacity for NIB electrode materials.[33]

to report the energy density of a single electrode, as voltage is the difference between two

electrodes. However conventionally, the energy density of the cathode is reported based on
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the voltage against a lithium anode and only the mass of cathode is included. The specific

energy (gravimetric energy density) is typically reported in units of Wh kg−1 while the volu-

metric energy density is exhibited in Wh L−1. Theoretical energy densities of 400 Wh kg−1

are obtained when only the active materials of the cathode and anode are considered. The

gravimetric energy density of the entire battery must include the weight of the electrolyte,

separator, current collectors, and other inactive components which actively serve to lower the

value down to one-third to one-half of the theoretical energy density. The input parameters

that contribute to energy density for various electrode materials are shown in Fig. 2.8 and

2.9.[10]

Power

The power that a battery can supply is equivalent to the product of the current and

voltage, and refers to the energy that can be derived per unit time. A higher current

typically leads to a lower voltage, as higher voltage drop exists due to polarization, limits in

solid-state diffusion, and phase transformation. Therefore, batteries are typically measured

at different currents. To improve power, it is necessary to enhance the diffusion rate of alkali

ions and the electrical conductivity.

Cycle Life

Cycle life is another important parameter for evaluating rechargeable battery perfor-

mance. In industry, the cycle life is defined as the number of cycles it takes for the capacity

to degrade to 80% of the initial value. This value is taken as a safety precaution because

capacity drops to this level are usually accompanied by lithium plating at the anode which in

turn downshifts the entire cell voltage. This will in turn induce stepwise cathode degradation

which will lead to additional voltage drops and a self-perpetuating degradation mechanism.

The cycle life is dependent on many factors such as the formation of a stable solid electrolyte

interphase, the stability of the electrolyte, and the structural stability of the electrodes, etc.
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2.5.2 Overview of Vanadium Oxide

Despite years of intensive research accompanied with significant progress, the cathode

remains a limiting factor towards improved battery performance. Anode materials, even

the current commercially available ones, possess stable capacities that are approximately

a factor of two better than their cathodic counterparts. Cathode materials on the other

hand, are inherently restricted to a considerably lower intercalation capacity and exasperated

degradation over long term cycles. Because cathode performance has become a bottleneck

for the capacity improvement of alkali-ion batteries, research concerning electrodes is more

focused on such. In addition to exploring new cathode materials there has also been strong

efforts to improve the intercalation capacity of already well-established cathode materials.

Layered intercalation compounds are one of the more popular battery electrode material

candidates, and are for the most part comprised of metal oxides. These layered compounds,

for which nearly all of the research and commercialization of cathode materials has been fo-

cused, can be further designated into two classes. The first class is comprised of the layered

compounds with an anion close-packed or nearly close-packed lattice where the electro-active

transition metal ions occupy alternating layers, and lithium is inserted in the unoccupied

layers. Both LiTiS2 and LiCoO2, the current commercial cathode of choice, are prime exam-

ples of this class of compound. The second class of layered metal oxide compounds can be

classified by their more open structures. Primary examples of these structures are tunneled

manganese dioxide and the layered vanadium oxides.

Vanadium oxides exhibit intriguing electrochemical, photochemical, catalytical, spectro-

scopic and optical properties. The electron configuration of vanadium in the ground state

is [Ar]3d34s2. Vanadium exhibits four common oxidation states +5 ([Ar]), +4 ([Ar]3d1), +3

([Ar]3d2), and +2 ([Ar]3d3) each of which can be distinguished by a respective yellow, blue,

green, and violet color as displayed in Fig. 2.10. Vanadium occurs in deposits of phosphate

rock, titaniferous magnetite, and uraniferous sandstone and siltstone, in which it constitutes

less than 2% of the host rock and is typically collected as a byproduct. The element occurs
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naturally in about 65 different minerals and in fossil fuel deposits, and is used by some life

forms as an active center of enzymes. Vanadium is used in making specialty steels like rust

resistant and high speed tools, and such uses accounted for 93% of the domestic vanadium

consumption in 2014.[34] For battery applications, vanadium oxide offers the advantages of

being cheap, easy to synthesize, high energy densities, and does not directly complete with

the other vanadium applications. Consequently, it has attracted much interest as it also

fulfils the electrode material criteria enumerated in the previous section. Some of its basic

structural and electrochemical properties are summarized herein.

Figure 2.10: The colorful oxidation states of vanadium, increasing from left to right.

Structure

Vanadium is a transition metal with atomic number 23 and an atomic weight of 50.9415

amu. It is a redox-active element that can be found over a wide range of oxidation states

(from -1 to +5) and it can adopt a variety of coordination numbers (CN) and coordination

geometries. The ideal coordination polyhedra from CN 4 through 8 are presented in Fig.

2.11, but it should be noted that the real coordination geometries adopted by most vanadium

complexes are slightly distorted.[35] The ability of vanadium to take on a host of coordination

geometries distinguishes it from other first-row transition metals which are often dominated

by a single coordination geometry. Moreover, the acid-base equilibrium plays an important

role in the redox behavior of the vanadium center. The Pourbaix diagram (Fig. 2.12) clearly
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Figure 2.11: Coordination geometries of vanadium species.[35]

demonstrates the redox behavior of vanadium ions in aqueous solution is highly affected by

pH. For instance, the V(+3) species exist under acidic conditions, whereas the V(+4) and

V(+5) species are dominant under neutral or basic conditions around 0 V.

Figure 2.12: Pourbaix diagram of vanadium species.[35]
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It has been proposed that there are five stable vanadium-oxygen compounds that can

be formed: VO2, V2O3, V3O5, V3O7, and V2O5 with the last being the most common and

investigated phase. Numerous other phases that can be formed with the incorporation of

lithium. The binary and ternary phase diagrams for the V-O and Li-V-O systems are shown

in Fig. 2.13.[36, 37] The pentavalent state of vanadium oxide, V2O5, is well known and

Figure 2.13: (a) Binary V-O and (b) ternary Li-V-O phase diagram.[36, 37]

has a structure that can be described as orthorhombically distorted trigonal bipyramids

of VO5 with shared edges that form zigzag double chains. The structures of the four VO2

polymorphs, VO2(R), VO2(M), VO2(B), and VO2(A), are based on an oxygen body-centered-

cubic lattice with vanadium in the octahedral sites and somewhat regular oxygen octahedra.

VO2(B) is a layered structure composed of bilayers formed by edge sharing VO6 octahedra

with a three-dimensional framework formed by bridging oxygen atoms between the layers

and is one of the few dioxide structure that can reversibly cycle lithium.

As previously mentioned, there are several other vanadium oxide species that can re-

versibly intercalate lithium or other alkali ions; however, they are not mentioned in this

passage for the purpose of remaining succinct.
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Vanadium Pentoxide

The pentavalent state of vanadium oxide, V2O5, is well known and has a structure that

can be described as orthorhombically distorted trigonal bipyramids of VO5 with shared edges

that form zigzag double chains. The V2O5 octahedra are irregular with five V-O distances

ranging from 0.159 and 0.202 nm and a sixth distance as large as 0.279 nm (Fig. 2.14).[38]

Because of the varying V-O distances, and the longest interatomic distance residing opposite

the shortest V-O bond directed toward the apex of the square pyramid, it is possible to

describe the structure as layered square VO pyramids with five oxygen atoms surrounding

the vanadium atom. The apices of the VO5 pyramids alternate in an up-up-down-down

sequence with every third row vacant because of corner sharing of the double chains. The

layered assembly is held together via van der Waals interactions. It should be noted that

the experimentally reported c-spacing (4.368 Å) is longer than expected based off of crys-

tallographic arguments (3.830 Å). This is because the vanadium atom establishes a strong

covalent bond at the apex of the square pyramid and is thereby slightly pulled out of the

basal plane;[39] this in turn lengthens the opposing V-O bond which implies that there is no

bonding between the apical oxygen and the out-of-chain vanadium. Similarly, repulsion be-

tween layered apical oxygen leads to a weak tilting of the apical V-O bond. V2O5 is slightly

soluble in water (0.8 g L−1) where it forms an acidic solution that can readily becomes

colloidal.

Vanadium pentoxide is an attractive material for application as cathodic material in

electrochromic thin film devices and alkali-ion batteries owing to its ability to reversibly

accommodate up two alkali ions per oxide formula unit; such intercalation capabilities cor-

respond to high specic capacities of approximately 294 (Li+, 4 to 2 V) and 236 (Na+, 4 to

1.5 V) mA h g−1. The electrochemical performance being strongly related to the nature

and the amplitude of the structural changes induced by the lithium insertion/deinsertion

process, a great number of studies have focused on the structural features of vanadium and
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its lithiated LixV2O5 phases. The structural changes accompanied with lithiation are shown

in Fig. 2.15.[40]

Figure 2.14: V2O5 (a) layers and (b) coordination around vanadium.[38]

However, the high specific capacity/energy has not been realized in practical LIB appli-

cations because of three primary issues: (1) low electrical conduction, (2) slow lithium-ion

diffusion and (3) irreversible phase transitions upon deep discharge. Like most metal oxides,

V2O5 has very low electronic conductivity due to its low d -band mobility and band gap of

2.41 eV.[41] The lithiation/delithiation processes in crystalline V2O5 are accompanied by

structural phase transitions. Such a phase transition process induces lattice strain due to

phase coexistence within the same particle. It is known that the lattice mismatch-induced

mechanical strain can cause irreversible structural damage, which not only limits battery

life, but also causes irreversible capacity loss. Consequently, V2O5 often has very poor rate

capability and very limited long-term cyclability.

There are several phases of V2O5 formed upon Li+ intercalation depending on the overall

amount of lithium incorporated into the structure. Initially, lithium merely intercalates the

structure, first forming the α-phase (x < 0.1) and then the ε-phase (0.35 < x < 0.7) where the

layers begin to pucker. In the α-phase, all vanadium crystallographic sites are identical and

can readily accommodate the small amount of V4+ cations and lithium introduced between
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Figure 2.15: Perspective view of the (a) pristine V2O5 and lithiated (b) α, (c) ε, (d) δ, and
(e) γ V2O5 structures.[40]

the layers, on sites that can be described as trigonal prisms. Between 0.88 < x < 1, shifting

and puckering of the layers occurs and leads to the formation of the δ-phase. In the δ-phase,

one slab over two is shifted by half of a unit cell parameter along the b-axis. No bonds are

broken during this process, and thus reversibility is maintained. The VO5 square pyramids

maintain their apical up-up-down-down structure in the α-, ε-, and δ-phases, as shown in

Fig. 2.15. The intercalation of 1.0 Li+ per V2O5 formula unit corresponds to a specific

capacity of 147 mA h g−1.

The intercalation of 1.0 < x < 2.0 induces transformation to the γ-phase, where the

layers are severely puckered and the square pyramid apices now alternate in an up-down-

up-down sequence. This structural transformation is reflected in the discharge plateau at

approximately 2.3 V (vs. Li/Li+). Upon further reduction below 1.9 V, corresponding to 2.0

< x < 3.0, a tetragonal structure is initially formed that later adopts a rock-salt structure,

which is known as the ω-Li3V2O5 phase. Delmas reviewed these structural modifications

and attributes the high OCV at low lithium content to the metastability of the defective

rock-salt lattice which can contain up to 60% vacancies on the cation sublattice. The single

sloping discharge plateau from almost 4 to less than 2 V makes it uninteresting for practical

applications where the change in potential should preferably be under 0.5 V; moreover, this
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phase also rapidly loses capacity on cycling and experiences vanadium dissolution into the

electrolyte at higher discharge rates.[42]

Approaches to Improve the Electrochemical Properties

The practical application of vanadium oxide has been hampered by its intrinsically low

alkali ion diffusion coefcient, relatively low density, moderate electrical conductivity, and

poor cycling stability. These intrinsic disadvantages are believed to slow down the kinetics

of both ion and electron transports of alkali-ion batteries, and the kinetic problems would

be more severe for high-performance alkali-ion batteries that are required to deliver high

reversible capacities at high current densities. In the past decades, progressive accomplish-

ments have been achieved that rely on the fabrication of nanostructured materials, cation

doping, heterogeneous structures, and the introduction of structural defects - all of which

will be highlighted in the succeeding section. Generally, fabrication of nanostructured ma-

terials can effectively decrease the ion and electron transport distances while heterogeneous

structures and cation doping are able to signicantly increase the electrical conductivity and

cycling stability. Implementation of these strategies addresses the problems that are related

to the ionic and electronic conductivity as well as structural stability of vanadium oxide.

Accordingly, the electrochemical performances of vanadium oxide cathodes are signicantly

improved in terms of discharge capacity, rate capability, and cycling stability.
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Chapter 3

Nanostructured Electrodes for

Rechargeable Battery

The development and characterization of nanostructured electrode materials has been

well documented over the past decade; many excellent reviews concerning the benefits of

nanostructured materials for electrochemical energy conversion and storage have already

been published, to which the reader is referred.[43, 44, 45] However, nanomaterials as a

whole suffer from several basic limitations that restrict their performance in energy storage

applications. Thus, it is necessary to utilize either one or several exploitive techniques that

can easily increase battery performance in order for renewable energy resources to achieve

cost parity with traditional energy sources. The remainder of this section will highlight some

of the recent developments towards tailoring nanostructures and nanostructure assemblies

through the synthesis of faceted (and often high energy) structures, micro/nano-structures,

mesocrystals, and the manipulation of surface chemistry for Li-ion battery electrodes with

superior performance characteristics.
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3.1 Introduction

The development of nanostructured electrode materials has led to great enhancements

in Li-ion battery performance, as with many other fields.[43] The nanoscale size reduction

leads to enhancements of the Li-ion battery intercalation capability by increasing the specific

surface area for interfacial Faradic reactions and the flux of Li-ions across the electrode-

electrolyte interface; these effects ultimately enhance the mass and charge diffusion paths

and modify the thermodynamics (compared to the bulk), which facilitates phase transi-

tions. However, the most dominant and substantial advantages imparted by nanostructures

is drawn from their enhancement of the kinetics and related diffusivities. The Li-ion diffusion

time for lithiated or non-lithiated transition metal oxides is proportional to the square of the

diffusion path length:

t =
L2

D
(3.1)

where L is the diffusion length and D the diffusion constant. The reduction of the electrode

particle size into the nanometer regime tremendously improves the intercalation kinetics and

ultimately enhances the overall degree of intercalation. Several studies have also revealed that

the implementation of nanostructures as electrode materials has led to an enhancement of

the specific capacity beyond the theoretical limits.[46, 47] The increased storage capacity has

been attributed to the confined dimensions of nanostructures that make the surface and grain

interface effects more prominent. Ultimately, an additional storage mechanism will begin

accommodating lithium ions on the surface/interface of the particles or through a conversion

reaction when they are below a critical particle size.[46] Therefore, nanostructures of a

critical size can undergo an interfacial adsorption mechanism in addition to the traditional

bulk intercalation process, and it is possible to modify the nanostructured material phase

transition boundary to intercalate more lithium. These studies also revealed that the Li-

ion and electron potentials can be modified through the use of exceedingly small particles,

producing a change in the electrode potential and overall reaction thermodynamics.[48] All
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of these factors make it possible for nanostructured battery electrodes to operate at a higher

rate; the use of nanomaterials can also enhance the cycling performance of the material by

alleviating some of the lattice strain experienced during cycling due to the de/intercalation

of lithium.[48, 49]

The benefits of nanostructured metal oxide electrodes have been well documented

throughout the literature. Wagemaker et al. compared the lithium ion intercalation

performance of anatase TiO2 micro- and nano-particles.[50] The size of the anatase TiO2

nanoparticles was incrementally altered in order to investigate the nano-size effects. It was

determined that the Li-ion solubility was greater with decreasing particle size, and increased

from 0.55 to 0.7 Li+ per formula unit when the micron-sized TiO2 particles were replaced

with nanoparticles smaller than 40 nm. The discrepancy in the quantity of inserted Li+ was

ascribed to a more homogeneous, and Li-rich, phase in the nanoparticles compared with the

micron-sized particles that had coexisting Li-rich/poor phases because they were too large

for homogeneous Li+ penetration.[51] Ganapathy et al. also revealed that the Li+ diffusion

rate limiting two-phase boundary between electrode particles has an activation energy of

approximately 50 kJ mol−1, but nanomaterials smaller than 40 nm did not have the phase

boundary and had an activation energy of 10-25 kJ mol−1.[52] Hu et al. also corroborated

the enhanced electrochemical effects of nanostructuring TiO2 as a Li-ion battery electrode

material.[53] They revealed that the discrepancy in intercalated Li+ could be attributed to

dissimilar diffusion along the ab-plane, and that Li+ surface storage on the nanoparticles is

energetically more favorable than bulk insertion.

While anatase TiO2 and its derivative structures are well-studied metal oxide electrode

materials, it should be noted that layered intercalation compounds are one of the more pop-

ular device candidates amongst metal oxide electrodes. These layered compounds, for which

nearly all of the research and commercialization of cathode materials has been focused, can

be further designated into two classes. The first class is comprised of the layered compounds

with an anion close-packed or nearly close-packed lattice where the electro-active transition
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metal ions occupy alternating layers, and lithium is inserted in the unoccupied layers. Both

LiTiS2 and LiCoO2, the current commercial cathode of choice, are prime examples of this

class of compounds. The spinel structured compounds may be classified as a sub-group

within this class because the transition metal ions occupy all the layers. Nanostructured

Li4+xTi5O12 spinel has demonstrated superior electrochemical performance when compared

to its bulk counterpart due to increased Li-ion occupancy. These results serve as a direct

reflection of the enhanced kinetics and transport properties of nanostructured electrodes

because Li4+xTi5O12 spinel is a zero-strain material.

The second class of layered metal oxide compounds can be classified by their more open

structures. Primary examples of these structures are the layered vanadium oxides and the

tunneled manganese dioxide; the transition-metal phosphates, such as olivine LiFePO4, can

also be grouped under this structural classification. The benefits of nanostructuring have

been documented for these layered materials as well. Uniform films of V2O5 were formed

on FTO substrates through a combination of cathodic deposition and catalyzed gelation.

The homogenous films were composed of microflakes that ranged from 0.5 to 1.5 µm in

diameter, and each flake was composed of nanoparticles measuring 20-30 nm in diameter with

10 nm gaps separating adjacent nanoparticles. Conversely, similar processing routes with

the addition of a block copolymer surfactant yielded a porous V2O5 structure composed of

nanoparticles and pores approximately 100 nm in size. Not surprisingly, the smaller particle

and pore size of the surfactant-free specimen led to far greater lithium intercalation capacity

(405 vs. 275 mA h g−1), rate performance (70C vs. 60C), and cyclic stability (200 vs. 40

cycles). Thinner films displayed similar benefits when compared to thicker films composed

of the same electro-active material.

The development of silicon based anodes for Li-ion batteries has also received a consid-

erable amount of interest over the past several years. The Li-Si binary system indicates that

an individual silicon atom can accommodate the insertion of 4.4 lithium ions, yielding one of

the highest known theoretical charge capacities (4200 mA h g−1); additionally, the discharge
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potential of silicon is quite low, and it is already a highly processed material. Although this

theoretical capacity value is eleven times larger than that of the current commercially used

graphite anodes, the use of silicon as an anode material is limited because the insertion of

4.4 Li-ions is accompanied by a 400% volume expansion of the lattice. This tremendous

expansion results in cracking and disintegration of the electrode, with active material loss

via reduced electronic contact, giving way to severe capacity fade. Such has been the case

for past studies involving Si bulk films and micrometer-sized particles, where capacity fading

and short battery lifetimes were attributed to the pulverization and loss of electrical contact

between the active material and the current collector. Fortunately, the use of Si nanostruc-

tures such as nanowires can alleviate these issues because there is a critical particle size

below which fracture will not propagate further. Huggins and Nix calculated the critical size

for particle fracture upon lithiation as:[54]

hC =
23

π

(
3KIC

BεT

)2

(3.2)

where hC is the critical crack size, KIC is the fracture roughness in MPa
√
m, B is the

biaxial Young’s modulus of the material, and εT is the total strain. For silicon, the fracture

toughness is 10 MPa
√
m, and the strain associated with the insertion of 4.4 Li+ per Si

(Li22Si5) is approximately 400%. Therefore, the critical particle size below which fracture

supposedly does not occur is predicted to be 75 nm.

Experimentally, it has been shown that composite anodes of Si-C nanoparticles ranging

from 50 to 100 nm in size have better cycling performance than those in the micrometer

range. Alloy particles within the nano-regime can accommodate a larger degree of volume

variation because they often display higher plasticity and deformability. The control and

tailoring of these considerations resulted in a nano-Si composite anode material with an

extremely high and reversible capacity that exhibited none of the capacity fading seen in

the micrometer sized material. Chan et al. went on to demonstrate that Si nanowires
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grown through the vapor-liquid-solid method were better able to accommodate large volume

changes without the initiation of fracture due to their small diameter, one dimensional con-

finement of charge transport, and enhanced contact with the current collector. Additionally,

no binders or conductive additives were required to compensate for material shortcomings

since each nanowire was attached to the current-carrying electrode; however, the capacity

retention at the 2C rate was less than 50% of the initial capacity.[55]

While Li+ surface storage and increased fracture resistance are performance benefits

inherent to many nanostructured electrode materials, an even more complex interaction has

been observed in nano-sized LiFePO4 because of its incomplete miscibility gap (region in a

phase diagram in which two phases with nearly the same structure have no solubility in one

another). Meethong et al. showed that the miscibility gap in pristine LiFePO4 diminishes

with decreasing nanoparticle size, suggesting that the miscibility gap completely disappears

below some critical value.[56] The enhanced solubility of Li in nano-sized LiFePO4 can be

ascribed to the presence of multiple phases in the individual particles. The coexistence of two

crystallographic phases within one particle leads to a domain-wall-related energy penalty,

which is determined by the strain prompted from the difference in the lattice parameters

and can destabilize the two-phase coexistence in smaller particles. Nanostructures have been

utilized to increase the equilibrium compositions and effectively reduce the lattice mismatch

between coexisting phases. Therefore, the energy gain associated with phase separation will

drop with decreasing particle size, and the miscibility gap will gradually diminish.[57] The

miscibility gap began to decrease while the solubility increased starting with nanoparticles

approximately 100 nm in diameter, and showed a strong effect in particles smaller than 35

nm.[58] Changes in the miscibility gap were ascribed to particle size associated modifications

in the molar free energy of mixing for either one or both phases. The associated particle size

effects were also speculated to emerge from the relative contributions of the particle-matrix

surface energy and stress, and/or the coherency or compatibility stresses in the coherently

interfaced two-phase particles.[56]
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Herein, the remainder of this section will focus on some of the recent developments to-

wards tailoring nanostructures and nanostructure assemblies for fabricating electrodes that

will not fall victim to the damaging effects associated with nanomaterials. In addition, the

exposure of specific (and often high energy) facets, micro/nano-structures, mesocrystals, sur-

face/defect chemistry manipulation for Li-ion battery electrodes with superior performance

characteristics will be discussed.

3.2 Exposure of Specific Surface Facets

It has been demonstrated that the control of particular electrode material crystal facets

is beneficial for lithium ion storage. These increased attributes can be ascribed to the unique

surface properties of specific facets, including the surface energy and diffusion barrier.[59, 60]

Yang et al. were amongst the first to synthesize anatase TiO2 single crystals with a high

percentage of reactive (001) facets compared to the more energetically preferred (101) facets,

which have surface energies of 0.9 and 0.44 J m−2, respectively.[61] This discrepancy in the

energy values was proven experimentally by reversing the relative stability of the facets by

terminating the surface with fluorine through the use of hydrofluoric acid. The fluorine

terminated surfaces were later cleaned by heat treatment, whereupon the crystal structure

and morphology were retained. Many investigations have since been conducted that analyze

the novel properties of these faceted structures for environmental, energy storage, biomedical,

and catalytic applications.[62]

Of particular interest for such tailored materials is the increased lithium ion storage

potential of the exposed high energy facets. Lithium insertion occurs faster on the (001)

TiO2 surface rather than the (101) surface because of a higher charge transfer rate constant

(10−8 vs. 2×10−9 cm s−1) and chemical diffusion coefficient (7×10−14 vs. 2×10−13 cm2

s−1) for Li+ insertion.[60] The charge transfer and chemical diffusion coefficient for TiO2 is

greatest along the (001) facet, and exposing these facets can result in a lower energy barrier
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for faster and more efficient Li+ intercalation. Despite the relatively high percentage of (001)

facets, the specific surface area of the TiO2 crystals was low because they were relatively thick

along the [001] direction. With these considerations in mind, Wu et al. set out to improve

the electrochemical performance by reducing the [001] directional thickness and increasing

the two-dimensional lateral size of the (001) plane by synthesizing TiO2 nanosheets with

high-energy facets.[63] While the nanosheet surfaces were dominated by (001) facets, they

were initially stabilized by oleylamine which was then removed by calcination; however, this

approach led to agglomeration and coarsening of the nanosheets.

Chen et al. circumvented this issue by synthesizing hierarchical spheres from large ul-

trathin anatase TiO2 nanosheets with nearly 100% exposed (001) facets.[64, 65] Even at a

high current rate of 20C (3400 mA g−1), a reversible capacity of 95 mA h g−1 could still

be delivered, as evidenced in Fig.3.1. Similar results for analogous morphologies have been

demonstrated by several other groups as well.[66, 67] The individual nanosheets adopted a

Figure 3.1: FESEM image of as-prepared anatase TiO2 nanosheet microspheres and (inset)
cycle stability at various current rates.[64]

random orientation, which resulted in a three-dimensional highly nanoporous structure with

a specific surface area of 170 m2 g−1. The nanosheet hierarchical structures showed excel-

lent cycle and rate performance when investigated as anode material for Li-ion battery; the

specific capacity was 140 and 100 mA h g−1 when the electrode was discharged at the high
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current rate of 10 and 20C, respectively. The high Coulombic efficiency, excellent capacity

retention, and superior rate behavior were ascribed to the inherently short transport path

lengths, preferential orientation of the nanosheets, and size confinement of the nanosheets

themselves.

Dylla et al. went on to demonstrate that the intercalation of Li+ in TiO2(B) nanosheets is

superior to TiO2(B) nanoparticles due to the exposure of highly reactive facets that decrease

the diffusion barrier during lithium intercalation.[59] Differential capacity plots revealed that

the TiO2(B) nanosheets have a greater influence of surface effects that would change the over-

all charge-discharge behavior, and the nanoparticles displayed a more discrete redox behavior.

Density functional theory with energy penalty (DFT+U) calculations were then performed,

and elucidated the varying lithiation mechanisms for the different morphologies. For the

TiO2(B) nanoparticles, the A2 sites near the equatorial TiO6 octahedra are initially filled,

followed by A1 sites near the axial TiO6 octahedra. Conversely, the TiO2(B) nanosheets

incrementally fill the C sites, followed by the A2 and A1 sites. This variance in the method

of lithiation is attributed to the elongated geometry of the nanosheet that effectively reduces

lithium interaction between the C and A2 sites. Overall, this study further verifies that

the exposure of specific high energy facets can be advantageous towards achieving enhanced

lithiation dynamics. Similar calculations have also yielded the same conclusions for spinel

Li4+xTi5O12.[68]

The benefits of faceting have also been observed for other metal oxide electrode ma-

terials. LiMn2O4 nanosheets composed of single-crystalline nanorods with exposed (111)

facets demonstrated favorable attributes for energy storage applications because of their

two-dimensional nanoporosity and exposed (111) facets.[69] From a Li-insertion performance

standpoint, nearly 100% of the initial capacity can be retained after 500 cycles at a 1C dis-

charge rate using the nanoporous nanosheets as cathode; at a discharge rate of 25C, the

capacity retention is about 86% of the initial capacity after 500 cycles. These discharge

values were approximately 2.5 times better than solid state synthesized LiM2O4 particles.
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The enhancement in capacity was ascribed to a more uniform, thin, and stable solid elec-

trolyte interphase (SEI) layer forming on the (111) facets that could suppress structural and

volumetric changes.

Liang et al. successfully synthesized hierarchical LiV3O8 nanofibers from nanosheets

composed of exposed (100) facets using electrospinning combined with calcination, which

showed great potential as anode materials for aqueous Li-ion batteries.[70] An issue that

plagues aqueous lithium ion battery systems is the potential of proton intercalation in place

of Li+ intercalation, and is responsible for the capacity fading typically seen in such set-

ups. The (100) facet of the LiV3O8 structure has smaller and less numerous channels to

accommodate Li+ insertion, which makes it more difficult for H+ to intercalate into the

anode host. Therefore, the enhancement in electrochemical performance is a result of the high

percentage of exposed (100) facets that may effectively alleviate proton co-intercalation into

the electrode materials. Correspondingly, the LiV3O8 nanofibers from nanosheets composed

of exposed (100) and bulk LiV3O8 materials exhibited a discharge capacity of 105 and 62

mA h g−1, respectively, when cycled at 60 mA g−1.

Li+ insertion dependence on exposed crystal facets has also been observed in metal phos-

phates. LiFePO4 nanoplates with crystal orientation along the (101) facet and (011) facet

present similar reversible capacities at low current densities, but the (011) facet shows supe-

rior performance at higher rate.[71] The approximate values of the (101) and (011) faceted

structures were 160 mA h g−1, but then differentiated at 148 and 28 mA h g−1 at 10C,

respectively. The results indicate that FeLi anti-site defect concentration may account for

the availability of electrochemically active LiFePO4, while the crystal orientation contributes

for rate capability only, further verifying that control of faceted surfaces is a powerful means

of enhancing electrode performance. LiMnPO4 microspheres with different crystallographic

orientations were assembled from plates, wedges, and prisms. The Li+ insertion performance

of the LiMnPO4 microspheres assembled with plates was far better than the other primary

nanoparticle units due to the exposure of (010) facets as well as the confined thickness along
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the [010] direction allowing for fast Li+ diffusion and a short diffusion length.[72] The plate-

assembled microspheres ultimately demonstrated discharge capacities of 130.3 mA h g−1 at

0.05C, 114.9 mA h g−1 at 0.1C, and 96.8 mA h g−1 at 0.2C, values which were far superior

compared to the microspheres composed of wedge or prism nanoparticles.

Additionally, the effects of surface facet control can be seen for lithium alloying elements

as well. For Si insertion materials, Jung et al. revealed through DFT calculations, with a

slab representation of the surfaces, that once the Li+ is incorporated into the Si surface, it

diffuses faster by at least two orders of magnitude along the [100] direction than along the

[111] direction.[73] The notable difference between the Li+ insertion behaviors in the (100)

and (111) surfaces is a distinct rate-determining step; more explicitly, these limitations are

the surface incorporation for (100) and subsurface diffusion for (111). These results were

then assessed experimentally, where it was determined that a phase boundary separating the

crystalline silicon from the amorphous lithiated phase was faster for (110) silicon than along

the (100) and (111) orientations.[74] These results imply that subsurface diffusion can play

a more important role than surface incorporation in determining the overall intercalation

rate, and that the kinetics of Li+ surface incorporation must be enhanced by metal doping

or modification of the SEI to reduce the surface incorporation barrier.

3.3 Micro/nano-structured Electrode Materials

While nanosized electrode materials are advantageous in terms of kinetics and capacity,

their practical application suffers from low thermodynamic stability and high propensity to

undergo secondary reactions because of their confined size and high surface energy. There-

fore, the use of kinetically stabilized nanostructures should be considered. Over the past

several years, significant studies have been conducted examining the synthesis and perfor-

mance of heterogeneous structures. While heterogeneous structures typically refer to the

combination of two or more materials, in this case it refers to architectures displaying more
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than one size scale (i.e., micro/nano). The design of microstructurally composed nanopar-

ticles, for instance, can circumvent the thermodynamic instability, undesired side reactions,

high processing costs, and potential nano-toxicity effects associated with nanoparticle syn-

thesis and processing.[43, 75, 76]

For example, micro/nano-structures of the metastable monoclinic (B) phase of vanadium

dioxide were synthesized by Zhang et al. using a polymer capping reagent and hydrothermal

processing conditions.[77] The final product displayed a flower-like morphology assembled of

single-crystalline nanosheets, as shown in Fig. 3.2a.

Figure 3.2: FESEM image of the as-prepared flower like VO2 and (b) corresponding cyclic
stability of the VO2/LiMn2O4 aqueous cell operating at 60 mA g−1 within the voltage range
of 1.65-0.5 V.[77]

It was determined that the flower-like morphology was developed through a self-assembly

and Ostwald ripening process, where the overall flower-like structure was approximately 1-1.5
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µm in diameter composed of nanosheets (the petals of the flower in this case) 20-30 nm thick.

The obtained material was employed as the active electrode material for an aqueous Li-ion

battery system paired with a LiMn2O4 counter electrode. The VO2/LiMn2O4 cell showed an

excellent initial capacity when cycled at 60 mA g−1, but suffered from significant capacity

fading upon cycling, as seen in Fig. 3.2b. The high initial Li+ intercalation performance was

attributed to the interconnecting single crystalline nanosheets, which decreased the charge

and mass transfer diffusion paths.

Similar flower-like morphologies composed of single crystalline nanosheets were also ob-

served in other electrode material systems, such as LiMnPO4, SnO2, and LiFePO4.[64, 78, 79]

All of these reported studies stated that their respective morphology evolved through the

capping of the primary nanoparticles with surfactant followed by the formation of preferen-

tial arrangements and subsequent growth. The LiMnPO4 product showed notable capacity

retention, but the specific capacity values were not tremendous. The low Li+ intercalation

potentials could be overcome by modifying the nanosheets to grow along the [010] axis that

exhibits a preferential Li+ diffusion pathway. The other flower-like morphology systems

showed outstanding electrochemical performance both for prolonged cycling and at high

current rates.

3.4 Hollow micro/nano-structures

A great deal of recent research efforts have also focused on the study of hollow nanos-

tructured materials, such as nanotubes and hollow spheres, that demonstrate unique charac-

teristics due to their morphology.[80] Hollow nanostructured materials have been known to

exhibit large surface area, low density, and enhanced surface permeability because of their

inner cavities; such materials have been used in a wide range of applications such as Li-ion

batteries, catalysts, optoelectronic sensors, and drug-delivery systems.[81] The morphology

of hollow nanostructured materials is responsible for increasing the electrochemical perfor-
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mance of Li-ion batteries in two ways. First, the void within hollow nanostructured materials

can serve as a buffer against any localized volume change experienced during the Li+ inter-

calation/deintercalation process, thereby improving the cyclic stability; secondly, the large

surface area and decreased Li+ diffusion distance in hollow nanostructured electrodes greatly

enhances the specific capacity while decreasing the packing density.[82, 83, 84]

Lieu et al. synthesized SnO2-V2O5 nanocapsules approximately 400 nm in diameter

through a combination of Ostwald ripening processes. Fig. 3.3 displays the double-shelled

structure and hollow interior as confirmed by SEM and TEM characterization, respectively.

When tested as an anode material, the nanocapsules exhibited an excellent cycle stability

of 673 mA h g−1 over the course of 50 cycles at a discharge rate of 250 mA g−1; the rate

capability of the nanocapsules also provided encouraging results.[85]

Figure 3.3: (a) SEM and (b) TEM image of V2O5-SnO2 double-shelled nanocapsules. The
inset in (a) shows a schematic structure of a double-shelled nanocapsule. The red spheres
represent SnO2 nanocrystals, and the green double shells represent the V2O5 matrix. (c)
Charge/discharge curves at different current densities. (d) Capacity (left) and efficiency
(right) versus cycle number at a current density of 250 mA g−1, showing the capacity reten-
tion upon cycling.[85]
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Lou and Archer established a templating scheme based on monodisperse nonspherical

hematite (α-Fe2O3) colloids that yielded nonspherical (ellipsoidal) metal oxide hollow or

core-shell particles as exhibited in Fig. 3.4.[86] Additionally, the hematite cores surrounded

by the TiO2 shell could be converted to magnetite (Fe3O4) cores to produce tailored magnetic

multifunctional particles. It was also revealed that the processing conditions could be altered

to adjust the aspect ratio of the as-synthesized product. The as-prepared hematite/TiO2

core-shell particles were investigated as anode material for Li-ion batteries. Fig. 3.4k shows

the commendable cycle life and rate capability of the core-shell TiO2 particles.

Figure 3.4: TEM images of five other types of hematite/TiO2 core/shell particles (a-e) and
their corresponding TiO2 hollow particles after removal of hematite cores (f-j), respectively,
scale bars in (i) and (j) are 500 nm, all others are 200 nm. (k) Cycling performance at
various discharge rates.[86]

More recently, Wu et al. synthesized double-walled silicon nanotubes that demonstrated

superb intercalation and lifetime performance when tested as anode material.[87] The inner
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wall of the double-walled nanotube structure consisted of an active silicon nanotube sur-

rounded by an ion-permeable silicon oxide shell. Due to the novel design, the electrolyte

solution is only in contact with the outer surface, and cannot enter the hollow inner space,

through which Li+ permeates to reach the active material. The outer oxide shell also con-

strained the Si expansion to the inner void, eliminating pulverization and capacity degrada-

tion. This unique feature also worked to stabilize the SEI film. The material was cycled over

6,000 times in the half cell configuration while retaining a capacity greater than 600 mA h

g−1 when cycled at 12C. The excellent electrochemical properties were ascribed to the novel

engineered nanostructure that exploits the inherent Li+ intercalation capability of Si while

maintaining battery performance.

Figure 3.5: SEM of an individual nano-urchin.[88]

While the current literature is full of studies detailing the results of spherical and tubular

hollow nanostructures, hollow assemblies are in no way limited to these morphologies. The

so-called urchin structure is one such morphology, and is characterized by a microscale

spherical core (solid or hollow) from which numerous nanotubes (hollow) or nanofibers (solid)

are extruded.[88, 89] A representative image of such a structure is presented in Fig. 3.5. The

protruding nanoparticles comprising the urchin-like morphology can potentially enhance the

conductivity of the electrode, and ultimately the electrochemical response, by forming a

three-dimensional network of interconnected nanoparticles. The void spaces formed between
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these interconnects can also enhance the contact between the electrode material and the

electrolyte.[90]

An even more novel derivation of hollow nanostructured electrode materials is those where

the central cavity is filled with nanoparticles of some secondary material, such as a hollow

nanosphere loaded with electroactive nanoparticles. As revealed in Fig. 3.6, Zhang et al.

successfully encapsulated Sn nanoparticles in hollow elastic carbon spheres approximately

500 nm in diameter and 20 nm thick.[91] Each carbon nanosphere contained approximately

5-10 Sn nanoparticles. The remaining void space within each nanosphere combined with the

confining carbon shell meant that the Sn nanoparticles would not experience pulverization

(and accompanying cyclic fading) due to volume expansion and contraction experienced

during lithiation. Fig. 3.6c displays the moderate cycle stability and good initial discharge

capacity. Lee et al. also reported the synthesis of single Sn nanoparticles loaded in hollow

carbon nanospheres; however, the capacity and cycle stability suffered, most likely due to

the low tap density of the electrode material.[92]

Zheng et al. also developed templated hollow carbon nanofiber encapsulated sulfur as

cathode material.[93] The template structure facilitated sulfur infusion into the hollow fibers

and prevented sulfur from coming into contact with the exterior carbon wall. The high

aspect ratio of the carbon nanofibers provided an ideal structure for trapping polysulfides

while the thin carbon wall permitted rapid Li+ kinetics. The confined nanoscale dimensions

of the nanofibers lead to a large surface area per unit mass for Li2S deposition during cycling

and reduced electrode material pulverization. A high specific capacity of approximately 730

mA h g−1 was recorded after 150 cycles at 0.2C rate.

Lieu et al. have recently investigated carbon coated single Si nanoparticles with an

inherent void space.[94] Single Si nanoparticles with an average size of 100 nm were coated

with a 5-10 nm thick amorphous carbon shell, with an 80-100 nm void space surrounding

the Si nanoparticle (Si@void@C). The main advantages of this adopted morphology was that

the carbon shell acted as a framework that allocated for the growth of a stable SEI layer
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Figure 3.6: (a) SEM and (b) TEM image of Sn encapsulated carbon spheres. The inset in
(a) is a close view of a single broken carbon spherical shell studded with Sn particles. (c)
The discharge/charge capacity profiles of the Sn encapsulated carbon spheres from a 5 mV
to 3 V (vs. Li+/Li) voltage window and at C/5, the inset shows the initial cycle.[91]

while preventing fracture of the Si nanoparticles due to volume expansion; lithiation of the Si

occurred by Li diffusion through the carbon shell into the Si core. Fig. 3.7 shows a sequence

of images collected from the in-situ TEM investigation of the Si@void@C particles at various

times.

Prior to lithiation, pristine Si nanoparticles were clearly observed and contained within a

carbon shell. Subsequently, the Si particles experienced significant volume expansion as Li+

diffused through the carbon coating and intercalated the Si particles. After 105s of charging,

an amorphous LixSi shell/crystalline Si core structure was formed as the Si particles were

partially lithiated. The diameter of a typical Si particle increased from 185 to 300 nm after

lithiation was complete (375s charge time). The thickness of the carbon layer also increased

from 5-10 nm to 20 nm, indicating that the carbon coating was also storing Li+. In situ

TEM clearly demonstrated that fracture was not observed during electrochemical cycling of

these particles, which resulted in their excellent electrochemical properties as derived from
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Figure 3.7: (a) In-situ TEM characterization of Si@void@C expansion during electrochemical
lithiation, where the silicon particles are observed to expand within the outer carbon shell.
Scale bar: 200 nm. (b) Galvanostatic cycling of different silicon nanostructures (PVDF
binder). All samples were cycled at 0.2 C for the first cycle, 0.5 C for the second cycle, and
0.1 C for the later cycles. (c) Delithiation capacity of Si@void@C with alginate binder cycled
at various rates from 0.1 C to 4 C.[94]
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the yolk-shell structure. It is evident from Fig. 3.7b that the yolk-shell morphology was

far superior to simply coating Si nanoparticles with carbon; the Si@void@C particles also

demonstrated a moderate capacity of 630 mA h g−1, while the initial capacity is relatively

maintained even after 150 cycles.

3.4.1 Mesocrystals

Over the past several decades, nanoparticle formation and application integration has

been the subject of much academic and industrial research. Nanoparticles are the focus

of such intrigue due to their novel properties and tunable functions that can utilized in a

wide range of applications.[95] Ensembles and novel arrangements of nanoparticles can col-

lectively exhibit properties vastly different than individual nanoparticles or bulk materials.

Mesocrystals are a promising class of hierarchically nanostructured solid materials that co-

incidentally have many inherent traits that are desired for Li-ion battery electrodes. Such

characteristics include: large surface area, high porosity, small primary subunit size, large

overall assembly size, and high degree of crystallinity. Recently, there has been much effort in

the formation and subsequent understanding of ordered nanoparticle superstructures with a

vast range of architectures, particularly mesocrystals. Mesocrystals, short for mesoscopically

structured crystals, are crystallographically oriented nanoparticle superstructures and have

received much attention since first being introduced by Colfen and Antonietti.[96, 97, 98]

Until recently, mesocrystals were only studied in biomineral materials, but current research

efforts have shifted to the development of mesocrystalline organic molecules, metal oxides,

and other functional materials.[99]

Colloidal crystals and supercrystals, or nanocrystal superlattices, offer novel nanoparticle

arrangement; however, such assemblies do not take into account individual nanoparticle

orientation. Mesocrystals can be classified by their high degree of crystallinity, high porosity,

and subunit alignment along a crystallographic register. These highly desirable properties

are due in part to mesocrystal formation mechanisms, which are still poorly understood, and
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make mesocrystals the ideal material candidates for catalysis, sensing, and energy storage and

conversion applications. Porous materials with large specific surface areas have been shown to

enhance the performance of lithium ion battery electrode materials because of more prevalent

and uniform pores that ease intercalation by decreasing the Li+ diffusion distance. Secondary

battery cathodes constructed out of mesocrystalline materials could benefit tremendously

from the inherent and uniform porosity of the well-defined crystallographic register with

which the nanoparticles orient themselves.[95]

Mesocrystal growth often proceeds via the aggregation of precursor units, rather than

by the classical ion-by-ion growth mechanism. This non-classical growth process can

be attributed with the generation of crystals with hierarchical structures and complex

morphologies.[97] Organic additives are commonly used to facilitate this process, but are

not required by any means.[100] The oriented assembly of nanoparticles leads to the forma-

tion of mesocrystals where the constituting crystallites are arranged in a crystallographic

register and the product particles demonstrate single crystal behavior. Identification of

mesocrystals has proven to be difficult but can be achieved via the detection of a number

of features including high porosity/large surface area and evidence of mesoscopic subunits

as viewed from transmission electron microscopy.[101]

A great deal of the research efforts, to date, concerning mesocrystals have focused on

understanding their formation mechanisms, but newer works reviewing their application are

starting to emerge. In terms of battery performance, the uniform pore structure inherent

to mesocrystals can facilitate contact with the electrolyte thereby leading to fast Li+ trans-

port mechanics while at the same time accommodating lithiation induced volume expansion

and particle strain giving way to improved cycling stability. The oriented arrangement of

nanoparticle subunits can eliminate the grain boundaries between adjacent particles thus

offering much better charge and mass transport, and ultimately better rate capability. Pro-

vided this unique combination of nanoparticle properties and order combined with a micro-

scopic or even macroscopic size, mesocrystals have strong potential as active materials for
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lithium-ion battery electrodes. These assemblies possess the structural and chemical stability

of microsized electrodes while exploiting the beneficial properties associated with nanosized

electrodes and their large reactive surface area.

Mesocrystals have also demonstrated great potential for applications in catalysis, sensors,

and electronics. Other applications are yet to be explored where huge surface area and

good charge and mass transfer properties are required or the hierarchical structure can offer

synergistic advantages; for example, nanostructure-based solar cells, such as dye-sensitized

solar cells or quantum dots solar cells, would greatly benefit from the applications of such

mesocrystals, as they would offer charge transfer properties similar to single crystals, large

surface area as seen for nanoparticles, and desirable light scattering. One of the biggest

challenges in the further advancement in mesocrystal research is the lack of fundamental

understanding of homoepitaxial aggregation of nanocrystals, so the rationale design and

synthesis of desired mesocrystals remains an unattained goal.

3.4.2 Vanadium Oxide

Several studies focusing on the synthesis and performance of mesocrystalline materials as

either anode or cathode in lithium ion batteries have already been reported. Cao et al. syn-

thesized hollow V2O5 microspheres composed of nanorods via self-assembly (Fig. 3.8).[102]

Hollow microsphere precursors of vanadyl glycolate composed of assembled nanorods were

first synthesized utilizing the polyol process, and were then transformed to V2O5 with a

simple annealing step. No change in the morphology was observed upon annealing. The

individual nanorods comprising the structure were approximately 200 nm in diameter and

varied in length, while the overall spherical structures were approximately 2 µm in diameter.

The structures were successfully able to intercalate up to one Li+ per V2O5 formula unit,

and showed moderate capacity retention up to 15 cycles with an initial discharge capacity

of 286 mA h g−1.[102] It was determined that interconnecting nanoparticles between the

self-assembled nanorods lead to a reduction in the Li+ diffusion distance, thereby increasing
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the kinetics of the material and the overall electrochemical performance. It has since been

revealed that hollow structures can result in favorable enhancements in capacity retention

with cycling due to the presence of the inner cavity that can accommodate cycling induced

strain due to the de/intercalation of Li+.[81]

Figure 3.8: SEM, XRD, and TEM of calcined V2O5 microspheres.[102]

3.4.3 Titanium Oxide

Ye et al. synthesized ellipsoidal anatase TiO2 mesocrystals approximately 380 nm in

length and 280 nm in diameter though the solvothermal reaction of acetic acid and tetrabutyl

titanite, the end result of which is shown in Fig. 3.9.[103] The mesocrystalline structures were

composed of oriented nanoparticles ranging between 10-20 nm in diameter. Selected area

electron diffraction (SAED) measurements confirmed the single crystalline characteristics of

the mesocrystal and revealed that the elongated ellipsoid direction corresponded to the [001]

direction as observed in the inset of Fig. 3.9c.

The mesocrystalline nature of the particles was most likely achieved through the ori-

ented attachment mechanism and infusion between the TiO2 nanoparticles, leading to a

decrease of the interfacial nucleation sites for the rutile phase. The formation of the TiO2

72



mesocrystals through the oriented attachment mechanism also decreased the number of grain

boundaries existing between individual TiO2 nanoparticles, thus resulting in facile electronic

conduction and fast Li+ transport between the electrolyte and the mesocrystal electrode.

This speculation was validated when the mesocrystal TiO2 anode was compared to a TiO2

anode composed of nanoparticles of approximately the same size as the mesocrystalline

subunits (Fig. 3.9e). The mesocrystalline anode demonstrated good rate capability and

outperformed its nanoparticle counterpart at higher current rates. The uniformly dispersed

nanopores throughout the structure of the mesocrystals can facilitate contact with the elec-

trolyte, hence increasing the electrode/electrolyte interface which favors fast Li+ transport.

Figure 3.9: SEM (a, b) TEM, (c, d) HRTEM images, and (e) electrochemical performance
of nanoporous anatase TiO2 mesocrystals.[103]
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Other, more novel mesocrystal architectures for TiO2 have also been synthesized. For

instance, Hong et al. synthesized dumbbell-shaped rutile and quasi-octahedral anatase

TiO2 mesocrystals using a hydrothermal approach.[104] The dumbbell-shaped rutile TiO2

mesocrystals were constructed from ultrathin nanowires oriented along the [001] crystallo-

graphic axis, and quasi-octahedral anatase TiO2 mesocrystals built from tiny nanoparticles

that had a fine microporous structure and large surface area. The galvanostatic charge-

discharge performance as a function of current density for both the rutile and anatase

mesocrystals were compared to nanoparticles of their corresponding material, and both

mesocrystal specimens demonstrated their superiority. At a discharge rate of 5C, the rutile

mesocrystals had a discharge capacity of 103 mA h g−1, while the rutile nanoparticles only

exhibited 28 mA h g−1. Similarly, the anatase mesocrystals exhibited a discharge capacity

of 124 mA h g−1, while the anatase nanoparticles only exhibited 32 mA h g−1 at a dis-

charge rate of 5C. The improved Li+ intercalation rate performance was attributed to the

intrinsic characteristics of the mesoscopic TiO2 superstructures, which had a single crystal-

like and porous nature which facilitated fast electron transport and relieved the strain from

volumetric change.

3.4.4 Lithium Iron Phosphate

Bilekca et al. synthesized LiFePO4 (LFP) mesocrystals via an extremely efficient

microwave-assisted route.[105] The as obtained product was composed of slightly elongated

nanoparticles (100 nm) nearly fused together into discs approximately 1 µm in diameter.

The LFP mesocrystals were tested as cathode material for Li-ion battery, and exhibited an

initially moderate capacity of 150 mA h g−1 that was extremely stable upon cycling. The

LFP mesocrystals also show modest rate capability (81%) up to a discharge rate of 8C.

However, the study did not clarify the relationship between the unique structural features

and the performance of the LFP mesocrystals, and only suggested that the implementation

of mesocrystals as electrode material may be the linking factor.[105]
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Figure 3.10: Spindle-like LFP structure obtained for a growth period of (a) 20 hr, (b) pH of
10, (d) HRTEM image. (d) The charge/discharge profiles of the spindle-like LFP architecture
in the voltage range from 2.5 to 4.2 V at various current rates.[106]

In an attempt to compensate for the low electronic conductivity of LFP, carbon coated

LFP mesocrystals were later studied by Xia et al., where they were synthesized using a

solvothermal and post-growth annealing route.[106] The annealing route was required in or-

der to convert the L-ascorbic acid into the carbon that coated the surface of the primary

nanoparticles. Spindle-like structures approximately 2 µm in length and 1 µm in width, com-

posed of nanoparticles approximately 100 nm in length and 50 nm in width, were observed

with SEM and are depicted in Fig. 3.10. TEM analysis revealed the mesocrystalline nature

of the obtained product; it was later determined that the product formed through standard

non-classical crystallization techniques using a nanoparticle surface modifier as determined

from time interval growth studies.

The spindle-like LFP mesocrystals demonstrated good cycling stability of approximately

165 mA h g−1 over the course of 50 cycles, and a moderate rate capability that terminated

at 120 mA h g−1 at a rate of 5C (Fig. 3.10d). The electrochemical performance was at-

tributed to the porous structure that shortened the Li+ diffusion length, enhanced electrolyte

penetration, and increased the electrochemical reaction surface, thus alleviating electrode po-
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larization. The incorporation of the uniform carbon coating throughout the structure also

aided the electrochemical capability by enhancing the electronic conductivity.

3.5 Surface Chemistry and Defects

As material structure was the main focus of study when the use of intercalation com-

pounds as Li-ion battery electrodes was initially reported, current research efforts have be-

gun to focus on surface modification.[107] Surface chemistry can be controlled through the

presence of surface coatings, modifiers, or the introduction of defects. It is possible to ma-

nipulate the formation and characteristics of the SEI by altering the surface chemistry of

the electrode in contact with the electrolyte, which can directly dictate redox processes and

the electrochemical performance of the material. A desirable surface structure leads to a

uniform and compact SEI film that may enhance the efficiency and cycling performance of

Li-ion batteries.

3.5.1 Surface Modification

Park et al. were able to enhance the electrochemical properties of Li4Ti5O12 by modify-

ing the surface structure and chemistry using a thermal nitridation process.[108] Li4Ti5O12

was annealed in a NH3 atmosphere to form a surface coating layer of TiN with metallic

conductivity that could increase the overall conductivity of the electrode. The NH3 surface

modified Li4Ti5O12 specimen demonstrated better capacity retention upon cycling compared

to the pristine Li4Ti5O12 specimen due to surface defects, which serve as a buffer against

surface decomposition. Surface modified Li4Ti5O12 also showed a greater capacity than the

pristine sample at higher current rate, an enhancement factor of 6 at 10C. The ammonia

gas decomposed the surface of the Li4Ti5O12 to form the conductive TiN-Li2CO3 core-shell

morphology on the surface without altering the bulk lattice parameters.
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Abel et al. recently demonstrated that a small amount of bulk and surface oxygen

(20 at.%), introduced during synthesis and post-synthesis low temperature annealing, into

nanostructured silicon thin films can increase the cycling stability and rate performance, as

demonstrated in Fig. 3.11.[109] Virtually no capacity loss was observed up to 150 cycles when

both bulk and surface oxides were present in an annealed film, and only a slight capacity

fade was seen between 150-300 cycles. The capacity measured at the 1C rate was 1450 mA

h g−1, signifying that the specific capacity was somewhat sacrificed in order to enhance the

cycling stability. An investigation on silicon nanowires with hydride, methylated, and silox-

ane terminated surfaces was also conducted by Xu et al.[110] The gathered results revealed

that the methyl terminated nanowires were relatively unreactive and tended to passivate

the silicon surface, while nanowires terminated with hydride formed SEI layers composed

of carbonates, lithium salts, P-F species, and fluorocarbon compounds that enhanced the

electrochemical properties. The specific capacity values of the hydrated Si nanowires were

approximately 800-1300 mA h g−1 greater than the other treated nanowires, even after 15

cycles. These results advocate that surface terminations can be tuned and play a key role

in the chemical and mechanical behaviors that dictate the electrochemical properties.

Figure 3.11: The cycling rate performance of pristine Si nanowires compared to nanowires
with bulk and surface oxides.[109]

Coating the surface of the electrode material is a common technique used for tailoring

the functionality or performance of the electro-active material. Carbon coating is one of the

most popular means of easily enhancing the electronic conductivity of electrode materials,
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and can also stabilize SEI films.[47] For transition metal cathode materials such as LiCoO2,

LiNiO2, and LiMnO4, surface coatings with oxides such as MgO or Al2O3 can essentially

shield the cathode material from direct exposure with the electrolyte solution, improving

the structural integrity of the cathode material and suppressing phase transitions.[111] An-

other application of oxide coatings is for the removal of hydrogen fluoride (HF) from the

electrolyte solution. HF is a by-product resulting from the decomposition of LiPF6 in the

presence of moisture. The presence of HF in the electrolyte solution is detrimental to the

electrochemical performance of electrode materials because it can dissolve the transition met-

als and is responsible for surface corrosion of the cathode materials. Oxide coatings such as

ZnO or Al2O3 can serve as HF scavengers and neutralize or reduce the active concentration

of HF in the electrolyte solution by reducing the local acidity of the electrolyte near the

material surface.[112]

3.5.2 Role of Defects

Surface defects present at the electrode-electrolyte interface are expected to serve as nu-

cleation sites that promote phase transitions between the redox and charge/mass transfer

processes. As nucleation sites, surface defects may lead to the propagation of the transi-

tioning phases into the bulk of the electrode upon cycling or potentially enhance the charge

transfer. Surface defects have been documented as having the ability to dominate the elec-

trochemical properties.[113]

Electrode materials displaying surface defects have commonly been synthesized by an-

nealing the pristine materials with reactive gas or through substitutional doping techniques.

The difficulty introduced with such techniques is to maintain the desired local chemistry

while controlling the physical features at the same time. Suitable manipulation of the sur-

face chemistry and introduced defects may also serve as a buffer zone to protect the electrode

material from the electrolyte when submitted to prolonged cycling, or in such cases where

the charging process is discontinuous (i.e., frequency regulation); however, the principle aims
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of employing surface defects are to enhance the Li+ storage capacity and improve the overall

electrode kinetics.

Lieu et al. recently investigated the effects of surface defects on the electrochemical perfor-

mance by annealing V2O5 aerogels in different reactive environments (N2 and air).[114, 115]

The N2 annealed films adopted a less crystalline structure composed of particles with smaller

grain size. The N2 annealed films also had a narrower bandgap than the air annealed films,

and the color indicated that the vanadium valence state was a mix of V3+ and V4+. Both

of these effects could be attributed to the existence of defects in lower valence states. Elec-

trochemical impedance spectroscopy confirmed an improved electrical conductivity in the

N2 annealed V2O5 films with defects such as V4+, V3+, and oxygen vacancies. The N2 an-

nealed films also showed considerably enhanced capacity and cycle stability when compared

to the air annealed films. The discrepancy between the two films was also attributed to

the presence of surface defects which can act as nucleation centers in the phase transition

during Li+ de/intercalation. The same general trend was observed for TiO2 nanotube arrays

annealed in CO and N2; the improved intercalation capacity and rate capability of the CO

annealed arrays was attributed to the presence of surface defects and cation groups with

oxygen vacancies, which not only improved the charge-transfer conductivity of the arrays

but also promoted the phase transition.[116] Another group also confirmed this finding by

comparing the Li+ capacity of pristine and O2/H2O treated V2O5, and attributed the differ-

ence in the electrochemistry of the two materials to the nonstoichiometric and surface point

defects, which serve as additional charge storage sites.[117]

Sun et al. also explored the role of defects on electrochemical performance by synthe-

sizing highly ordered and defect-rich vanadium oxide nanorolls, further corroborating the

importance of defects in improving the electrode material performance.[118] The defected

VO nanorolls exhibited superior capacity and cycle stability compared to the pristine VO

nanorolls, results that were related to the V4+/V5+ ratio, detectable cracks in the wall sur-

faces, and residual organic surfactant. The electrochemical enhancement was attributed to
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the additional redox sites resulting from the atomic-scale disorder and the enhanced acces-

sibility of Li+ to the nanorolls because of cracks in between the layers and present due to

defects. The results suggest that perfectly ordered materials may not be the ideal structure

for electrochemical applications due to the limited ion diffusion rate.[118]

In studies less focused on defect formation and characterization, Guo et al. synthesized

carbon-carbon nanotube composites via a soft-templated self-assembly process.[119] The

porous and defect-rich structure was initially frozen into the sample by carbonization, but

both effects were lost due to solid state amorphization upon cycling. This loss was accompa-

nied by a steep drop in the capacity after the initial cycle and noticeable capacity fading upon

cycling. Reddy et al. demonstrated that the Li+ capacity and cycle stability were greater in

nitrogen-doped graphene than in un-doped graphene, and ascribed the discrepancy to the

introduction of surface defects into the system.[120] Disordered graphene nanosheets have

also been shown to enrich Li+ capacity due to additional reversible storage sites such as

edges and other defects.[121]

More recently, it has been demonstrated that anion surface modification of LiFePO4

particles can reduce the electrode-electrolyte charge transfer resistance, thereby preventing

irreversible capacity at higher rates.[122] This anion surface modification was accomplished

by substituting nitrogen or sulfur for surface oxygen on the (010) surface plane of LiFePO4

nanoplates. DFT calculations show that the barrier for Li-ion transfer is decreased by

strong Li+ binding on surface sites when nitrogen or sulfur is substituted for surface oxygen.

Calculations have indicated the activation energy for Li+ surface diffusion along the surface

(010) plane is quite high. Because of the strong covalent nature of the (PO4)
3− anion, it

is reasonable to assume that the Li or Fe sites become under-coordinated at the surface

and that they can be easily replaced with substitutional anions. Nitrogen and sulfur are of

considerable interest towards replacing surface oxygen or (PO4)
3− anions because of their

discrepancy in ionic size, formal charge, and electronegativity. Nitrogen can stabilize Li+ in

both the a- and b-sites because it affects the binding energies both electronically and ionically
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(more stable 2p state and more negative charge); whereas sulfur binds directly to a surface Fe

atom, providing full coordination of the Fe center. Sulfur substitution increases the binding

of Li+ in the b- and c- subsurface sites with respect to the surface a-site. Ultimately, surface

modification can be exploited to engineer the surface energy levels and adjust the charge

transfer kinetics. As expected, both N- and S-substitution exhibited considerably enhanced

electrode performance than bare LiFePO4 particles of the same size.

3.6 Limitations of Nanostructured Electrode Materials

for Li-ion Batteries

Provided all the benefits of nanostructuring, the synthesis and characterization of nanos-

tructured electrode materials of various chemistries have been the extensively investigated.

However, the use of nanostructures is not a panacea, and there are several performance is-

sues, either lingering or deriving from nanostructuring, that still need to be addressed. One

of the more noticeable effects incurred from nanoscaling is the increased relevancy of the

surface chemistry and energy. For nanoscale materials, the surface free energy involves an

extra contribution that need be taken into consideration for the chemical potential, and can

be approximated by:

µ◦(r) = µ◦(r=∞) +
γV

r
(3.3)

where γ is the surface tension, r the particle radius, and V the partial molar volume. The

capability of nano-insertion materials to surpass the theoretical capacity limits of their bulk

counterparts has already been discussed; the larger storage capacity has been attributed to

the large and energetically relevant surface area of the nanoparticles that contributes to the

high electro-activity toward Li+ storage. However, the excess free surface energy can also

result in several disadvantages. Too high of Li-ion surface insertion leads to passivation of the

surface region by surface reconstruction or mechanical failure, and accompanying irreversible
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capacity loss is inevitable. Thus, there exists an optimal particle range for nanomaterials

where cracks resulting from non-surface related volume expansion will not propagate, and

surface reconstruction will not occur.

Morphology also plays a pivotal role in the electrochemical performance; the observation

of curved voltage profiles with diminished voltage plateaus has been attributed to the strain

and interfacial energy from coexisting lattice terminations within electrode nanoparticles.

However, it has been revealed to be the consequence of different structural environments

in the near-surface region that result in a distribution of redox potentials. These varying

structural environments depend on the distance from the surface and the surface orienta-

tion itself, verifying that morphology plays an important role in the particle stability.[123]

Hence, the irreversible capacity will be larger for smaller particles with a large surface area

greater than some critical value, where the optimal particle size is dictated by the voltage

window.[124]

Electronic conductivity and ionic diffusivity have long been limiting factors to the devel-

opment of electrode materials for Li-ion battery. These barriers stem from several funda-

mental issues: (1) the metal oxide materials typically employed as cathodes have relatively

low electronic conductivity values, (2) an unclear relationship between the electrical and

ionic conductivities in electrodes, and (3) phase transformations upon lithiation that can

change the conductive properties. Additionally, it has been well established that nanoma-

terials suffer from resistivity values much greater than their corresponding bulk material;

nanowires, for example, typically display resistivity values that are 20% greater than what

is seen in the bulk regime, and can extend up to several orders of magnitude.[125] The rea-

son for the drastic increase in the resistivity of nanomaterials is the sheer increase in the

relative surface area and the number of grain boundaries that is strongly dependent on the

particle size and morphology. These physical parameters negatively impact the conduction

mechanisms because of the inelastic scattering of conduction electrons at particle surfaces

and the reflection of electrons at grain boundaries. These effects are also more pronounced
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in the electrode materials with smaller mean particle size. To compensate for these effects,

conductive additives, such as carbon, are typically added to electrodes, but such inclusions

decrease the already low packing density of nanostructured electrode materials even further.

The high surface area and corresponding high surface energy of nanoparticles also in-

creases the potential for secondary or side reactions at the particle surface. The main

reaction at risk exists between the electrode and electrolyte, and involves electrolyte de-

composition which would lead to a considerable degree of irreversibility and capacity fade

upon cycling. The SEI layer is a film that typically forms on the anode through the de-

composition of the electrolyte into lithium containing organics and inorganics that deposit

onto the electrode-electrolyte interface in an attempt to reduce the contact area and thereby

prevent further electrolyte decomposition.[126] It should be noted that SEI films formed on

graphitic anodes acting as an interfacial stabilizer have also contributed towards improving

the capacity retention of the anode over long cycle lifetimes at the expense of a large irre-

versible capacity drop associated with film formation.[127] In this regard, the formation of

a stable SEI layer can be desired, but thicker and unstable SEI films can negatively impact

electrode performance.

Regardless, SEI film formation is often unstable, and its ionic and electronic conductiv-

ities are relatively low and it effectively intercepts and stores Li+ that would otherwise be

intercalated by the electrode. These mechanisms tremendously decrease the electrochemical

performance of the cell by limiting the intercalation capacity and supporting capacity degra-

dation, respectively. Heat generation oftentimes accompanies SEI film formation, thereby

causing thermal shifting away from the previously established stable conditions.[128] Thus,

the formation of an SEI layer could potentially be the cause of thermal instability, which

in turn could result in an irreversible loss in the capacity by hindering the intercalation

kinetics.[129, 130] One of the more important factors that dictates SEI layer formation is

the morphology and overall size of the electrode material particles.[131] SEI layer forma-

tion is therefore more prevalent and evident on nanostructured electrodes, compared to
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the bulk, because of their inherently large surface area and corresponding energy at the

electrode-electrolyte interface. This oftentimes results in thicker and denser SEI layers that

produce more heat during formation, factors all of which negatively impact electrochemical

performance.[132]

Past studies have clearly demonstrated the deleterious effects of SEI layer formation on

nanostructured electrodes. It was confirmed that a thicker SEI layer would form on LiCoO2

as the particle size decreased.[133] The thicker layers negated the positive effects of nanos-

tructuring the electrode material by severely impeding Li-ion diffusion, and diminishing

the electrode performance at higher current densities. Similar results were seen for LiMn2O4

where the SEI layer thickness on a cycled electrode increased in a near linear fashion with the

number of cycles, and the cycle stability was the performance parameter most impacted.[134]

However, thick SEI films formed on nanostructured transition metal oxides during Li+ inter-

calation have been shown to disappear completely during deintercalation due to a catalysis

reaction involving the transition metal, leading to a continuously reiterative capacity fade

upon repetitive cycling.[43]

Processing conditions are also heavily impacted by the high reactivity of nanoparticles.

Many nanomaterials exhibit poor stability when exposed to ambient atmosphere; such is

the case for olivine LiFePO4 due to the reactivity of Fe2+ in the presence of atmospheric

oxygen and water. This undesired reaction under ambient exposure is known to be more pro-

nounced for smaller particles because of their increased surface/exposure area, and can result

in spontaneous lithium extraction and surface oxidation.[135] It has also been revealed that

nanostructured electrode materials with poor adherence to the current collector will agglom-

erate during cycling; nano-SnSb undergoes successive agglomeration during Li+ insertion

and extraction, and experiences quick capacity fade as a result.[136] Thus, the application

of some electro-active materials may be limited due to the high processing costs associated

with avoiding these secondary reactions and stability issues.
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Another size-stability issue with transition metal oxide nanoparticles is their propensity

of the electro-active metal ion to dissolve in the electrolyte, further resulting in capacity

degradation. Electro-active metal ion dissolution has been well documented for LiMn2O4,

where Mn-ions in the electrode easily dissolved into the electrolyte as induced by acids gener-

ated via oxidation of the solvent molecules.[137, 138] To date, this issue has been resolved by

coating the nanoparticles with oxides and non-oxide systems to decrease the surface area and

terminate the side reactions.[139] Despite the implementation of such strides to eliminate

these performance issues, the cyclic stability remains a serious problem for nanostructured

LiMn2O4, and related manganese oxide electrodes. The stabilized electrochemical operating

voltage range for nanostructured electrode materials also becomes narrower, compared with

bulk materials, for similar reasons.

3.7 Remarks

This contribution highlights a wide range of recent advances in the synthesis and im-

plementation of functional nanomaterials used as electrodes for Li-ion battery application.

Several general strategies towards the synthesis of advanced energy storage materials have

been emphasized, such as the use of nanomaterials, micro/nano-structured architectures,

hollow architectures, mesocrystals, and the manipulation of surface chemistry. The nanos-

tructuring of electrode materials for Li-ion battery results in enhanced Li+ kinetics and the

alleviation of localized strain, which leads to an improved rate capability and cycling per-

formance. However, the Coulombic efficiency of nanostructured electrodes is decreased due

to the large surface area of the nanomaterials. The design of micro/nano- heterostructures

overcomes these issues by exploiting the nanostructure traits in a microstructured assembly.

Such architectures exhibit enhanced thermodynamic stability and the elimination of unde-

sired side reactions and nano-toxicity effects while being inexpensive to produce. Hollow

nanostructured electrodes also demonstrate enhanced rate capability and cycling stability,
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but suffer from reduced volumetric energy density because of the presence of the inner cav-

ity. It may be possible to compensate for this trade-off by optimizing the shell thickness

and void size. Mesocrystals, on the other hand, exhibit near single crystalline behavior and

can be classified by their high degree of crystallinity, high porosity, and subunit alignment

along a crystallographic register all of which have been proven to increase electrochemical

performance. Recent advances have also demonstrated that thermodynamic non-equilibrium

effects can be exploited towards optimizing electrode performance. The presence of surface

defects has also demonstrated the ability to modify the surface thermodynamics and facil-

itate the phase transition boundaries. Surface chemistry modifications and surface defects

may enhance the storage capacity by shifting the phase transition boundary and introducing

a fast mass and charge transport path. Further development and optimization of these ma-

terials can still be achieved through the synergy of these techniques. These energy storage

materials with high capacity, long cycling life, and a high degree of safety will certainly im-

prove the performance of energy storage devices and facilitate their widespread application.
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Chapter 4

Polyol-mediated Solvothermal

Synthesis and Electrochemical

Performance of Nanostructured V2O5

Hollow Microspheres

Hollow vanadyl glycolate nanostructured microspheres were synthesized via a highly scal-

able and template free polyol induced solvothermal process. Subsequent calcination trans-

formed the precursor material into vanadium pentoxide, a well-studied transition metal ox-

ide. The vanadyl glycolate nanoparticles were synthesized through a self-seeding process,

and then aggregated around N2 microbubbles formed during the reaction that acted as quasi-

micelles due to the large polarization discrepancy between nitrogen and water. The proposed

formation mechanism provides a firm understanding of the processes leading to the observed

hollow microsphere morphology. The thermally treated material was tested as cathode for

lithium-ion battery, and showed excellent cycle stability and high rate performance. The

exceptional electrochemical performance was attributed to the relatively thin walled struc-

ture that ensured fast phase penetration between the electrolyte and active material, and
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shortened lithium-ion migration distance. The prolonged cycling stability is ascribed to the

inherent morphological void that can readily accommodate volume expansion and contrac-

tion upon cycling.

4.1 Introduction

Self-assembled nanostructures with particular morphology and novel properties have been

the subject of intense research over the past several decades due to their specific properties

and tunable functions that can be utilized in a wide range of applications.[96, 140, 141]

The use of organic surfactants and polymers in nanoparticle synthesis has been a popular

method of achieving morphological control, where the polymer or foreign ions typically work

to regulate and stabilize the surface of the nanoparticles.[142] One of the most common and

facile approaches that utilize this technique is the polyol method. Initial studies concerning

the polyol method focused on the preparation of elemental metals and alloys by exploiting

the reducing properties of a high-boiling alcohol (i.e., glycerol or glycol) towards a suitable

metal precursor. The alcohol often acts as a stabilizing agent that effectively limits particle

growth and hinders aggregation.

The polyol process is heralded for its self-seeding mechanism and lack of required hard

or soft templating materials, making it an ideal process for potential industrial scale-up due

to the low-cost and ease of processing.[143, 144] Over the past several years, the number

of oxide material systems synthesized via the polyol method has steadily increased; several

reports have summarized the polyol method of oxide materials as a sol-gel process carried

out at elevated temperature that is suitable for the preparation of a host of binary and

ternary oxides.[145] The polyol process has since been utilized for the synthesis of a wide

range of metal oxide materials, including VOx,[146] TiO2,[147] PbO, and SnO2.[148] Several

investigations have considered the role of the inorganic species in controlling the shape of

metal and metal oxide nanoparticles, as they may provide as powerful a means as organic
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surfactants and polymers for controlling the shape of the synthesized nanoparticles.[149, 150,

151, 152, 153, 154]

Ethylene glycol (EG) is among one of the most widely used solvents for the polyol syn-

thesis of metal and metal oxide nanoparticles due to its strong reducing capability, relatively

high boiling point (197◦C), and high dielectric constant which increases the solubility of

inorganic salts.[155, 156] EG is commonly used as a cross-linking reagent because of its

propensity to coordinate to the central metal ion and form a metal glycolate, leading to

subsequent oligomerization.[157] Herricks et al. revealed that for the formation of platinum

(Pt) nanowires, the critical factor dictating the morphological control was the nitrate an-

ion, whose function was to substantially slow the reduction of Pt(II) and Pt(IV) species

in EG.[154] Jiang et al. demonstrated that EG is an effective reagent in the formation of

various metal oxide nanowires that formed a chain-like precursor after refluxing a suitable

metal salt in EG.[148] It was also determined that the as-synthesized glycolate precursors

could later be converted to their more common metal oxide derivatives when calcined in air,

all while maintaining the original precursor morphology. Such was the formation mecha-

nism for the fabrication of titanium oxide, tin dioxide, zirconium oxide, and niobium oxide

mesostructures.[148]

In this study, a simple and convenient method has been developed for the large-scale

synthesis of nanostructured V2O5 hollow microspheres with diameters of approximately 3.0

µm. A great deal of recent research efforts have been focused on the study of hollow nanos-

tructured materials, such as nanotubes and hollow spheres, that demonstrate unique char-

acteristics due to their distinct morphology.[80] Hollow nanostructured materials have been

known to exhibit large surface area, low density, and enhanced surface permeability be-

cause of their inner voids; such materials have been used in a wide range of applications,

including lithium-ion (Li-ion) batteries, catalysts, optoelectronic sensors, and drug-delivery

systems.[81, 158] Nanostructured vanadyl glycolate microspheres were first formed via the

polyol process, and then converted to orthorhombic crystalline V2O5 by calcining in air at
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elevated temperature. The glycolate precursor was transformed into the corresponding metal

oxide without experiencing any change in morphology. Electron microscopy and diffraction

studies were used to characterize the morphology, crystallinity, and structure of the hollow

nanostructured microspheres. The highly mono-disperse product was ultimately tested as

a Li-ion battery cathode material, and showed excellent stability and high-rate reversible

capacity upon cycling.

4.2 Experimental Procedure

4.2.1 Materials and Synthesis

Nanostructured V2O5 hollow microspheres were synthesized via a solvothermal route fol-

lowed by thermal treatment. In brief, 0.1754 g of ammonium metavanadate (NH4VO3, Sigma

Aldrich) was stirred in 20 mL of ethylene glycol (H2C6O2, VWR) for 8 hours. The solution

was loaded into a 50 mL polytetrafluoroethylene (PTFE) lined stainless steel autoclave and

then solvothermally treated for 24 hours at 180◦C, after which it was cooled naturally. Fol-

lowing precipitate isolation and drying, the samples were annealed at 500◦C for 2 hours in

air.

4.2.2 Characterization

The phase and crystallite size of the V2O5 microspheres were studied using X-ray diffraction

(XRD, D8 Bruker X-ray diffractometer); the sample was scanned with Cu-Kα radiation

within the range of 10◦ to 70◦ (2θ), with a step size of 0.02◦ and an exposure time of 10 s.

The accelerating voltage and current were 40 kV and 40 mA, respectively. Infrared absorption

spectra were recorded using a Perkin Elmer 1640 Fourier Transform Infrared (FTIR, Perkin

Elmer) Spectrophotometer with KBr pellets. The surface morphology of the microspheres

was examined using scanning electron microscopy (SEM, JEOL JSM-7000F). Transmission

electron microscopy (TEM) was carried out using a FEI Tecnai G2 F20 operating at 200 kV
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after the samples had been embedded in Araldite 502 (SPI-Chem) epoxy resin and then cut

to 100 nm thick segments using a Leica EM UC6 ultramicrotome. The nitrogen sorption

was performed using a Quantachrome NOVA 4200e. The specific surface area, micropore,

and mesopore volumes were determined using multipoint Brunauer-Emmett-Teller (BET),

t-method, and Barrett-Joyner-Halenda (BJH) desorption analyses, respectively.

4.2.3 Electrochemical Measurements

The electrode slurry was prepared by mixing the annealed V2O5 microsphere powder, Super

P conductive carbon (TIMCAL Graphite & Carbon), and polyvinylidene fluoride (PVDF)

binder dispersed in a N-Methyl-2-pyrrolidone (NMP, Alfa Aesar) solution at a respective

weight ratio of 80:12:08. The slurry was spread onto aluminum foil and dried in a vacuum

oven at 80◦C overnight prior to coin-cell assembly. The 2032 type half-cells were assembled in

a glove box (MTI Corp.) filled with ultra-high purity argon. Lithium metal foil, 1 M LiPF6 in

ethylene carbonate (EC)/dimethyl carbonate (DMC) (1:1 v/v), and Celgard 2400 membrane

were used as the counter/reference electrode, electrolyte, and separator, respectively. Cyclic

voltammetry (CV) was completed using an electrochemical analyzer (CH Instruments, Model

605B) in the voltage range of 2.0-4.0 V (vs. Li/Li+) at a scan rate of 0.2 mV s−1. The current

density and cycle stability performance of the V2O5 microspheres was evaluated using an

Arbin Battery Tester (BT-2000, Arbin Instruments) operating at room temperature. The

half-cells were tested within the voltage range of 2.0-3.8 V vs. Li/Li+ at various charging

rates based on the weight of the active material alone, and assuming a 1 C current density

of 294 mA g−1.

4.3 Results and Discussion

The XRD and FTIR spectra of the pre- and post-calcined samples are shown in Fig. 4.1.

Prior to calcination the phase was indexed as vanadyl glycolate, VO(CH2O)2, with some
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potential hydrogen or carbon additions.[146] Following the calcination step, the microsphere

morphology of the sample was preserved and could be indexed to the orthorhombic form of

vanadium oxide, V2O5 (space group: Pmmn (59), a=11.516, b=3.566, c=3.777 Å; JCPDS

card no. 411426). The transition from the vanadyl glycolate precursor to crystalline V2O5

was also noted by the sample changing color from black (pre-calcined) to orange (post-

calcined).

Figure 4.1: Respective (a) XRD and (b) FTIR spectra of the pre- and post-calcined vanadyl
glycolate (VEG) and V2O5 microspheres.

The transformation from the vanadyl glycolate precursor to V2O5 was also confirmed by

means of FTIR, as shown in Fig. 4.1b. In the vanadyl glycolate curve, the peak centered at

3412 cm−1 corresponds to the O-H stretching band, and the peak at 1628 cm−1 corresponds

to the [CH2O] group of the vanadyl glycolate compound. Similarly, the peak centered at

1005 cm−1 can be assigned to the V=O stretching bond, and the peaks centered at 761

and 611 cm−1 potentially originate from the V-O bond. For V2O5, the V=O stretching

bond appears at 1022 cm−1, whereas the peaks at 509 and 834 cm−1 are attributed to the

symmetric and asymmetric stretching of the V-O-V bond, respectively. The peak at 631

cm−1 corresponds to the stretching of V-O bond, while the 836 cm−1 peak can be attributed

to the coupled vibration between the V=O and V-O-V bonds.[146, 159] Comparison with the

V2O5 spectra demonstrates that many of the absorption peaks corresponding to the vanadyl
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glycolate complex disappear following calcination. The V=O vibrational bonds tend to shift

to higher wavenumbers with increasing valence of the vanadium species, from 1005 cm−1 for

vanadyl glycolate to 1022 cm−1 for V2O5. This vibration shift is most likely caused by the

increase in the number of electron withdraw group (O) surrounding the V=O group since

the transformation from vanadyl glycolate to V2O5 is an oxidation process (V4+ ⇒ V5+),

where the increase in the vanadium species valence state shifts the V=O bond vibrations to

higher wavenumbers.

Figure 4.2: SEM images of the (a) pre-calcined vanadyl glycolate microspheres; (b, c) SEM
and (d) cross-sectional TEM images of the post-calcined hollow V2O5 nanostructured mi-
crospheres.

SEM results demonstrated that a mono-disperse, non-agglomerated, high yield product

can be achieved employing the described solvothermal, template-free synthesis technique.

The collected SEM micrographs also show that the hollow microspheres, with an average

outer diameter of approximately 3.0 µm and an inner diameter of approximately 750 nm,

were composed of aggregated nanoparticles both before and after calcination. The size of the

individual nanoparticles that formed the hierarchical aggregate nanostructure ranged from
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60-110 nm, and was confirmed with a calculated average size of 77 nm as determined by

applying the Scherrer equation to the full width at half-maximum of the (001) peak from

the XRD spectrum. Cross-sectional TEM characterization further confirms the size of the

individual nanoparticles and that the aggregated microspheres are hollow (Fig. 4.2).

The BJH pore size distribution (Fig. 4.3) obtained from the adsorption-desorption

isotherm suggests that the V2O5 sample contains broadly distributed pores with sizes below

10 nm, the majority of which are in the 5-8 nm size range. The BET specific surface area was

approximated to be 21.9 m2 g−1, which is a reasonable value for materials containing pores

on the aforementioned scale. The relatively large surface area of the prepared porous V2O5

nanostructures ensures short Li-ion diffusion distances, and therefore holds the potential for

enhanced electrochemical performance.[160]

Figure 4.3: N2 adsorption-desorption isotherm and corresponding BET pore size distribution
curves (inset) for the hollow V2O5 microspheres.

The polyol process, or use of polyol or diol as the reducing reagent, has been widely

applied to reduce metal salts to metal nanoparticles, and is typically used in combination

with a surfactant in order to control particle morphology.[150] However, it has also been

established that inorganic species may provide a means as powerful as organic surfactants
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and polymers for controlling the shape of metallic and metal oxide nanoparticles.[153, 149,

150, 151, 152] The reaction between NH4VO3 and EG has been previously documented by

Ragupathy et al.,[146] who used the precursor materials to synthesize vanadyl glycolate

via the polyol reaction method that was transformed to V2O5 nanostrips with subsequent

calcination, according to:

NH4VO3 + C2H6O2 ⇒ N2 + VO(CH2O)2 + H2O

Where the vanadyl glycolate structure is comprised of one dimensional chains that contain

edge sharing VO5 square pyramids. The oxygen atoms within the chain derive from a vanadyl

group, a chelating (-OCH2CH2O-) ligand, and one end of two other (-OCH2CH2O-) ligands

present, as shown in Fig. 4.4.[161]

Figure 4.4: The structures of (a) vanadyl glycolate and (b) V2O5.

In this study, ethylene glycol served as both the solvent and the reducing agent for the

reaction.[142] Ethylene glycol has been established as a cross-linking reagent, and has been

used for the controlled synthesis of metal nanoparticles;[149, 154, 157, 84] Xia and co-workers

proposed that the synthesis of metal nanoparticles in the presence of EG occurs in two steps:

(1) coordination of EG to the central metal ion to form a metal glycolate, and (2) subse-

quent oligomerization.[154] In the presence of the reducing agent, a bimodal distribution of
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vanadyl glycolate nanoparticles will form through a self-seeding process, followed by subse-

quent homogeneous and heterogeneous nucleation. Formation of the nanoparticles proceeds

through two separate steps - a very short nucleation step followed by a particle growth step

controlled either by the kinetics of the chemical reaction or the interfacial diffusion of the

reacting species. Over the course of the solvothermal growth process, Ostwald ripening will

manage the size of the nanoparticles with larger particles growing at the expense of their

smaller counterparts.[157] In essence, the nanoparticles initially nucleate and then grow with

the oligomerization of vanadyl glycolate via the LaMer scheme.[162]

It is proposed that the hollow microsphere morphology of the aggregated vanadyl gly-

colate nanoparticles can be attributed to the formation of N2 microbubbles, formed in ac-

cordance with the previously mentioned formation reaction equation. The vanadyl glycolate

nanoparticles aggregate around the N2 microbubbles produced during the reaction in an

attempt to minimize their interfacial energy (Fig. 4.5).[163] The aggregation reaction can

be likened to the case where a templating surfactant, such as polyvinylpyrrolidone (PVP),

is used. The templating nature of PVP can be ascribed to the hydrophobic vinyl group

and hydrophilic carbonyl group that lead to the formation of polarized micelles. Hollow

microspheres of vanadium oxide were previously formed through a polyol reaction involving

vanadium (III) acetylacetonate (acac), where PVP assisted in the formation of spherical mi-

celles in EG.[102] The carbonyl groups of the PVP chains face outwards and the bidentate

[C5H8O2] ligand of [V(acac)3] is gradually replaced by EG to form vanadyl glycolate, which

can be easily adsorbed onto the micelle surface through the abundant hydroxy groups.

While no templating agents were used in this study, the N2 microbubbles act as quasi-

micelles because of the difference in the polarizability of the phases during solvothermal

synthesis. As opposed to directly measuring the polarization value, it is possible to compare

the dielectric constant of the two phases since the dielectric constant scales with polarization,

according to:

D = εOE + P (4.1)
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Figure 4.5: Schematic depicting the formation of vanadyl glycolate nanoparticle aggregated
hollow microspheres (cross-sectional view) and the resulting V2O5 nanoparticle aggregated
hollow microspheres following calcination.

The dielectric constant for H2O and N2 at room temperature is 80.4 (34.5 at 200◦C) and

1.0 (1.4 at 170◦C), respectively. Aggregation of the vanadyl glycolate nanoparticles around

the N2 microbubbles is driven by this large difference in polarization between H2O and

N2, and the incentive for the nanoparticles to decrease their interfacial energy at the solid-

liquid interface. Once enough particles coat the microbubble, the structure can become self-

supporting and incredibly stable as proven by the microscopy and electrochemical results.

This aggregation process has been previously reported for the formation of various mono-

dispersed oxide particles,[164] where the driving force for the colloid particle reorganization

corresponds to a reduction in the surface free energy. Such a mechanism may be equipped

to explain the formation and morphology of the vanadyl glycolate precursors, and eventual

V2O5 metal oxide, synthesized in this study.

It should be noted that the morphology of the individual nanoparticles was altered from

nanorods to nanoparticles upon transitioning from vanadyl glycolate to V2O5. This small

change in the morphology can be attributed to the nanorods disassembling during the an-

nealing process because of lattice mismatch and accompanying strain experienced during

the transformation process. Ostwald ripening and, a slight degree of, sintering then took

place, producing the V2O5 nanoparticles; however the morphology and size of the aggre-
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gated microspheres remained the same. Fig. 4.6 displays the growth process as examined by

harvesting the synthesized products at different reaction time intervals. Complete vanadyl

glycolate microspheres were nearly formed even after 1 hr of solvothermal growth; subse-

quently collected specimens show that the individual particles coarsened with time, but the

overall sphere morphology and size became more mono-disperse.

The V2O5 structure can be viewed as corner- and edge-sharing VO6 octahedra, Fig. 4.4,

where the octahedra are irregular with five V-O distances ranging from 0.159 and 0.202 nm

with a sixth distance as large as 0.279 nm,[165] leading to a large V-O separation along

the crystallographic c-direction. Because of the varying V-O distances, it is possible to de-

scribe the structure as layered square VO pyramids, with five oxygen atoms surrounding

the vanadium atom, and the separation distance between each layer depending on the wa-

ter content of the compound. Ultimately, these factors all make the layered structure of

V2O5 ideal for functioning as an intercalation host,[107, 165] which is why the compound

has been extensively studied since being reported by Whittingham.[107] A wide assortment

of V2O5 nanostructures have already been synthesized by a variety of methods, including

reverse-micelle transition, sol-gel processing, hydrothermal treatment, and electrochemical

deposition.[95]

The intercalation of V2O5 occurs with compensating electrons leading to the formation of

vanadium bronzes, and can be expressed as V2O5 + xLi+ + xe−⇐⇒ LixV2O5 when lithium is

the intercalating species. V2O5 has a reversible capacity of 294 mA h g−1 that corresponds to

the intercalation of two Li+ per formula unit before the transition to the Li3V2O5 irreversible

phase occurs; however, V2O5 is notoriously known for its poor cycle stability. One method of

overcoming the poor cyclic stability is by employing hollow nanostructured materials, such as

hollow microspheres, as the electro-active material of the electrode. Hollow nanostructured

materials have been known to exhibit large surface area, low density, and enhanced surface

permeability because of their inner cavities. The morphological void of hollow nanostructured

materials is the feature responsible for enhancing the electrochemical performance in two
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Figure 4.6: SEM micrographs of the pre-calcined vanadyl glycolate microspheres after
solvothermal treatment times of (a, b) 1 hr, (c-e) 2 hr, (f, g) 4 hr, (h, i) 8 hr, (j, k) 12
hr, (l, m) 16 hr, and (n, o) 20 hr.
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ways. First, the void within hollow nanostructured materials may alleviate any localized

volume change experienced during the Li+ intercalation/deintercalation process, thereby

improving the cyclic stability by alleviating any strain the electrode incurs; secondly, the large

surface area and decreased Li+ diffusion distance in hollow nanostructured electrodes greatly

enhances the specific capacity while decreasing the packing density.[82, 83, 84] To date,

there have only been a few reports of hollow V2O5 microspheres, but the precursor materials

or experimental conditions used in these studies are either expensive or time consuming.

Additionally, the 1C current density in these studies is often defined as the insertion of one

Li-ion per V2O5 formula over the course of one hour, or 150 mA g−1.[82, 83, 102] Therefore, a

study concerning inexpensive, easy processable hollow V2O5 microspheres that demonstrate

excellent electrochemical performance has yet to be reported.

The cycling performance of the prepared electrodes was tested within the voltage range

of 2.0 to 3.8 V. The selected voltage window was chosen to avoid the formation of the irre-

versible ω-phase of LixV2O5 (2 < x < 3) that occurs at lower depth of discharge, thereby

improving the cycle stability.[166] It should be noted that only the V2O5 mass was included

in the calculation of the specific capacity of the electrode. As shown in Fig. 4.7a, several

well-defined redox peaks are observed between 3.4 and 2.3 V (vs. Li/Li+) in the initial

cyclic voltammogram collected at a rate of 0.2 mV s−1. These peaks were attributed to

the insertion/extraction of lithium-ions into the host structure, and the corresponding phase

transitions have been labeled. Fig. 4.7b shows the discharge capacities of the V2O5 micro-

spheres at current densities of 300 (1 C), 900 (3 C), 1800 (6 C), 3600 (12 C), and 6000 (20

C) mA g−1, which were 241, 165, 127, 96, and 78 mA h g−1, respectively. As previously

mentioned, these values are considerably higher than others reported in literature.

There was a small degree of irreversible capacity loss from 241 to 206 mA h g−1 occurring

between the first and second discharge at 1 C (Fig. 4.8), which can be attributed to remnant

localized strain effects from solid-state amorphization or pulverization experienced during

cycling.[167, 168] The cycle stability of the cell was then analyzed following rate performance
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Figure 4.7: (a) Cyclic voltammogram obtained at a scan rate of 0.2 mV s−1; (b) rate per-
formance of the V2O5 microsphere electrode at 1, 3, 6, 12, and 20 C; (c) cycle stability of
the V2O5 microsphere electrode when tested at 1 C after rate performance testing; (d) rate
performance comparison with other VOX microspheres as gathered from the literature.

cycling, the results of which are shown in Fig. 4.7c. The V2O5 microspheres were reasonably

stable at a discharge rate of 1 C with capacity values of approximately 190 mA h g−1,

even after being cycled at a high discharge rate of 20 C. The Li-ion capacity values of the

V2O5 microspheres synthesized in this study were compared to similar structures listed in

the literature. Fig. 4.7d shows the findings of this comparison; it is evident that the V2O5

microspheres reported here are far superior to any other microspherical VOx materials to

date, especially at higher current densities.[169, 170] It should be noted that the conductive

additive loadings in these studies were all equal to or greater than the amount of conductive

additive used in this study (12%).
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Figure 4.8: The first, second, and rebound (after varying the discharge current at higher
rates) discharge profiles of the V2O5 microsphere electrode at 1 C. There are no plateaus de-
tectable in the rebound discharge profile, indicating that the sample has become amorphous.

The enhanced electrochemical high-rate and cycling performance of the hollow micro-

spheres can be attributed to the improved kinetic properties as a result of their morphology.

The hollow microsphere morphology composed of nanoparticles eases the transportation of

lithium-ions by increasing the ratio of active material surface area to electrolyte, and ensures

rapid ionic and electronic conduction throughout the electrode. Also, the void within hollow

nanostructured materials can alleviate any localized volume change experienced during the

Li+ intercalation/deintercalation process, thereby decreasing the degree of pulverization the

active material experiences upon cycling, further improving the cycle stability.

4.4 Conclusions

In conclusion, the development of a highly scalable and reproducible template free pro-

cess was developed for the synthesis of hollow V2O5 microspheres composed of aggregated

nanoparticles. It was proposed that N2 microbubbles formed during the reaction acted

as aggregation centers for the synthesized vanadyl glycolate nanoparticles, resulting in the

observed hollow microsphere morphology. The synthesized material showed excellent cy-
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cle stability and high discharge rate performance, which can be ascribed to the thin shell

that ensures fast phase penetration between the electrolyte and active material and a short

lithium-ion migration distance during intercalation/deintercalation, and the morphologi-

cal void which accommodates cycling induced localized strain. The current results clearly

demonstrate that hollow V2O5 microspheres are well suited for application as cathode ma-

terials for Li-ion batteries.
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Chapter 5

Enhanced Intercalation Dynamics and

Stability of Engineered

Micro/nano-structured Electrode

Materials: Vanadium Oxide

Mesocrystals

An additive and template free process is developed for the facile synthesis of VO2(B)

mesocrystals via the solvothermal reaction of oxalic acid and vanadium pentoxide. The six-

armed star architectures are composed of stacked nanosheets homoepitaxially oriented along

the [100] crystallographic register with respect to one another, as confirmed by means of se-

lected area electron diffraction and electron microscopy. It is proposed that the mesocrystal

formation mechanism proceeds through classical as well as non-classical crystallization pro-

cesses and is possibly facilitated or promoted by the presence of a reducing/chelating agent.

The synthesized VO2(B) mesocrystals are tested as a cathodic electrode material for lithium-

ion batteries, and show good capacity at discharge rates ranging from 150-1500 mA g−1 and
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a cyclic stability of 195 mA h g−1 over fifty cycles. The superb electrochemical performance

of the VO2(B) mesocrystals is attributed to the porous and oriented superstructure that

ensures large surface area for redox reaction and short diffusion distances. The mesocrys-

talline structure ensures that all the surfaces are in good contact with the electrolyte, and

that lithium-ion intercalation occurs uniformly throughout the entire electrode. The ex-

posed (100) facets also lead to fast lithium intercalation, and the homoepitaxial stacking of

nanosheets offers a strong inner-sheet binding force that leads to better accommodation of

the strain induced during cycling, thus circumventing the capacity fading issues typically

associated with VO2(B) electrodes.

5.1 Introduction

The development and implementation of nanostructured electrode materials has led

to great enhancements in Li-ion battery performance, as with many other fields.[43] The

nanoscale size reduction leads to enhancements of the Li-ion battery intercalation capa-

bility by increasing the specific surface area for interfacial Faradaic reactions and the flux

of Li+ across the electrode-electrolyte interface; these effects ultimately enhance the mass

and charge diffusion paths and modify the thermodynamics (compared to the bulk), which

facilitates phase transitions.[158, 171] Provided all the benefits of nanostructuring, the syn-

thesis and characterization of nanostructured electrode materials of various chemistries have

been extensively investigated. However, the use of nanostructures is not a panacea, and

there are several performance issues, either lingering or deriving from nanostructuring, that

still need to be addressed.[172] Most notably, nanostructured electrodes exhibit diminished

conductivity, reactivity, stability, and packing density.[123, 125, 126, 133, 137, 173]

The design of structurally aligned nanoparticles can circumvent the thermodynamic in-

stability, undesired side reactions, high processing costs, and potential nano-toxicity effects

associated with nanoparticle synthesis and processing.[43, 75, 76] There has been a great deal
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of recent efforts in the formation and understanding of ordered nanoparticle superstructures

with a vast range of architectures; in particular, crystallographically oriented nanoparticle

superstructures, or mesocrystals, have been the central focus of such intrigue since described

by Colfen and Antonietti.[96, 98, 100, 140] Until recently, mesocrystals were only studied

in biomineral materials, but current research efforts have shifted towards the development

of mesocrystalline organic molecules,[99, 100] metal oxides,[103, 174, 175, 176] and other

functional materials.[177, 178]

Novel nanoparticle arrangement has historically been achieved through the synthesis of

nanocrystalline superlattices, or supercrystals, and colloidal crystals. However, individual

nanoparticle orientation is not taken into account by such assemblies. Mesocrystals can be

classified by their high degree of crystallinity, porosity, and subunit alignment along a crystal-

lographic register.[98] These highly desirable properties are due in part to the mesocrystal for-

mation mechanisms, which are still poorly understood, and make mesocrystals ideal material

candidates for catalysis, sensing, and energy storage/conversion applications.[140] Mesocrys-

tal growth often proceeds via the aggregation of precursor units, rather than the classical

ion-by-ion growth mechanism, which can be attributed with the generation of crystals with

hierarchical structures and complex morphologies. Several investigations of mesocrystalline

LiFePO4 and TiO2 used as the electro-active material for lithium-ion battery electrodes

have already been produced, but a report of mesocrystalline vanadium oxide for such an

application is lacking.[103, 176] Herein, we report on the solvothermal synthesis, potential

formation mechanism, and electrochemical performance of VO2(B) mesocrystals synthesized

using an additive free solvothermal approach. Moreover, remarkable phase stability and ex-

cellent lithium-ion intercalation properties have been demonstrated for the obtained VO2(B)

mesocrystals.
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5.2 Experimental Procedure

5.2.1 Materials and Synthesis

VO2(B) mesocrystals were synthesized by adopting the methods of Li et al.[179] In a

typical reaction, 25 mmol of V2O5 (Alfa Aesar) was combined with 15 mL of 0.1 M oxalic

acid (Sigma-Aldrich) and stirred for 18 hours. The oxalic acid served as the reducing and

chelating agent. Completion of the reaction was noted by the color of the solution transi-

tioning from yellow to blue, signifying a reduction of the vanadium species. The solution was

then transferred into a polytetrafluoroethylene (PTFE) lined, 25 mL capacity stainless steel

autoclave. The solvothermal reaction was carried out at 180◦C for 12 hours, after which the

final product was isolated and dried at 80◦C overnight.

5.2.2 Characterization

The phase and crystallite size of the VO2(B) mesocrystal material was studied using

X-ray diffraction (XRD, Bruker X-ray diffractometer); the sample was scanned with Cu-Kα

radiation within the range of 10◦ to 70◦ (2θ) using a step size of 0.02◦ and an exposure

time of 10 s. The accelerating voltage and current were 40 kV and 40 mA, respectively.

The surface morphology of the VO2(B) mesocrystals was examined using scanning elec-

tron microscopy (SEM, JEOL JSM-7000F). The specific surface area and pore size distribu-

tion was determined by nitrogen sorption isotherms at 77 K using the Brunauer-Emmett-

Teller (BET) and Barrett-Joyner-Halenda (BJH) desorption analyses, respectively (Quan-

tachrome NOVA 4200e). Transmission electron microscopy (TEM) and selected-area elec-

tron diffraction (SAED) studies were carried out using an aberration-corrected Titan 80-300

scanning/transmission electron microscope (S/TEM) at 80 kV after the sample had been

embedded in Araldite 502 (SPI-Chem) epoxy resin and then cut to 100 nm thick segments

with using a Leica EM UC6 ultramicrotome.
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5.2.3 Electrochemical Measurements

The electrode slurry was prepared by mixing the as-synthesized VO2(B), Super P conduc-

tive carbon (TIMCAL Graphite & Carbon), and poly(vinylidene fluoride) (PVDF, Sigma-

Aldrich) binder dispersed in a N-Methyl-2-pyrrolidone (NMP, Alfa Aesar) solution at a

weight ratio of 80:12:08, respectively. The slurry was spread onto aluminum foil and dried

in an oven at 80◦C overnight prior to coin-cell assembly. The 2032-type half-cells were as-

sembled in an argon filled glove box (MTI, Corp.). A polypropylene membrane (Celgard

2400) was used as the separator, Li-metal as the counter and reference electrodes, and 1

M LiPF6 in ethylene carbonate/dimethyl carbonate (1:1, v/v ratio) as electrolyte. Cyclic

voltammograms (CVs) were collected using an electrochemical analyzer (CH Instruments,

Model 605B) in the voltage range of 2.0-3.8 V (vs. Li/Li+). The Li-ion cycle stability and

rate performance of the VO2(B) mesocrystals was evaluated using an Arbin Battery Tester

BT-2000 (Arbin Instruments, College Station, TX) operating at room temperature. The

half-cells were tested within a voltage cut-off range of 2.0-3.8 V vs. Li/Li+ at various current

rates; the capacity values were based on the weight of the electro-active material alone.

5.3 Results and Discussion

VO2(B) mesocrystals were synthesized by adopting the methods of Li et al.[179] The

size and morphology of the as-prepared material was examined using scanning electron mi-

croscopy (SEM), the results of which are displayed in Fig. 5.1. Fig. 5.1(a-c) display several

representative individual mesocrystal assemblies, while the later SEM images show overall

micrographs of a typical specimen which is largely composed of uniformly micro-sized ellip-

soidal star structures with an average height and width of approximately 2.8 µm and 1.5 µm,

respectively. As the higher magnification micrographs reveal, each star-structure is composed

of six arms that are self-assembled from stacked nanosheets 20-60 nm thick that are radially

aligned with respect to the center of the structure. Each nanosheet is intimately connected
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to its neighbors, resulting in a highly porous structure that should facilitate the penetra-

tion of the electrolyte into the material, alleviate cycling induced strain, and decrease the

lithium-ion diffusion distance. The overall thickness of each hierarchically nanostructured

arm is approximately 200-300 nm.

Figure 5.1: SEM images of the synthesized vanadium oxide mesocrystals; (a-c) represen-
tative view of individual assemblies showing the stacked nanosheets composing each arm,
(d) longitudinal view of star-structure, and (e, f) overall view of as-synthesized specimen
displaying the packing density.

Fig. 5.1(e, f) illustrate that the star-assemblies appear to have a relatively mono-disperse

size distribution, and are tightly packed which should result in a porous and layered mi-

crostructure assembly with enhanced volumetric density and conductivity. A slight degree

of variation with the morphology is apparent (Fig. 5.1e); however, such effects are considered

negligible because the arms of the structures are composed of stacked nanosheets.

Fig. 5.2a displays the X-ray diffraction (XRD) pattern of the as synthesized material

which can be indexed to the monoclinic crystalline phase of VO2(B) (space group C2/m and

JCPDS card no. 081-2392) with lattice parameters a, b, c, and β equal to 12.092, 3.702, 6.433

Å, and 106.6◦, respectively (Fig. 5.3); this is consistent with literature reports.[180, 181] The

interlayer spacing of the phase is determined to be 6.15 Å from the (001) reflection. The sharp
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and high intensity diffraction peaks are indicative that the product is highly crystalline. No

secondary or parasitic phases are detected, and the formation of crystalline VO2(B) indicates

that the V5+ ions from the original V2O5 precursor have been reduced to V4+ during the

solvothermal synthesis by oxalic acid.[179, 182, 183]

Figure 5.2: (a) XRD spectrum and the (b) BJH desorption pore size distribution for the as
synthesized VO2(B) mesocrystals (inset: N2 adsorptiondesorption isotherm).

Peak broadening analysis of the (001) XRD reflection using the Scherrer equation in-

dicated that the average crystallite size was approximately 17 nm, substantiating the mi-

croscopy results that the VO2(B) mesocrystals were composed of nanocrystalline subunits.

The presence of the nanoparticle subunits and the porous nature of the sample were con-

firmed by the corresponding nitrogen sorption isotherms and the BJH desorption analyses,

which indicated that the majority of pores within the sample are below 15 nm (Fig. 5.2b).

The BET derived surface area was determined to be 28.4 m2 g−1, which is a reasonable value

given the overall microscale of the synthesized assemblies. The amply sized pores can provide

excellent channels and cavities for complete and homogeneous Li+ diffusion and intercalation

throughout the material. Some residual chelating agent synthesized during the reaction may

remain on or between the surfaces of the VO2(B) nanosheets, and similar incorporations

have been known to decrease the overall porosity of mesocrystals.[184]
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Figure 5.3: Polyhedral and atomic crystal structures of VO2(B). Red indicates oxygen, while
grey indicates vanadium.

TEM was performed on a single star-assembly cross section that was prepared using

an ultramicrotome, as displayed in Fig. 5.4a. The cross sectioned image reveals that each

arm of the star-assembly is separate from the others, indicating that the structure is not

truly single crystalline. Fig. 5.4b presents the vertex of two arms as identified by the

highlighted region in Fig. 5.4a, and confirms the superstructure arms are composed of

stacked nanosheets. A thinner ultramicrotomed specimen would have made the nanosheet

stacking more pronounced; however, specimens cut to thicknesses of 60 and 80 nm continually

shifted when exposed to the electron gun, most likely due to heating effects with the epoxy

resin (or residual organic matter existing between the nanosheets) when cut so thin. The

nanosheets measure several tens of nanometers as observed with TEM, supporting the SEM

and XRD findings of the mesocrystalline primary nanoparticle size.

SAED can be used to demonstrate the single crystalline behavior of mesocrystals due to

the subunit nanoparticle alignment along a crystallographic register; the SAED pattern for

a mesocrystal is nearly identical to that of a single crystalline sample of the same material,

making SAED a popular method for characterizing mesocrystals. Fig. 5.4c displays the
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Figure 5.4: (a) TEM image of a cross-sectioned VO2(B) star-assembly; (b) magnified image
of arm intersection; (c) corresponding indexed SAED pattern (on the (002) zone axis); (d)
magnified arm edge; (e) overall and (f) magnified view showing the [010] growth direction
of the VO2(B) nanobelts collected 4 hrs into the solvothermal growth process.

corresponding SAED pattern of the region from Fig. 5.4b. The single crystal-like diffraction

pattern is consistent with literature reports that index similar patterns as single crystalline

VO2(B).[185, 186, 187] Some distortion of the SAED pattern should be expected as the TEM

image clearly shows that there are secondary particles present in addition to the arms of the

cross sectioned star-structure being examined.

Fig. 5.4d displays an enhanced TEM image of a VO2(B) star-assembly edge. The single

crystalline nature of the VO2(B) nanosheet is clearly visible as noted by the lattice fringes,

and the dispersion of pores throughout the structure is also apparent. The preferred growth

direction of the VO2(B) structure is realized by considering the relative stacking rate of the

octahedra at various crystal faces (Fig. 5.3). The shortest average bond in the VO2(B) struc-

ture is along the [010] direction, which, based on the proposed formation mechanism, can

account for the shape of the synthesized nanosheets and the overall architecture. Fig. 5.4e
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and 5.4f depict the growth direction of the VO2(B) nanobelts collected before the solvother-

mal growth process was complete, where the lattice interspacing of 3.67 Å corresponds to the

d010 spacing and the distance between two (010) crystal planes of the monoclinic structure;

these findings corroborate that growth occurred along the [010] direction.[188]

The establishment of the individual nanobelt and nanosheet growth directions, as viewed

along the (002) zone axis, also reveal that the stacked nanosheets are oriented with one

another along the [100] direction, and that the exposed surfaces of the nanosheets correspond

to the (100) facet. Overall and lattice-resolution TEM imaging revels that the individual

VO2(B) nanobelts and nanosheets exhibit preferential growth and stacking along the [010]

and [100] directions, respectively, which is in agreement with previous literature results.[187]

The VO2(B) nanostructures reported here were developed from the reduction of commer-

cially available V2O5 utilizing additive-free solution-based processing methods as governed

by the following reaction: V2O5 + H2C2O4 −→ VO2(B) + H2O + CO2, where oxalic acid

served as both the reducing and chelating agents because of its disposition to serve as a

bidentate ligand. The precursor vanadium oxalate is synthesized as an intermediate during

the reaction as the conjugate base of oxalic acid, oxalate, is an excellent ligand for metal ions

and usually binds forming a five-membered MO2C2 ring. The presence of the chelating agent

should modify the surfaces of the growing nanocrystals, particularly the surfaces that possess

the lowest electronic density, thus leading to the growth of specific surfaces and aiding in the

synthesis of the observed micro-architectured nanosheet morphology.[189, 190] The effects

of solvothermal treatment time and oxalic acid concentration on the final superstructure are

shown in Fig. 5.5.

Although the exact formation mechanism is not entirely clear, a schematic of the

mesocrystal formation mechanism is proposed and illustrated in Fig. 5.6. Fig. 5.6a starts

off with the VO2(B) nanobelts that were directly observed 4 hours into the solvother-

mal treatment. The nanobelts in solution will coarsen and grow into ellipsoidal VO2(B)
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Figure 5.5: Time resolved solvothermal growth of the VO2(B) structures after (a) 2 hr, (b) 4
hr, (c) 13 hr, and (d) 14 hr; VO2(B) structures solvothermally grown for 12 hrs with oxalic
acid concentrations of (e) 0.08 M, (f, g) 0.12 M, and (h, i) 0.14 M.

nanosheets through Ostwald ripening. The [010] growth direction of the VO2(B) nanobelts

is maintained during this step, as determined from SAED.[179, 183, 187]

Several nanosheets then stack homoepitaxially over one another in order to minimize

the energy of the system. Residual chelating agent remaining on the (100) surface of each

nanosheet effectively decreases the Debye length of the electric double layer and stabilizes

the van der Waals forces of the constituting components, leading to superstructure formation

while preventing fusion between individual nanosheets (Fig. 5.6b).[175] Following this step,

several series of stacked VO2(B) nanosheets will coalesce together to form the star-like ar-

chitecture through the oriented attachment mechanism, as depicted in Fig. 5.6c.[191] There

may be some degree of subsequent coarsening after the process is complete, but fusion of

the individual VO2(B) nanosheets should be circumvented due to the presence of the oxalic

acid derived chelating agent. This proposed formation mechanism is supported with time

resolved SEM growth images, as shown in Fig. 5.7.

Fig. 5.10 presents the cyclic voltammetry (CV), variable rate discharge, cyclic stability

curves, and literature comparison of the VO2(B) mesocrystal electrodes. Fig. 5.10a depicts

the first, second, and fifth CV curves collected at a scan rate of 0.5 mV s−1. The cathodic

and anodic peaks are located at 2.45 and 2.72 V vs. Li/Li+, and correspond, respectively, to
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Figure 5.6: Proposed formation mechanism of the VO2(B) mesocrystals: (a) VO2(B)
nanobelts transform in to VO2(B) ellipsoidal nanosheets through Ostwald ripening where
the semi-major axis of the nanosheet runs along the [010] crystallographic direction; (b)
several nanosheets stack on top of one another along the [100] direction (normal to the
nanosheet surface) while residual chelating agent on surface prevents fusion; (c) series of
stacked VO2(B) nanosheets then form the star-like architecture through the oriented attach-
ment mechanism.

the insertion and extraction of Li+ into and out of the VO2(B) structure. The diminishing

peaks of the CV curve with cycling suggest that the star-assemblies are experiencing some

degree of pulverization due to the incorporation of lithium upon cycling, but also reaffirm

that the as-obtained VO2(B) mesocrystals can reversibly intercalate lithium.

It has been demonstrated, at least for the case of TiO2, that the exposure of specific

high-energy facets can increase the Li-ion intercalation capability due to their unique surface

properties. The charge transfer and chemical diffusion coefficient for TiO2 is greatest along

the (001) facet, and exposure of these facets can result in a lower energy barrier for faster

and more efficient Li-ion intercalation.[160, 192] Additionally, the TiO2(B) (100) facet, taking

into account surface relaxation effects, has the greatest surface energy amongst the low-index
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Figure 5.7: SEM images collected at various time intervals corresponding to the intermediate
products in the proposed formation mechanism: (a) product collected between 2 and 4 hrs
solvothermal treatment times, the VO2(B) nanobelts collected 2 hrs into synthesis begin to
stack with respect to one another forming nanosheets; (b) product collected between 6 and 8
hrs solvothermal treatment times, the VO2(B) nanosheets begin to stack with respect to one
another orientationally; (c) product collected between 10 and 12 hrs solvothermal treatment
times, the stacked nanosheet products coalesce to form the overall star-shaped architecture.

surfaces,[193] and is of great significance given that the crystal structures of TiO2(B) and

VO2(B) are analogous.

Therefore, a similar mechanism may be at play for the case of VO2(B) mesocrystals,

where the exposed (100) facets at the surfaces of the nanosheets effectively enhances the

Li-ion intercalation performance. This mechanism was investigated both qualitatively (Fig.

5.8 and Table 5.1) by comparing the surface energies of specific facets by calculating the

dangling (or broken) bonds per surface area upon cleaving particular lattice planes, and

quantitatively (Fig. 5.9 and Table 5.2) using ab-initio calculations; relaxation effects after

cleaving were not considered for the qualitative case.
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Figure 5.8: Primary facet surfaces and corresponding dangling bonds upon cleaving.

Table 5.1: Primary facet surfaces and corresponding dangling bond energy upon cleaving
(surface relaxation effects not considered).

Lattice plane Dangling bonds Area (Å2) Bonds per area

(010) 6 74.53 0.08

(110) 8 81.34 0.10

(011) 10 89.73 0.11

(001) 6 44.76 0.13

(100) 4 23.81 0.17

(101) 8 38.19 0.21

Qualitatively, it was determined that the (100) facet has a relatively high surface energy

compared to the other facets, i.e. (010), (110), (011), and (001), which corroborates the

findings of Vittadini et al. for their analysis of TiO2(B).[193] Of the considered facets, only

the (101) facet had a larger qualitative surface energy. Thus, the exposure of the (100)

facets should enhance the Li-ion intercalation performance of the VO2(B) mesocrystalline

Figure 5.9: Schematics of the low-index VO2(B) surfaces analyzed via DFT
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Table 5.2: Computed surface energies (γ) for the un/relaxed low-index surfaces of VO2(B)
and their fractional abundance.

Facet
Energy (J m−2)

Composition
Unrelaxed Relaxed

(001) 0.49 0.38 0.41

(100) 1.67 0.74 0.22

(010) 1.42 0.63 0.00

(110) 1.20 0.57 0.37

star-assemblies. Our computational analysis expands upon this by considering relaxation

effects upon cleaving a surface when considering the facet surface energy. The VO2(B)

surfaces were represented with periodically repeated slab models, using a 10 Å vacuum

space imposed to decouple the surfaces. All the atoms were allowed to relax, and atoms

not in the near surface region were constrained. Because each slab exposes two equivalent

surfaces, the surface energy, γ, was evaluated using Equation 5.1:

γ =
[Eslab − nEbulk]

2A
(5.1)

where A is the area of the surface, n is the number of VO2(B) stoichiometric units contained

in the slab, Eslab is the total energy of the slab model, and Ebulk is the total energy of a

single VO2(B) stoichiometric unit as obtained from the calculations on bulk VO2(B).

The rate capability of the VO2(B) mesocrystals when tested at incremental discharge

rates for 15 cycles starting at 150 mA g−1 and terminating at 1500 mA g−1 is demonstrated

in Fig. 5.10b. The initial capacity was 258 mA h g−1, but steadily dropped to 225 mA h g−1

after 15 cycles. The subsequent discharge tests showed reasonably stable capacity profiles of

approximately 196, 177, 166, and 158 mA h g−1 over the course of 15 cycles at discharge rates

of 450, 900, 1200, and 1500 mA g−1, respectively. The exceptional discharge capacities can be

attributed to the mesocrystalline structure that promotes electrolyte penetration, thereby

increasing the contact area between the electrolyte and the electrode itself. Such traits,
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along with the oriented nanosheet structure, lead to great enhancement in the lithium-ion

diffusivity, and the overall capacity.

Figure 5.10: (a) CV curves obtained at a scan rate of 0.5 mV s−1 for the 1st, 2nd, and
5th cycles; (b) discharge-rate capability at various current densities; (c) cycle stability and
Coulombic efficiency over 50 cycles at 150 mA g−1; and (d) comparison with various VO2(B)
structures from literature (assuming a 1 C current density of 150 mA g−1).

The discharge rate was returned to 150 mA g−1 after the tests at higher discharge were

completed, and was accompanied by a moderate drop from the initial capacity to approxi-

mately 195 mA h g−1. The drop in capacity following cycling at higher discharge rates can

be realized by examining the cycle stability test performed at 150 mA g−1 (Fig. 5.10c). The

initial capacity is equivalent to what was seen in the rate capability data, approximately 258

mA h g−1. The capacity then drops with each cycle number until reaching the 20th cycle, at

which point the capacity appears to level off at approximately 195 mA h g−1. These results

indicate that there may be a slight degree of pulverization or solid state amorphization oc-

curring in the VO2(B) mesocrystals during the preliminary cycles due to the incorporation

of lithium into the system, but an equilibrium is quickly established and then maintained.

119



Fig. 5.10d compares the mesocrystal intercalation performance with that of other VO2(B)

structures taken from the literature.[170, 194, 195, 196] It should be noted that the con-

ductive additive loadings in these studies were all equal to or greater than the amount of

conductive additive used in this study. Despite their overall micro-scale size, the mesocrys-

tals exhibit one of the highest intercalation performance and capacity retention, especially

upon cycling at higher discharge rates. The excellent cycle stability can be attributed to

the crystallographically oriented nanosheets that provide sufficient accommodation of the

volume expansion and contraction upon cycling, assuring that good electrochemical stability

and mechanical integrity can be guaranteed for many cycles.

5.4 Conclusions

An additive and template-free solvothermal process was developed for the facile synthesis

of mesocrystalline VO2(B). The VO2(B) mesocrystals were proposed to form through the

combination of classical as well as non-classical crystallization mechanisms. The synthesized

VO2(B) mesocrystals showed excellent cycle stability and high rate discharge when tested

as positive electrode material for lithium-ion battery. The stacking of the nanosheets and

pores throughout the material can also better accommodate cycling induced strain, thus

improving the cycle stability. Moreover, these results reveal that mesocrystals of functional

materials with high crystallinity, high porosity, and nanoparticle alignment are promising

for potential energy storage applications.
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Chapter 6

Amorphous Vanadium Oxide

Electrode for Sodium-Ion Battery

In this study, amorphous and nanocrystalline vanadium pentoxide (V2O5) films were

prepared through a combination of sol-gel processing paired with electrochemical deposi-

tion, and characterized as cathode for sodium-ion battery. The degree of crystallinity of

the individual electrodes was controlled by managing the annealing profile and environment

employed. Amorphous V2O5 demonstrated superior sodium-ion intercalation properties as

compared to its crystalline counterpart when examined as positive electrode material for Na-

ion battery application. More specifically, the amorphous vanadium pentoxide film showed

a sodium ion storage capacity of 241 mA h g−1, twice the capacity of its crystalline coun-

terpart, 120 mA h g−1. In addition, the amorphous vanadium pentoxide film possessed

much higher discharge potential and energy density. The significant difference between the

crystalline and amorphous phases arises from the fast Faradaic reactions which potentially

give way to an additional pseudo-capacitive storage contribution. Moreover, because the

diffusion-controlled sodium-ion intercalation process is supplemented by surface storage re-

actions, the overall dis/charge rates are much faster. The percolation of certain diffusion

channels in amorphous materials can be activated because of the disordered structure. Such
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effects synergistically work to improve charge and ionic transfer at the electrode/electrolyte

interface during the sodiation process, yielding a positive electrode material for sodium-ion

battery application with superior energy density and strong cycling performance. The possi-

ble relationship between the disparity in intercalation properties and structure is discussed.

6.1 Introduction

The progress of energy storage materials and devices appreciably lags the rapid progres-

sion of other electronic components in spite of steady advancements in these technologies

and has increasingly become a bottleneck impeding device development.[197, 198] Among

the commercially available energy storage technologies, lithium-ion (Li-ion) batteries are a

mature and robust technology that has been extensively used in consumer devices and appli-

cations because of their high energy density and portability.[43, 45, 158, 173] Despite great

commercial success, lithium-based batteries have several drawbacks associated with safety

issues, high cost, and resource scarcity. Conversely, sodium-ion (Na-ion) batteries have been

gaining considerable traction as a realistic alternative to Li-ion battery, for large-scale energy

storage applications, in the past several years.[199, 200, 201]

A quick comparison of the differences between metallic lithium and sodium can be gath-

ered from Table 6.1. Na-ion batteries are attractive because sodium resources are seemingly

inexhaustible as well as ubiquitous, and therefore cost considerably less (by a factor of roughly

30-40 times) than lithium.[13] Additionally, sodium does not undergo an alloying reaction

with aluminum at low voltage, as is the case with lithium, meaning that aluminum can

replace copper as the anodic current collector which equates to an overall cell cost savings of

2%; this is significant for large scale grid storage, which is the target market for sodium-ion

batteries.[14, 15] The lower operating voltage of Na-ion cells results in enhanced stability

of the non-aqueous electrolyte, but also manifests itself in lower energy density. The ma-

jority of the proposed electrode materials for Na-ion battery show similar or slightly lower
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specic capacity and redox potential than when used in Li-ion cells.[16, 17] Moreover, the

accommodation of sodium in traditional host materials is difficult because the ionic radius

and reduction potential of sodium are strikingly larger than that of lithium.[18] Therefore,

the de/sodiation process induces large distortions in the host lattice that ultimately lead to

pulverization of the electrode and the impending failure of the cell.

Table 6.1: Comparison of metallic lithium and sodium.

Parameter Lithium Sodium

Cationic radius (Å) 0.76 1.06

Atomic weight (g mol−1) 6.9 23.0

E◦ (V vs. SHE) -3.04 -2.71

Carbonate cost ($/ton) 5000 150

Metallic capacity (mA h g−1) 3829 1165

Coordination preference octahedral and tetrahedral octahedral and prismatic

Crystalline materials have been the primary electro-active species choice in the bat-

tery field for some time now, but their synthesis can be time-consuming, energy intensive,

and costly. It has recently been demonstrated that disordered materials may form percola-

tion pathways via the opening of active diffusion channels that could potentially facilitate

ionic diffusion;[18, 202] several studies have revealed that Li-ion diffusion in amorphous

materials proceeds more rapidly than in crystalline materials with similar particle size and

morphology.[203] Based on these considerations, it is worth investigating amorphous or struc-

turally disordered transition metal oxides because of their isotropic characteristics that may

enhance Na-ion diffusion by offering diffusion paths that are not highly anisotropic, as is the

case for crystalline materials.[204] Short-range ordered materials may also have a lower en-

tropic energy associated with the ordering of incorporated ions and a more open framework

to facilitate ionic transport. In this sense, it is possible to describe amorphous materials

as homogeneously disordered, in terms of anisotropy and potential defects, and crystalline

materials as heterogeneously disordered. Contributions from a pseudocapacitive energy stor-

age mechanism may also be at play, where electron transfer reactions of ions from Faradaic
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processes occur at the surface of the electrode as these effects are increasingly important at

the nanoscale.[46, 205]

Vanadium oxide is an attractive multifunctional material used for widespread application

in various fields such as catalysis,[206] energy storage,[207] and biomedical devices;[208]

a wide assortment of V2O5 nanostructures have already been synthesized by a variety of

methods.[95, 160] The intercalation of Li+ into V2O5 has been well documented and occurs

with compensating electrons leading to the formation of vanadium bronzes; however, reports

concerning the use of vanadium oxide for sodium based energy storage systems are limited.

Tepavcevic et al. demonstrated that the deintercalation of bilayered V2O5 electrodes was

accompanied with the loss of long-range order, whereas short-range order was preserved.

The bilayered V2O5 cathodes were able to maintain 85% of their initial capacity after 350

cycles with current density varying from 20-630 mA g−1.[209] Bilayered V2O5 nanobelts

with comparable performance have also been reported more recently.[210] NaV6O15 nanorods

showed moderate capacity values but poor capacity retention,[211] and V2O5 based Na-ion

pseudo-capacitors delivered a maximum specific energy of 40 Wh kg−1 and retained 80% of

the original capacity after 900 cycles at a 60 C discharge rate.[212] Yet, a study concerning

amorphous vanadium oxide has yet to be reported. Herein, we detail the electrochemical

deposition of V2O5 using vanadium based gels and their application in Na-ion battery.[166]

The amorphous V2O5 electrode displayed superior electrochemical performance compared to

its crystalline counterpart, readily demonstrating that the use of amorphous materials may

be of considerable value for future electrode design pending further optimization.

6.2 Experimental Procedure

6.2.1 Gel Synthesis

The films synthesized and examined in this work were prepared via electrochemical de-

position using a diluted vanadium pentoxide solution, the synthesis of which was adopted
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from a previously reported procedure. In brief, V2O5 powder (99.8%, Alfa Aesar) was added

to deionized water and H2O2 (30wt%, Sigma Aldrich) to yield a solution with a V2O5 con-

centration of 0.3 M and with a H2O2 to V ratio of 8.05:1. The resulting solution was stirred

for 15 minutes, and then ultrasonicated for 10 minutes. Deionized water was added until the

concentration was 0.06 M, after which the solution was ultrasonicated for an additional 80

minutes.

6.2.2 Deposition

The synthesized gel was further diluted to a concentration of 7.5 mM in deionized water

and stirred until the transparent solution was free of flocculates. Cathodic deposition was

carried out using Ni foil (0.125 mm thick, Sigma Aldrich) as the deposition substrate and

a piece of Pt foil as the counter electrode. The distance between the two electrodes was

kept constant at 1.5 cm and the deposition voltage was (-2.4) V. The deposition process was

carried out for 30 minutes unless otherwise noted. After being dried in a 70◦C oven overnight

the films were either annealed at 180◦C under vacuum or 450◦C under air for 3 hours.

6.2.3 Characterization

The phase and crystallite size of the annealed V2O5 films were studied using X-ray

diffraction (XRD, D8 Bruker X-ray diffractometer); the sample was scanned with Cu-Kα

radiation within the range of 10◦ to 70◦ (2θ), with a step size of 0.02◦ and an exposure

time of 10 s. The accelerating voltage and current were 40 kV and 40 mA, respectively.

Infrared absorption spectra were recorded using a Perkin Elmer 1640 Fourier Transform

Infrared (FTIR) Spectrophotometer with KBr pellets. X-ray photoelectron spectroscopy

(XPS) was completed using a Surface Science Instruments S-probe spectrometer. The X-ray

spot size was 800 × 800 µm and the take-off angle was 55◦, corresponding to a sampling

depth of approximately 50-70 Å. XPS data analysis was carried out using the Service Physics

ESCA 2000-A analysis program (Service Physics, Bend, OR). X-ray absorption spectroscopy
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(XAS) was conducted at the Advanced Photon Source, 13ID-E in transmission mode. Several

layers of V2O5 were dispersed on Kapton tape for the measurement to minimize the effect

of thickness inhomogeneity, and the data sets were processed using the IFFEFIT software

package. Microscopy investigations were carried out using a JEOL JSM-7000F scanning

electron microscopy (SEM) and FEI Tecnai G2 F20 transmission electron microscopy (TEM)

operating at 200 kV. The nitrogen sorption was performed using a Quantachrome NOVA

4200e. The specific surface area, micropore, and mesopore volumes were determined using

multipoint Brunauer-Emmett-Teller (BET), t-method, and Barrett-Joyner-Halenda (BJH)

desorption analyses, respectively. Thermogravimetric (TGA) analysis of the V2O5 films were

investigated from room temperature to 450◦C (TGA 7, PerkinElmer) under nitrogen flow at

a heating rate of 5◦C min−1.

6.2.4 Electrochemical Analysis

For electrochemical analysis, 2016 type half-cells were assembled in a glove box (Mbraun)

filled with high purity argon. Sodium metal foil (Sigma Aldrich), 1 M NaPF6 in ethylene

carbonate (EC)/dimethyl carbonate (DMC) (1:1 v/v), and Celgard 2400 membrane were

used as the counter/reference electrode, electrolyte, and separator, respectively. Lithium

metal foil and a 1 M LiPF6 ethylene carbonate (EC)/dimethyl carbonate (DMC) (1:1 v/v)

solution were used as the counter/reference electrode and electrolyte, respectively, for the

Li-ion half-cells. Cyclic voltammetry (CV) was completed using an electrochemical analyzer

(CH Instruments, Model 605C) in the voltage range of 3.8-1.5 V (vs. Na/Na+) at scan rates

ranging from 0.1 to 5.0 mV s−1. Electrochemical impedance spectroscopy (EIS) was carried

out on crystalline and amorphous V2O5, with frequency ranging from 100 kHz to 10 mHz and

the AC amplitude set at 5.0 mV. The current density and cycle stability performance of the

V2O5 materials were evaluated using an Arbin Battery Tester (BT-2000, Arbin Instruments)

operating at room temperature. The half-cells were tested within the voltage range of 3.8-1.5
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V vs. Na/Na+ at various charging rates based on the weight of the active material alone,

and assuming a 1 C current density of 236 mA g−1.

6.3 Results and Discussion

The method of gel preparation was adopted from previous work,[213] and involved several

parallel or sequential chemical reactions in association with the decomposition of excess

hydrogen peroxide:

V2O5 + 4H2O2 −→ 2[V O(O2)2(OH2)]
− + 2H+ +H2O (6.1)

V2O5 + 2H+ + 2H2O2 + 3H2O −→ 2[V O(O2)2(OH2)3]
+ +O2 (6.2)

2[V O(O2)2(OH2)]
+ + 4H+ + 2H2O −→ 2[V O(O2)(OH2)3]

+ +O2 (6.3)

2[V O(O2)(OH2)3]
+ −→ 2[V O2] +O2 + 6H2O (6.4)

[V O2] −→ gelation (6.5)

The initially aqueous V2O5 solution changed color from yellow to orange following

the addition of H2O2, which is ascribed to the formation of the diperoxovanadate anion

[VO(O2)2(OH2)]
− (Equation 6.1). The solution then took on a red color following sonication

for several minutes, which suggests that the monperoxovanadate cation [VO(O2)(OH2)3]
+

is the main ionic species in the solution (Equations 6.2 and 6.3). The release of oxygen gas

was noted by vigorous bubbling that occurred during the mixing of V2O5 and H2O2. The

solution was then further diluted to 0.06 M and sonicated for 80 minutes, during which

the color gradually turned to a brownish red while the solution was notably more viscous.

These changes could be attributed to the transformation of the dioxovanadium cation

[VO2]
+ (Equation 6.4). The increased viscosity and brownish red hue of the gel suggests

that V2O5·nH2O gelation has occurred (Equation 6.5). After sonication, the brownish red
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mixture of V2O5·nH2O gel and solution was diluted to 7.5 mM for deposition. During

cathodic deposition, electrons were directed towards the negatively charged Pt counter

electrode, and the V5+ species from the V2O5 colloidal particles and [VO2]
+ dioxovanadate

cations were reduced on the surface of the Ni-foil (Equation 6.6 and 6.7):

V2O5 + 4H+ −→ 2[V O2]
+ + 2H2O (6.6)

[V O2]
+ + e− −→ V O2 (6.7)

VO2 serves as the nucleation center that initiates and catalyzes the formation of V2O5·nH2O

through low pH conditions upon deposition.

2[V O2]
+ + nH2O −→ V2O5 · nH2O + 2H+ (6.8)

Ultimately, hydrous vanadium oxide was deposited through the cathodic deposition of

VO2 and the catalyzed gelation of V4+ which serves as a nucleation center that initiates

and catalyzes the formation of V2O5·nH2O. Following deposition, the coated Ni-foil sub-

strates were processed under different thermal treatment conditions: drying under ambient

(as-processed), 180◦C anneal under vacuum (180◦C/vac) for 3 hours, and 450◦C anneal in

air (450◦C/air) for 3 hours. These temperatures and atmospheres were chosen based off

previous results showing that V2O5 initiates crystallization at approximately 216◦C. The

main reason for annealing under vacuum at 180◦C is to remove a considerable amount of the

crystalline water while preserving the amorphous homogeneity and suppress crystallization.

The morphology of the films was observed by SEM, a representative image of which is shown

in Fig. 6.1. SEM reveals that the V2O5 was homogenously deposited and composed of layers

stacked parallel to the substrate that are composed of irregularly shaped nanoparticles with

an average size of 500 nm.
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Figure 6.1: Representative SEM images of V2O5 films deposited on Ni-foil for one hour: (a,
b) low-resolution, (c) high-resolution, and (d) cross-sectional images.

The layered structure is a product of the deposition process that took place through a

combination of cathodic deposition and catalyzed gelation, and imparts a significant degree of

structural stabilization unto the sample.[95, 115, 166] The overall morphology of the various

samples did not differ significantly with thermal treatment, but the observed roughness did

increase with temperature. The slight increase in roughness is most likely caused by minor

coarsening effects brought on by exposure to higher temperature.

Figure 6.2: (a) BJH desorption pore size distributions, (b) the nitrogen adsorption-desorption
isotherms, and (c) TGA analysis for the V2O5 samples.
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Nitrogen sorption-desorption isotherms were collected in order to determine and com-

pare surface and pore information. The BJH pore size distribution obtained from the ni-

trogen adsorption-desorption isotherm suggests that the annealed samples contain broadly

distributed pores mostly smaller than 15 nm. The 180◦C/vac and 450◦C/air annealed sam-

ples and with a respective average pore size and overall pore volume 3.22 nm and 0.060 cm3

g−1 compared to 3.19 nm and 0.054 cm3 g−1, respectively. Moreover, the BET derived spe-

cific surface areas were 38.7 and 32.6 m2 g−1, respectively, which confirms that the varying

thermal treatments had little change on morphology outside of slight coarsening and surface

roughening effects. The amount of water in the samples was examined using TGA, and

was quantified at approximately 12% and 0.4% for the vacuum and air annealed materials,

respectively (Fig. 6.2c). These results were substantiated by bulk density measurements us-

ing the specific gravity method that calculated the density of the 180◦C/vac and 450◦C/air

annealed materials at 2.1 cm3 g−1 and 2.7 cm3 g−1, respectively. XAS results elucidated the

location of the water, and will be covered later.

The crystallinity of the samples was initially compared using X-ray diffraction (XRD,

Fig. 6.3a). The 450◦C/air annealed specimen could be indexed to the orthorhombic form

of vanadium pentoxide, (V2O5, space group: Pmmn (59), a = 11.516, b = 3.566, c = 3.777

Å; JCPDS card no. 41-1426), with no detectable impurities or secondary phases. There

were no detected peaks in the as-processed and 180◦C/vac annealed samples; the lack of

any diffraction peak is a strong indication and confirmation of their amorphous quality, this

was further confirmed by TEM, Fig. 6.6. However, the XRD spectra offer little information

in terms of bonding, coordination, and chemical identification. Fourier transform infrared

(FTIR, Fig. 6.3b), X-ray photoelectron (XPS, Fig. 6.3c), and X-ray absorption (XAS, Fig.

6.3d) spectroscopy were therefore conducted in order to reliably characterize the chemical

nature of the amorphous specimen for comparison with its crystalline counterpart.

FTIR was utilized to chemically identify the seemingly amorphous, as determined by

XRD, compounds. As shown in Fig. 6.3b, the absorption peak stemming from the sym-

130



Figure 6.3: (a) XRD patterns, (b) FTIR spectra, (c) high-resolution XPS spectra, and (d)
k3-weighted Fourier transform of the V k -edge EXAFS of the V2O5 samples.

metric stretching mode of the terminal oxygen V=O bond is clearly observed at approxi-

mately 1012 cm−1 for all of the compounds. However, the same stretching vibration was

shifted to a slightly higher value (1019 cm−1) for the 450◦C/air sample. For the as-processed

and 180◦C/vac samples, the peaks localized at 767 and 532 cm−1 are assigned to the 3-

fold-coordinated oxygen asymmetric and symmetric stretching vibrations modes of V-O-V,

respectively. The FTIR peak positions for all samples are reported in Table 6.2. The lack

of long range crystallographic order in the samples thermally treated at lower temperatures

leads to homogeneously disordered material, and is ultimately accountable for the wide dis-

tribution and shifting of peaks at lower wavenumber. The changes in the vibration modes

can potentially be ascribed to the differences in the long range order of the V2O5 crystal

structure. The absorption peak at 1615 cm−1 is assigned to the hydroxyl group (O-H) stem-

ming from absorbed water,[214] and is also not detected in the fully crystallized material.
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The incorporation of absorbed water may also account for some of the disparity amongst

the vibration modes;[215, 216] water molecules incorporating themselves into the short-range

order of the amorphous materials can effectively alter the ionic transport pathways.[217, 218]

It has been demonstrated for V2O5·nH2O xerogel that the presence of water molecules can

expand the interlayer distance which correspondingly enhances the intercalation capacity

as a result.[219] This modification is usually detected by XRD where the (100) peak will

shift from its standard value (2θ = 20.258◦) to a lower value (2θ = 8◦), but cannot be used

in this investigation given the amorphous nature of the 180◦C/vac sample. Consequently,

such effects will lengthen the bond distance decrease the strength of the V=O bond while

correspondingly strengthening the 3-fold-coordinated V-O-V bond, leading to the shift in

the detected bond vibrations. These spectra match well with those for amorphous V2O5

previously reported in the literature.[214, 216, 220]

Table 6.2: FTIR peak position data for the as-processed, 180◦C/vac annealed, and 450◦C/air
annealed V2O5 samples.

Peak assignment
Peak position(cm−1) for:

as-processed 180◦C/vac 450◦C/air

O-H 1614.6 1620.9 1634.1

V=O 1012.8 1012.8 1015.9

916.0 914.2 –
V-O-V 763.4 759.7 827.2

XPS was carried out on the samples prior to sodiation in order to gain more information

on the chemical state of the vanadium species present and for additional phase identifica-

tion. High-resolution scans, emphasizing the V2p and O1s peaks, and broad survey scans

were collected for all samples, and are shown in Fig. 6.3c and Fig. 6.4, respectively. All

materials were characterized as V2O5 with the only vanadium species present being V5+.

Shouldering on the higher binding energy side of all the O1s peaks indicates the presence

of chemisorbed hydroxyl (-OH) groups or adsorbed carbon dioxide molecules in the electro-

chemically synthesized V2O5. The trends between peak position, peak spacing, and their
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literature comparisons are shown graphically in Fig. 6.4 and in Table 6.3. The location of the

Figure 6.4: (a-c) High-resolution XPS O1s and V2p peak values and ∆BE[O-V] for the
as-processed, 180◦C/vac annealed, and 450◦C/air annealed V2O5 samples compared to the,
respectively, equivalent literature values for various vanadium oxide compounds. Literature
values taken from [1].(d) Broad survey and XPS spectra of the as-processed, 180◦C/vac
annealed, and 450◦C/air annealed V2O5 samples.

main O1s peak, attributed to lattice oxygen (O-V), is indicative that the material is V2O5,

but the measured peak position diminishes with annealing temperature. The as-processed,

180◦C/vac, and 450◦C/air annealed specimens recorded O1s peak positions of 530.9, 530.5,

and 530.1 eV, respectively, while the equivalent literature standard is typically taken to be

530.0 eV.[1] The adjusted V2p3/2 peak binding energy was 518.0, 517.6, and 517.2 eV for

the as-prepared, 180◦C/vac, and 450◦C/air specimens, respectively, which is consistent with

literature reports for V2O5. As a whole, the V2p3/2 and O1s peaks for the non-crystalline

materials were slightly shifted to higher binding energies than expected, but overall peak-to-

peak spacing was conserved. Slight shifts in the peak positions were attributed to the lack
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of long-range order and the non-homogeneous chemical makeup of the structure. The V2O5

phase was confirmed by the spin-orbit splitting of approximately 7.5 eV between the V2p3/2

and V2p1/2 orbitals and the energy difference of 12.9 eV between the binding energy of the

V2p3/2 and O1s orbitals for all of the fabricated films, which is consistent with literature

reports.[221, 222, 223]

Table 6.3: XPS peak fit values for the as-processed, 180◦C/vac annealed, and 450◦C/air
annealed V2O5 samples.

Sample Peak Peak Location (eV) ∆BE(O-V) (eV)

as-processed O1s 530.9 12.9

V2p 518.0

180◦C/vac O1s 530.5 12.9

V2p 517.6
450◦C/air O1s 530.1 12.9

V2p 517.2

XAS was carried out in transmission mode at the Advanced Photon Source, sector 13ID-E

and the data sets were processed using the IFFEFIT software package.[224] The normalized

extended X-ray absorption fine structure (EXAFS) and V k -edge X-ray absorption near

edge structure (XANES) plots are shown in Fig. 6.3d and Fig. 6.5, respectively. The

pre-edge peak in the XANES spectra corresponds to the 1s to 3d electronic transition,

for which the position and intensity are very responsive towards the crystal field symmetry

surrounding the vanadium and the distortion of the local structure as it influences the degree

of hybridization between the O2p and the V3d orbitals.[220] A decrease in the pre-edge peak

intensity suggests an increase in the vanadyl V=O distance, which decreases the degree of

distortion of the local structure and effectively increases the local symmetry within the VO5

square pyramid.[225, 226] The absorption edge itself is associated with the 1s to 4p dipole

transition. Comparison of the crystalline and amorphous absorption spectra further verifies

that both thermally treated specimens are in fact V2O5.

The k3-weighted Fourier transform of EXAFS can provide information on the coor-

dination shell distance between atomic neighbors. The direct comparison of the crys-
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Figure 6.5: XANES of the V k -edge for the as-processed, 180◦C/vac annealed, and 450◦C/air
annealed V2O5 samples.

talline and amorphous Fourier transforms, Fig. 6.3d, displays the radial structure functions

for the central absorbing vanadium atom and highlights the variation in the local struc-

tures. The amplitude of the peaks for the 180◦C/vac material is lower than that of the

450◦C/air material, indicating a higher degree of structural disorder and diminished extend-

ing coordination.[227, 228] The experimental data for the crystalline material shows three

well defined peaks at 1.50, 2.70, and 3.25 Å that derive from the V-O single scatter con-

tribution (1st coordination sphere), V-V (2nd sphere), and V-V (3rd sphere). As expected,

the intensity of these peaks drops with increasing coordination because of increased scat-

tering events. The amorphous material shows similar first and second degree coordination,

but drastic differences in the third. This is also expected provided that the amorphous

structure lacks long range order and the third shell contains contributions from a large

number of overlapping single as well as multiple-scattering contributions. Moreover, the

180◦C/vac spectrum is extremely similar to others gathered for amorphous V2O5 presented
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in the literature.[225] The manifestation of this diminished coordination would be a more

open structure that would be conducive towards improved sodiation. Based on these results,

it is probable that the majority of the water detected by TGA corresponds to surface ad-

sorbed water. If anything, the water will add to the disorder between neighboring domains

which could potentially expand pathways for Na-ion transport.

Transmission electron microscopy (TEM) was carried out in order to qualitatively com-

pare the extent of crystallinity inherent to each sample. Fig. 6.6 displays the TEM images

collected for the as-processed, 180◦C/vac, and 450◦C/air samples. The inset in each figure

is the corresponding FFT pattern which can also be used to, more objectively, interpret the

degree of crystallinity. The amorphous nature of the as-processed and 180◦C/vac samples is

noted, as revealed in Fig. 6.6(a & b). Moreover, the as-processed and 180◦C/vac annealed

samples have near similar trace amounts of crystallographic order as seen in the micrographs

and diffuse diffraction spots. These findings, when paired with TGA, indicate that the low-

temperature vacuum annealing process effectively maintains the non-crystalline, amorphous

quality of the V2O5 material while removing surface absorbed water. The single crystallinity

of the 450◦C/air sample is evident, as noted by the atomic columns of the crystallographic

lattice; the FFT pattern (Fig. 6.6c inset) shows clean V2O5 diffraction, attesting to the highly

crystalline nature of the material. This characterization is also supported by the measured

fringe interspacing of 3.34 Å that corresponds to the d(001) spacing and the distance between

two (001) crystallographic planes of the orthorhombic V2O5 structure.

The energy-storage performance of the electrochemically deposited V2O5 was investigated

as a Na-ion battery positive electrode material candidate using a half-cell configuration with

sodium foil as the counter and reference electrode. However, prior to this the 450◦C/air

annealed V2O5 was tested as a Li-ion battery cathode in order to establish a baseline merit

of performance. Lithium and sodium ion batteries function in an identical manner to one

another, with the main differences being their reduction potential and electronegativity of

the alkali element and ionic size. The 450◦C/air annealed sample was cycled against Li/Li+
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Figure 6.6: High-resolution TEM images of the (a) as-processed, (b) 180◦C/vac annealed,
and (c) 450◦C/air annealed V2O5 samples. The inset in each figure is the corresponding
FFT pattern for the displayed image. The deposited V2O5 films were exfoliated from their
Ni-foil substrate following thermal treatment.

at a discharge rate of 44.7 mA g−1 (0.1 C) and within the voltage window of 3.8-1.5 V leading

to the formation of Li3V2O5, and the discharge profile is shown in Fig. 6.7. As expected,

several discharge plateaus are clearly seen. The de/intercalation mechanism in crystalline

materials is characteristically distinguished by plateaus in the discharge potential profile

that indicate phase separation and transformation, and ultimately define the limiting values

for the stability of each of the phases that evolve during the ionic de/intercalation process.

The plateaus at 3.5, 2.9, and 2.4 V correspond to the ε/δ, δ/γ, and γ/ω phase transitions,

respectively. While this material exhibits a high initial capacity of approximately 390 mA
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h g−1, the irreversible phase transition associated with the intercalation of a third Li+ per

V2O5 formula unit results in severe capacity degradation upon cycling.

Figure 6.7: Initial discharge voltage profile curves for the crystalline (450◦C/air) V2O5 cycled
against Li/Li+ at 45 mA g−1 current density (0.1 C)

Following this baseline test, the 180◦C/vac and 450◦C/air annealed were cycled against

Na/Na+ at 23.6 mA g−1 corresponding to fully cycled Na2V2O5 products, the results of which

are shown in Fig. 6.8. When cycled against Na/Na+, the crystalline 450◦C/air annealed

V2O5 electrode demonstrated a moderately flat discharge plateau at approximately 2.5 V

and a discharge capacity of approximately 120 mA h g−1 which in turn demonstrates that

one Na+ ion was successfully intercalated for each vanadium. Use of the same solvent and

ion containing salt for the electrolyte of the different systems (Na- and Li-ion) holds the

transporting ionic species solely accountable for the apparent differences in the discharge

profile and capacity. Contrary to its crystalline form, the 180◦C vacuum annealed material

featured a smooth discharge profile concurrent with the evolution of sodium-ion incorporation

culminating in a discharge capacity of approximately 241 mA h g−1. The energy density,

or area under the discharge curve, of the amorphous material (625.3 Wh kg−1) was also

markedly greater than that of the crystalline material (282.6 Wh kg−1).
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Figure 6.8: Initial charge-discharge curves for the (a) crystalline (450◦C/air) and (b) amor-
phous (180◦C/vac) V2O5 against Na/Na+ at a current density of 23.6 mA g−1 (0.1 C); the
rate capability of the (c) crystalline and (d) amorphous V2O5 when discharged at current
densities ranging from 23.6 (0.1 C) to 1170 mA g−1 (5 C). Cyclic voltammograms at various
scan rates for the (e) crystalline and (f) amorphous V2O5.
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Since their introduction, crystalline transition metal oxides have been regarded as very

attractive candidates for intercalation based storage applications because of their open, yet

ordered structures that offer ample sites for accommodating guest species intercalation.[107,

229] Moreover, there are multiple Faradic charge storage mechanisms that can simultane-

ously contribute to the overall charge storage. For layered oxides, these mechanisms either

occur at the particle surface or within the interlayer spacing of the material. Surface stor-

age is pseudo-capacitive in nature, and can manifest itself via the monolayer adsorption of

ions at the electrode surface or through surface redox reactions. Intercalation based storage

mechanisms, on the other hand, ensue in one of two ways - with or without an accompanying

material phase change. Ion intercalation that does not result in a phase change is a charac-

teristic typically associated with capacitors, while battery materials often experience phase

change(s). Redox based surface reaction and non-phase change intercalation are analogous

to one another in that there are pseudo-capacitive effects where ion adsorption is associated

with the reduction of metal ions located at either the surface or along the interlayer lattice

planes, respectively.[230]

Previous studies have shown that the character of the discharge profile shows a strong

dependence on the particle size and degree of order of the electro-active species.[231, 232, 233]

More specifically, these factors can be independently correlated to the sloped discharge profile

seen here (Fig. 6.8).[231, 232, 233] For nanoparticles below a critical size, pseudo-capacitive

behavior stemming from the fast and reversible Faradaic reactions occurring at or near the

particle surface culminates in a sloped discharge profile occurring over a wide potential

window.[234, 235] Contrastingly, disordering has been shown to lead to sloped potential

profiles given that there is a wider distribution of intercalation site energies in a disordered

material; these discrepancies in the intercalation site energy may be negated by diminished

interaction between the intercalation species and a distribution of the activation barrier

varying with the local atomic environment, meaning that the Na-ion diffusivity is more

independent of the Na-ion concentration.[202]
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Figure 6.9: (a) Cyclic voltammograms for the amorphous (180◦C/vac) and crystalline
(450◦C/air) V2O5 at 1.0 mV s−1; (b) the cycle stability (c) and Coulombic efficiency gath-
ered at a current density of 23.6 mA g−1. (d) Nyquist plots of the amorphous (180◦C/vac
annealed) and crystalline (450◦C/air annealed) V2O5 samples from 100 kHz to 10 mHz with
an AC amplitude of 5.0 mV.
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Based off of previous studies focusing on amorphous materials for Li-ion cells, it is pro-

posed that there was a combination of sodium-ion intercalation and surface adherence to

the amorphous V2O5 particles, which eventually led to superior discharge capacity, energy

density, and cycle-life performance when compared to its corresponding crystalline material

cycled under analogous conditions.[236, 237] For amorphous nanomaterials, it is possible

that both the nano-based pseudo-capacitive and amorphous based homogeneous disorder

effects can contribute towards the sloped discharge profile. It may be possible to distinguish

between these two effects in amorphous materials by synthesizing crystalline nanoparticles of

equivalent morphology over a decrementing size range and monitoring CV for the attenuation

of any redox peaks and the adoption of a rectangular CV profile, which is a characteristic

trait of pseudo-capacitive storage. Regardless, the obtained results indicate that Na-ion in-

sertion/extraction in amorphous V2O5 is not accompanied by an abrupt phase change or

an alteration of the structure as seen in its crystalline equivalent; this attribute ultimately

supports improved cycling stability and makes it possible for the potential to serve as a

direct read of the depth of discharge.

CV was accordingly performed to investigate the redox processes at play for V2O5 in

the amorphous and crystalline states, the results of which are shown in Fig. 6.8d and 6.8f,

and directly compared in Fig. 6.9a. The test cells were successively cycled at 0.1, 0.5,

and 1.0 mV s−1 and within a voltage window of 3.8-1.5 V vs. Na/Na+. The amorphous

material does not exhibit any peaks over the potential range, but the voltammetric response

marginally scales with the potential and the current is greater than that of the crystalline

material; such CV performance is typical of amorphous materials because of the broad energy

distribution associated with the sodiation sites, occupied through a percolation mechanism,

that gives way to a wide distribution of the redox events.[46] Conversely, the CV scans for

the crystalline V2O5 show broad anodic peaks ranging between 3.2 and 3.3 V. There is also

an initial cathodic peak at approximately 1.8 V that becomes attenuated upon scanning at

higher rates. When paired with the discharge profiles, these results clearly highlight how the
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structural differences between the amorphous and crystalline phases can directly impact the

Faradaic processes at play.

The cycle stability of the half-cells was examined using a voltage window of 3.8-1.5 V

vs. Na/Na+ and a current density of 23.6 mA g−1 (0.1 C rate), the results of which are

shown in Fig. 6.9b. The amorphous V2O5 material exhibited an initial discharge capacity

of 216 mA h g−1, but that increased to 241 mA h g−1 with the second cycle. However, there

was a drop in capacity following this peak which eventually stabilized at approximately

160 mA h g−1. Similarly, the crystalline V2O5 material showed an increase in capacity

following the initial cycle. The overall capacity of this material peaked in the second cycle at

120 mA h g−1 and then experienced moderate but steady capacity degradation throughout

the cycling process, with an increase in the degradation rate towards the end of cycling.

One would expect these results to be attributed to differences in pore characteristics as

induced by the different annealing profiles; however, the differences in average pore size and

overall pore volume were considered to be negligible. These findings were based on the

BET results which indicated that the 180◦C/vac annealed material had only slightly larger

pores and overall pore volume than the 450◦C/air annealed material with values of 3.22 nm

and 0.060 cm3 g−1 compared to 3.19 nm and 0.054 cm3 g−1, respectively. Thus, given this

information along with the similarity in morphology, it can be surmised that the disparity

in electrochemical performance is directly correlated to the differences in crystallinity, or the

apparent lack thereof, and the associated ionic insertion/reaction processes. The presence of

surface-adsorbed or short-range crystalline water in the amorphous V2O5 could also be the

driving difference in performance. It is worth mentioning that when reproduced the capacity

values can vary slightly given the non-monotonous cycle stability behavior, but the overall

trends hold true.

EIS was carried out on crystalline and amorphous V2O5 with frequency ranging from

100 kHz to 10 mHz and the AC amplitude set at 5.0 mV, and are shown in Fig. 6.9d.

The semicircle at the high frequency region relates to the combined process of the surface
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film (Rsf ) and the charge transfer resistance (Rct). The calculated Rsf+ct values for the

amorphous and crystalline materials were 26.4 and 38.1 kΩ, respectively. Based on these

findings, it is clear that the amorphous material has improved electrical conductivity. In

addition to these results, the discharge rate capability of the amorphous 180◦C/vac annealed

material was examined. When discharged at current densities of 23.6, 118, 236, 472, and

1180 mA g−1 the amorphous V2O5 demonstrated capacity values of 241, 186, 149, 124, and

78 mA h g−1, respectively (Fig. 6.9d). The high capacity of the amorphous V2O5 compares

well with the theoretical capacity (236 mA h g−1) leading to the formation of Na2V2O5, in

which each unit cell can accommodate approximately two sodium ions. The merger of the

cycling stability and rate capability results indicate that the amorphous V2O5 structure can

successfully sustain the intercalation of Na+ ions over a wide concentration range.

Provided these findings, the use of amorphous nanoscale V2O5 with short-range order has

proven to be beneficial to the performance of Na-ion battery, at least when compared to its

crystalline counterpart, because of the low entropic energy associated with the ordering of

intercalated atoms and a more open framework. The less structured and more open channels

reduce the diffusion barrier for sodium ions to transition between the intercalation or surface-

reaction sites leading to high rate capability and power density. The amorphous surface

may also make it possible for the Na+ ion to more easily penetrate the crystal, thereby

diffusing deeper into the material. These effects can lead to a larger capacity at higher

current densities since more of the electro-active material can be infiltrated more rapidly

because of the larger charge diffusion depth. Moreover, the absence of a phase transformation

upon Na+ incorporation can potentially be ascribed to an intercalation pseudo-capacitive

behavior over a wide range of compositions that leads to a highly improved and reversible

cycling performance. The pseudo-capacitive behavior may also play a role in maximizing the

electrostatic attraction of Na+ ions into the V2O5 matrix. Recent studies have also shown

that ion diffusion in disordered materials can be facile because the percolation of certain

diffusion channels become active in disordered structures, effectively opening a new avenue for
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the design of disordered electrode materials with high capacity and energy density.[202] These

effects work to improve charge and ionic transfer, respectively, at the electrode/electrolyte

interface during the sodiation process, yielding a positive electrode material for sodium-ion

battery application. This in turn can lead to a larger capacity at higher current densities since

more of the electro-active material can be infiltrated more rapidly, and ultimately support

the development and optimization of amorphous electrode materials for future sodium-ion

battery application.

6.4 Conclusions

In summary, amorphous V2O5 electrodes have unambiguously demonstrated that their

sodiation capacity, storage energy density, and cyclic stability are far better than their crys-

talline counterpart. The amorphous V2O5 electrodes with short range order and a more

open framework demonstrated a discharge capacity of 241 mA h g−1 when examined as

positive electrode material for Na-ion battery application while its crystalline counterpart

only had a capacity of 120 mA h g−1. The significant difference between the crystalline

and amorphous phases arises from the fast Faradaic reactions which occur in amorphous

V2O5 stemming from a percolated diffusion network, and potentially inducing an additional

pseudo-capacitive storage contribution. Moreover, because diffusion now occurs through

isotropic percolation and is not confined along a preferential pathway, the overall charg-

ing/discharging rates are much faster as evidenced by the 78 mA h g−1 capacity at a current

density of 1180 mA g−1. Provided these results, the investigation of amorphous electrode

materials is expected to be a promising development worthy of further research towards

yielding high energy density and cycle-life rechargeable sodium batteries.
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Chapter 7

Elucidating the Role of Defects in

Sodium Vanadium Oxide for use as

Sodium Ion Battery Electrode

NaxV3O8 was synthesized via a wet chemical decomposition route involving the reduction

of V2O5 in oxalic acid and NaNO3 followed by calcination. It was possible to control the

sodium composition in the final product by adjusting the amount of sodium precursor added

during synthesis. It was determined that deficient and surplus sodium contents, with respect

to the ideal stoichiometry, are accommodated by the generation of oxygen vacancies and

partial transition metal reduction, or cation disordering, respectively. When examined as

NIB electrode material, the superior performance of the cation disordered material was clear,

especially at higher current discharge densities. The formation of oxygen vacancies initially

seemed promising, but was coupled with stability issues and capacity fading with further

cycling. The disparity in electrochemical performance was attributed to variations in the

electronic distribution as promoted through Na-ion interactions and the direct influence of

such on the oxygen framework (sub-lattice); these factors were determined to have significant

impact on the migration energy and diffusion barriers.
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7.1 Introduction

The proliferation of electrical energy demand has driven the rapid progression of improved

technologies related to energy distribution and storage. However, energy storage materials

and devices have come to be viewed as a crux impeding advanced device development.

Lithium-ion (Li-ion) batteries are a mature and robust technology because of their high

energy density and portability. Despite their success in such application, Li-ion batteries

(LIBs) are a poorly suited choice for large-scale energy storage applications because of their

high cost, associated with resource scarcity, as well as safety concerns. Conversely, sodium-

ion (Na-ion) batteries have been gaining considerable traction as a realistic candidate for

large-scale energy storage applications over the past several years.

Na-ion batteries (NIB) are attractive because sodium resources are seemingly inex-

haustible as well as ubiquitous, and therefore cost considerably less (by a factor of roughly

30-40 times) than lithium; additionally, sodium does not undergo an alloying reaction with

aluminum at low voltage, as is the case with lithium, meaning that aluminum can replace cop-

per as the anodic current collector which equates to an overall cell cost savings of 2%.[14, 238]

The lower operating voltage of Na-ion cells results in enhanced stability of the non-aqueous

electrolyte, but also manifests itself in lower energy density. The majority of the proposed

electrode materials for Na-ion battery show similar or slightly lower specic capacity and redox

potential than when used in Li-ion cells. Moreover, the accommodation of sodium in tradi-

tional host materials is difficult because the ionic radius and reduction potential of sodium

are strikingly larger than that of lithium. Therefore, the de/sodiation process induces large

distortions in the host lattice that ultimately lead to pulverization of the electrode and the

impending failure of the cell.[13]

The majority of investigations, to date, examining Na-ion battery cathodes have focused

on intercalation based materials, particularly layered transition metal oxides. The overall

process of electrochemical intercalation can be broken down into three simultaneous and

sequential processes: (i) redox reactions at the electrode-electrolyte interface, (ii) nucleation
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and growth of the new interfacial phase, and (iii) charge and mass transfer. Within the

layered transition metal oxide paradigm, vanadium oxide is an attractive multifunctional

material used for widespread application in various fields such as catalysis and energy storage.

Of the many stoichiometries and polymorphs, sodium trivanadate, NaxV3O8, is a propitious

positive electrode material for alkali-ion insertion because of its low cost, easy synthesis, and

good electrochemical performance. This oxide has a layered structure, with the anionic V3O8

layers held together by alkali-ions, typically Li+ or Na+ which have respective theoretical

capacities of 372 and 352 mA h g−1 when cycled against their constituent metal.

Simple defect modification is a powerful means towards improving material intercala-

tion capabilities that has been receiving considerable interest lately as it can directly alter

both chemical and structural characteristics; techniques of note include cationic disordering,

amorphization, doping, partial cation reduction, and manipulation of intrinsic defects (i.e.

oxygen vacancies, denoted V◦◦O in the Kroger-Vink notation).[115, 202, 239, 240, 241, 242,

243, 244, 245] Surface defects can directly impact alkali-ion intercalation by shifting the

thermodynamics and improving kinetics.[19] The presence of surface defects increases the

surface energy and can potentially serve as nucleation sites that facilitate the electrochem-

ical phase transition. Surface-reaction-limited (SRL) dynamics predict the phase boundary

extends from surface to surface along planes of fast ionic diffusion where defects or facet

edges can act as nucleation sites.[246] Such results have been verified experimentally, where

defects have been reported to promote the phase transition of TiO2 by providing low en-

ergy mass transport routes during the phase transition process.[247, 248] Defects may also

reduce the stress and the electrostatic repulsion between adjacent oxygen layers, which can

directly alter the migration energy and diffusion barriers the alkali-ion must overcome during

intercalation.[249]

Disordering has been shown to increase the solid solution behavior, reduce the two-

phase transformation domains, lower the alkali-ion extraction energy, and modify the diffu-

sion/transport properties during the de/intercalation processes;[202, 250, 251, 252, 253, 254]
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the use of amorphous structures is proposed to work in a similar manner while providing a

more open framework for ion migration.[16, 18, 203, 204, 239] Cation disorder involves the

intermixing between the alkali-ion and the transition metal sub-lattice, and is more likely to

exist in systems where there are different redox sites, be it in the form of several transition

metal elements or a single multivalent element. Doping is often used as a means to achieve

partial cation reduction, although the later can be successfully done without such means,

to introduce mixed valence states in the transition metal and, thus, tune the electronic

transport properties of the material.[255] Mixed conductivity is necessary, both electronic

and ionic, at the atomic scale for charge neutrality preservation during alkali-ion transport,

where the chemical diffusion coefficient is ultimately rate-limited by the slower of the two

processes. The introduction of oxygen vacancies is well known for increasing conductivity

in oxide materials.[256, 257] Supervalent metal doping in LiFePO4 was shown to increase

the electronic conductivity of by a factor of 108, effectively overcoming the low intrinsic

limitations of the material.[258]

Several studies have been devoted to examining the effects of lithium nonstoichiometry

in LIB electrodes, particularly for LiCoO2 where such effects are accommodated by oxygen

vacancies that can also be accompanied with either cation mixing and/or a perturbation

of the oxygen stacking layers. Accordingly, the local environment of some cobalt ions can

be modified by the presence of the oxygen vacancies. The structure of these lithium over-

stoichiometric compounds makes them more stable against the (de)lithiation process and

is a beneficial approach towards preventing structural distortion, and thus show potential

for LIB electrode development.[259, 260] Notwithstanding, the recent rejuvenation in NIB

research activity has revealed, if nothing else, that analogous materials can behave substan-

tially different than expected based off their prior LIB performance.[261] There have been

minimal reports concerning the role of defects on NIB electrode materials and the potential

impact they may have on the overall electrochemical performance.[262, 263] Towards these

ends, we propose synthesizing NaxV3O8 with oxygen vacancies and partial cation reduction
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by adjusting the sodium stoichiometry to induce the formation of such defects. Structural

as well as chemical analyses were conducted to verify the presence of these defects, and

the electrochemical performance of the corresponding materials was evaluated as positive

electrode material for NIB application.

7.2 Experimental Procedure

7.2.1 Material Synthesis

All chemicals were of analytical grade and were used as received without further purifica-

tion. Approximately 0.90 g V2O5 (99.8%, Alfa Aesar) and 1.33 g oxalic acid (Sigma Aldrich)

were incorporated into 40 mL of deionized (DI) water and magnetically stirred at room tem-

perature until the formation of a clear blue solution was noted, indicating the formation of

vanadium oxalate. The reaction can be expressed as follows:

V2O5 + 3H2C2O4 −→ 2VOC2O4 + 2CO2 + 3H2O

Subsequently, various amounts of NaNO3 (99.995%, Aldrich) were added into the VOC2O4

solutions under stirring for 1 h in order to control the sodium content. Three stoichiometric

quantities of NaNO3 corresponding to sodium ratios of 0.75, 1.0, and 1.25, where 1.0 is the

ideal stoichiometry (Na1.25V3O8), were then added. The solution was dried at 80◦C before

calcination at 400◦C under ambient for 3 h. The obtained materials were designated as

deficient (Na1.25xV3O8, x < 0), ideal (Na1.25xV3O8, x = 1), and excessive (Na1.25xV3O8, x >

1) as based on their stoichiometric sodium concentration, respectively.

7.2.2 Characterization

Microscopy investigations were carried out using a FEI Sirion scanning electron micro-

scope (SEM). The nitrogen sorption was performed using a Quantachrome NOVA 4200e. The

specific surface area, micropore, and mesopore volumes were determined using multipoint

Brunauer-Emmett-Teller (BET), t-method, and Barrett-Joyner-Halenda (BJH) desorption
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analyses, respectively. Thermogravimetric analysis (TGA) was conducted from room tem-

perature to 550◦C (PerkinElmer TGA 7) under nitrogen flow at a heating rate of 5◦C min−1.

The phase and crystallite size of the calcined sodium vanadium oxides were studied using

X-ray diffraction (XRD, D8 Bruker X-ray diffractometer) with Cu-Kα radiation over the

range of 10◦ to 70◦ (2θ), a step size of 0.02◦, and an exposure time of 10 s. The accelerating

voltage and current were 40 kV and 40 mA, respectively. The corresponding Rietveld refine-

ment for each pattern was carried out using the GSAS package.[264] The intensities of all

the spectra are normalized to the highest intensity peak. Infrared absorption spectra were

recorded using a Perkin Elmer 1640 Fourier Transform Infrared (FTIR) Spectrophotometer

with ATR. X-ray photoelectron spectroscopy (XPS) was completed using a Surface Science

Instruments S-probe spectrometer. The X-ray spot size was 800 × 800 µm and the take-

off angle was 55◦, corresponding to a sampling depth of approximately 50-70 Å. XPS data

analysis was carried out using the Service Physics ESCA 2000-A analysis program (Service

Physics, Bend, OR).

7.2.3 Electrochemical Analysis

An electrode slurry was prepared by mixing the synthesized NaxV3O8 powders, carbon

black (Cabot Vulcan XC72R), and polyvinylidene fluoride (PVDF, MTI) binder dispersed in

a N-Methyl-2-pyrrolidone (NMP, Alfa Aesar) solution at a respective weight ratio of 80:12:08.

The slurry was spread onto aluminum foil (99.3%, MTI) and dried in a vacuum oven at 80◦C

overnight prior to coin-cell assembly. For electrochemical analysis, 2032 half-cells (Hoshen)

were assembled in a glove box (Mbraun) filled with high purity argon. Metallic sodium

(Sigma Aldrich), 1 M NaClO4 (98%, Sigma Aldrich) in ethylene carbonate (BASF)/propylene

carbonate (anhydrous 99.7%, Sigma Aldrich) (1:1 vol.), and Whatman GF/A glass microfiber

filter were used as the counter/reference electrode, electrolyte, and separator, respectively.

Cyclic voltammetry (CV) was completed using an electrochemical analyzer (CH Instruments,

Model 605C) in the voltage range of 4.0-1.5 V (vs. Na/Na+) at scan rates ranging from 0.01
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to 10.0 mV s−1. The current density and cycle stability performance of the electrodes were

evaluated using a BT-2000 Arbin Battery Tester operating at room temperature. The half-

cells were tested within the voltage range of 4.0-1.5 V vs. Na/Na+ at various charging rates

based on the weight of the active material alone, and assuming a 1C current density of 350

mA g−1 corresponding to the total accommodation of four sodium ions per [V3O8] formula

unit.

7.3 Results and Discussion

Sodium trivanadate, NaxV3O8, is a propitious positive electrode material for alkali-ion

insertion because of its low cost, easy synthesis, and good electrochemical performance.

This oxide has a layered structure, with the anionic V3O8 layers held together by alkali-ions,

typically Li+ or Na+, distributed over two crystallographically independent sites - the inter-

layer octahedral as well as tetrahedral (but with lessened occupancy).[265, 266] The V3O8

framework is comprised of two structural units, namely double chains of edge-sharing VO6

octahedra and double chains of edge-sharing trigonal bi-pyramids. These chains are linked

by corner-shared oxygen that effectively form a continuously puckered sheet of VO6 octahe-

dra that comprise the stacked V3O8 strands. Sodium ions are situated between these quasi

layers and form layers along the crystallographic [100] direction and double layers along the

[001] direction. In this manner, the positively charged sodium ions electrostatically hold

together the [V3O8]
− strands. Additionally, there are several distorted octahedra that share

faces with tetrahedra that form a two-dimensional interlinked tetrahedral-octahedral net-

work that supports Na-ion transport between layers. The sodium ions have the inclination

to serve as pillar cations by stabilizing the structure against volumetric changes during the

(de)insertion processes of guest-ions at the vacant tetrahedral sites. There are six tetrahe-

dral sites available per unit cell, in which excess sodium may be accommodated. Larger

cations typically induce larger interlayer spacing values which can increase the diffusion rate
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and improve the (dis)charge kinetics of the material, and is evidenced by the higher Li-ion

insertion ability of NaxV3O8 than that in isostructural LixV3O8.[266, 267] The structure can

be likened to an analogue of the barnesite or metahewettite groups.[268, 269, 270, 271, 272]

The chemical decomposition synthesis procedure utilized in this investigation allowed for the

Table 7.1: Physical properties of NaxV3O8 products with deficient, ideal, and excess sodium
stoichiometry.

Sample
Water BET Surface BJH Pore Na content (at%) XPS Na:V ratio
(wt%) Area (m2 g−1) Size (nm) Calculated EDX Ideal Average

Na-deficient 0.70 8.93 3.18 6.96 6.87 0.32 0.31

Na-ideal 0.48 11.41 3.18 9.28 9.06 0.42 0.38

Na-excess 0.26 13.42 3.20 11.60 10.30 0.52 0.49

direct control, within certain means, of the sodium content. Thus, by adjusting the amount

of NaNO3 precursor added to the VOC2O4 solution it was possible to attain NaxV3O8 prod-

ucts with deficient, ideal, and excess sodium stoichiometry. A moderately low calcination

temperature (400◦C) was employed in order to preserve the purity and structural integrity

of the material. When calcined at too high of temperature (> 525◦C) a NaV6O15 secondary

phase forms, as determined through Rietveld refinement, that exhibits markedly lower ki-

netics towards sodium ions.[211] As previously mentioned, sodium plays a signicant role in

stabilizing the interlayer structure, and the implementation of a high temperature calcina-

tion profile to affect hydration level can result in collapse of the interlayer structure.[273]

TGA was performed to verify that sodium content deficiency was not compensated by

hydration or hydrogenation, as was the case for NaxV2O5·nH2O where the water content

was found to be inversely proportional to the sodium level.[273] The deficient, ideal, and

excess Na samples were revealed to have considerably low water contents of 0.70, 0.48,

and 0.26%, substantiating that sodium level manipulation was not compensated through a

secondary mechanism (shown numerically in Table 7.1 and graphically in Fig. 7.1). Nitrogen

adsorption-desorption isotherms were collected in order to evaluate the surface area and pore
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Figure 7.1: TGA and BET results for the NaxV3O8 products with various Na-content.

characteristics. The BJH pore size distribution obtained from the adsorption-desorption

isotherms suggests that the NaxV3O8 samples contain broadly distributed pores with sizes

below 15 nm, as listed in Table 7.1 and displayed in Fig. 7.1, and the majority of which are

in the 2-5 nm size range. The BET specific surface area was approximated to be 8.9, 11.4,

and 13.4 m2 g−1 for the deficient, ideal, and excess Na samples which are reasonable values

for materials containing pores on the aforementioned scale. The moderate surface area of

the prepared NaxV3O8 materials ensures short alkali-ion diffusion distances, and therefore

holds the potential for enhanced electrochemical performance.

The morphology of the NaxV3O8 compounds following calcination was observed by SEM,

the micrographs of which are shown in Fig. 7.2(a-c). Comparison of the different samples

demonstrates the profound effects that Na-content can have on morphology, homogeneity,

and particle size distribution. The resulting particle morphology seems to shift from elon-
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Figure 7.2: SEM micrographs of the NaxV3O8 products with (a) deficient, (b) ideal, and (c)
excess sodium stoichiometry where the scale bar in each image is equivalent to 2 µm; (d)
normalized XRD patterns.

gated nanoparticles with approximate width and thickness of 800 and 300 nm, respectively,

to 900 nm long and 60 nm wide nanowires with increasing Na-content; correspondingly, the

average particle size also decreases. It should be noted that the ideal and excess sodium

samples have a wider dispersion of particle morphology, where the elongated nanoparticle

morphology is primarily maintained. The Na-deficient material (Fig. 7.2a) has noticeable

striations running along the edges that are apparent in the higher magnification images and

are somewhat present in the images corresponding to the materials with higher Na-content,

perhaps providing insight into the nanowire formation mechanism.

Quantitative elemental analysis was carried out using energy-dispersive X-ray spec-

troscopy (EDS), the results of which are tabulated and compared with their ideal values

in Table 7.1. The experimentally determined sodium contents match incredibly well the
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expected values based off of precursor quantities used during synthesis. These sodium

compositions are accommodated by the formation of oxygen vacancies and partial transi-

tion metal reduction for the deficient and surplus sodium compositions, respectively; the

vanadium valency will be verified by XPS. These suppositions are substantiated by previous

studies involving overstoichiometric LixCoO2 samples, where it was deduced that the charge

imbalance resulting from excess lithium is compensated by oxygen vacancies;[274] however,

structural and electrostatic considerations should not be as overly influential in this system

considering the d -electron configurations, affecting the formal valence state and covalent

bonding interactions with the nearest-neighbor anions, of the cobalt and vanadium redox

couples are disparate. Furthermore, Rietveld refinement was successively completed to

ensure that the detected elemental sodium originates from NaxV3O8 and not some vanadia

derivative or sodium oxide impurity.

Table 7.2: Rietveld refinement of NaxV3O8 products with deficient, ideal, and excess sodium
stoichiometry.

Sample
Na1.25V3O8 Lattice Parameters Fit Parameters

(%) a (Å) b (Å) c (Å) β(◦) χ2 wRp Rp

JCPDS 24-1156 100 7.32 3.61 12.14 106.73 - - -

deficient 98.3 7.37 3.63 12.21 107.28 1.85 0.07 0.03

ideal 98.6 7.36 3.63 12.20 107.26 1.93 0.04 0.03

excess 94.4 7.28 3.62 12.18 106.99 2.02 0.09 0.06

Following the calcination step, the crystal structure of the samples was analyzed and

could be indexed to Na1.25V3O8 phase (space group: P21/m (11), JCPDS card 24-1156)

via XRD, Fig. 7.2d. Quantitative phase analysis was performed using Rietveld refinement

(Table 7.2 and Fig. 7.3) as to affirm the phase homogeneity of the various samples and detect

any potential differences in the crystal lattices, primarily along the interlayer c-direction.

The monoclinic Na1.25V3O8 phase was the predominant phase detected, with near complete

phase composition for the deficient and ideal Na-content samples based off the fitting results,

and slightly reduced phase homogeneity for the surplus Na-content specimen which is to be
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expected on account of partial cation reduction; differences in the calculated interlayer c-

direction spacing were negligible. Analogous interlayer spacing values are reassuring as any

variations in electrochemical performance can then be directly tied to defect states and is

not dependent on structural disparities. Thus, SEM and Rietveld refinement have proven

crucial in validating the purity and commensurable qualities of the differing samples, and

reinforce that any further distinctions amongst the various samples are rooted in chemical

disparity prompted by means of the defect nature.

FTIR was conducted to distinguish the chemical nature and comparatively analyze the

structural characteristics of the specimens with different Na-content, as shown in Fig. 7.4a;

the absorption band values have been compiled in Table 7.3. The absorption bands stemming

from the symmetric stretching mode of the vanadyl V=O bond is observed at approximately

991 and 944 for all of the samples; the small inflections in the ideal and excess Na-content

correspond to this mode as well. The 3-fold-coordinated oxygen asymmetric and symmetric

stretching vibrations modes of V-O-V are represented by the bands localized at 745 and 527

cm−1, respectively. The lack of sodium, or presence of oxygen vacancies, in the Na-deficient

specimen appears to have its largest impact on this mode (Table 7.3). The 840 cm−1 band

for the Na-deficient sample can be attributed to the coupled vibration between the V=O

and V-O-V bonds, but may be an artifact resulting from oxygen vacancies.[146, 159]

Table 7.3: FTIR peak locations of NaxV3O8 products with deficient, ideal, and excess sodium
stoichiometry.

Sample V=O stretching
V=O + V-O-V V-O-V stretching

couple asymmetric symmetric

deficient 991.8 936.2 842.2 738.7 529.7

ideal 991.3 944.6 - 746.5 526.1

excess 992.4 946.6 - 747.7 526.6

XPS was carried out on the samples prior to electrochemical testing in order to obtain

more information on the chemical state of the vanadium species present. High-resolution

scans, emphasizing the V2p and O1s peaks, were collected and are shown in Fig. 7.4b,
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Figure 7.3: Rietveld refinement fits of NaxV3O8 with (a) excess, (b) ideal, and (c) deficient
sodium stoichiometry.
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Figure 7.4: (a) FTIR, (b) V2p/O1s XPS, and (c) Na1s XPS spectra of the NaxV3O8 products
with deficient (black), ideal (red), and excess (blue) sodium stoichiometry.

159



while Fig. 7.4c showcases the Na1s results. The raw fitted scans are displayed in Fig. 7.5.

The trends between peak position, peak spacing, and their literature comparisons reveal that

both the V2p3/2 and O1s orbital peak positions incrementally rose with sodium content. The

V2p3/2/O1s peak positions for the deficient, ideal, and excess Na samples were 530.8/517.9,

531.1/518.3, and 531.2/518.4 eV, respectively. The valence of the vanadium phase was

confirmed to be predominately pentavalent as determined by the difference in binding energy

between the V2p3/2 and O1s orbitals, which was approximately 12.8 eV for all of the analyzed

specimens. The difference in binding energy (∆BE) between the O1s and V2p3/2 level is

commonly used to determine the oxidation state of vanadium oxides.[275, 276, 277] This was

further corroborated by the V2p3/2 and V2p1/2 spin-orbit splitting of approximately 7.5 eV

for all samples. These findings are consistent with literature reports.[278, 279]

A noticeable shoulder on the low binding energy side of the V2p3/2 peak for the ideal

and excess Na-content samples is indicative of a secondary vanadium species, namely V4+.

Previous studies have indicated that even in stoichiometric specimens, there is a slight pref-

erential occupation of V4+ at preferential vanadium sites.[280] This is also expected as the

ideal stoichiometry, Na1.25V3O8, can only be achieved with the presence of some tetravalent

vanadium species, but the comparison between the two is still valid because of their con-

centration differences. An additional feature of interest is the broad peak extending beyond

the main O1s peak, in the 532.5 to 535 eV range, for the Na-deficient a sample that may be

attributed to C-O(H).[228] The Na1s peak for all samples is approximately 1074 eV, which

is somewhat higher than typical literature values, and there is a clear shift towards higher

BE concurrent with the sodium content.[278, 281] The combination of EDX and XPS results

tabulates the sodium contents (x in NaxV3O8) for the deficient, ideal, and excess speci-

mens at 0.92 ± 0.01 (Na0.92V3O8), 1.18 ± 0.05 (Na1.18V3O8), and 1.42 ± 0.04 (Na1.42V3O8),

respectively.

Cyclic voltammograms of the NaxV3O8 specimens with varying Na-content collected at

potential sweep rates ranging from 0.1 to 5 mV s−1 are shown in Fig. 7.6. Scans were
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Figure 7.5: Fitted V2p and O1s XPS peaks of NaxV3O8 with (a) excess, (b) ideal, and (c)
deficient sodium stoichiometry.
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performed up to 10 mV s−1 but only voltammograms collected at lower rate are shown so

that features can be properly observed. The peak magnitude and area of the redox peaks

noticeably increase with the potential sweep rate, while the oxidation peaks and correspond-

ing reduction peaks shifted to higher and lower potentials, respectively, due to polarization

at the higher sweep rates. These features confirm the favorable charge transfer kinetics

even at high potential sweep rates. The raw peaks and their locations show similarities that

have previously been correlated with annealing temperature; specifically, the sodium content

would appear to be inversely related to crystallinity.[282] However, this is known to not be

the case as determined on the basis of Rietveld refinement. A linear dependency between

the anodic and cathodic peak currents and the square root of the potential sweep rate in-

dicates that the sodiation process is limited by solid state diffusion in the host material.

If the rate-limiting step is sodium diffusion in the electrode and the charge transfer at the

interface is fast enough, the relationship between the peak current and the CV scan rate can

be expressed by the Randles-Sevcik equation:[283]

Ip =
(
2.69× 105

)
n3/2AC∗NaD

1/2
Naν

1/2 (7.1)

where Ip, n, A, and ν are the peak current, number of exchanged electrons, surface area of

the electrode, and potential sweep rate; DNa is the sodium ion chemical diffusion coefficient

and C∗Na is the bulk concentration of sodium (0.011 mol cm−3 for NaxV3O8 derived from

the theoretical density of 3.55 g cm−3).[284] The average value of DNa into the NaxV3O8

samples of deficient, ideal, and excess sodium stoichiometry is calculated to be 3.05, 1.53,

and 1.89 ×10−14 cm2 s−1, respectively. The improved diffusion coefficients of the deficient

and excess sodium content materials in comparison to the ideal stoichiometry show that Na

diffusion is highly dependent on the local environment and configurations of Na ions, and

Na-Na interactions through association.[285]
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Figure 7.6: Cyclic voltammograms of NaxV3O8 with (a) deficient, (b) ideal, and (c) excess
sodium content at different potential sweep rates from the inner to the outer of 0.1, 0.5, and
1.0 mV s−1.

All electrodes were electrochemically tested in the Na-ion half-cell configuration, and

assuming a theoretical capacity of 350 mA h g−1 corresponding to the total incorporation

of 4 Na+ per [V3O8] formula unit. The initial current density was 17.5 mA g−1 (0.05C) so

as to produce a stable cathode-electrolyte interface, or cathode solid electrolyte interphase

(SEI) analogue. Following this, the cells were cycled at 35 (0.1C), 175 (0.5C), and 350 (1.0C)

mA g−1 for 50, 100, and 100 cycles, respectively. The potential discharge profiles from the

first complete cycle collected at 35 mA g−1 are shown collectively in Fig. 7.7b, with the

schematic inset illustrating the change in crystal structure upon sodiation up to Na4V3O8.

The overall discharge profiles are very similar with the only real differences being the onset

and duration of the potential plateau. The NaxV3O8 cells with deficient, ideal, and excess

Na-content delivered initial discharge capacities of 189, 169, and 235 mA h g−1, respectively.

The cycle stability, rate performance, and Coulombic efficiency (CE) of the deficient,

ideal, and excess Na-content NaxV3O8 cells are also displayed in Fig. 7.7(c-d), and depict

a fairly different story than originally expected based off the discharge profiles. Subsequent

cycles at 0.1C saw somewhat erratic capacity values and stability issues as discerned through

the CE. This was most apparent for the oxygen vacancy containing NaxV3O8 electrode as

the CE dropped from 91 to 66% (Fig. 7.7c); there were similar preliminary issues for the
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Figure 7.7: (a) Cyclic voltammograms collected at 0.1 mV s−1 potential sweep rate and
(b) initial full cycle discharge potential profiles of NaxV3O8 products with different sodium
stoichiometry; inset shows schematic depiction of crystallographic changes undergone during
sodiation. Cycle stability, rate performance, and Coulombic efficiency of NaxV3O8 with (c)
deficient, (d) ideal, and (e) excess sodium stoichiometry.

pristine NaxV3O8 electrode which seemed to stabilize and reach an equilibria with successive

cycling (Fig. 7.7d), whereas the mixed cation (Na-excess) electrode showed comparatively

stable capacities and the highest CE of 96%. The deficient, ideal, and excess Na-content

NaxV3O8 cell capacities respectively dropped to 150, 145, and 201 mA h g−1 and then again

to 112, 121, and 180 mA h g−1 when the discharge current was increased to 175 and 350 mA

g−1.

The CE values were markedly more stable at these increased current densities as well.

The Na-deficient electrode still exhibited some stability issues as observed through the CE

and the strikingly larger drops in capacity, as compared to the other electrodes, accompa-

nying increases in current density. The pristine electrode material actually overtook the
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Na-deficient electrode in terms of capacity and CE at the 1.0C rate. The initially enhanced

capacity of the crystalline matrix populated with vacancies can be attributed to weaker Na-

O bond strength that accelerates Na hopping between occupied and vacant oxygen sites.

However, the ordering of oxygen framework is eventually induced as a result of either tran-

sition metal or sodium diffusion in an attempt to reduce the structural free energy.[242]

The vacancies order into channels that are easily accessible for sodium ion intercalation, but

this eventually leads to capacity retention and stability issues as revealed through prolonged

cycling.[286, 287] Fell et al. recently showed that, for the Li(NixLi 1
3
− 2x

3
Mn 2

3
−x

3
)O2 (x = 1

5
)

structure, microstrain can originate from a lithium deficient structure (point defects and

vacancies), and that there are multiple phenomena occurring in the bulk such as transition

metal migration as well as oxygen loss.[242] This has further been corroborated by experi-

mental studies showing that the presence of oxygen vacancies can lead to the loss of domain

order and capacity fading due to structural collapse, and a similar mechanism may play a

role in the performance seen here.[288]

Electronic localization has been directly observed in other layered transition metal ox-

ides directly affirming that the exhibited electronic properties are strongly correlated to the

Na-ion distribution in the interlayer space.[289] Thus, the cationic distribution of the indi-

vidual samples could differ significantly since the sodium content levels are unequal. On a

more global level, the cationic distribution is comprised of: electrostatic repulsions between

the individual Na-ions along the interlayer c-axis, Na+-V5+ repulsion occurring through the

common face of the VO6 polyhedra, as well as the intra-electron interactions within the

vanadium layers. For any given system, the cationic distribution will seek to reach a mini-

mum. Thus, the cationic distribution is highly sensitive to the sodium content as it can have

serious impact on the constituent influences. A slight change in sodium composition may be

enough to induce the formation of an entirely new cationic distribution.[290]

Electron transport has been demonstrated to be affected strongly by solid-solution for-

mation and, correspondingly, other means of introduced atomic-level disorder.[291] Conse-
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quently, the structure of excess sodium-containing NaxV3O8 lends itself to both favorable

mass and electronic charge transport. The excess sodium bolsters the mechanical integrity

of the layered structure itself while the Na+ in the original lattice gives way to additional

metal-oxygen bonds other than V-O. This ultimately reduces the number of sp3 orbitals of

oxygen available for bonding with the incoming sodium-ions, and the interaction between

tetrahedrally coordinated Na+ and O2− is weak enough to grant fast movement of sodium

from site to site.[292, 293] Based off purely electrostatic considerations, it would be expected

that NaxV3O8 with excess sodium would suffer from low-migration energy given that the

sodium sites generate strong electrostatic repulsion on one another. The activation of such

forces would induce high migration energy barriers. Moreover, Na-ion ordering or structur-

ing would also be anticipated to negatively impact sodium diffusion in a substantial manner

provided the considerable effect of Na-Na interactions on the local Na migration energy.

However, cationic mixing poses a route of overcoming these deficiencies by potentially per-

turbing the ordering of the transition metal sub-lattice, which would consequently result in

a weaker Na ordering and thereby improve sodium diffusion. The defected (disordered) ma-

terials consistently delivered higher capacities than the more ordered (pristine) counterpart,

clearly demonstrating the critical role of structural ordering on kinetics.

7.4 Conclusions

In the present work, we successfully synthesized defective NaxV3O8 where it was possi-

ble to control the dominant defect type through sodium stoichiometry manipulation. Thus,

Na-deficiency lead to the formation of oxygen vacancies and Na-excess lead to partial cation

reduction, or the formation of a cation disordered structure. When examined as NIB elec-

trode material, the superior performance of the Na-excess, cation disordered, materials was

clearly revealed, especially at higher current discharge densities. The formation of oxygen va-

cancies initially seemed promising, but was coupled with stability issues and capacity fading
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with further cycling. The disparity in electrochemical performance was attributed to varia-

tions in the electronic distribution as promoted through Na-ion interactions and the direct

influence of such on the oxygen framework (sub-lattice); these factors were determined to

have significant impact on the migration energy and diffusion barriers. This study provides

insight on defect and stoichiometry considerations for cathode materials, and provides a po-

tential mechanism towards significantly improving the performance of rechargeable alkali-ion

batteries.
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Chapter 8

Conclusions

This dissertation includes the experimental work and analysis of the results towards un-

derstanding and developing new methods and materials that allow for the exploitation of

efficient alkali-ion intercalation electrodes based on vanadium oxide. The experimental work

was mainly based on solution based methods such as electrochemical deposition, solvother-

mal precipitation, sol-gel processing, and chemical decomposition. The fabrication of struc-

turally and defect modified nanomaterials were the two primary topics of focus. The findings

garnered from these studies should, at the least, be taken into consideration for a range of

electrode materials during production. The results gained are by no means limited to the

originally investigated systems, but rather strive to serve as a model system showcasing how

small structural or chemical alterations can have significant impact on device performance.

The polyol induced solvothermal synthesis of hollow vanadyl glycolate nanostructured

microspheres, their conversion to hollow nanostructured V2O5 microspheres, and their sub-

sequent electrochemical properties. The work proposes a novel formation mechanism in-

volving N2 microbubbles that act as quasi-micelles due to the large polarization discrepancy

between nitrogen and water, and provides a firm understanding of the processes leading to

the observed hollow microsphere morphology. The encouraging electrochemical performance

of the thermally treated material was attributed to the relatively thin walled structure that
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ensured fast phase penetration between the electrolyte and active material, and the inherent

morphological void that can readily accommodate volume expansion and contraction upon

cycling.

The solvothermal synthesis of VO2(B) mesocrystals via an additive and template free

process is discussed. The homoepitaxially oriented nanostructures were produced through

classical as well as non-classical crystallization processes. Despite their overall micro-scale

size, the mesocrystals exhibit one of the highest Li-ion intercalation performance and capacity

retention values for VO2(B) when compared to the results from other VO2(B) structures

taken from the literature, especially upon cycling at higher discharge rates. The excellent

cycle stability can be attributed to the crystallographically oriented nanoparticle structure

that ensures good electrochemical stability and mechanical integrity can be guaranteed for

many cycles.

The positive role of the amorphous structure for V2O5 electrode materials used as sodium-

ion cathode battery is described. The crystallinity of the electrode was controlled by man-

aging the annealing profile and environment employed. Amorphous V2O5 demonstrated

superior sodium-ion intercalation properties as compared to its crystalline counterpart when

examined as positive electrode material for Na-ion battery application. The percolation of

certain diffusion channels in amorphous materials can be activated because of the disor-

dered structure. Such effects improve charge and ionic transfer at the electrode/electrolyte

interface during the sodiation process, yielding a positive electrode material for sodium-ion

battery application with superior energy density and strong cycling performance. The possi-

ble relationship between the disparity in intercalation properties and structure is discussed.

A continuation of the analysis of the positive role of defects to sodium ion intercalation

capability for NaxV3O8 was then covered. It was possible to control the sodium composition

in the final product by adjusting the amount of sodium precursor added during synthesis.

It was determined that deficient and surplus sodium contents, with respect to the ideal sto-

ichiometry, are accommodated by the generation of oxygen vacancies and partial transition
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metal reduction, or cation disordering, respectively. The disparity in electrochemical perfor-

mance was attributed to variations in the electronic distribution as promoted through Na-ion

interactions and the direct influence of such on the oxygen framework (sub-lattice); these

factors were determined to have significant impact on the migration energy and diffusion

barriers.
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