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Mechanical Engineering Department

In this work, systematic studies on mechanical and microstructural properties of Ti/Ni multilayer
thin films were carried out to understand the coupled size and thermal effects on strengthening
mechanisms of metallic multilayer thin films. The size effect comes from the individual layer
thickness and total film thickness, and the thermal effect comes from either post-deposition
annealing, in-situ high temperature deposition, or localized surface annealing by pulse-laser

irradiation.

For as-deposited metallic multilayer thin films, the deformation behavior was found to follow the

traditional trend from dislocation mediated motions with dislocation pile up along interfaces with



layer thickness from microns down to a few tens of nanometers, and single dislocation bowing
between interfaces with layer thickness from a few tens of nanometers to a few nanometers, to
grain boundary mediated motions with further reduced layer thickness. In addition, strong
orientation dependent hardness was observed in as-deposited multilayer thin films. The anisotropic
hardness is attributed to dominant deformation mechanism switch from dislocation pile-up against
the interfaces to confined layer slip within the layers as the loading direction changes from

perpendicular to parallel to the interfaces.

A systematic study on Ti/Ni multilayers with layer thickness from 200 nm to 6 nm and annealing
temperature up to 500 <C led to the establishment of a coupled layer-thickness and annealing-
temperature dependent strengthening mechanism map. For annealed films, grain boundary
relaxation is considered to be the initial strengthening mechanism with higher activation
temperature required for thicker layers. Under further annealing, solid solution hardening,
intermetallic precipitation hardening, and fully intermixed alloy structure continue to strengthen
the thin layered films, while recrystallization and grain growth lead to the eventual softening of
thick layered films. For films with intermediate layer thickness, a strong orientation dependent
hardness behavior is exhibited under high temperature annealing due to mechanism switch from
grain growth softening to intermetallic precipitation hardening when changing the loading

orientation from perpendicular to parallel to the layer interfaces.

Furthermore, depositiontemperature induced texture evolution and mechanical strengthening were
studied for Ti/Ni multilayer thin films deposited with elevated substrate temperatures up to 500 <C.

An obvious substrate-temperature dependent texture strengthening was observed. After low



temperature deposition, preferred crystallographic texture were detected for both Ti and Ni layers,
and columnar structure was observed to extend through layers, leading to initial strengthening. The
columnar structure became more distinct and complete with the increase of substrate temperature,
and meanwhile more atomic diffusion and intermixing occur along the Ti/Ni interfaces, promoting
the formation of Ti-Ni intermetallic precipitates, and the subsequent mechanical strengthening.
After high temperature deposition, columnar Ti-Ni alloys were observed with disintegration of
layered structure. Ti-Ni intermetallic was detected with preferred crystallographic texture.
Recrystallization was observed with even higher deposition temperature, leading to even higher

material strength.

Finally, a picosecond pulse laser was utilized to treat Ti/Ni multilayer thin films to induce desired
microstructure change and surface strengthening. It was observed that with the increase of pulse-
laser energy, the surface morphology evolves from homogeneous grain surface, to a cross-hatched
pattern surface, and then to a rough melted surface covered with bubbles, voids and cracks. And
the cross-section morphology evolves from a multilayered structure to partially intermixed and
eventually fully intermixed structure. Due to the precipitation of Ti-Ni intermetallic phase, laser
treatment with high pulse-energy led to surface strengthening on Ti/Ni multilayer thin films. In
addition, the film and layer thickness effects on microstructural and mechanical properties were
investigated using layer thicknesses of 20 nm and 50 nm, and film thicknesses 500 nm and 1 pm.
It was found that thinner film and larger layer thickness requires the least energy to produce the
intermixing effect while thicker film and smaller layer thickness requires a lot more energy to

produce the desired intermix and mechanical strengthening.
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Chapter 1. INTRODUCTION

1.1 MOTIVATION: ULTRA-STRENGTH PHENOMENA

Recent experiments on nanostructured materials have revealed a very interesting ultra-strength
phenomena in a variety of materials systems, with materials strength reaching over 10% of their
ideal strength [1]. The ultra-strength phenomena have attracted increasing attention because they
not only deal with the traditional concerns of mechanics of materials, such as shape stability and
deformation kinetics of materials under stress and temperature, but also the functional properties
of materials. A brief review of ultra-strength materials can be found by Zhu and Li [1, 2], and Fig.
1.1 shows a schematic of the development of ultra-strength materials based on this review and the
representative examples, including bulk nanocrystalline and nanotwinned materials, thin films,
multilayers, micro/nano pillars, nanowires, nanotubes, nanoparticles, and graphene. Early in
1950s, the ultra-strength was observed in the tensile testing of ceramic and metallic whiskers. The
whiskers were fabricated with diameter in um scale, however, the strongest whiskers were
observed to have a strength up to 2 — 6% of their modulus [3, 4]. In the last two decades, a large
number of nanostructured materials have been synthesized, including nanocrystalline materials,
nanotwinned materials [5-7], thin films and multilayers [8-10]. The material strength is found to
dramatically increase with decreasing feature size, such as the grain size in nanocrystalline and
thin film materials, twin spacing in nanotwinned materials, and layer thickness in multilayers. In
2004, micro-pillar was for the first time sculpted out from a substrate by using focused ion beam
(FIB) [11], and since then extensive studies have been performed based on mechanical testing of
micro-pillarand nano-pillars [12, 13]. For example, Greer and Nix demonstrated that sub-micron-

1



gold pillars can be 50 times stronger than their bulk counterparts [13]. Going down in characteristic
size scale, nanowires [14, 15], nanotubes [16, 17] and nanoparticles [18], all demonstrated super
high strengths, approaching to their ideal strength, with their characteristic length scale
approaching a few tens of nanometers. An extreme limit is a monolayer graphene. An AFM based
nanoindentation was applied to measure the strength of the graphene, and the measured strength
(130 GPa) almost approaches the ideal strength calculated by ab initio from quantum mechanics

(~130 GPa) [19].

While the ultra-strength materials demonstrated the possibility to achieve both superior mechanical
and functional properties, there are still challenges that have to be overcome in order to have a
comprehensive understanding of this special class of materials, which are roughly summarized as
following:

(a) How to reliably synthesize the ultra-strength material systems;

(b) How to experimentally control the loading and measure the stress/strain using advanced,
miniaturized instrumentation;

(c) How to measure, understand and predict the dependencies of physi-chemical properties,
including electronic, magnetic, optical, phononic, thermoelectric and catalytic, etc.;

(d) How to understand the different deformation and strengthening mechanisms.



Ultra-strength Material Development
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Figure 1.1: Schematic of the development of ultra-strength material systems: whiskers in
1950s, a large number of nanocrystalline materials in the last two decades including bulk
nanocrystalline and nanotwinned materials, thin films, multilayers, micro/nano pillar, 1D

nanowires and nanotubes, 0D nanoparticles and recent monolayer graphene.



1.2 BACKGROUND OF THIN FILMS AND MULTILAYERS

As a special type of ultra-strength material, thin films or multilayers have attracted a lot of attention
in the research and technology fields, such as various functional coatings in optics, electronics,

biotechnology and energy. [20, 21].

The thin film materials in the aforementioned applications can be developed with many different
deposition methods, among which physical vapor deposition (PVD) and chemical vapor deposition
(CVD) are the two most common ones. During the PVD process, material atoms are transferred to
the growth film surface with the facilitation of physical processes, such as evaporation, sublimation
or ionic impingement. Evaporation and sputtering are the two most widely used PVD methods for
depositing thin films, while a chemical reaction between the source material and suitable gases
facilitates the atomic deposition in CVD process. There are also variants of the CVD process
applied to specific situations, such as low-pressure CVD (LPCVD) and plasma-enhanced CVD

(PECVD) which are mostly used in semi-conductor fabrication [22].

A comparison of the typical thin film deposition methods isshown in Table 1. 1, and it can be seen
that the specific deposition method can have a significant effect on film microstructure, such as
average grain size, grain shape, grain size distribution and crystallographic texture. On the other
hand, the fabrication process almost always results in internal or residual stress which can induce
mechanical deformation, damage or even failure. Both the presence of an internal/residual stress
and film microstructure can have significant influence on thin films material properties —electrical,

magnetic, optical, mechanical, and thus affect device performance [22].



Multilayer thin film is a special class of composite material with alternating layers of two (or more
in some cases) different materials. The individual layer thickness can range from a few nanometers
to a few hundreds of nanometers. Multilayered films have attracted more and more attention due
to their advanced material properties and wide technological applications [23]. For example,
multilayered films can be used as magnetic recording media [24-26], X-ray mirrors [27-29] and
wear resistant coatings [30] due to their specific magnetic, optical and mechanical properties. In
addition to provide various applications in advanced engineering, multilayer thin film systems are
considered as model systems for many fundamental studies such as strengthening mechanism
dependence on length scale [31-33], thermal stability on interface structure [34-38], and solid state

reaction induced solid state amorphization [39-41].



Table 1.1: Comparison of typical thin film deposition methods.

Thermal E-beam _
Process ) ) Sputtering PECVD LPCVD
Evaporation Evaporation
Metal/ low
) melting Both metal and Both metal Mainly Mainly
Mate rlal - - - - - - - - -
-point dielectrics and dielectrics | dielectrics | dielectrics
material
Uniformity Poor Poor Very good Good Very good
Impurity High Low Low Very low Very low
Grain Size 10-100 nm 10-100 nm 10-100 nm 10-100 nm 1-10 nm
Film Density Poor Poor Good Good Excellent
. Metal: ~100
Deposition ) )
1~20 10 ~100 Dielectrics: 1- 10 ~100 10 ~100
Rate (A/S)
10
) ) Some )
Directional Yes Yes Some degree Isotropic
degree
Cost Very low High High Very high Very high




1.3 INTRODUCTION TO Ti/Ni MULTILAYER THIN FILMS

Metallic multilayer thin films display unusual chemical, structural, electrical, magnetic, optical
and mechanical properties when the structure periodicity is on the order of a few nanometers.
Among the various multilayer thin film systems, Ti/Ni multilayer thin film structure is of special
interest due to its superior optical and mechanical properties. In addition, Ti/Ni multilayer thin
films are widely used in many technological applications from various fields, such as in the design

of MEMS and medical devices.

One of the major applications of Ti/Ni multilayer thin film isin the field of soft X-rays and neutron
optics [42-45]. Ti/Ni multilayer thin film with periodicity several nanometers can be designed as
highly reflecting mirrors, supermirrors and polarizers. For example, an X-ray mirror made of Ti/Ni
multilayers with periodicity 1 ~ 2 nm was proven to display high reflectance and excellent
polarization efficiency in the water window (energy E: 280 ~ 530 eV /wavelength A : 2.3 ~ 4.4 nm)
[45]. In addition to the optical applications, Ti/Ni multilayer thin film was found to be useful in a
new fabrication process of Ti-Ni shape memory alloy [46-50], which has been broadly applied in
MEMS such as cantilevers and actuators [51], and medical field such as self-expanding vascular
stent made of superelastic nitinol (Ti-Ni alloys) [52, 53]. Previously, alloyed Ti-Ni targets were
used by conventional sputtering deposition method. The new fabrication process is to achieve Ti-
Ni alloys by post processing sputtering-deposited Ti/Ni multilayer thin films, such as thermal
annealing and ion implantation. By this new fabrication process, the composition of Ti and Ni in
the alloy film can be controlled precisely by adjusting sputtering power and sputtering time for Ti

and Ni layers respectively, and thus the type of Ti-Ni alloy can be also controlled.



In addition to the aforementioned applications, Ti/Ni multilayer thin films have been studied
extensively as a model system to understand the fundamental phenomenon of solid-state reaction
leading to solid state amorphization [39-41]. The reaction leading to amorphization only works on
material systems which can satisfy several main conditions such as a large difference in Gibbs free
energy of intermixing and anomalous fast diffusion of one material atom into another material
layer. Besides, interface structure is also important, since the nucleation of the amorphous phase
is found to be dependent on the presence of incoherent or disordered interface structure. Ti/Ni
multilayer thin films display a large negative heat of mixing, indicating that the Ti-Ni amorphous
alloy has a lower free energy than the two-phase mixture of crystalline elements. Thus the large
difference in free energy in Ti/Ni multilayer system is the thermodynamic driving force for this
solid state reaction. In addition, Ni atoms are more mobile than Ti atoms in this system and would
start diffusing into Ti layer during low temperature annealing [39-41, 54]. Combining these two
advantages, Ti/Ni multilayer thin films were selected to investigate more details about the solid-

state amorphization, such as interfacial microstructure dependence on amorphization process.

Although the majority of existing works on Ti/Ni multilayer thin films focus on either optical
property, fabrication process of Ti-Ni alloys or fundamental solid-state reaction, there are still a
few others working on other properties of Ti/Ni multilayer system, such as structural, chemical

and magnetic properties [38, 55], as well as thermal stability on layered structure [36].



1.4 OVERVIEW OF STRENGTHENING MECHANISMS OF METALLIC MATERIAL

Understanding the deformation behavior and strengthening mechanism has been one of the most
challenge tasks for ultra-strength material systems. In general, nanocrystallized material and
multilayer thin films can exhibit much higher strength than conventional material when the
material feature size is in the range of nanometer [31, 33, 56]. The maximum strength can reach
almost half of the theoretical value for metallic multilayer structure when the individual layer
thickness is inthe range of a few nanometers. Fundamentally, there are only two ways to approach
the theoretical strength: by either eliminating all dislocations [13] or creating as many and as

powerful barriers for dislocation motion as possible [56].

Work hardening or strain hardening is one of the most important strengthening mechanisms for
metallic material. Fig.1.2 shows a schematic of stress-strain curve for an elastic-ideally plastic
solid and a work-hardening solid. For a real crystalline solid, hardening can be achieved after
plastic loading. During plastic deformation, dislocations move and interact directly with each other
and other imperfections, or indirectly with internal stress field of various imperfections and
obstacles. All of these interactions can significantly reduce the mobility of dislocations and as a
result larger stress is required to achieve further dislocation movement. However, the work
hardening behavior is difficult to predict since the density and distribution of dislocations with
respect to the plastic strain is unpredictable. Experimental observation shows a linear relationship

between the flow stress z and the square root of the dislocation density o as following [57]:

r:r0+aGb\/; (1.2



where 7, is the stress necessary to move a dislocation in the crystalline solid, ¢ isaconstant (0.3

~0.6), G is shear modulus and b is Burgers vector.

Work hardening

Ideally plastic

Elastic

Stress

Strain —

Figure 1.2: Schematic of stress-strain curve of an elastic-ideally plastic solid and a work
hardening solid for the demonstration of strain hardening or work hardening.

Another common approach of creating barriers to reduce dislocation mobility is to introduce
heterogeneity into crystalline solids, such as solid solutions, precipitates or hard particles, and the
corresponding strengthening is named as solid solution hardening or precipitation hardening. In

this scenario, the impurity atoms can distort the lattice and generate local shear stress field. Much
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higher stress is thus required to move a dislocation in the presence of local shear stress fields. A

typical example is continuously strengthened steels with increased carbon solute content.

For polycrystalline material, grain boundary can impede dislocation propagation due to the
orientation discontinuity between two adjacent grains. In general, material with small grain size
can display higher strength because more grain boundaries provide more barriers to dislocation

motion. This trend can be represented by the well-known Hall-Petch equation:
o, =0, +k/d (1.2)
where o, isthe yield stress, o, is a frictional stress required to move a dislocation into material,

and d isthe grain size. This equation was originally introduced by Hall and Petch to describe the
lower yield point of low-carbon steels as a function of grain size, and now has been successfully
applied to many systems, such as nanotwinned material and multilayer thin films. For example, in
multilayer system, individual layer thickness is generally applied in Hall-Petch relation instead of
grain size to describe the dislocation strengthening due to dislocation pile up against the interfaces

of layered structure.

In addition to dislocation pile up strengthening mechanism, another common dislocation
strengthening mechanism is dislocation bowing. In nanotwinned materials and multilayer thin
films, single dislocation bowing within layers is found as applicable mechanism when the feature
size is ranged from a few nanometers to a few tens of nanometers. In addition, these two different
dislocation strengthening mechanisms can be switched by changing the loading orientation.
Dislocation pile up dominates with the activated slip system in which both slip plane and slip

direction are inclined to interfaces, while dislocation bowing dominates with the activated slip
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system in which slip plane inclined to interfaces, and slip direction parallel to interfaces. A
schematic of these two dislocation strengthening mechanisms with different loading orientation in

multilayer system is shown in Fig. 1.3 based on our current work [31].

Hardness

Layer thickness

Figure 1.3: Schematic of two common dislocation strengthening mechanisms with different
loading orientation in multilayer thin film systems. Dislocation pile-up (blue case) dominates in
slip system with both slip plane and slip direction inclined to interface, while dislocation bowing

(red case) dominates in slip system with slip plane inclined to interface and slip direction parallel

to interface.
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Dislocation starvation and defect-free are two common mechanisms for nanostructured materials
by eliminating defects [13]. For example, in pillars, very few dislocations present, and they cannot
multiply sufficiently before they are annihilated at free surfaces, leading to a dislocation-starved

state. High stresses are thus required to nucleate new mobile dislocations.

There are still many other mechanisms to strengthen materials such as fiber reinforcement for
composite material, martensitic strengthening, ordering strengthening (to achieve more ordered
crystal), and texturing strengthening. Besides, there are some strengthening processes, which may
combine more strengthening mechanisms at the same time. For example: thermomechanical
processing (TMP) or treatment (TMT) introduces plastic deformation into thermal treatment cycle
to improve mechanical strength by using the synergistic effect of the mechanical treatments
(interstitial atoms, line defects, stacking faults, etc.) and thermal treatments (precipitates,
martensite); Radiation damage can harden metallic material by creating a large number of
interstitials and vacancies; and pulsed laser treatment has been extensively used to hardening the

metal surface. [57]
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1.5 OBJECTIVES AND ORGANIZATION OF THE DISSERTATION

For multilayer thin films, one of the biggest challenge today is to fully understand the deformation
behaviors and strengthening mechanisms. Furthermore, materials could be likely exposed to
thermal environment during manufacturing or service. Therefore, the coupled size and temperature
effect can have significant consequence on the shape stability and deformation kinetics of the

materials.

The overall objective of this dissertation is to understand the coupled size and temperature effect
on thermo-mechanical stability and strengthening mechanisms of metallic multilayer thin films.
Size effect comes from different individual layer thickness in different samples. Thermal sources
come from either post-deposition annealing, in-situ high temperature deposition, or localized
surface annealing by ps pulse-laser irradiation. For all the studies, Ti/Ni was chosen as the model
system due to a) the wide-spread application of these materials as discussed in section 1.3 and b)
the fact that Ti/Ni serves as a nice combination of an hcp/fcc structures to reveal the different

strengthening mechanisms on an incoherent bimaterial interface.

In this dissertation, the investigation of deformation behaviors and strengthening mechanisms of
metallic multilayer thin films will be introduced from room temperature deposited samples, to post
deposition annealed samples, high temperature deposited samples, and then to pulse-laser treated

samples.
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Chapter 1 briefly describes the motivation of the study and the necessary background information
of thin film and multilayer materials, Ti/Ni multilayer thin films and strengthening mechanisms of

metallic materials, as well as the objectives and organization of the dissertation.

Chapter 2 provides an overview of the experimental techniques utilized in this research. A
magnetron sputtering system was used to depositthe Ti/Ni multilayer samples used in all studies.
For mechanical characterization, a Ubil nanomechanical test system was used to carry out all the
nanoindentation experiments. For microstructure characterization, scanning electron microscopy
(SEM) was widely used to obtain the surface and cross-section morphologies of the Ti/Ni
multilayer samples and transmission electron microscopy (TEM) was used to capture detailed
cross-section morphology and crystal structure for selected samples with ultra-thin individual
layers. Atomic force microscopy (AFM) was occasionally used to obtain the topography for laser
treated samples. X-ray diffraction (XRD) was also widely applied to obtain crystallinity
information for samples. X-ray photoelectron spectroscopy (XPS) was used to characterize the
elemental composition, and mostly to obtain the depth profile for multilayers with an Ar ion

sputtering gun.

In chapter 3, the length scale effect (individual layer thickness) on the Ti/Ni multilayer strength
was first experimentally investigated, and two dislocation models adapted from literature were
applied to quantitatively analyze the dislocation motions with different layer thickness. Then
orientation effect was studied by indenting on both surface and cross-sectionof samples. For cross-
section indentation, mechanical polishing was applied to achieve smooth area, and the

corresponding polishing induced hardening effect was also discussed. Furthermore, dislocation
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models were also applied to understand the deformation and strengthening mechanisms associated

with different loading orientations, as well as polishing process.

In Chapter 4, coupled layer thickness and annealing temperature effect was discussed on the Ti/Ni
multilayers. Samples with a wide range of layer thickness from 200 nm to 6 nm were annealed at
different temperature from 100<C to 500 <C, and then indented on both surface and cross-sections.
With detailed microstructure characterization and mechanical testing, a schematic strengthening
mechanism map was proposed with respect to the coupled size and thermal effect. In addition, a

strong orientation effect on the mechanism boundary was observed.

In Chapter 5, another type of thermal effect from substrate temperature was studied. The detailed
influence on texture evolution and material strength of Ti/Ni multilayers was discussed. First,
substrate temperature effect was studied on samples with layer thickness 20 nm with a wide range
of temperature from 100 <C to 500 <C. Then, a coupled size and thermal effect was investigated

with individual layer thickness from 250 nm to 10 nm, and deposition temperature under 300 <C.

In Chapter 6, localized surface annealing was applied on Ti/Ni multilayers by using picosecond
pulse-laser irradiation. The detailed effect from pulse-laser energy and thickness — both layer
thickness and film thickness — were studied on the microstructure evolution and surface
mechanical property modification. A wide range of laser energy from 25 mJ to 150 mJ was
performed on four types of samples with different film thickness/layer thickness combination —

500 nm/20 nm, 500 nm/ 50nm, 1 pm/20 nm and 1 um/50 nm.
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Chapter 7 summaries the current results and proposes some future directions.

In Appendix, the detailed nanoindentation procedure was shown and the elastic modulus results

for Ti/Ni multilayer thin films were discussed.
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Chapter 2. EXPERIMENTAL TECHNIQUES

Microstructure and mechanical property characterizations are important for strengthening
mechanisms investigation for metallic multilayer thin films. This chapter provides a briefoverview

of the sample preparation and characterization techniques utilized in this dissertation.

2.1 MAGNETRON SPUTTERING THIN FiLM DEPOSITION

As introduced in Chapter 1, sputtering is one of the most popular PVD processes to deposit
material atoms onto a substrate. A basic sputtering process is shown in Fig. 2.1. Argon atoms are
introduced into a vacuum chamber. A direct current (DC) voltage is placed between the target and
substrate which ionizes the electrically neutral Ar atoms and thus creates plasma, hot gas-like
phase consisting of ions and electrons. The charged Ar ions are accelerated to the cathode target.
Their collisionwith the target ejects target atoms, which travel to the substrate and eventually settle
in the substrate. Electrons released during Argon ionization are accelerated to the anode substrate,
subsequently colliding with additional Ar atoms, creating more ions and free electrons in the

process, continuing the cycle.

Magnetron sputtering is a more enhanced version of the above sputtering process. The main
difference between this and a basic DC sputtering system is the addition of a strong magnetic field
near the target area. This magnetic field causes electrons to spiral along magnetic flux lines near
the target instead of being attracted toward the substrate as shown in Fig. 2.2. The advantage of

this is that the plasma is confined to an area near the target, without causing damages to the thin
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film being formed. Also, electrons travel for a longer distance, increasing the probability of further
ionizing Argon atoms. This tends to generate a stable plasma with high density of ions. More ions
mean more ejected atoms from the target, therefore, increasing the efficiency of the sputtering
process. The faster ejection rate, and hence deposition rate, minimizes impurities to form in the
thin-film, and the increased distance between the plasma and substrate minimizes damage caused

by stray electrons and Argon ions.

Table 2.1: As-deposited Ti/Ni multilayer thin films in different projects with different layer
thickness and film thickness

Projects Film Thickness (um) Layer Thickness (nm)
As-deposition 4 for thick layer
i _ 200 -6
Annealing 2 for thin layer
Deposition Temperature 1 167 - 10
Laser Treatment 1&0.5 50 & 20

In this dissertation, Ti/Ni multilayer thin films were fabricated by using a dual d.c. magnetron
sputtering system (Orion-5-UHV from AJA International, Inc, MA). Ti (99.995%) and Ni
(99.999%) targets were used as the two sputtering sources, and single crystal Si (100) wafers were
used as substrates. Alternating Ti and Ni layers were deposited on the Si substrate with Ti being
the first layer and Ni being the last layer. The background pressure of the main sputtering chamber
was around 1x107" mbar, and the depositions were carried out with the argon gas pressure around
1x10°mbar. The Ti and Ni targets were sputtered at d.c. powers of 100 W, and the sputtering time

of each layer was controlled to maintain the desired individual layer thickness. The sputtering rates
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for Ti and Ni were calibrated to be 2.44 and 3.37 nmVmin respectively. The Ti layer has the same
thickness as the Ni layer in each sample. Table 2.1 lists all the samples deposited for different

projects with different layer thickness and film thickness.

Anode

Substrate

Ar e

T—

Cathode (target)

Figure 2.1: A schematic of basic sputtering process: electrical field is formed between target
and substrate, and the plasma is created in the vacuum chamber. Ar ion strikes the target, and target

atoms move to substrate, forming the film.
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Figure 2.2: Schematic of the difference between (a) basic sputtering process and (b)
magnetron sputtering process. The plasma is confined within an area near the target in the

magnetron sputtering process, increasing the efficient of the whole sputtering process.
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2.2 MICROSTRUCTURE CHARACTERIZATION TOOLS

2.2.1 Scanning Electron Microscopy

Scanning Electron Microscopy (SEM) is one of the most popular tools to image a sample by
scanning surface with a focused electron beam, and has been widely applied to observe
microstructure for thin film materials, such as grain size and shape, grain distribution, and film
thickness. The electron beam interacts with atoms of sample surface, producing secondary
electrons and backscattered electrons from the sample. These secondary electrons or backscattered
electrons are collected by a secondary detector or a backscattered detector, and then converted to
voltage signals, and amplified by electronic amplifiers. The resulting image is therefore a
distribution map of the reflected signal intensity from the scanned area of the sample surface. SEM
has a large depth of field to allow large amount of sample surface focused at one time. SEM can
also achieve very high resolution on the order of 1 nanometer. In addition, sample preparation for
SEM experiments is simple. For non-conductive sample, a thin layer of electrically conductive

material such as gold or palladium is coated before SEM.

In this work, SEM (FEI Sirion XL30) located in UW Molecular Analysis Facility (MAF) was used
extensively to capture both surface and cross-section morphologies for Ti/Ni multilayer thin films.
The average grain size with respect to individual layer thickness can be obtained by analyzing the
information from SEM images. Both surface and cross section morphological evolution can be
revealed by these SEM images with the increasing of annealing temperature or substrate
temperature. For laser treated samples, SEM images also show the modification of surface and

cross section morphology after laser treatment.

24



2.2.2 Transmission Electron Microscopy

Transmission Electron Microscopy (TEM) is another powerful microscopy technique which uses
a high energy electron beam transmitted through an ultra-thin specimen to image and analyzes the
microstructure of sample material. The transmitted beam contains information about electron
density, phase and periodicity, which is used to form an image. The image is then magnified and
focused onto a fluorescent screen or detected by a CCD camera. TEM has a wide-range of
applications and can be utilized ina variety of different scientific, educational and industrial fields.
TEM provides both high resolution images with resolution about 1 ~ 2 A by image mode and

crystal information by diffraction mode for sample material.

In this work, TEM (FEI Tecnai) located in UW Molecular Analysis Facility (MAF) is used to
confirm layered structure and crystallinity for Ti/Ni multilayer with ultra-thin individual layers (12
nm and 16 nm cases). However, the preparation of cross section samples for TEM is time-

consuming. A brief summary of cross section TEM sample preparation is descripted as following:

Step 1 - Cutting several sample slices of 2 mm width and 4 - 6 mm length

Step 2 - Forming a stack with the above slices by using epoxy glue and then annealing
Step 3 - Embedding the stack ina Cu tube (3mm diameter) and filling it with epoxy
Step 4 - Cutting the Cu tube into disks of about 300 - 400 microns thickness

Step 5 - Mechanically polishing the disk down to a thickness of 80 -120 microns

Step 6 - Dimple-grinding with a dimpling wheel to leave 15 - 20 microns in the middle
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Step 7 - lon milling the center of dimple-grinded sample until a hole appears

2.2.3 Atomic Force Microscopy

Atomic Force Microscopy (AFM) has been widely applied to image surface topography with a
very high resolution on the order of fractions of a nanometer. AFM utilizes an ultra-sharp tip
(radius of curvature on the order of nanometers) mounted on a cantilever to scan the sample
surface. Once the tip is brought closely to the sample surface, the interaction forces between the
tip and material atoms can cause deflections of the cantilever, which can be measured by using a
laser spot and then used to image the surface topography. Depending on the applications, there are
three different AFM imaging modes: contact mode with tip-sample in soft contact, tapping mode
in which the cantilever oscillates at resonant frequency and the tip contacts the sample surface at
the bottom of vibration, and non-contact mode in which tip is separated from the sample and
vibrates above the sample surface during scanning. Unlike the electron microscope, AFM can
provide a 3D surface profile. There is almost no specific sample preparation by using AFM, and
AFM can work perfectly well in ambient air environment, although with a small scan area usually

below 100 x 100 um.

In this work, AFM (Veeco Dimension 3100) was occasionally used to obtain surface morphology

for high-temperature annealed Ti/Ni multilayers, especially for samples with thin layer.

2.2.4 X-ray Diffraction
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XRD is the most commonly used tool to determine the crystal structure of sample material. For x-
ray diffraction method, the normal spacing d between adjacent crystallographic planes is
determined by means of Bragg’s law as following:

d-_"
2sing

(2.1)

where n is an integer, A is the wavelength of the x-ray beam incident on the film and & is the
angle of incidence and reflection. In XRD, x-rays with wavelength 1 are incident to the sample
material with certain angles, and the diffracted x-rays are collected by a detector placed at 26
from the transmitted x-ray beam. That is why the intensity of the scattered x-ray beam is usually
monitored as a function of 26 . From the Bragg’s equation, it can be seen that only when the
incident angles meet Eq. (2.1), there are peaks in the intensity plot, which provides precise spacing
information of crystal planes in sample material. With XRD data, the crystalline phases can be
identified by the peak positions and the average crystalline size and strain can be estimated by both

peak positions and peak widths.

In this dissertation proposal, all the XRD experiments were done by utilizing a Bruker D8 Discover

with GADDS XRD system. The source was Cu Ka radiation, running at 40 kV and 120 mA.

2.2.5 X-ray Photoelectron Spectroscopy

XPS is one of the most widely used surface analysis techniques to characterize the elemental
composition. In XPS, Al Ka radiation or Mg Ka radiation are commonly employed as the x-ray
source. The x-ray beam is directed at the sample material resulting in core-level electron emission

(photoemission) in an atom near the surface (0 ~ 10 nm). The emitted electrons can be detected
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and the corresponding kinetic energies are measured. The energy of an x-ray with known
wavelength is also known, for example, for Al Ko x-ray, E=1486.6 eV, and for Mg Ka x-ray,
E=1253.6 eV. Due to the conservation of energy equation in Eq. (2.2), the electron binding energy

of the emitted electrons can be determined:

Ebinding = Ephoton - Ekinetic (22)

where E isthe binding energy, E isthe energy of x-ray photons, and E isthe kinetic

binding photon kinetic
energy of the emitted electrons. The binding energy is determined primarily by the attractive force
by the electron for the nucleus of the atom, and thus the binding energy is specific for each electron
shell in an element, and these binding energies vary from element to element. So the elements can
be determined by using binding energies, and the relative composition of the constituents can be

further determined by analyzing the binding energy peaks.

In this dissertation, all the XPS works were carried out by a Phi Versaprobe 5000 XPS system to
obtain the elemental depth profile of Ti/Ni multilayer sample. The XPS system utilizes an Al Ka
x-ray and collects emitted electrons with an SSL-300 Hemispherical Analyzer. The depth profile
of sample material was achieved by combining a sequence of Ar ion sputtering cycles with XPS
survey scans from the current surface. After each survey scan, the Ar ion gun was used for
sputtering the surface material to expose a new surface for next survey scan. The set of XPS spectra

was analyzed to different element composition with respect to depth.
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2.3 NANOINDENTATION

Nanoindentation has been widely applied on small volume of materials to measure various
mechanical properties such as elastic modulus, hardness and wear resistance. So far it is one of the
most popular tools for thin film materials due to its easy operation, few requirements on sample
preparation, accurate software analysis as well as wide applications on many types of materials.
The earliestindentation tests — microhardness test - were developed to measure hardness, and then
expanded for other mechanical properties such as modulus and fracture toughness. It was not until
the mid-1970s that the nanoindentation techniques were developed in which the indentation depth
is continuously monitored and the analysis of the load-displacement curve yield both the modulus

and hardness information for the indented samples.

During nanoindentation testing, an indenter tip with known geometry (e.g. Berkovich tip with
three-sided pyramid geometry) isemployed to penetrate into the material and then withdrawn from
the material to leave an imprint on the surface following a prescribed loading, holding and
unloading function. Fig. 2.3 (a) shows a schematic of deformation behavior during and after
nanoindentation. Both elastic and plastic deformation occurs during the loading process, and the
elastic portion is recovered after unloading. A typical load-displacement curve can be achieved
after nanoindentation as shown in Fig. 2.3 (b), and the unloading part can be analyzed for the

mechanical properties, such as elastic modulus and hardness [58, 59].
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Figure 2.3: (a) Schematic of deformation behavior during and after indentation; (b) typical

indentation load-displacement curve.
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The nanoindentation hardness is defined as the maximum indentation load over the contact area:

H - Pruox (2.3)

A

where H is the hardness of sample material, P, isthe maximum load and A, isthe contact area,

aX
which is a function of contact depth h, . For a specific tip, the contact area can be obtained
geometrically. For example, in the case of Berkovich tip, A, =24.5h?. However, there are always

defects and the tip is not perfectly sharp, and as a result, a modified area function with additional
coefficients is calibrated to approximate the real tip by using a standard fused quartz. The

calibrated area function is represented as following:
A(h) =C,(h?)+C,(h)+C, (") +Cy(h ') +..+C,(h.7)  (24)
where C, are fitting coefficients. The contact depth can be estimated from the load-displacement

data using Sneddon’s equation as following:

C max

h, =h,, —c—m 25
s (2.5)

where h_. is maximum contact depth, ¢ isa constant depending on the tip geometry (e.g., 0.75

for a Berkovich tip and 0.72 for a conical tip), and S is the indentation stiffness. The stiffness is
defined the slope of the initial portion of the unloading curve. Oliver and Pharr described the
unloading curve by a power law of the following form:

P=ath—h,)" (2.6)
where h, isthe final depth, and a and m are empirically determined fitting coefficients. Then the
stiffness can be calculated by differentiating P at the maximum depth of penetration shown in Eq.

(2.6). With the known of stiffness, the contact depth can be determined, and so does projected

contact area. Thus the hardness in Eg. (2.3) can be determined.
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In addition, the reduced modulus can be obtained with the known of stiffness and projected contact

areain Eg. (2.7). On the other hand, the reduced modulus can be expressed by Eqg. (2.8).

Jr

E =25 (2.7)
2/A
i: (1_Vm2) + (1_Vi2) (2 8)
E, E, E, '

where E, and v, E, and v, are the elastic modulus and Poisson’s ratio of the sample material

and the tip respectively. For a diamond tip in nanoindentation experiments, Young’s modulus is
1140 GPa, and Poisson’s ratio is 0.07. Thus the elastic modulus of sample material can be

determined.

In this dissertation proposal, all the nanoindentation experiments were carried out on an Ubil
nanomechanical test instrument (Hysitron, Inc., MN) for all the Ti/Ni multilayer films, as-
deposited, annealed and laser treated. In each single indent, the sample underwent a trapezoidal
loading described by a 10 s loading, 5 s hold at maximum load, and 10 s unloading. A minimum
of 20 indents were performed on each sample to obtain the average hardness value. In addition,
scanning probe microscopy (SPM) images of the sample topography were obtained using the in-

situ scanning capability of the nanoindenter and were used to ascertain the quality of indents.
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Chapter 3. AS-DEPOSITED TI/NI MULTILAYER THIN FILMS -
EFFECT FROM LAYER THICKNESS AND LOADING
ORIENTATION

3.1 INTRODUCTION

Metallic multilayers can exhibit high strength close to theoretical values with individual layer
thickness on the order of a few to a few tens nanometers [8-10]. An obvious layer thickness/size
dependent hardness behavior is reported in extensive studies and three types of dislocation-based

models have been proposed as the mechanisms of size strengthening for metallic multilayers [33].

A Hall-Petch model (o o« h™?) based on dislocation pile-up along the interface is found applicable
at length scales where dislocation pile-ups can be treated as a continuum (h >2100 nm) [60-62]. In
the limit of a continuum of dislocations in the pile-up, the stresses at the tip of the pile-up are
amplified by the number of dislocations in the pile-up and can attain theoretical shear and tensile
strength levels to nucleate slip in the adjacent layer or nucleate a crack in the interface or adjacent
layer. Consequently, the pile-up possesses a mechanical advantage to enable large-scale

deformation at low applied stress levels. At sub-micrometer length scales, there are too few

dislocations inside to be treated as a continuum and a modified Hall-Petch model (o o« h™ where
a #0.5) is used. In addition, the corresponding Hall-Petch slope indicating the resistance of
interface can be utilized to estimate the peak strength of the multilayers. At smaller layer thickness
with the few to a few tens of nanometers length scales, dislocation pile-up becomes difficult and a
confined layer slip (CLS) model based on Orowan bowing is treated as the operative mechanism

[63-65]. Several modifications to the CLS model such as dislocation core spreading along the
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interface, interface stress and resistance from interface dislocation arrays are needed to achieve the
correct functional dependence of CLS stress on layer thickness. The multilayer strength reaches a
peak with layer thickness several nanometers, and the peak strength is set by the interface
resistance to single dislocation transmission [66-68]. Other factors can be important to determine
the barrier strength in different material systems such as coherent stress [67-69], misfit dislocation
[67, 70], Koehler stress [56] and intermixing at the interface [71, 72]. Softening isusually observed
with further reduced layer thickness due to the interface crossing by dislocations. In addition, for
polycrystalline metallic multilayers, the diffusion-based mechanisms such as the grain
boundary/interface sliding or Coble creep can also lead to material softening in this layer thickness

range [73, 74].

For metallic multilayers, the loading orientation can be an essential factor governing the
deformation behavior. With a change of loading orientation with respectto interface, the dominant
effect of interface on dislocationmotion can vary [32, 75], leading to loading/interface orientation-
dependent plastic deformation, that is, anisotropic plasticity. Previous studies on metals and alloys
attribute the anisotropic mechanical behaviors to crystallographic texture [76] and precipitates
[77]. In addition, systematical works on anisotropic plastic deformations have been done in
nanotwinned metals and alloys [78-80]. Three major deformation modes for dislocation
interactions with twin boundaries (TBs) were proposed including dislocation glide in between the
twins [81] in a hard mode | with both slip plane and slip direction of the active slip systems as well
as the Burgers vector inclined to TBs, dislocation transfer across twin boundaries [82] in hard

mode Il with the slip plane inclined to TBs but the slip direction parallel to TBs, and dislocation-

34



mediated boundary migration in soft mode with both the slip plane and slip direction parallel to

TBs [83].

In this work, the layer thickness dependency of multilayer strength was studied with a wide layer
thickness range from hundreds nanometers to a few nanometers, and both surface indentation and
cross-section indentation were carried out to investigate the loading/interface orientation effect.
The dislocation based models were applied to fit experimental data for strengthening mechanism

study.
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3.2 EXPERIMENTAL DETAILS

Ti/Ni multilayer system with individual layer thickness ranging from 200 nm to 6 nm is utilized
to investigate layer thickness and orientation dependent strengthening mechanism. The magnetron
sputtering system is used for Ti/Ni multilayer thin films deposition and the detailed deposition
method was introduced in previous Section 2.1. Based on the range of layer thickness, the
deposited multilayers are divided into three categories: thick-layer cases with layer thickness 200
and 100 nm, intermediate-layer cases with layer thickness 50 and 25 nm, and thin-layer cases with
layer thickness 16, 12, 8 and 6 nm. The nominal total film thickness is 4 pm in thick- and

intermediate-layer cases and 2 pm in thin-layer cases.

For microstructure characterization, XRD was used to determine the crystallinity and SEM for
both surface and cross-sectional morphology. For sample in thin-layer cases, TEM was performed
to achieve the cross-section morphology and the corresponding diffraction pattern. For mechanical
properties characterization, nanoindentation experiments were carried out with a cube corner
indenter tip for all the Ti/Ni multilayer thin films. Cross section indentations were applied on
polished cross section samples. For cross section sample preparation, two pieces of Si substrate
with as-deposited Ti/Ni multilayer thin films were mounted face to face on the film side using an
epoxy mounting compound. Then the cross-sectional sample was mechanically polished by using
diamond discs of 75 um and 20 um grit, and diamond paste in successive grades of 9 um, 3 um, 1
um and finally 0.25 pm on a Buehler polisher. For consistency, the corresponding surface samples

were also polished to investigate the polishing effect.

36



3.3 MICROSTRUCTURE CHARACTERIZATION

3.3.1 XRD Spectra and Analysis

Fig. 3.1 shows the XRD spectra of as-deposited Ti/Ni multilayer thin films with individual layer
thickness from 200 nm to 6 nm. In the thick-layer cases (200 nm and 100 nm cases), the XRD
pattern shows a FCC structure for Ni with strong peaks at 44.3<corresponding to the reflection
from Ni (111), 51.7 =from Ni (200), and 76.2<from Ni (220), while a HCP structure for Ti with a
strong peak at 38.6 corresponding to the reflection from Ti (002) and a weak peak at 35.6 from
Ti (100). In the intermediate-layer cases (50 nm and 25 nm cases), the intensities of Ti (002) peak
and Ni (200) become smaller and smaller, and Ni (220) peak disappears, while Ti (100) peak
becomes stronger. In the thin-layer cases, Ti peaks become weaker with decreased layer thickness,
and no longer distinguished with layer thickness less than 12 nm. Only Ni (111) peak maintains
significant and the other two Ni peaks Ni (200) and Ni (220) are not visuable. In each case, there
isa bigintensity difference between Ni and Ti peaks, indicating that the Ni layer is more crystalline
and textured than the Ti layer. By comparing the XRD patterns in Fig. 3.1, peak broadening can
be obviously observed with decreasing layer thickness for both Ni and Ti peaks indicating finer
grains with thinner layers. For multilayer film with thin individual layer, grain growth would be
suppressed and small grains would dominate, which results in the broadening of the diffraction

peaks.
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Figure 3.1: XRD spectra of as-deposited Ti/Ni multilayer thin films with layer thickness from
200 nm to 6 nm. Several different peaks are detected for both Ni and Ti materials, such as Ni (111),
Ni (200), Ni (220), Ti (002), and Ti (100). Polycrystalline structures are indicated for both Ti and
Ni layers.

For Ti/Ni multilayers, XRD spectra can be used to quantitatively estimate microstructure
information. For Ti grains, the only significant peak Ti (002) is used to estimate the grain size by
the following equation:

kA

D= Bcos(6)

(3.1)

where D is the grain size, k is the Scherrer constant and here k=0.89, A is the x-ray

wavelength and here 1 =1.54 A, [ is the peak width at half of the maximum intensity and @ is
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the Bragg angle. Table 3.1 establishes the estimated Ti grain size for Ti/Ni multilayer thin films
with layer thickness from 200 nm to 25 nm, decreased grain sizes from about 25 nm to 10 nm as
the individual layer thickness decreases from 200 nm to 25 nm. For Ni grains, there are several Ni
peaks and therefore the corresponding XRD peaks can be used to analyze both average grain size

and microstrain by applying Williamson-Hall relationship [84] as following:
kA .
ﬁcos(0)=3+4gsm(¢9) (3.2)

where ¢ is the mean microstrain and other parameters are defined the same as in Equation (3.1).
Take 50 nm case as an example, Table 3.2 shows the analysis results of both average grain size
and mean microstrain. It should be pointed out that XRD measurement of microstrain and average
grain size in Table 3.2 should be regarded as approximate estimation since only three Ni peaks can

be used to fit these two parameters and not all three peaks are significant in the XRD spectra.
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Table 3.1: Comparison of Ti grain size in as-deposited Ti/Ni multilayer thin films estimated
by XRD spectra analysis and measured directly from cross-sectional SEM images

CASE XRD analysis (nm) SEM measurement (nm)
h =200 nm 25.5 30.9+£12.3
h =100 nm 21.3 21.9+73
h =50 nm 15.8 -
h=25nm 10.0 —

Table 3.2: XRD analysis of Ni peaks for as-deposited and 200 <C annealed Ti/Ni multilayer thin

films with layer thickness 50 nm

CASE: Peak Width £ (°) Mean Microstrain | Average Grain
h=50nm <111> <220> £ (%) Size (nm)
RT 0.645 0.929 0.324+0.064 25+7
200 °C 0.626 0.887 0.278+0.049 23+4

40



3.3.2 Cross-section and Surface Morphologies

Fig. 3.2 shows the SEM images of the cross-section morphology for Ti/Ni multilayers with layer
thickness from 200 nm to 25 nm. In all cases, layered structure can be clearly observed with bright
one Ni layer and dark one Ti layer. Fractured cross-section morphologies display the columnar
structure for Ni layers with a single grain along the thickness direction and the equiaxed structure
for Ti layers, and more pronounced crystalline for Ni, which is consistent with the XRD results
that the Ni peaks have much higher intensity than the Ti peaks. In addition, the SEM images of
cross-section morphology can be used to directly measure the grain size. As shown in Table 3.1,

the measured Ti grain size is in reasonable agreement with the estimation from XRD analysis.

For Ti/Ni multilayer with thin layer, SEM is not capable to capture the detailed cross-section
morphology, and as a result TEM was performed to obtain microstructure information including
cross-sectional TEM image and the corresponding diffraction pattern as shown in Fig. 3.3. Layered
structure can be clearly observed with bright layer Ti and dark one Ni. More crystalline structure
is displayed in Ni layers, consist with samples in thick- and intermediate-layer cases. Diffraction
pattern indicates polycrystalline structure with a couple diffracted rings corresponding to the
reflection from Ti (100), Ti (002), Ni (111) and Ni (200), which confirms the XRD spectra as

shown in Fig. 3.1.
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Figure 3.2: SEM images of cross-section morphology for as-deposited Ti/Ni multilayer films
with individual layer thickness: (a) 200 nm; (b) 100 nm; (c) 50 nm; (d) 25 nm. Layered structure

can be clearly observed in all cases, with dark layer Ti and bright one Ni. Ni grains show more
crystallinity than Ti.
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Figure 3.3: TEM results for as-deposited Ti/Ni multilayer with layer thickness 12 nm. (a)
Bright field TEM image of cross-section: layered structure is clearly displayed with dark one Ni
and bright one Ti. (b) The corresponding diffraction pattern: polycrystalline structures are

confirmed for both Ti and Ni layers.

Fig. 3.4 shows the surface morphological SEM images for the Ti/Ni multilayer films with layer
thickness from 200 nm to 6 nm. In the thick-layer case, the in-plane Ni particles are composed of
a couple of grains while only one grain in the thin-layer case. The plan-view of the multilayers
shows that the top Ni layers have in-plane particles about several tens of nanometers in diameter.
Fig. 3.5 shows the relationship between the in-plane Ni particle size and layer thickness and it is
obvious that the particle size decreases with decreasing individual layer thickness down to 50 nm,

then reaches a plateau with grain size about 25 nm.
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Figure 3.4: SEM images of surface morphology for as-deposited Ti/Ni multilayer thin films
with different layer thickness (a) 200 nm; (b) 100 nm; (c) 50 nm; (d) 25 nm; (e) 16 nm; (f) 12 nm;
(9) 8 nm; (h) 6 nm. Homogeneous grain structure is observed in all cases, and the surface
grain/particle sizes could be directly measured.
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Figure 3.5: The relationship between in-plane Ni particle size and layer thickness of as-
deposited Ti/Ni multilayer thin films. The grain/particle size decreases dramatically with the
decrease of layer thickness down to 50 nm, and then a similar particle size level is maintained with

further reduced layer thickness.
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3.4 HARDNESS AND STRENGTHENING MECHANISM

3.4.1 Layer Thickness-dependent Strengthening Mechanism

Fig. 3.6 shows the hardness as a function of individual layer thickness for surface indentation of
as-deposited Ti/Ni multilayers with layer thickness ranging from 200 nm to 6 nm. The hardness
increases with decreasing individual layer thickness. For nanocrystalline multilayer thin films,
both small gran size and small individual layer thickness can contribute to material strengthening
due to dislocation-mediated deformation mechanisms. This is exactly what is observed here — the
films with smaller layer thickness were shown to have finer grains and correspondingly higher
hardness. To understand the exact mechanisms with respect to layer thickness, the hardness data
is fitted with two different dislocation-mediated models as shown in Fig. 3.6. A Hall-Petch model
based on dislocation pile-up along interface is used in the range with layer thickness (h) larger
than 50 nm and a confined layer slip (CLS) model based on single dislocation bowing between
interfaces is used in the range with layer thickness further down to 12 nm. The good fitting of
dislocation associated models not only confirms the dislocation motion-dominated strengthening

mechanism, but also validates our experiments. The detailed analysis is presented as following.

I. h>50 nm

The hardness of as-deposited multilayers with h >50 nm can be quantitatively analyzed by Hall-

Petch model. The fitting is shown as in Fig. 3.7 by the following equation:

H=H,+Kh™" (3.3)
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where H, is a constant, caused by lattice friction, here H,=1.67 GPa, h the individual layer

thickness, K the strengthening factor from layer thickness and K = 20.8 GPa-+/nm which can be

| Tub
K = /ﬂ(l_v) (3.4)

where 7 is the interface barrier strength for slip transmission,  is the shear modulus, b is the

used to estimate the maximum hardness via:

K

A X O,

Burgers vector, and v is the Poisson ratio. Substituting K_= =2.49 GPa-+/nm for a

Hall-Petch fit to the shear strength data (2.7 is the Tabor hardness factor, and 3.1 is the Taylor

factor), and 4 =76 GPa, b =0.25nm, v =0.31 for Ni, which is the softer material comparing to

Ti, and plastic deformation tends to initiate from the softer phase, we obtain 7 =0.71 GPa.
Multiplied by the Tabor factor of 2.7 and Taylor factor of 3.1, this yields a maximum hardness of
5.9 GPa which is close to the experimental maximum hardness 6 GPa. Both good fitting of Hall-
Petch model and precise prediction of maximum hardness indicate the dislocation pile-up along

interface as dominated strengthening mechanism.

II. h>12 nm

It is accepted that the modified CLS model based on single dislocation bowing between interfaces
can be used to fit the hardness of multilayers with layer thickness down to a few tens of nanometer.

The fitting of CLS model is shown in Fig. 3.6 (blue solid line), and the modified CLS stress

O =H /2.7 isgiven as:
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where M isthe Taylor factor of 3.1, & the angle between the slip plane and the interface, « the
core cut-off parameter varying from 0 to 1, f the interface stress with a typical value 2-3 J/m?,
and L the spacing of the interface dislocation array. Other symbols have the same meaning as
defined above. By taking o =0.12, f =3, 6=60" and L=25, the CLS model can fit the
experimental data well with layer thickness ranged from 75 to 12 nm (blue solid line in Fig. 3.6).
In the modified CLS model, L=Db/¢ , where ¢ is in-plane plastic strain with a typical value 1-
2% for nanoscale metallic multilayers. Here L =25 correspondsto a plastic strain around 1%. The
good fitting of the modified CLS model with current experimental data indicates the single
dislocation bowing between interfaces is the dominating strengthening mechanism in this layer

thickness range.

. h<12 nm

While the peak strength of 6 GPa was reached at layer thickness 12 nm, a decreased hardness was
observed with further decreasing layer thickness. Previous studies reported the maximum strength
with layer thickness of a few nanometers and attributed interface crossing by dislocations is as
operative softening mechanism with decreasing layer thickness since the interface resistance of
single dislocation transmission decreases as the dislocation core approaches layer thickness.
However, the layer thickness range of softening in the current study is beyond that for interface

crossing mechanism. Both cross-section (Fig. 3.3) and surface (Fig. 3.4) morphology display
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polycrystalline structure in the thin-layer cases, and thus grain boundary shear is considered as the

probable dominating softening mechanism in this layer thickness range.

- -B- - Surface indentation data
Hall-Petch Model fitting
6| ——— CLS Model fitting

Hardness (GPa)

0 50 100 150 200
Layer thickness (nm)

Figure 3.6: Hardness results of as-deposited Ti/Ni multilayers from surface indentation and
the dislocation-based model fitting: Hall-Petch model for layer thickness ranging from 200 nm ~
50 nm and CLS model for layer thickness ranging from 75 nm ~ 12 nm. The good fitting of both
Hall-Petch model and CLS model not only indicate the dominant deformation behavior but only

validate our experiments.
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Figure 3.7: Hall-Petch fitting for as-deposited Ti/Ni multilayer thin films with layer thickness
over 50 nm. The linear relationship between the hardness and the square root of layer thickness is

shown.

3.4.2 Orientation-dependent Strengthening Mechanism

Fig. 3.8 shows the hardness as a function of individual layer thickness for both surface (unpolished)
and cross-section (polished) indentations of as-deposited Ti/Ni multilayers with layer thickness
from 200 nm to 25 nm. In both cases, the hardness increases with the decreasing individual layer
thickness. For surface indentation, the detailed analysis was introduced in above section 3.4.1. For
cross-section indentation, Fig. 3.9 shows the representative SEM and SPM images after
indentation. Both images clearly show that most of the indents were controlled in the middle of
the film. Compared to the surface indentation results, generally higher hardness was measured on
the cross sections. The discrepancy between the surface and cross section indentation may be

attributed to both plastic anisotropy and polishing process induced initial dislocation hardening.
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Figure 3.8: Hardness results from both surface indentation and cross-section indentation of
as-deposited Ti/Ni multilayer thin films with layer thickness from 200 nm to 25 nm. The
dislocation-based models are applied to fit the experimental results with Hall-Petch model for
surface indentation and CLS model for cross-section indentation. Good fittings are shown in both

models.
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Figure 3.9: Representative (a) SEM and (b) SPM images of polished cross-sections of the
multilayer thin films after indentation. In cross-section indentation, all the indents were performed

in the middle of the film in order to avoid the Si substrate effect and boundary effect.

Three major plastic deformation modes in the tensile testing of nanotwinned metal along different
orientations were introduced in Section 3.1, including a hard mode I, where both slip plane and
slip direction are inclined to the twin interfaces, a hard mode Il, where the slip plane is inclined to
the twin interfaces but the slip direction is parallel to the interfaces, and a soft mode where both
the slip plane and slip direction are parallel to the twin interfaces. In contrast to the coherent twin

boundary planes, the Ti/Ni interfaces in this work are incoherent and only serve as barriers to
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dislocation slip transmission. As a result, it does not render the soft deformation mode as seen in
the nanotwinned Cu. In the as-deposited Ti/Ni multilayers, the XRD spectra (Fig. 3.1) indicate a
preferred Ni (111) plane parallel to the interface. According to the Schmid’s factor analysis for

loading direction perpendicular and parallel to this plane, slip systems with both slip planes and

slip directions inclined to the interface such as (1111101][011] , (11 11101][110] , and
(1111110][011] are more likely to be activated for surface indentation while slip systems with slip
planes inclined and slip directions parallel to the interface such as (L11)011], (T11)110], and

(1111101] are more likely to be activated for cross section indentation. Therefore, the surface

indentation is more likely to activate hard mode I, while cross section indentation is more likely to
activate hard mode Il, although the multilayer structure is much more complex due to the
incoherent interfaces and grain boundaries, and nanoindentation process can generate much more
complicated stress state than simple tensile loading. A schematic of activated slip systems by

different loading orientations was shown in Fig. 3.10.
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Figure 3.10: Schematic of activated slip systems by surface indentation and cross-section
indentation. In surface indentation, slip systems with both slip planes and slip directions inclined
to the interface are activated, while in cross-section indentation, slip systems with slip planes

inclined to the interface, and slip direction parallel to the interface are activated.

In the above section 3.4.1, the Hall-Petch model was appliedto fit the surface indentation results,
and the good fitting indicates the dislocation pile-up as the dominant deformation mechanism
involved in surface indentation, which is the aforementioned hard mode I, further confirming the

Schmid’s factor analysis. The Hall-Petch model can be also utilized to analyze the hardness results

of cross-section indentation, and the slope K is obtained 12.96 GPa-~nm . The consequent
maximum hardness is estimated as 2.3 GPa, much lower than the experimental value, indicating

other dominant deformation mechanism involved in cross-section indentation.
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In the cross-section indentation, since the load is parallel to the multilayer interface, the
deformation is more likely dominated by hard mode Il. In this mode, dislocation can bow within
layers and a recent CLS model has been adopted to analyze the hardness obtained as loading
orientation parallel to interfaces. Together with the polishing effect, the hardness measured on the
polished cross-sectionis fitted by the following equation:

, In(ah/b)

H=H,+AH, +2.7xnu (3.6)

where H, isamaterial constant without interface confinement, caused by the lattice friction; AH,
is the initial dislocation hardening from the polishing process; and « is a material constant
representing the dislocation core cutoff parameter, typically ranging from 0 to 1, and 7 is also a
material constant. As shown in Fig. 3.8 (blue solid line), the CLS model can fit the experimental

cross-section data very well by taking «=0.16 , 7=0.37 . And this fitting resulted in

H, +AH, =3.28 GPa. The close fitting of the CLS model to the cross-sectionindentation hardness

data indicates that dislocation bowing within layers is the dominant deformation mechanism when
the loading direction is parallel to the interfaces. Note that a similar equation was used for the CLS
model in the nanotwinned Cu. In the Ti/Ni multilayer system with the incoherent interfaces,
however, several factors such as interface stress and misfit dislocations can affect the dislocation
motion during deformation. Further work such as atomistic simulation may be used to obtain more

detailed information to refine the current CLS model. In addition, the polishing induced hardening

may also be further estimated. By assuming H, =1.67 GPa (same values as H, in the surface
indent), we obtain AH_, =1.61 GPa which yields a post-polishing dislocation density of

Pocs ®4.1x10*'m based on the following relationship:
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AH, 12.7=yM ub\[p, (3.7)
where p, is the initial dislocation density in the material; y = 0.5 is the strengthening factor from

Poi M isthe Taylor factor (~3.1). For comparison, polished surface samples were also indented

and systematically higher hardness was obtained than the unpolished surface for all the layer

thickness. Taking the difference between the polished and unpolished surface indentation

hardness, the average polishing induced hardening AH, was calculated as 0.83+ 0.07 GPa, which

yields a dislocation density of p,, ~1.1x10"m™, about 75% lower than that of the cross-sectional

case. Thus, polishing led to more hardening in the cross-sectionthan the surface, probably due to

the more direct cold working of the interface regions in the cross-section polishing.
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3.5 CONCLUSION

In this work, layer thickness effect and loading orientation effect on the deformation behaviors and
strengthening mechanisms of as-deposited Ti/Ni multilayer thin films were carried out with a wide
range of layer thickness from 200 nm to 6 nm, and from both surface indentation and cross section

indentation.

A strong size dependent material strength was observed in the as-deposited Ti/Ni multilayers. An
increased hardness was obtained with the decreasing layer thickness until 12 nm, and the
dominating strengthening mechanisms are dislocation mediated motions, such as dislocation pile-
up along interfaces with layer thickness down to tens of nanometers and single dislocation bowing
within layers with layer thickness from a few tens of nanometers to a few nanometers. The Hall-
Petch model and modified CLS model can fit the experimental data very well, not only indicating
the dislocation mediated motions as dominated deformation mechanisms but also validating our
experiments. A decreased hardness was obtained with further decreasing layer thickness, and the

dominating softening mechanism is probably grain boundary mediated motions.

In addition to the length scale effect, loading orientation plays an important role in deformation
behaviors and strengthening mechanisms. Cross section indentation yielded higher hardness
values for Ti/Ni multilayer thin films than surface indentation, and this discrepancy is attributed
to different plastic deformation mechanisms along different loading orientations (dislocation pile
up for surface indentation vs. confined layer slip for cross-section indentation) and polishing

induced initial dislocation hardening.
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Chapter 4. ANNEALED TI/NI MULTILAYER THIN FILMS -
INTEGRATED ANNEALING TEMPERATURE -
LAYER THICKNESS — LOADING ORIENTATION
EFFECT

4.1 INTRODUCTION

Thermal annealing can have an important influence on microstructure evolution and deformation
behaviors in metallic multilayer. Depending on the annealing temperature, various thermal
activities could take place such as atomic diffusion, intermixing, recrystallization, grain growth,
phase transformation and even intermetallic phase formation. The thermal stability of
microstructure and multilayer strength at elevated temperatures could be significant if materials
were exposure in thermal environment. However, few works have been done to understand the
annealing temperature dependence of multilayer strength and the related mechanisms. A general
decreased strength is achieved in different multilayer systems after a relatively high temperature
annealing [85-87], and this softening phenomena have been attributed to the microstructure
modification such as spheroidization of electrodeposited Cu/Ag multilayers annealed at 150 <C
[85] and in-plane grain coarsening of Ni/Ru multilayers annealed at 450 <C [86]. In addition,
significant morphological instabilities including complete disintegration of layered structure were
observed in different multilayer systems [37, 88, 89], and such breakdown of periodicity can cause

a dramatic strength drop [87].
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In this work, a systematic study was carried out on the mechanical strength of Ti/Ni multilayer
thin films of varying layer thickness and annealing temperatures. The layer thickness in this work
is the same as in as-deposited section with the range of 200 nm to 6 nm, and the temperature range
up to 500 <C. The current work reveals the detailed dependency on annealing temperature - layer
thickness - loading orientation of various deformation behaviors and strengthening mechanisms,
such as dislocation mediated motions, grain boundary relaxation, solid solution hardening,
precipitation hardening and alloying. The results not only shed light on the understanding of the
deformation behavior and strengthening mechanisms in metallic multilayers, but also provide

guidance to control and optimize this engineered material.
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4.2 EXPERIMENTAL DETAILS

Ti/Ni multilayer thin films were used to study the integrated annealing temperature — layer
thickness — loading orientation dependent material strength and strengthening mechanisms. The
as-deposited films were fabricated by magnetron sputtering system as introduced in Chapter 3. A
subset of the as-deposited Ti/Ni multilayer thin films were annealed under an Ar atmosphere for 2
hours with a variety of temperature from 100 <C to 500 <C. The annealed samples in the thick- and
intermediate-layer caseswere then prepared for cross-section indentation, as introduced in Chapter
3. Comparison between cross-sectionand surface indentations help to demonstrate the mechanical

anisotropy of the multilayers.

For mechanical strength, the aforementioned Ubil nanomechanical test instrument was still
utilized to carry out both surface indentation and cross-section indentation on annealed samples
with a cube corner indenter tip. A minimum of 20 indents was used to obtain the average hardness.
For microstructure characterization, XRD was used to detect the crystal phases of Ti/Ni
multilayers before and after annealing, and SEM was used to capture the microstructural evolution
on the surface and cross-section after annealing. For the thin layer cases, TEM was performed to
obtain the cross-section morphology for selected samples as SEM is resolution-limited at this

length scale.
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4.3 HARDNESS RESULT

Fig. 4.1 shows the hardness as a function of annealing temperature (T) for Ti/Ni multilayer thin
films with layer thickness from 200 nm to 6 nm for both surface (S) and cross-section (CS)
indentations. A coupled effect between annealing temperature and layer thickness was clearly
observed. For the brevity of presentation, the results are divided into four temperature regions:
room temperature (RT) for as-deposited films, low temperature (low-T) annealing for T<300 <C,
transitional temperature annealing for T=300 <C and high temperature (high-T) annealing for
T>300 <C. This division of temperature will be used throughout the manuscript. As shown in Fig.
4.1, for the thin layer cases, a monotonically increased hardness is observed with increasing
annealing temperature. For the intermediate layer cases, an increased hardness is observed with
increasing temperature up to 300 <C, and then a decreased hardness under further high-T
annealing. For the thick layer cases, there is no obvious hardness change under low-T annealing,
but an increased hardness is observed for 300 <C and 400 <C, and then a dramatic hardness
decrease after 500 <T annealing. Overall, the hardness behavior under high-temperature annealing
exhibits a very strong dependency on individual layer thickness. A complicated situation of
hardness value is displayed here instead of a general decreasing trend mentioned by the

aforementioned literatures [85-87].
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Figure 4.1: Surface (s) and cross-section (CS) indentation hardness of Ti/Ni multilayer thin

films as a function of annealing temperature for different layer thickness.

In addition, an obvious orientation dependent hardness behavior is observed in the thick- and
intermediate-layer cases after high-T annealing. In the thick-layer cases, although the same
increasing-then-decreasing trend was observed in both cross-section indentation and surface
indentation, the hardness drop at 500 <C is much less in the cross-section indentations. A large
discrepancy of hardness behavior can be observed in intermediate-layer cases. Instead of the
decreasing trend as in the surface indentation after high-T annealing, the hardness from the cross-

section indentation continued the previous increasing trend from the low-T annealing.
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In order to understand the various hardness behaviors associated with different layer thickness,
annealing temperature and loading orientation, it is important to investigate the microstructure

evolution of Ti/Ni multilayer thin films after thermal annealing.
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4.4 MICROSTRUCTURE CHARACTERIZATION

4.4.1 XRD Spectra and Analysis

Thermal annealing induced microstructure modification of Ti/Ni multilayers can be revealed by
XRD patterns. Fig. 4.2 and Fig. 4.3 shows the representative XRD spectrum for the thick-layer
and thin-layer cases. During annealing, Ni and Ti atoms can start to diffuse along interface and
grain boundary, and then phase transformation, recrystallization and grain growth, and even
intermetallic formation occur under higher annealing temperature. All these thermal activities can

be reflected by XRD spectra of Ti/Ni multilayers annealed at various temperatures.

For samples with layer thickness 100 nm, as shown in Fig.4.2, similar XRD spectra were obtained
after low-T annealing. For low-T annealing case, the XRD spectra can be used to quantitatively
estimate microstructure information as discussed in Chapter 3. Table 4.1 shows the comparison of
estimated Ti grain size from as-deposited and 200 <T annealed Ti/Ni multilayers by using XRD
spectra, and the difference is not detectable after low-T annealing. Table 3.2 shows the analysis
results on as-deposited and annealed Ni grains in samples with layer thickness 50 nm. Slightly
lower microstrain is obtained after 200 <C annealing associated with narrowed peaks detected. It
should be pointed out again that XRD measurement of microstrain and average grain size in Table
3.2 should be regarded as approximate estimation due to the limitation of significant Ni peaks in

the XRD spectra.

The intensity of Ti peak dramatically decreases after 300 <C annealing and no more Ti peak

detected after high-T annealing. In addition, a couple new peaks corresponding to Ti-Ni
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intermetallic phase were detected at 500 <C. In spite of disappearance of the Ti peak and formation

of the Ti-Ni intermetallic peak, Ni (111) stays as the strongest peak at all temperatures.
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Figure 4.2: XRD spectra of as-deposited and annealed Ti/Ni multilayers with individual layer
thicknesses 100 nm. No obvious change is observed after low-T annealing, while Ti-Ni

intermetallic is detected after high-T annealing.

However, a totally different phenomenon is displayed in the samples with layer thickness 8 nm as
shown in Fig. 4.3. Ni (111) is the only significant peak shown by the as-deposited sample and an
obvious left shifting of this peak is observed after low-T annealing which may be caused by the
diffusion of Ti atoms into Ni layer enlarging the Ni lattice. After high-T annealing, only Ti-Ni

intermetallic peaks were detected. The disappearance of the Ni peak indicates possible
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disintegration of layers and the formation of fully intermixed and completely alloyed structure.
Both TEM images and quantitate XRD analysis in literature [38, 49, 50] provide evidences of
complete mixed Ti-Ni structure instead of layered structure after high-temperature annealing. The
broad peak located between Ni (111) and Ti-Ni intermetallic peak at 300 <C annealing is likely a

combination of the intermetallic peak and shifted Ni (111) peak.

Ni(111)

200 OC AA
! v

100 °C /d :\
Bt samtbitans T .
As-deposited A‘

30 35 40 25 50 55
20 (degree)

Intensity (arb. unit)

Figure 4.3: XRD spectra of as-deposited and annealed Ti/Ni multilayers with individual layer
thicknesses 8 nm. No significant change is observed after low-T annealing, while only Ti-Ni

intermetallic phase is detected after high-T annealing.

The different XRD spectra between the thick layer cases and thin layer cases indicate a strong

layer thickness dependent microstructure evolution after thermal annealing. In the thin layer cases,
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atomic diffusion may be activated upon low-T annealing which led to a large extent of diffusion
and intermixing between the Ti and Ni layers, and the films evolve into complete Ti-Ni
intermetallic phase with high-T annealing. In the thick layer cases, Ti-Ni alloys may only have

been formed along the interfaces while the layered structure still being maintained.

All these thermal activities including initial diffusion and intermixing, phase transformation,
intermetallic formation, multilayer disintegration can significantly influence the material strength.
In order to validate the microstructure modification indicated from XRD patterns, SEM and TEM

were performed and the corresponding images of surface and cross-section are presented below.

Table 4.1: The comparison of Ti grain size estimated by using XRD spectra and cross-

section SEM images.

XRD SEM
CASE
RT (nm) 200 °C (nm) RT (nm) 200 °C (nm)
h =200 nm 25.5 24.8 30.9+12.3 28.4+6.0
h =100 nm 21.3 20.5 21.9+7.3 24.4+55
h=50nm 15.8 18.2 — —
h=25nm 10.0 10.3 — —
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4.4.2 Cross-section and Surface Morphology

Cross-sectional SEM and TEM images provide direct evidence and confirmation of the
aforementioned postulation of the layer thickness dependent microstructural evolution after
thermal annealing. As shown in Fig. 3.2 and Fig. 3.3, the layered structure can be clearly observed
for as-deposited Ti/Ni multilayers with different layer thicknesses. The as-deposited film shows
the columnar structure in the Ni layers with a single grain along the thickness direction and the
equiaxed structure in the Ti layers. Fig. 4.4 shows the evolution of cross-sectional morphology
after thermal annealing for Ti/Ni multilayer with layer thickness 200 nm. There is almost no
microstructure modification after low-T annealing (Fig. 4.4(b)), and slightly in-plane grain growth
after 300 <C (Fig. 4.4(c)) and 400 <C annealing (Fig. 4.4(d)), and obvious diffusion observed along
interfaces and grain boundaries after 500 <C annealing (Fig. 4.4(e)). After such high temperature
annealing, the interface and grain boundary become less distinct, recrystallized Ni grains and voids
can be observed. However, the layered structure is still maintained even after 550 <C annealing
(Fig. 4.4(f)). In contrast, for layer thickness 25 nm case, the layered structure was already
disintegrated after 400 <C annealing as shown in Fig. 4.5, indicating an inferior thermal stability

in the thin layer cases.

In literature, quite a few studies dealt with the thermal stability of Ti/Ni multilayer thin films with
thin individual layer, and reported: (1) after high-T annealing, a fully intermixed and completely
alloyed structure to replace the layered structure, and (2) at 300 <C annealing, solid state reaction
leading to amorphization due to a large extent of atomic diffusion. The XRD results in Fig. 4.3

only confirmed the complete alloying process after high-T annealing. However, after 300 <C
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annealing, instead of an amorphous structure, our study showed that a mixed structure including

Ti, Ni, Ti-Ni amorphous and Ti-Ni intermetallic is more possible.

Figure 4.4: SEM images of cross-section morphology of Ti/Ni multilayers with layer thickness
200 nm in different cases: (a) as-deposited (b) 200 <T annealed (c) 300 <T annealed (d) 400 <T (e)
500 <T annealed (f) 550 <T annealed. No obvious different is observed after annealing up to 300
<, slight grain growth after annealing at 400 <C, and obvious diffusion after annealing at higher
temperature. Layered structure is still maintained in all cases.
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Figure 4.5: SEM images of cross-section morphology of Ti/Ni multilayers with layer thickness

25 nm in (a) as-deposited and (b) 400 <C annealed cases. Partially layered structure is observed

after high-T annealing.

Now one aspect still not clear is that whether there is alsoa large extent of atomic diffusion during
the low-T annealed thin film cases. To answer this question, TEM was performed to obtain
important microstructure information. Fig. 4.6 shows the cross-section morphology and diffraction
patterns for an as-deposited sample with layer thickness 12 nm and a 200 <C annealed sample with
layer thickness 16 nm. Distinct interface can be observed in the bright field high resolution TEM
images. In addition, the diffraction patterns confirm the polycrystalline nature and the phases of
the Ti and Ni layers shown by the XRD, but do not show any amorphous structure induced
broadening of the diffraction rings. The fact that the crystal lattices in each layer are clearly
observed to extend all the way to the interface in the high resolution TEM image shown in Fig.

4.6(c) indicates only moderate diffusion occurred during the low-T annealing.
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Figure 4.6: TEM images of Ti/Ni multilayer thin films in thin-layer cases. (a) As-deposited

sample with layer thickness 12 nm. (b) 200 <C annealed sample with layer thickness 16 nm. (c)
High-resolution TEM image for (b). The insert figures in (a) and (b) are corresponding diffraction

patterns.

In addition, surface morphology can provide complementary information about layer thickness
and annealing temperature dependent microstructure evolution. The representative surface SEM
images are shown in Fig. 4.7 with one example from each of the thin, intermediate and thick layer
cases. Information from the complete set of SEM images showed that for the as-deposited films,
surface grain size decreases with decreasing layer thickness till layer thickness 25 nm, below which
the surface grain size remains relatively constant around 25 nm. After thermal annealing, the
surface morphology (e.g., grain size and shape) changes differently with different layer thickness.
In layer thickness 200 nm case, no significant change is observed for annealing up to 300 <C, only
slight grain growth after 400 <C and recrystallized grains after 500 <C, and all of these changes are
consist with those indicated from the cross-section SEM (Fig. 4.4). In layer thickness 50 nm case,
the surface shows no measurable microstructure change up to 300 <C, but recrystallization upon

400 <Tannealing and fully recrystallized grain structure after 500 <T annealing. In layer thickness
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8 nm case, the morphology was almost identical after 200 <C to that of the as-deposited, consistent
with the TEM observation, confirming insignificant atomic diffusion during low-T annealing. At
300 <C annealing, much sharper grain structure covers the whole surface (indicated by the bright
dots), probably due to diffusion-induced grain sharpening and Ti-Ni intermetallic phase. After

high-T annealing, a very different surface morphology corresponding to the Ti-Nialloys is formed.

Combining the information from XRD, SEM and TEM, the microstructure evolution associated
with different layer thickness and annealing temperature may be summarized as following. After
low-T annealing, no significant microstructure change is observed in the thick and intermediate
layer cases, and slight atomic diffusion occurs in the thin layer cases. After 300 <C annealing,
increased thermal diffusion and even intermetallic formation happened in the thin layer cases,
while still no obvious change in other cases. After high-T annealing, the phenomena is quite
different for different cases. In the thick layer cases, only slight grain growth happened after 400
<C and recrystallization happened after 500 <C with significant voiding due to diffusion. In the
intermediate layer case, however, significant recrystallization started after 400 <C which continued
to 500 <C, and only partially layered structure is maintained. In addition to grain growth and
recrystallization in the thick and intermediate layer cases, there is also Ti-Ni intermetallic
formation along the interfaces. In the thin layer case, the initially multilayered structure evolved
into a completely alloyed structure. These detailed microstructure evolution and analysis will be
utilized to explain the observed layer thickness, annealing temperature and loading orientation

dependent hardness and strengthening mechanisms in next section.
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Figure 4.7: SEM images of surface morphology for Ti/Ni multilayer thin films in thick-layer
case 200 nm (a) as-deposited (b) 300 <C annealed (c) 400 <C annealed (d) 500 <C annealed, in
intermediate-layer case 50nm (e) as-deposited (f) 300 T annealed (g) 400 <T annealed (h) 500 T
annealed, and in thin-layer case 8 nm (i) as-deposited (j) 200 <C annealed (k) 300 <C annealed (1)
400 <C annealed.
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4.5 STRENGTHENING MECHANISM

4.5.1 Strengthening Mechanisms in Low-T Annealed Multilayer Thin Films

To demonstrate the effect of annealing on the hardness of the Ti/Ni multilayer thin films, Fig. 4.8
shows the hardness as a function of individual layer thickness for as-deposited and low-T annealed
Ti/Ni multilayer thin films by surface indentation. Clearly, the low-T annealing led to a significant
strengthening effect on the multilayer thin films and more pronounced strengthening is shown on
the films with smaller individual layer thickness. In addition, higher annealing temperature is
shown to lead to a more significant hardness. Since the annealing temperature here is much lower
than the recrystallization temperature (around 400 <C), there is little microstructure change after
low-T annealing. This is confirmed by the previous SEM: no noticeable grain size change. On the
other hand, the low-T annealing induced peak narrowing shown in the XRD spectra could be due
to either microstrain reduction or grain size increase. However, it is well known that grain growth
can soften material strength. Furthermore, there is neither any new Ti/Ni nor Ti-Ni intermetallic
peak from the XRD spectra. Literature also showed that Ti-Ni intermetallic would only start to
form after annealing at 400 <C for Ti/Ni multilayer thin films. Therefore, neither small grain
induced Hall-Petch strengthening nor new Ti-Ni phase involved precipitation hardening are
responsible for the increased hardness with increasing temperature. As a result, the reduced
microstrain as indicated in Table 3.2 should be the main reason for the observed peak narrowing

and the hardness strengthening.
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Figure 4.8: Hardness evolution as a function of layer thickness for both as-deposited and low-
T annealed Ti/Ni multilayer thin films. More strengthening is observed inthin layer cases annealed

at higher temperature.

The strength increase after low-T annealing has been previously reported by others on bulk
nanocrystalline material and grain boundary relaxation is considered as the hardening mechanism.
When the grain size is below 100 nm, grain boundaries occupy a significant volume fraction of
the material, and the corresponding grain boundary mediated processes evolve into plastic
deformation, such as grain boundary sliding. These deformation mechanisms tend to soften the
material. However, these softening effects may be significantly suppressed by low-T annealing.
During the annealing process, the number of grain boundary atoms decreases and the grain
boundaries relax into a more equilibrated and ordered state, which provide a higher barrier for

dislocation emission or grain boundary sliding, and thus force the material to deform by dislocation
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glide. The annealing induced grain boundary relaxation has been studied experimentally and
computationally on bulk nanocrystalline materials, and all of these studies suggest that not only
size scale but also grain boundary state can dramatically affect the material strength and

deformation.

The same mechanisms seem to be activated here in the Ti/Ni multilayer thin film systems —
annealing led to the grain boundary relaxation and higher resistance of the multilayers to yielding,
and thus increased hardness. In previous section, a Williamson-Hall fitting of the XRD peak
profiles revealed the reduction of the microstrain in low-T annealing Ti/Ni multilayer thin films,
further indicating that the grain boundary relaxation is the strengthening mechanism in this
temperature range. The layer thickness dependent thermal strengthening shown here also further
indicates that systems with large layer thickness may require higher annealing temperature to
activate the grain boundary relaxation process due to the associated large grain size. In contrary,
for films with smaller layer thickness, smaller grains dominate and the grain boundaries can be
easily relaxed after annealing at low-T. Moreover, the kinetic analysis in Rupert’s work showed
that higher annealing temperature may activate more relaxation processes and hence results in
more strengthening. This is confirmed by the indentation hardness results shown in Fig. 4.8, which
shows higher hardness after annealing at higher temperature, especially when the layer thickness

issmall, e.g., the 25 nm case displays about 16% higher hardness after annealing at 200 <C.

When layer thickness is below 16 nm, as shown inFig. 4.8, a softening trend with decreasing layer

thickness is observed for as-deposited samples due to possible grain boundary mediated motions,

as discussed in Chapter 3. After low-T annealing, however, the grain boundary mediated motions
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may be suppressed due to the more ordered grain boundary structure and the materials deform by
dislocationglide, and as a result, a strengthening trend with decreasing layer thickness is observed
for low-T annealing samples. In addition, slight diffusion was indicated from the microstructure
characterization and the hardness enhancement in thin layer cases could be partially due to solid

solution strengthening from diffused Tiand Ni atoms.

Fig. 4.9 shows the side-by-side bar graph comparison between surface indentation and cross-
section indentation for the Ti/Ni multilayer thin films in thick and intermediate layer cases with
the annealing induced hardening shown as increments from the previous temperature. Clearly more
annealing induced strengthening is observed for the cross-sections. Since cross-section indentation
covers two times more interfaces than that in surface indentation, this indicates that in addition to
the grain boundary relaxation, low-temperature annealing might have also induced more stable
interfaces. For the thick layer case, little thermal strengthening is observed in the surface
indentation, while obvious strengthening for the cross-section indentation. This may be attributed
to the small cross-section grain width as shown in Fig.4.2 since grain boundary relaxation can be

more easily activated with the smaller grains.
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Figure 4.9: The comparison of hardening from surface and cross-section indentations after

low-T annealing. More hardening is observed in cross-section indentation.

4.5.2 Strengthening Mechanisms in 300 T Annealed Multilayer Thin Films

Fig. 4.10 shows the hardness evolution with different layer thickness for 200 <€ and 300 <C
annealed samples. All layers showed an increased hardness from 200 <C to 300 <C, but a much
larger amount of strengthening in the thicker layer. Grain boundary relaxation may continue to be
the operative mechanism in the thick- and intermediate-layer cases since almost no obvious
microstructure modification is detected for these cases after 300 <C annealing. The slightly higher
temperature appears to have provided sufficient energy to activate the grain boundary relaxation

process in thick layer cases, leading to an initial strengthening. However, the grain boundary
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relaxation strengthening in the intermediate layer cases may have approached the saturation limit
after low-T annealing, thus only moderate strengthening is observed after 300 <C annealing. In the
thin layer cases, however, since a large extent of diffusion and Ti-Ni intermetallic formation were
detected, solid solution strengthening and precipitation strengthening of intermetallic should be

the dominating mechanisms together with continued grain boundary relaxation.

In addition, for thick and intermediate layer cases, the similar strengthening behavior is also

observed in cross-section indentation, with more strengthening in thick layer cases.
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Figure 4.10: Hardness evolution with varying layer thickness for 200 <C and 300 <C annealed

Ti/Ni multilayer thin films. More strengthening is observed in thick layer cases.
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4.5.3 Strengthening/softening Mechanisms in High-T Annealed Multilayer Thin Films

Based on the microstructure analysis in previous sections, the strong layer thickness dependent
hardness behavior observed after high-T annealing (400 <€ ~ 500 <C) may be attributed to
combined results from grain boundary relaxation, solid solution strengthening, precipitation

strengthening, intermetallic strengthening, and grain growth softening.

The results from surface indentation are first analyzed here. In the thick layer cases, grain boundary
relaxation could be the dominating mechanism for the continued strengthening after 400 <C
annealing while grain growth is responsible for the dramatic softening after 500 <C. Note that
slight grain growth was observed after 400 <C annealing. In the intermediate layer cases,
continuously decreased hardness with increasing annealing temperature is also due to the grain
growth, while the opposite trend in the thin layer cases is a result of the fully intermixed and

completely alloyed structure.

In addition, the strong orientation dependent hardness behavior observed in the thick and
intermediate layer cases can be attributed to high-T annealing induced crystallographic texture and
precipitations. After high-T annealing, the recrystallized and grown surface grains have a size up
to hundreds of nanometers, while the grain width is only a few tens of nanometers from the cross
section. In addition, the Ti-Ni intermetallics formed along the interfaces and the fact that cross-
section indentation covers two times more interfaces compared to the surface indentation also

contributes to the observed mechanical anisotropy after high-T annealing.
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454 Integrated Annealing Temperature — Layer Thickness — Loading Orientation
Dependent Strengthening Mechanism

The systematic study on integrated annealing temperature - layer thickness - loading orientation
effect on the hardness of Ti/Ni multilayer thin films provides new insights on the
strengthening/softening mechanisms of nanometric metallic multilayer thin films. A qualitative
strengthening mechanism map is proposed in Fig. 4.11 based on the discussions in sections 4.5.1-
4.5.2, integrating the effect from annealing temperature, layer thickness, and the loading

orientation. Detailed discussions are presented as following.

For as-deposited multilayer thin films, dislocation-mediated motions are the dominating
strengthening mechanisms with decreasing layer thickness, e.g. dislocation pile-up along interface
with layer thickness down to tens of nanometers and single dislocation bowing between interfaces
with layer thickness from a few tens of nanometers to a few nanometers. However, the latter
motion could be the dominating strengthening mechanism with layer thickness up to hundreds of
nanometers when the loading orientation switches from perpendicular to parallel to the interfaces.
With layer thickness of a few nanometers, the softening with further reduced layer thickness can

be attributed to grain boundary mediated motions such as grain boundary sliding and rotation.
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Figure 4.11: Schematic of strengthening/softening mechanism map of integrated annealing

temperature, layer thickness, and loading orientation for Ti/Ni multilayer thin films.

However, the abovementioned grain boundary mediated processes can be suppressed by annealing
activated grain boundary relaxation. Low-T annealing can trigger this grain boundary relaxation
mechanism more easily in thin layer cases due to the small grain size and large volume of grain
boundary atoms. More strengthening is achieved in cross-section loading due to smaller grain

width compared to the much larger particle size on the surface.
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Continued annealing (e.g. 300 <C) could provide sufficient energy to activate grain boundary
relaxation in the thick layer cases, leading to an initial strengthening. In the intermediate layer
cases, further strengthening is achieved, but moderate since the low-T annealing induced
strengthening may have approached the saturation limit. In the thin layer cases, however, in
addition to grain boundary relaxation, strengthening isalso resulted from solid solution of diffused

atoms and precipitation of intermetallics.

Under high-T annealing, grain boundary relaxation induced strengthening in the thick layer cases
will eventually be overtaken by recrystallization and grain growth induced softening. In the
intermediate layer thickness, high-T induced grain growth softening appears at a lower temperature
(e.g. 400 T vs. 500 <T) compared to the thick layer cases. However, slight strengthening may
continue in the cross section loading due to high-T induced anisotropic texture and intermetallic
precipitates. In the thin layer cases, a fully intermixed and completely alloyed structure results in

a continuously increased hardness with increasing annealing temperature.

Therefore, from as-deposited to annealed multilayer thin films, grain boundary relaxation is the
initial strengthening mechanism with higher activation temperature required for thicker layers. The
strengthening mechanism transitions from grain boundary relaxation to solid solution and
precipitation strengthening with the increase of annealing temperature, due to high thermal energy
induced atomic diffusion and intermetallic formation. After high-T annealing, the hardness
evolution is determined by two competing mechanisms — strengthening due to alloy formation and

softening due to recrystallization and grain growth. For thin layers, the fully intermixed and
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completely alloyed structure lead to continuously increased hardness. For thick layers, the layered
structure is till maintained due to the large layer thickness despite of the extensive diffusion along
the layer interfaces. Recrystallization and full grain growth leads to softening. Therefore, the layer
thickness controls the mechanism switch between alloying strengthening and grain growth

softening in the high temperature regime.
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4.6 CONCLUSION

In the current work, a systematical study on integrated annealing temperature — layer thickness —
loading orientation effect on the strengthening mechanisms of Ti/Ni multilayer thin films was
carried out with a wide range of layer thickness, 200 nm — 6 nm, and annealing temperature from
RT to 500 <C. A monotonically increased hardness is observed with the whole range of annealing
temperatures for the thin layer cases. For the intermediate layer cases, an increasing trend was
observed from low-T to a transition temperature of 300 <C, and then a decreased hardness was
observed with high-T annealing. For the thick layer cases, the hardness started to show an increase
after 300 <C annealing which continues into the high-T (400 <C) annealing, and then a dramatic

drop after further increased temperature (500 <C).

These hardness behaviors can be explained through microstructure characterization and analysis.
Under low-T annealing, no significant microstructure change in the thick and intermediate layer
cases, and slight atomic diffusion occurred in the thin layer cases. After 300 <T annealing,
increased thermal diffusion and even intermetallic formation happened in the thin layer cases,
while still no obvious change in other cases. After high-T annealing, the phenomena is quite
different for different cases. In the thick layer cases, only slight grain growth happened after 400
<C and recrystallization happened after 500 < with significant voiding due to diffusion. In the
intermediate layer cases, however, significant recrystallization started after 400 <C which
continued to 500 <C, and only partially layered structure is maintained. In addition to grain growth
and recrystallization in the thick and intermediate layer cases, there is also Ti-Ni intermetallic
formation along the interfaces. In the thin layer cases, the initially multilayered structure evolved

into a completely alloyed structure.
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Based on the detailed mechanical and microstructural analysis, a qualitative strengthening
mechanism map integrating effects from annealing temperature, layer thickness, and loading
orientation is proposed. Under room temperature, dislocation mediated activities, including
dislocation pile-up along layer interfaces for layer thickness over 50 nm and single dislocation
bowing between interfaces for layer thickness over 12 nm, are responsible for the observed layer
thickness strengthening. Based on the literature report, the observed softening behavior for
multilayer thin films with even smaller layer thickness may be attributed to grain boundary
mediated motions. After low-T annealing, grain boundary relaxation is considered to be the
dominating strengthening mechanism with increasing activation temperature required for thicker
layers. With increasing annealing temperature, the strengthening mechanism transitions from grain
boundary relaxation to two competing mechanisms — solid solution and intermetallic precipitation
hardening, and recrystallization and grain growth induced softening. The exact trend for the
hardness evolution is determined by the layer thickness — strengthening trend dominates the thin
layer behavior due to the small layer thickness and large number of interfaces which facilitate more
solid solution formation and intermetallic precipitation as well as complete alloying, while
softening trend dominates the thick layer behavior due to the large extent of recrystallization and
grain growth within the layers. For intermediate layer thickness, the trend of the hardness evolution
switches from grain growth softening to intermetallic precipitation strengthening by changing the

loading orientation from perpendicular to parallel to the interfaces.

The results in this study highlight the integrated effects of annealing temperature, layer thickness,

and loading orientation on the mechanical strength and thermal stability of metallic multilayer
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systems. The improved understanding of the deformation and strengthening mechanisms may
provide meaningful guidelines on the control and optimization of this important class of future

engineered materials.
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Chapter 5. DEPOSITION TEMPERATURE INDUCED TEXTURE
AND STRENGTHENING OF TI/NI MULTILAYER
THIN FILMS

5.1 INTRODUCTION

Deposition temperature/substrate temperature plays an important role during thin film deposition
in order to achieve desired microstructure for optimum functional properties [90]. For example,
with close control of the deposition conditions, a homogeneous ordered NbsSn thin film exhibits
superconducting property in the design of a superconducting power transmission line (SPTL) [91],
and a highly textured Al-doped ZnO thin film deposited with substrate temperature 150 <C displays
low resistivity and high visible optical transmittance [92], which can be applied as transparent
electrodes for solar cells, flat panel displays, and thermal coatings. From the viewpoint of
thermodynamics, polycrystalline thin film prefers a certain crystallographic texture with
orientation perpendicular to the planes of lowest surface energy [93, 94], such as (111) plane in
FCC structures, (110) plane in BCC structures and (002) plane in HCP structures [95]. On the
other hand, the crystallographic texture also depends on the orientation, shape, and size of the
initial nucleus [96, 97]. Substrate temperature has significant effect in the mobility of the adatoms
and surface diffusion, and hence affects the initial nucleus formation. The consequent
crystallographic texture changes during film growth, accompanying with functional properties of
thin film materials, including thin film yield strength/hardness [98-100]. Zhang et al. reported
hardness enhancement of alumina thin film due to low substrate temperature deposition induced

crystallization of Al;Os; [101]. Wu et al. performed microstructural and mechanical properties
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characterization for Sc thin films as a function of substrate temperature, and found out that with
the increase of substrate temperature, an initial softening was achieved due to grain growth, and
then an strengthening was due to a combination of larger fraction of textured film, smaller grain

size and higher densification [102].

Substrate temperature induced texturing could be observed in multilayer thin films as well [91].
Multilayer thin films have attracted more attention [33, 35, 103, 104] due to their advanced
functional properties (electrical, magnetic, optical and mechanical) [24, 25, 27, 30, 31] compared
to monolithic films of the constituent materials. With precise control of deposition temperature,
the functional properties of multilayers can be further enhanced due to textured microstructure. In
general, low deposition temperature could generate highly textured multilayers, which probably
accompanies with better electrical and mechanical properties. Higher deposition temperature can
generate solid solutes and intermetallic precipitates along interfaces and the precipitates were
proved to enhance both mechanical [35] and magnetic properties [105]. High deposition
temperature could probably lead to fully intermixing to form alloys, which provides an alternative
method for alloy thin film fabrication. Although temperature deposited multilayers provide large
potential for advanced properties and wide applications, detailed investigation of deposition
temperature dependent microstructural and functional properties of multilayer thin films are still

limited in literature.
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In this work, the Ti/Ni multilayer system is selected as a model system to study substrate
temperature induced microstructural and mechanical properties modifications. The first part of this
work is to study the substrate temperature effect with a wide range temperature up to 500 <C by
using one type of Ti/Ni multilayer system with individual layer thickness 20 nm. The second part
is to further investigate coupled substrate temperature and layer thickness effect, with a wide range

layer thickness from 200 nm to 10 nm and substrate temperature less than 300 <C.
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5.2 EXPERIMENTAL DETAILS

The Ti/Ni multilayer thin films were deposited using Ti (99.995%) and Ni (99.999%) targets in a
magnetron sputtering system equipped with DC power supplies. The detailed deposition method
is the same as introduced in Chapter 3. For substrate temperature effect study, Ti/Ni multilayer
thin films with layer thickness 20 nm were deposited with the substrate temperature ranging from
RT to 500 <C. Heating was applied from the irradiation of two quartz lamps. For layer thickness
effect study, Ti/Ni multilayer thin films were deposited with layer thickness varying from 250 nm

to 10 nm and substrate temperature ranging from RT to 200 <C.

The hardness of Ti/Ni multilayers was measured by Nanoindentation with a Berkvoic indenter tip.
A minimum of 40 indents were performed on at least two specimens of each multilayer to obtain
the average film hardness. XRD testing was carried out to determine the crystallographic texture,
and SEM was conducted to obtain both surface and cross section morphologies of Ti/Ni

multilayers.
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5.3 SUBSTRATE TEMPERATURE EFFECT ON TEXTURE AND STRENGTHENING OF

Ti1/NI MULTILAYER THIN FILMS

5.3.1 Hardness Results

Fig. 5.1 shows the hardness as a function of substrate temperature for Ti/Ni multilayers with
individual layer thickness 20 nm. The hardness of as-deposited multilayer film under room
temperature (RT) is around 5.99 GPa. A monotonically increased hardness was observed with the
increase of substrate temperature. For example, 100 <C deposited multilayer shows an approximate
hardness 6.81 GPa, about 13% increase, and 500 <C deposited film displays an ultrahigh hardness
around 8.00 GPa, about 1/3 higher than RT case. For the convenience of the following
presentation, the results are divided into four temperature regions: RT, low substrate temperature
(low-ST) with T <300 <C, transitional substrate temperature with T = 300 <C, and high substrate
temperature (high-ST) with T > 300 <C. This division of temperature will be used throughout the
manuscript. In order to understand the hardness behavior with respect to the substrate temperature
and the corresponding strengthening mechanisms, it is important to investigate the detailed

microstructure evolution first.
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Figure 5.1: Hardness of as-deposited Ti/Ni multilayer thin films as a function of substrate
temperature from RT to 500 <C. The hardness increases monotonically with the substrate
temperature. The temperature range is divided into four regions: RT, low-ST, 300 <C and high-
ST.

5.3.2 Microstructure characterization

Fig. 5.2 shows XRD patterns for Ti/Ni multilayers deposited at a wide temperature range from RT
to 500 <C. Overall, minor change is observed in low-ST cases compared to RT case, while
significant change observed in high-ST cases. Specifically, in RT case, a strong peak at 44.3°is
detected corresponding to (111) plane from FCC Ni, and a tiny peak at 76.2<for Ni (200). Two
small peaks at 35.5<and 38.6<correspond to (100) and (002) planes from HCP Ti. In low-ST
cases, an obvious difference is the disappearance of Ti (100) peak. Ti (002) peak becomes stronger

in 100 <T case, while slightly weaker in 200 <C case. The Ni (200) peak becomes less intense
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with the increase of substrate temperature. In high-ST cases, a totally different spectra is detected
with only one new broad peak at 43.5< which is probably formed by a combination of Ti-Ni
intermetallic phase and an amorphous broad peak. The intermetallic phase corresponds to either
one of NiTi (002), NisTi (004) and NisTis (122), or a mixture. In 300 <T case, only one broad peak
was detected as well, locating between the Ni (111) peak in low-ST cases and the intermetallic
peak in high-ST cases. This peak could correspond to a combination of Ni (111) phase, Ti-Ni

intermetallic phases and amorphous structure.
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Figure 5.2: XRD patterns of Ti/Ni multilayers deposited at a wide range of substrate
temperature from RT to 500 <C. Similar spectra were achieved in low-ST cases, and a broad
intermetallic peak was only detected in high-ST cases, corresponding to either one of NiTi (002),
NisTi (004) and Ni4Tis (122), or a combination of them.
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Based on the XRD results, the Ti/Ni multilayer crystallographic texture evolution with the
substrate temperature can be summarized as following. At the initial stage of film growth, the
nuclei have mixed orientations with (111) and (200) for FCC Ni, (100) and (002) for HCP Ti. After
the impingement of crystal islands, Ni crystals with (111) orientation and Ti crystals with (002)
orientation, which have lower surface energy, grow quicker during film growth and thus occupy
more volume of the films. The corresponding growth rates of preferred orientations would be
determined by adatom mobility and shadowing effect. Under RT, the adatom mobility is limited
and shadowing effect is significant [106, 107], resulting in crystals with different orientations in
the film. In 100 <C case, provided with more energy, the adatom mobility is enhanced and
shadowing effect is limited, promoting the development of preferred crystallographic texture and
resulting in the weakening of Ni (200) peak and disappearance of Ti (100) peak. In 200 <T case,
the adatom mobility is even higher, leading to strong Ni (111) and Ti (002) peaks. On the other
hand, higher substrate temperature also induces atomic diffusion along Ti/Ni interfaces, resulting
in slightly weaker Ti (002) peak compared to 100 <C case. A slight peak shifting is observed for
Ti (002) peak due to the compressive thermal stressin Ti layer infilm growth direction. In addition,
peak broadening can be also observed for both Ti (002) and Ni (111) peaks. In general, the peak
broadening is generated from either smaller grain or larger strain. In 300 <C case, higher substrate
temperature provides sufficient energy for massive diffusion during thin film deposition, leading
to further intermetallic precipitates along interfaces. Eventually, a mixture of Ni (111) phase and
intermetallic phase is formed. In high-ST cases, with high temperature and sufficient energy, the
large adatom surface mobility is generally adequate to form the phases predicted by the phase
diagram [107]. According to Ti-Ni phase diagram, Ti-Ni intermetallic phases can be detected with

temperature higher than 400 <C. A broad peak is observed in high-ST cases, probably due to small
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intermetallic grains. Since Ni and Ti has an approximate ratio 1:1, assumed full intermixing of Ti
and Ni layers, the intermetallic phase could come from a martensitic NiTi (B19’), which is
probably formed after cooling from high temperature. In this case, NiTi (002) could be the detected
intermetallic peak. Besides, (002) plane is also the preferred crystallographic texture in B19’
structure since it is the closest packed plane. That could be the reason why only NiTi (002) peak
detected in the XRD spectra. However, this peak might also correspond to NisTi (004) phase. Since
Ni has higher mobility than Ti, itis possible to have more Ni atoms in some local areas, promoting
the formation of NisTi phase. NisTi has a hexagonal structure, and (001) plane family is preferred
due to the lowest surface energy. In addition, this peak might partially corresponds to a metastable
structure NiTis, which was detected as precipitates in NiTi structure [108]. The XRD results here
confirm that high-ST deposition of Ti/Ni multilayers could be an alternative fabrication process

for TiNi SMA, and furthermore, the intermetallic is formed with preferred crystallography texture.

Next, the surface and cross-section morphological evolution in Ti/Ni multilayers with substrate
temperature was shown by SEM images. Fig. 5.3 shows the surface SEM images samples
deposited under various substrate temperature from RT to 500 <C. In RT case, the plan-view shows
a homogeneous Ni surface with uniform grain distribution as shown in Fig. 5.3(a). The Ni grain
size is around 25 nm. In 100 <C case, homogeneous grain surface was observed while with much
larger grain size around 70 nm. It isinteresting to note that grain growth in this case does not soften
the material. The grain growth is due to higher temperature activated grain boundary migration.
The grain boundaries of initial crystals can extend outward during the film growth until

impingement, and thus larger grains can be formed. In 200 <C case, similar surface morphology
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was observed, although the grain boundary is not as sharp as that in 100 <C case. A similar film
growth mode is expected as in 100 <C case, but there is more diffusion due to higher temperature,
which is also confirmed by XRD spectra. Surface diffusion leads to indistinct grain boundaries on
the surface as shown in Fig. 5.3(c). In 300 <C case, even less distinct grain boundaries were
observed on the surface, and there are more voids between grains as shown in Fig. 5.3(d). In high-
ST cases, totally different surface morphologies were shown. The dome shaped grains were
observed closely packed on the surface in 400 <C case, and a recrystallized grain surface in 500
<C case. According to the XRD results, only Ti-Ni intermetallic phases were detected in high-ST
cases. The domed grains and recrystallized grains are probably alloy grains. The domed alloy
grains show an average grain size 50 nm. The recrystallized particles are composed of several
small grains and well separated with each other, leaving voids on the surface. The morphologies
in high-ST cases indicate large surface diffusion and bulk diffusion under such high deposition

temperature.
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Figure 5.3: SEM images of surface morphology of Ti/Ni multilayer films deposited with
various substrate temperatures from RT to 500 <C. Homogeneous grains are shown in RT, grain
growth in low-ST, domed alloy grains in 400 <C, and recrystallization in 500 <C.
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The as-deposited film morphology with substrate temperature can be predicted by Thornton’s

Model. The zone | structure is defined as fibres of small diameter with 0 <T, /T, <0.2. The zone

T structure is inhomogeneous, with fine crystalline at the substrate, composed of V-shaped grains

in the next thickness range while columnar in the upper part with 02 <T, /T, <0.4. The zone Il
structure is characterized by columnar shaped grains from the bottom to the top with 0.4 <T_ /T,
. The zone 111 structure is characterized by equi-axed three dimensional grains with larger T,/T,,.

Fig. 5.4 shows the cross-section morphology evolution of Ti/Ni multilayers with substrate
temperature. In RT case, layered structure was clearly observed in the SEM image, with bright
layer Ni and dark one Ti as shown in Fig. 5.4(a). According to Thornton’s Model, RT deposited
film generally follows Zone T structure. Grain growth could be expected during film growth. For
multilayers in this work, however, grain growth can be disrupted by layered structure. Due to the
low adatom mobility and shadow effect, nucleation occurs when each new layer starts to grow,
leading to incoherent interface in RT-deposited Ti/Ni multilayers. In low-ST cases, textured films
were observed with columnar structure extending through the layers. The columnar width is
comparable with surface grain size around 75 nm. The cross-sectionmorphology follows structure
from Zone T to Zone 2, with columnar structure due to competitive growth mode and
restructuration growth mode. The distinct layers were still observed within columns, indicating
few nucleation at each layer, which is probably due to the enhanced adatom mobility at higher
temperature. The interfaces inthis case could be coherent or semi-coherent within columnar grains.
The grain growth compared to RT case is due to grain boundary mobility at higher temperature.
In 300 T cases, more distinct columnar structure is observed from bottom to top, which follows
the structure in Zone 2 as shown in Fig. 5.4(d). When the temperature is higher, such as 300 <C

here, grain boundary migration is significant, leading to expansion of initial crystal islands during
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film growth, and eventually acomplete columnar structure can be formed following restructuration
growth mode [107]. The coherent or semi-coherent interfaces within columnar grains can generate
large strain due to lattice mismatch between Ti and Ni, which explains the broader Ti and Ni peaks

detected at higher temperature in aforementioned XRD spectra.

In high-ST cases, the SEM images show a completely different cross-section morphology with
columnar structures in the upper part of the film and layered structures near the substrate as shown
in Fig. 5.4 (e) and (f). Almost no layered structure is observed within the column. According to
the XRD results, the columns could be Ti-Ni alloys. The alloys are formed due to high temperature -
induced intermixing and intermetallic formation, and the columns are formed according to
restructuration growth mode in Zone 2 as discussed in 300 <C case. Thus, slightly increased
column width was observed in high-ST cases. As to the layered structure near the substrate, there
are two possible reasons. Since Ti-Ni intermetallic formation can be treated as a recrystallization
process, there will be a time delay for its occurrence®. Thus, the initial film growth could be
expected similar as in 300 <C case, that is, layered structure near the substrate. In addition, with
high substrate temperature, the factor of crystal size during impingement could play a more
important role than surface diffusion during film growth [96, 97]. Upon impingement, the crystal
islands with other orientations have smaller size than those from preferential textures such as Ni
(111) and Ti (002), and thus develop faster. As a result, the first layers display less distinct
columnar structure and less ordered interfaces compared to 300 <C case. In 500 <C case, the
alloying columns become slightly wider and fewer layers were observed near the substrate. In the

upper part of the films, recrystallization was observed locally, which is consistent with surface
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morphology result as shown in Fig. 5.3(e). This morphology indicates that 500 <T deposition can

produce film structure as a transition from Zone 2 to Zone 3 in Thornton’s Model.

Figure 5.4: SEM images of surface morphology of Ti/Ni multilayer films deposited with
various substrate temperatures from RT to 500 <C. Layered structure with incoherent interface was
observed in RT case, textured film in low-ST cases with columnar structure extending through

layers, and columnar alloy grains in high-ST cases with disintegration of layered structures.
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Fig. 5.5 shows the XPS depth profiles for samples deposited under various substrate temperature
from RT to 500 <C with individual layer thickness 50 nm. The larger layer thickness 50 nm is used
here in order to achieve high resolution depth profile. In RT case, clear periodic depth profiles are
observed for both Ti and Ni, indicating layered structure in RT case. In low-ST cases (100 <C and
200 <C), similar periodic profiles are shown compared to the RT case, while obvious intermixing
could be indicated in 300 <C case, indicating obvious diffusion along Ti-Ni interfaces. In high-ST
cases, almost no periodic profiles are observed for both Ti and Ni, indicating that fully intermixed

and complete alloyed structure is probably formed.
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Figure 5.5: XPS depth profile for Ti/Ni multilayer thin film with different substrate
temperature from RT to 500 <C. No obvious change is observed in low-ST cases, and significant

diffusion is indicated in 300 T case, and fully intermix indicated in high-ST cases.
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5.3.3 Discussion

From the aforementioned hardness behavior and microstructure characterization, the effect of
substrate temperature on microstructural and mechanical properties is significant. Fig. 5.6 shows
a schematic of strengthening mechanisms evolution for Ti/Ni multilayers with the increase of
substrate temperature. In 100 <C case, larger grain size is observed than that in RT case as shown
in Fig. 5.3(b) and it is well accepted that grain growth can cause softening. However, instead of
softening, an obvious strengthening is achieved in 100 <C case. In this work, the layer thickness is
about 20 nm, smaller than the average grain sizes (~25 nm in RT case and ~70 nm in 100 <T case),
so the layer thickness contributes to the dominant feature size for dislocation associated
deformation behaviors such as dislocation pile-up against the interfaces or single dislocation
bowing within interfaces. Layer thickness rather than grain size would determine material strength
in this case. The mechanical strengthening is partially due to texturing with preferential
orientations, such as Ni (111) and Ti (002) as indicated by Fig. 5.2. In addition, columnar structures
are observed extending through the layers, and the Ti-Ni interfaces are coherent or semi-coherent
within the large columnar grains, providing stronger barrier for slip transmission than incoherent
interfaces in RT case. Thus the strengthening from RT case to 100 <C case is due to preferred
orientation and ordered Ti/Ni interfaces. In 200 <C case, the columnar structure is more distinct,
providing more strengthening. Besides, obvious atomic diffusion is indicated from the XRD results
and SEM images. The further strengthening can be from solid solute of diffused Ni and Ti atoms.
It is interesting to note that the strengthening mechanisms of Ti/Ni multilayer thin films from low-

ST deposition are totally different with those from low temperature annealing in our previous
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work. There is no obvious microstructural modifications after low temperature annealing, and the

strengthening mechanism is grain boundary relaxation.

In 300 <TC case, the strengthening partially comes from even more distinct columnar cross-section
structure. In previously reported works on Ti/Ni multilayer thin films?®, 300 <C annealing could
generate amorphous structure due to extensive atomic diffusion and intermixing, however, no Ti-
Ni intermetallic phase was detected. In this work, Ti-Ni intermetallic precipitates could be formed
along Ti/Ni interfaces according to above microstructure analysis. Further strengthening is due to

solid solutes of diffused Tiand Ni atoms as wellas Ti-Ni intermetallic precipitates.

In high-ST cases, the high hardness corresponds to Ti-Ni alloys. Further strengthening comes from
preferred crystallography texture of Ti-Ni intermetallic. Note that 400 <C annealing induces
complete Ti-Ni alloy, while with mixed intermetallic phases®. Thus depositing at a low
temperature and annealing at a high temperature does not produce the same microstructure, and
generally not the same phases as depositing at the same high temperature. In 500 <C case,
recrystallization is observed with smaller grain size on the surface, which results in further

strengthening.
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Figure 5.6: A schematic of strengthening mechanism of Ti/Ni multilayers deposited with
different substrate temperature. With the increase of substrate temperature, the strengthening could
be due to preferred orientations, ordered interfaces within columnar structures, solid solution,

intermetallic precipitation, columnar alloys and alloying recrystallization.
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5.4 LAYER THICKNESS EFFECT ON TEXTURE AND STRENGTHENING OF TI/NI

MULTILAYER THIN FILMS

5.4.1 Hardness

Fig. 5.7 shows the hardness results for Ti/Ni multilayer thin films with a wide layer thickness range
from 250 nm to 10 nm deposited with substrate temperature (ST) 100 <C and 200 <T as well as
those deposited under room temperature (RT). A strong layer thickness dependent hardness
behavior is observed in all cases. For RT case, increased hardness is observed with decreasing
layer thickness. This trend has been obtained in various metallic multilayer thin films in previously
reported works. For ST case, an overall strengthening is observed. For example, Ti/Ni multilayer
films with layer thickness 125 nm, shows about 5% increase in hardness after deposition at 100
<C and about 30% increase at 200 <C. This hardness achieved after deposition at 200 <C is even
higher than the maximum hardness value from multilayers in RT case. The strengthening trend as
the substrate temperature increases is consist with previously reported works. Furthermore, this
work shows the layer thickness dependent strengthening behavior with different substrate
temperature as shown in the insert figure in Fig. 5.7. For multilayer films deposited at 100 <C,
more strengthening is achieved as the layer thickness decreases with layer thickness below 100
nm (thin layer), however, more strengthening is observed as the layer thickness increases with
layer thickness above 100 nm (thick layer). For multilayer films deposited at 200 <C, more

strengthening in samples with thin layer than those with thick layer.
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Figure 5.7: Hardness result for Ti/Ni multilayer thin films deposited under RT and with
substrate temperature 100 <C and 200 <C. An overall strengthening is observed in films deposited
with ST. Insert figure shows the strengthening in multilayers deposited at 100 <C and 200 <C. The

strengthening behavior with various ST is different between multilayers with thin layer and
multilayers with thick layer.

5.4.2 Microstructure

Microstructure modifications are expected to play an important role in strengthening behavior in
multilayers with thin and thick layer. Fig. 5.8 shows XRD patterns for RT, 100 <C and 200 <C
deposited Ti/Ni multilayer thin films with layer thickness 50 nm (Fig. 5.8(a)) and 250 nm (Fig.
5.8(b)). For multilayers deposited under RT, a strong peak at 44.3°corresponds to Ni (111), the
peak at 76.2for Ni (200), and the peak at 38.6 <for Ti (002). In thin layer case, an obvious peak

is detected at 35.5< corresponding to Ti (100), while limited Ti (100) peak intensity is shown in
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thick layer case, indicating that layer thickness has a significant effect on crystallographic texture
formation. At the initial stage of film growth, nuclei are formed with mixed orientations, and there
is no grain boundary immigration under RT deposition. Crystals with mixed orientation can be
formed. For thin layer case, the layer covers crystals with mixture orientation, and thus the film
shows all phases in XRD result. For thick layer case, the film follows a competitive growth mode.
Preferred crystallographic texture Ni (111) and Ti (002), which have lower surface energy, grow
quicker and occupy more volume of the film. For multilayers deposited at 100 <C, significant phase
change was observed in thin layer case. Ti (100) peak disappears and Ti (002) peak becomes
stronger. The same phenomenon was observed in Ti/Ni multilayers with layer thickness 20 nm
after 100 <C deposition. Compared to RT, 100 <T deposition provides more energy to enhance the
adatom mobility and overcome shadowing effect, so that the preferred crystallographic texture can
develop quickly, leading to strengthening of Ti (002) phase and disappearance of Ti (100) phase.
However, it is interesting to note that Ti (002) peak becomes weaker in thick layer case, which is
probably due to atomic diffusion along the Ti/Ni interfaces. For the multilayers deposited at 200
<C, both thin layer case and thick layer case display the same phase modification. For Ti, the only
peak Ti (002) becomes weaker, and for Ni, Ni (200) peak becomes stronger, indicating the ratio
of Ni (111) phase in Ni layer decreases. There could be several reasons for the intensity weakening
of preferred phases Ti (002) and Ni (111). At higher deposition temperature, the atomic diffusion
becomes more significant, and there is possibility of recrystallization. Both can strongly affect the
volume ratio of dominant phases. On the other hand, the initial crystal size could play a more
important role than surface diffusion during film growth. The islands with preferred orientation
generally have larger size, and thus develop slower in this case. In addition, compared to the results

in 100 <C, an obvious left shifting of Ti (002) peak is observed in both thin layer case and thick
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layer case, which is probably due to the compressive thermal stress in Ti layer in film growth
direction. Slightly peak broadening can be also observed, indicating the possibility of large strain

within the multilayers after 200 <C deposition.
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Figure 5.8: XRD results for Ti/Ni multilayers deposited under RT, 100 T and 200 T with

different layer thicknesses (a) 50 nm and (b) 250 nm. The crystallographic texture modifications

are different in multilayers with thin layer and thick layer.
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Fig.5.9 shows the surface morphology of RT, 100 <C and 200 <C deposited Ti/Ni multilayer films
with a wide range of layer thickness from 20 nm to 250 nm. Overall, the plan views indicate that
all the multilayer films have homogeneous Ni surfaces with uniform grain distribution. However,
with different layer thickness, different surface grain size is observed in RT deposited multilayer
films, while similar surface grain size is maintained in 100 <C and 200 <C deposited multilayer
films. Fig.5.10 shows the relationship between surface grain size and layer thickness for all the
multilayer films based on measurements from the above SEM images (solid symbol). For the
multilayers deposited at RT, the average surface grain size increases from 28 nm to 72 nm with
the individual layer thickness changes from 20 nm to 250 nm. In addition, for multilayers with
thick layer, much larger particles are observedto compose of a few grains, which was observed in
our previous work. According to Thornton’s model, film growth under RT generally follows Zone
T structure. Grain growth could be expected during film growth, and thus larger grain size is
observed in multilayers with thick layer. Shadowing effect is significant, and thus large particle is
formed by several grains. For the multilayers deposited at 100 <C, Fig. 5.10 shows the average
surface grain size 70 nm regardless of the layer thickness. The layer thickness independent grain
size is probably due to grain boundary immigration during film growth, and the critical crystal size
isabout 70 nm during impingement. For the multilayers with thick layer, the surface is well packed
and no large particle is observed as in RT deposited multilayers, indicating the shadowing effect
is limited during 100 <C deposition. For the multilayers deposited at 200 <C, similar surface grain
size is maintained as those at 100 <C as shown in Fig. 5.4, while the grain boundary is not as sharp
as those at 100 <C as shown in Fig. 5.3, indicating similar growth mode during low temperature

deposition (T<300 <C), while more atomic diffusion under higher deposition temperature. This is
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also confirmed by the aforementioned XRD results for multilayers with both thin and thick layer

as shown in Fig. 5.8.
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Figure 5.9: SEM images of surface morphology of Ti/Ni multilayer films deposited at RT,
100 € and 200 <C with a wide range of layer thickness from 20 nm to 250 nm. In RT case,
different grain size is shown in multilayers with different layer thickness, while similar grain size

is observed in multilayers in 100 <C and 200 <C cases.
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Figure 5.10: Surface grain size and cross-section columnar grain width in RT, 100 <T and 200
<T deposited Ti/Ni multilayers with layer thickness from 20 nm to 250 nm. Surface grain size was
measured based on surface SEM images in Fig. 5.3 and cross-section columnar grain width was

measured based on cross-section SEM images in Fig. 5.4.

Fig. 5.11 shows the cross-section morphology of RT, 100 <C and 200 <C deposited Ti/Ni
multilayer films with a wide range of layer thickness from 20 nm to 250 nm. A strong layer
thickness dependent cross-sectional morphology modification has been observed in both RT and
ST deposited multilayers. For the multilayers deposited at RT, columnar grains are clearly
observed in Ni layer and equi-axed grains in Ti layer. Incoherent interface is generated between
Ti and Ni layers, indicating nucleation might occur upon each layer growth. The film structure
follows Zone T in Thornton’s model, and Ni layer grows according to competitive growth mode.

Thus the columnar grain width increases with the increasing of layer thickness as shown in Fig.
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5.4. Itis interesting to note that Ti film also shows columnar grain structure in previously reported
works. For multilayers deposited at 100 <C, textured films are observed with columnar structure
extending through the layers in 20 nm case, although the columns are not highly distinct. Within
the columns, the interface is expected to be coherent or semi-coherent. Coherent interface was
detected in previous works when the layer thickness is ultra-thin for RT deposited metallic
multilayer films. Columnar Ti grains are clearly observed in 50 nm and 100 nm cases. For
multilayers with thick layer (167 nm and 250 nm), the film exhibits different structure in the upper
part and bottom part, indicating the Si substrate and layers themselves can affect the next layer
growth. In the upper part of the film, columnar grains are observed in both Ti layer and Ni layer,
and large columns are also observed to extend through layers. Although the cross-section
morphologies are not exact the same in multilayers with different layer thickness, the columnar
grain width is about the same, 70 nm, which is comparable with the surface grain size as shown in
Fig. 5.10. The layer thickness independent columnar grain width indicates that the critical crystal
size could be around 70 nm during impingement for all the cases, and the grain boundary
immigration plays an important role in determine the critical size upon impingement. For the
multilayers deposited at 200 <C, the columnar structure is more distinct in 20 nm case with similar
column width. More distinct columnar grain structure is observed in Ti layer in other cases,
however, equi-axed grains are observed in Ni layer. Thus no large columns are observed to extend
through layers in multilayers with thick layer. In addition, obvious atomic diffusion is observed at
200 <C, especially for Ni layer. This also confirms the modifications of crystallinity and surface

morphology from the aforementioned XRD results and SEM images.
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Figure 5.11: SEM images of cross-section morphology of Ti/Ni multilayer films deposited at
RT, 100 <€ and 200 <C with a wide range of layer thickness from 250 nm to 25 nm.
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5.4.3 Discussion

With the understanding of microstructure modification for Ti/Ni multilayers under different
deposition temperature, the hardness behavior and strengthening mechanisms are discussed as
following. For RT deposited multilayers, when the layer thickness is above 50 nm, the hardness

can be fitted by the Hall-Petch model:
H=H,+kh™®® (5.1)
where H isthe hardness, H, isaconstant, caused by lattice friction, k is the Hall-Petch slop, and

h is the individual layer thickness. By fitting with experimental data, we obtained H, =3.0 GPa,

and k =22.06 GPavnm . Note that the hardness in 250 nm case was not selected for fitting
because the indentation depth is less than 200 nm, the hardness result can be mainly affected by

the top Ni layer. The Hall-Petch slope can be used to estimate the peak strength for multilayers

_ | T
k = o) (5.2)

where k_=k/(2.7x3.1), 7" is the interface barrier strength for slip transmission, x is the shear

via:

modulus, b isthe Burgers vector, and v is the Poisson ratio. Substituting x =76 GPa, b=0.25

nm, and v =0.31 for Ni material, we obtained 7" =0.79 GPa, yielding a peak strength for RT
deposited Ti/Ni multilayers 6.6 GPa, which is close to the maximum hardness 6.3 GPa achieved
in experiments. The good fitting of the Hall-Petch model and precise estimate of peak strength
indicate that dislocation pile-up against interface is the dominated strengthening mechanism for

multilayers with thick layer.
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Figure 5.12: Hardness of RT, 100 <C and 200 <C deposited Ti/Ni multilayers with layer
thickness from 10 nm to 250 nm. The hardness of RT deposited multilayers is fitted by using Hall -
Petch model.

However, for 100 T deposited multilayers with thick layer, similar hardness value is maintained
when the layer thickness is above 50 nm, indicating the broken down of layer thickness mediated
Hall-Petch relationship. In this case, the surface grain size and columnar grain width is about 70
nm, much less than layer thickness, so the grain size, rather than layer thickness is the dominate
feature size for dislocation pile-up against boundaries. Thus a similar hardness level is achieved
for the multilayers with thick layer since these samples have similar surface grain size. For
multilayers with thin layer, preferred crystallographic texture is formed and thus texturing is the

dominated strengthening mechanism. With thinner layer, preferred crystallographic texture
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occupies more volume, and thus more strengthening is achieved. In addition, columnar structure
can be easier to form for multilayers with thinner layer, in which coherent or semi-coherent
interfaces are probably formed, providing more barrier to dislocation transferring. For the
multilayers deposited at 200 <C, obvious atomic diffusion is observed from XRD and SEM results,
and as a result, solid solution strengthening from diffused Ti and Ni atoms is the dominated
mechanism. For multilayers with thin layer, columnar structure becomes more distinct, providing
further strengthening. For multilayers with thick layer, recrystallization is observed in Ni layer,
which might slightly soften the material. Thus, less strengthening is achieved in multilayers with

thick layer and more strengthening in multilayers with thin layer.
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5.5 CONCLUSION

Significant texture strengthening is observed in Ti/Ni multilayer films deposited with various
substrate temperature. Under low substrate temperature deposition, columnar structure is observed
extending through Ti/Ni layers, and texture strengthening comes from preferred crystallography
orientations and ordered Ti/Ni interfaces. With the increase of substrate temperature, the columnar
structure becomes more distinct, providing more strengthening. Meanwhile, there is more atomic
diffusion and intermixing along the interfaces, promoting the formation of Ti-Ni intermetallic
precipitates. Eventually, solid solution strengthening of diffused atoms and precipitation
strengthening of Ti-Ni intermetallic becomes the dominated strengthening mechanisms. Under
high substrate temperature, a columnar Ti-Ni alloying film is observed with disintegration of Ti/Ni
layered structure. High hardness corresponds to Ti-Ni alloys and recrystallization with even higher

temperature.

In addition, significant size effect in texturing is observed in Ti/Ni multilayer thin films deposited
with substrate temperature. Overall strengthening is achieved in samples deposited at 100 <C and
200 <C, while the strengthening behavior depends on layer thickness. At 100C, preferred
orientation and ordered interface isthe dominated strengthening mechanism in thin layer case, and
with the thinner layer, the more strengthening. Smaller grain size is the dominated strengthening

mechanism in thick layer case, and with the thicker layer, the more strengthening. At 200 <C, solid
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solute hardening isthe dominated strengthening mechanism. For thin layer case, texturing provide

more strengthening, and a result, more strengthening in this case.
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Chapter 6. LASER-INDUCED MICROSTRUCTURAL
EVOLUTION AND SURFACE STRENGTHENING OF
TI/NI MULTILAYER THIN FILMS

6.1 INTRODUCTION

Laser treatment has attracted more attention recently on micro and nano-scale materials in many
ways [109]: fabrication of stable nanoparticles [110, 111] and nanocomposite thin films [112] by
laser ablation; laser crystallization, laser doping and laser cleaning in semiconductor industry; and
laser processing for micro and nanostructured solids, such as laser-induced forward transfer (LIFT)
[113] and laser-induced periodic surface structures (LIPSS) [114-117]. LIPSS have been
extensively reported and found large potential in micromachining for microelectronics and micro-
electro mechanical systems (MEMS) [118, 119]. The formation of LIPSS is attributed to
interference between the incident beam and scattered beam parallel to the substrate, and the
corresponding period and orientation of ripples can be determined by laser beam wavelength and
polarization as described by classic theories [120-123]. In addition, laser treatment can modify the
phase composition and chemical state of the irradiated surface [124-126], via surface oxidation
and intermetallic formation, accompanying the modification of surface properties. The surface
treatments have been carried out previously on bulk metallic materials to achieve better mechanical
properties such as hardness [127], fatigue [128], wear [129], and corrosion resistance. The
mechanical property enhancement is attributed to solid solutions and alloy precipitates induced by

laser treatment. The advantage of this technique is the ability to improve surface mechanical
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properties while confining the modification of both microstructure and chemical composition to a

very shallow depth from the surface within a very short interaction time.

For metallic multilayer thin films, few studies have been done on laser treatment. However, laser-
treated multilayer films could have broad potential applications. First, laser treatment on multilayer
thin films can be a convenient and quick approach to form alloy compared to thermal annealing.
Second, laser-induced surface strengthening, protective coating, and texturing could be achieved
with suitable material selection and precise laser controlling, increasing the corresponding
potential applications of multilayer thin films in aerospace/armor systems, biomedical devices, and

photovoltaic/ semiconductor industry.

In this work, Ti/Ni multilayer thin films were selected as a model system to perform laser treatment
due to their advanced functional properties (e.g. optical and magnetic) as well as mechanical
properties. Laser treatment can potentially improve the wear and corrosion resistance and
biocompatibility of Ti/Ni multilayer films by forming a Ti-Ni alloy coating on the surface,

increasing the probability of applying the Ti/Ni multilayer system for medical applications.
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6.2 EXPERIMENTAL DETAILS

In this study, the Ti/Ni multilayer thin films were prepared using the same procedure as introduce
in Chapter 3. In this work, films with two different individual layer thicknesses, - 20 nm and 50
nm, and two different total film thicknesses, - 1 um and 500 nm, were deposited. Thus a total of 4
layer thickness/film thickness combinations were studied: 20 nmy500 nm, 20 nm/1 um, 50 nm/500

nm, and 50 nm/1 um.

The aforedeposited Ti/Ni multilayer thin films were subsequently treated by a Nd: YAG pulse laser
(Leopard SS, Continuum, Santa Clara CA) with pulse duration of 120 picosecond (ps) and
wavelength of 1064 nm. Fig. 6.1 shows the schematic of the experimental setup for the laser
treatment. The Nd: YAG laser has a fixed pulse energy of 260 mJ. The combination of a half-wave
plate and a polarizer was used as an optical attenuator to adjust the pulse-energy according to the

following relationship:

E,=E
e 6.1
{ y=p 61
E, =E,cos(f+y+a)=E,cos(2f+ ) (6.2)

where E,, E;, E, are the light vector magnitudes from the laser, and after passing through the
half-wave plate and polarizer, respectively, « is the angle between the polarization direction of
the laser beam and the polarizer (which is assumed to be vertical), # and » are the entering and
exiting angles of the laser beam relative to the fast axis of the half-wave plate. During experiment,
£ was adjusted by rotating the half-wave plate to vary the deposited pulse energy which was

measured by a power-meter (Ophir, 10A-V2, MA) placed just before the sample surface. In this
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work, pulse-energy dependency was studied with a wide energy range from 25 mJ to 150 mJ. A
plano-convex lens was used to focus the original laser beam of 10 mm diameter down to a spot
with 3 mm diameter. The incident laser beam was directed on the Ti/Ni multilayer surface at an
incident angle of 67.5°due to the high reflectivity of sample surface. Each treatment consists of
50 successive pulses with a typical pulse repetition rate of 5 Hz. A three-axis translational stage

was used to precisely position the laser spot at a desired location on the sample.

Sample

Figure 6.1: Schematic of experimental setup for laser treatment on Ti/Ni multilayer thin films.
A Nd: YAG laser is used to generate laser beam. Half-wave plate and polarizer are used to adjust
the laser energy. The relation of pulse energies after each optics is shown in the left bottom corner.

For microstructure characterization, SEM was used to examine the evolution of both cross-section
and surface morphologies, and XRD with Cu K a radiation source was used to study the

crystallinity of the non-treated and laser-treated films. Fine scanning was performed with a step of
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0.06 s in order to capture detailed modifications of phase composition and chemical state after
irradiation. AFM was used to further examine the surface features for laser-treated samples. For
mechanical testing, nanoindentation was carried out with a Berkovich indenter tip for both non-
treated and laser-treated Ti/Ni multilayer films. Before and after indentation, an in-situ SPM
imaging option was used to scan the surface and ascertain the indent quality. For rough surfaces
observed after high pulse-energy treatment, manual polishing was carried out before
nanoindentation by using 0.3 um alumina slurry for about 30 seconds to remove a few nanometers

of the surface roughness.
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6.3 LASER ENERGY EFFECT ON MICROSTRUCTURAL EVOLUTION AND

SURFACE STRENGTHENING

In this part, Ti/Ni multilayer 20 nm/500 nm is used to study the microstructural evolution and

surface mechanical properties modification with respect to the laser pulse energy.

6.3.1 Microstructure Characterization

Cross-section morphology can provide direct evidence of microstructure evolution after laser
treatment. Fig. 6.2 shows the cross-section SEM images for both non-treated and laser-treated
Ti/Ni multilayer films by a wide range of pulse-energy from 25 mJ to 125 mJ. For non-treated
sample as shown in Fig. 6.2(a), well-defined Ti and Ni layers are clearly displayed with dark layer
being Ti and bright layer being Ni. In samples treated with pulse-energy of 50 mJ in Fig. 6.2(b), a
thin intermixed layer is formed on the surface with thickness around 50 nm and the remaining
thickness maintains the alternating Ti/Ni multilayered structure down to the Si substrate. The same
intermixed layer is also observed in the 75 mJ case, but with thicker intermixed layer around 100
nm as shown in Fig. 6.2(c). This partially intermixed structure appears uniform inthe whole treated
area. A totally different phenomenon isshown inthe 100 mJ case, with a fully intermixed structure
in the center area of the irradiated spot as in Fig. 6.2(e) while a partially intermixed structure is
observed in the peripheral area as shown in Fig. 6.2(f). This non-uniform cross-sectional
morphology can also be detected in samples treated with 125 mJ, as shown in Fig. 6.2(g-i),
corresponding to the cross-section morphologies in the treated center, and 0.5 mm and 1 mm on
the side. The spatial dependence after high pulse-energy treatment is attributed to the Gaussian

distribution of the laser beam profile. The formation of the intermixed layer is due to thermal
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diffusion during treatment. Laser-illumination induced ultra-high temperature on the surface and
the majority of the thermal energy is confined within a shallow depth from the surface (or heat
affected zone) to form an intermixed region. After the high pulse-energy treatment, the intermixed
layer can expand, producing bubbles and voids. For the remaining thickness of the Ti/Ni
multilayer, the microstructure appears similar to that in the non-treated sample, indicating no
obvious diffusion along Ti/Ni interfaces, although the heat diffuses through the whole film. Note
that the total film thickness is less than 500 nm after high pulse-energy treatment, as the film is

partially ablated with successive pulses.
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Figure 6.2: SEM images of cross-section morphologies for (a) non-treated and laser-treated
Ti/Ni multilayer thin films (20 nm/500 nm case) by different pulse-energies (b) 50 mJ, (c ~d) 75
mJ, (e ~f) 100 mJ and (g ~ i) 125 mJ.

Fig. 6.3 shows the XRD spectra for both non-treated and laser-treated samples with pulse-energy
from 50 to 150 mJ. In the non-treated case, two well-defined peaks at 35.7 “and 44.3are detected,
corresponding to a HCP structure for Ti (100) and a FCC structure for Ni (111) respectively. The
large intensity difference between the Ni (111) and Ti (100) peaks indicates that the Ni layer is
more crystalline and textured than the Ti layer. In the 50 mJ case, there is no obvious difference
from the non-treated one, showing neither peak weakness nor new peak formation, indicating no

Ti-Ni intermetallic formation in the thin intermixed layer formed in this sample. In the 75 mJ case,
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Ti-Ni intermetallic peaks start to appear, such as TiNi (011) and NiTi(002)/NisTi(004), indicating
that higher pulse-energy promotes the formation of Ti-Ni intermetallic. These Ti-Ni intermetallic
peaks become more intense in samples after higher pulse-energy treatment, and meanwhile more
Ti-Ni intermetallic phases can be detected such as the NisTiz as shown in the 100 and 125 mJ
cases. An extreme situation is observed in the 150 mJ case, with only NiTi peaks detected. These
XRD results show that different types of intermetallic phases can be detected after laser treatment,
such as NiTi, NisTiz and NiTi. In addition to the sufficient pulse-energy, the amount of diffused
element plays an important role as well. Ni material has higher mobility than Ti, leading to higher
fraction of Ni atoms in the locally intermixed area, where Ni4Tiz and Ni,Ti might be preferred. A
fully Ti-Ni intermixed region might promote NiTi formation. In a previous reported work, only
NiTi intermetallic is detected in laser-treated Ti/Ni multilayer samples with layer thickness of 16

nm.
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Figure 6.3: XRD patterns for non-treated and laser-treated Ti/Ni multilayer thin films by
different pulse-energies from 25 ~ 125 mJ. Ti-Ni intermetallic phases could be first detected with
pulse energy 75 mJ.

Surface morphology can provide complementary information about pulse-energy dependent
microstructure evolution. Fig. 6.4 shows the surface SEM images for non-treated and laser-treated
Ti/Ni multilayer films with different pulse energies. The non-treated sample displays a smooth
surface, covered by uniform grains with average size around 25 nm as shown in Fig. 6.4(a). In the
50 mJ case as shown in Fig. 6.4(b), some area displays vertical ripples structure while a relatively
smooth surface still maintained. In the 75 mJ case as shown in Fig. 6.4(c), a cross-hatched pattern
is observed in some local area. The detailed ripple topographies for Fig. 6.4(b) and (c) are
examined by using AFM as shown in Fig. 6.5(a) and (b), and the corresponding depth profiles
along the lines in AFM images are shown in Fig. 6.5(c) and (d). In 50 mJ case, the vertical ripple

structure has a period on the order of 250 nm and a height on the order of a few tens of nm. In 75
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mJ case, the cross-hatched pattern has a period on the order of 700 nm and a height on the order
of 100 nm. The formation of these periodic structures may be attributed to interference between
the incident beam and scattered beam parallel to the substrate as previously reported [120-123].
After treatment with high pulse-energy, a melted surface with high roughness can be observed

together with bubbles, voids and cracks as shown in the 100 mJ case in Fig. 6.4(d).

Figure 6.4: SEM images of surface morphologies for (a) non-treated and laser-treated Ti/Ni
multilayer thin films by different pulse-energies: (b) 50 mJ, (c) 75 mJ, and (d) 100 mJ.
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Figure 6.5: AFM images of surface morphologies (5 um x5 um) for laser-treated Ti/Ni
multilayer thin films by (a) 50 mJ and (b) 75 mJ as well as the corresponding depth profiles (c)
and (d) along the lines in AFM images.

Combining the SEM images and XRD spectra of both non-treated and laser-treated Ti/Ni
multilayer films, the microstructure evolution can be schematically described by Fig. 6.6. During
laser treatment, ultrahigh temperature is generated on the irradiated surface and the resulting

thermal energy diffuses through the film. With successive pulses, more and more energy is built
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up within the heat affected zone near surface area, promoting complex thermal activities and
chemical reactions, such as interdiffusion, intermixing, oxidation, alloysolidification, and melting.
Instead of the multilayered structure in the non-treated sample, an intermixed layer is formed to
overlay the Ti/Ni multilayer film. With the increase of pulse-energy, the intermixed layer becomes
thicker, and eventually a fully intermixed structure isformed. Meanwhile, the surface morphology
changes from a smooth grain surface to a periodic surface, and then to a rough melted surface.
High pulse-energy can lead to thermal expansion, producing a large number of voids and bubbles
on the surface. Additionally, high thermal stress is generated at Ti-Ni interfaces due to the different

coefficients of thermal expansion for Ti and Ni, resulting in micro-cracks in the film.

As-deposited Film Laser-treated Film

Intermix

Multilayer ==

Substrate

Figure 6.6: Schematic of microstructural evolution after laser treatment on as-deposited Ti/Ni
thin multilayer. Intermixed layer is formed on the top of multilayered structure, and periodic

surface structure is observed.
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6.3.2 Hardness Characterization

Nanoindentation was applied to obtain the hardness for Ti/Ni multilayer films. Fig. 6.7 shows the
hardness as a function of contact depth for both non-treated and laser-treated samples with pulse-
energy from 25 to 100 mJ, as well as the polished samples after high pulse-energy treatment. The
total film thickness is around 500 nm, and the maximum contact depth is controlled around 30%
of the film thickness, ~150 nm, in order to minimize the substrate effect. In the non-treated case
as in Fig. 6.7(a), a uniform hardness distribution is observed with contact depth from 70 to 140
nm. The hardness distribution can be significantly susceptible to surface quality, and the
consistency shown in this case is due to the homogeneous and smooth surface of the as-deposited
film. Similar hardness distribution is observed in the 25 mJ case as shown in Fig. 6.7(b) and the
50 mJ case shown in Fig. 6.7(c), since the relatively smooth surface can be maintained after low
pulse-energy treatment. In the 75 mJ case shown in Fig. 6.7(d), the hardness data points are
scattered within the contact depth range from 80 nm to 160 nm, due to the cross-hatched pattern
induced slightly rougher surface. In higher pulse-energy case, such as the 100 mJ in Fig. 6.7(e),
the rough melted surface, covered with voids, bubbles and cracks, leads to even more scattered
data. In order to reduce the surface roughness effect, mechanical polishing was carried out on
samples treated after high pulse-energies such as 75 mJ and 100 mJ. Manual polishing was
carefully performed by using 0.3 pm alumina for about 30 seconds to remove a few nanometers
on the surface. Fig. 6.7(f) shows the hardness distribution for the polished samples with contact
depth from 80 nm to 160 nm. By comparison, more uniform hardness distribution can be observed

after polishing.
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Figure 6.7: Hardness distribution with contact depth for both (a) non-treated and laser-treated
Ti/Ni multilayer thin films by different pulse-energies from (b ~ €) 25 ~ 100 mJ, as well as for (f)
polished samples treated by higher pulse-energies from 50 ~ 100 mJ.
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Fig. 6.8 shows the average hardness as a function of pulse-energy for both unpolished and polished
samples. For unpolished samples, almost no hardness change is observed after low pulse-energy
treatment, such as 25 mJ and 50 mJ. Note that a 50 nm intermixed layer is formed in the 50 mJ
case, indicating either the intermixed layer has the similar hardness as the multilayer film, or the
intermixed layer istoo thin to contribute inthe overall hardness. With high pulse-energy treatment,
an obvious surface strengthening is achieved, and the strengthening is attributed to precipitation
of the intermetallics. Note that a 100 nm intermixed layer is formed in the 75 mJ case, and high
hardness maintains with indentation depth as large as 160 nm, indicating the multilayers next to
the top intermixed layer could be probably strengthened as well after high pulse-energy treatment.
With even higher pulse-energy, more intermetallic is formed and as a result more strengthening is
achieved. For polished samples, the similar strengthening trend is observed with increasing pulse-
energy. Compared to unpolished samples, the polished samples have higher hardness in general,
possibly due to come contribution of polishing induced high initial dislocation density after cold

working.
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Figure 6.8: Average hardness as a function of laser pulse energy for both unpolished and

polished Ti/Ni multilayer thin films. Obvious strengthening could be first achieved after treatment
with pulse energy 75 mJ.
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6.4 THICKNESS EFFECT ON MICROSTRUCTURAL EVOLUTION AND SURFACE

STRENGTHENING: LAYER THICKNESS AND FILM THICKNESS

6.4.1 Microstructure Characterization

6.4.1.1 Layer Thickness Effect

Previous study on the 20 nm (layer thickness)/500 nm (film thickness) Ti/Ni multilayer thin films
showed that pulse-energy can have significant effect on the morphological evolution of laser
treated multilayers [130]. With the increase of pulse-energy, the cross-sectionmorphology changes
from a multilayered structure to a partially intermixed structure, then to a fully intermixed
structure, and the surface morphology changes from a homogeneous grain structure to non-uniform
mixed surface structure with grains, ripples and lightly melted surface, then to a rough melted
surface covered with voids, bubbles and cracks. In current work, the microstructural evolution on

50 nm/500 nm multilayers was further studied to investigate the layer thickness effect.

Fig. 6.9 shows the cross-section morphology evolution of laser-treated 500 nm thick films with
A =20 nmand A =50 nm, respectively. After treatment with 50 mJ, a thin (~50 nm) and smooth
intermixed layer was formed on the top of multilayered film inthe 20 nm case, while a thick (~100
nm) and rough intermixed layer was observed in the 50 nm case. After treatment with 75 mJ, in
the 20 nm case, the intermixed layer becomes thicker (~100 nm) and still uniformly overlays the
multilayers while in the 50 nm case, non-uniform distribution was observed with fully intermixed

structure in the center area and partially intermixed structure near the edge. The non-uniform
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distribution could be observed inthe 20 nm case as well, if the pulse-energy is increasedto a higher

level, e.g. 100 mJ and 125 mJ [130].

75mj:cdge

500 nm
—

Figure 6.9: Cross-sectional SEM images of non-treated and laser-treated 500 nm thick Ti/Ni
multilayer films with layer thickness of 20 nm and 50 nm, respectively. Uniform cross-section

structure is observed in 20 nm case.

Fig. 6.10 shows the corresponding surface morphology evolution of the laser-treated 500 nm thick
films with 2 =20 nm and 4 =50 nm. The as-deposited samples both show a smooth surface with
homogeneous grain distribution and grain size around 25 nm. In the 20 nm case, vertical ripples
were observed on top of the grain surface witha period on the order of 250 nm after treatment with
50 mJ, and 45 “ripples with a period on the order of 700 nm were observed after treatment with 75
mJ. These LIPSS are indistinct and locally distributed on the surfaces, which remain smooth or
relatively smooth after laser treatment. A rough melted surface structure was observed after

treatment with 100 mJ pulse-energy. In the 50 nm case, neither vertical ripples nor 45<ripples
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were observed after treatments with 50 mJ and 75 mJ. Instead, rough melted surfaces were formed.
However, another type of vertical ripple structure with ripple width on the order of 100 nm was
observed uniformly after treatment with 25 mJ. This new feature is likely a superposition between
a LIPSS from the optical interference and a lightly melted surface. It is interesting to note that
three different types of ripples were observed in the current work with the same laser beam

parameters.

g
s
S
S
iy
\‘
g
=,
S
N.

Non-treated

50nm/500nm

Figure 6.10: Surface SEM images of non-treated and laser-treated 500 nm thick Ti/Ni
multilayer films with layer thickness of 20 nm and 50 nm, respectively. Smoother surface is

generally observed in sample with thinner layer, that is, 20 nm case.

Both cross-section and surface SEM morphologies have demonstrated significant layer thickness
effect on morphological evolution. Further investigation of layer thickness dependent phase
composition and chemical state after laser treatment was carried out using XRD. Fig. 6.11 shows

XRD patterns before and after laser treatment for the 500 nm thick films with 2 =20 nm and
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A =50 nm, respectively. Both as-deposited films show similar crystallinity: HCP Ti (100)
structure and FCC Ni (111) structure. After treatment with 50 mJ, a similar XRD pattern is
displayed in the 20 nm case, indicating no obvious phase modification after laser treatment, while
in the 50 nm case the Ti peak almost disappearedand a tiny Ti-Ni intermetallic peak NiTi, (400)
is detected. The intermetallic peak becomes increasingly more intense after treatment with higher
pulse-energies, and meanwhile more Ti-Ni intermetallic phases are detected. For the 20 nm case,
the intermetallic peak was first detected after treatment with 75 mJ, which is higher than that in
the 50 nm case. The intermetallic peaks also become more intense after treatment with higher
pulse-energy. For both the 20 nm and 50 nm cases, the Ti-Ni intermetallic evolution behavior is
similar: intermetallic phase initially precipitates with a certain pulse-energy, more precipitation
with higher pulse-energy, and then more intermetallic phases were formed. However, for the two
different 4, the Ti-Ni intermetallic phases formed are different, indicating the individual layer
thickness plays an important role in the intermetallic formation. When the individual layer is thick,
diffused Ni atoms could be surrounded by more Ti atoms, leading to the formation of intermetallic
with higher Ti fraction, such as NiTi, in 50 nm case. When the individual layer is thin, full
intermixing could occur, promoting the formation of NiTi and Ni4Tis, as in the 20 nm case. Only
a tiny NiTi intermetallic peak was detected in a previously reported work with individual layer
thickness of 16 nm [126]. In addition, a TiO, phase can be detected only in the 50 nm case. This
oxide peak appears after treatment with 75 mJ and becomes more intense after treatment with

higher pulse energy.
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Figure 6.11: XRD patterns for non-treated and laser-treated 500 nm thick Ti/Ni multilayer

films with layer thickness of 20 nm and 50 nm, respectively. In both figures, the symbol E refers

to pulse-energy. Note the pulse energies required to achieve intermetallic phase are different in

two cases.

6.4.1.2 Film Thickness Effect

In addition to individual layer thickness, total film thickness (h) can also play an important role in
microstructure modification after laser treatment. In previous work, for example, laser-induced
periodic surface structures were observed to have different periods on irradiated surfaces for
samples with various total film thickness [130]. In this work, varying cross-section and surface
morphologies have been observed in samples with different h. Fig. 6.12 shows the SEM images
of morphologies after laser treatment with 50 mJ and 75 mJ on both 500 nm and 1 pm thick films
with 2 =20 nm and 4 =50 nm. From examination of the cross-section morphology, the 1 pm
film forms a thin and smooth intermixed structure from the top layers of the multilayer system,

which is distributed uniformly across the irradiated surface. In comparison, the 500 nm film
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develops a thick and rough intermixed layer. Furthermore, even thicker intermixing can be
observed in samples with 4 =50 nm. The comparison of cross-sectional morphologies from all
four cases indicates that more energy can be accumulated near surface with a larger A/h ratio,
which is also confirmed by the corresponding surface morphologies. With laser treatment after 75
mJ, for example, the 50 nm/500 nm films show a massive melted surface covered by bubbles,
voids and cracks, the 20 nmy500 nm films display a mixture surface morphology with indistinct
45 ripples and local melting surface, while both 1 pm films exhibit a uniformly distributed cross-
hatched pattern structure. In the current study, the cross-hatched periodic surface structure can be
observed in the 1 pm films even after treatment with pulse-energy as high as 125 mJ, indicating a
wide range pulse-energies could be adopted to achieve the periodic structure for thick films. In
addition, in the 1 pm thick films, the individual layer thickness effect on the cross-section and
surface morphologies is not as significant as in the 500 nm thick films. That is, for the 1 pm films,
the uniformly distributed intermixed layer and distinct cross-hatched surface pattern can be
observed in both 20 nm and 50 nm cases. Although not included here, the laser-treated 1 jum thick
Ti/Ni multilayers showed very similar XRD spectra to non-treated samples, indicating the
accumulated energy in the intermixed layer is probably not sufficient to introduce any crystallinity

or chemical state modification regardless of pulse-energy and layer thickness studied here.
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Figure 6.12: Cross-section and surface SEM morphologies for 50 mJ and 75 mJ treated 500
nm and 1 pm thick Ti/Ni multilayer films with layer thicknesses of 20 nm and 50 nm. Smooth
surface and uniform layered cross-section can be observed in 1 pm film. In 500 nm film, rough

surface and intermixed cross-section could be observed with thick layer, 50 nm here.

6.4.2 Hardness Characterization

Fig. 6.13 shows the hardness as a function of pulse-energy for all four sets of Ti/Ni multilayer thin
films. The as-deposited Ti/Ni multilayers have hardness values around 5.8 GPa with 4 =20 nm

and 5.4 GPa with 4 =50 nm. In the 20 nmv/500 nm case, no obvious hardness change is observed
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after laser treatment with 50 mJ, while significant hardening was achieved after higher pulse-
energy treatment in both unpolished and polished samples as shown in Fig. 6.13(a). For example,
an estimated 25% hardness increase is achieved after laser treatment with 100 mJ. In the 50 nm/500
nm case, the surface is too rough to apply indentation after treatment with high pulse-energy, so
no unpolished hardness results were obtained for those samples. Careful manual polishing had to
be carried out to achieve locally smooth locations for indentation. As shown in Fig. 6.13(b),
polished samples display hardening after treatment with pulse-energy higher than 25 mJ, although
the increase is a less significant (around 5% after 50 mJ treatment) than that in the 20 nm/500 nm
case. For the 1 pm thick films, since a relatively smooth surface maintained after treatment,
polishing is not necessary. A different hardness behavior is exhibited here, with almost no hardness
change after laser treatment, regardless of pulse-energy (25 mJ ~ 100 mJ) and layer thickness (20

nm or 50 nm).
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Figure 6.13: Hardness as a function of pulse energy for both non-treated and laser-treated
Ti/Ni multilayer thin films in four different layer thickness/total film thickness combinations: (a)
20 nnv/500 nm; (b) 50 nm/500 nm; (c) 20 nnV1 pm; and (d) 20 nm/1 pm. Laser treatment-induced
surface strengthening can be only achieved in 500 nm total film thickness film.
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6.4.3 Discussions

Significant thickness effects were observed on microstructural and mechanical properties for laser-
treated Ti/Ni1 multilayer thin films. For example, surface strengthening is achieved in films with
h =500 nm, and more significant improvement occurred when further combined with 4 =20 nm.
Uniform periodic surface structures are observed in films with h =1 pm under a wide range of
applied energy for both 4 =20 nm and A =50 nm. Oxidation is detected in 50 nnv/500 nm. All
these features - surface strengthening, LIPSS, and oxide layer formation - have large potential
applications in various fields, and our current study here has demonstrated that each individual
surface phenomena can be uniquely achieved through precise control of the laser treatment

parameters and design of the material system.

The observed layer thickness and film thickness effects on microstructure and hardness likely
result from their effects on thermal energy distribution in the multilayers. After a single pulse,
ultrahigh temperature is generated on the irradiated surface, and the resulting thermal wave
propagates toward the substrate, while the majority of the thermal energy is still confined near the
surface region. With successive pulses, energy continues to accumulate in this area, promoting the
formation of an intermixed layer. Meanwhile, for multilayers, interface reactions play an important
role in thermal energy dissipation via interdiffusion, intermixing and intermetallic formation[124,
131]. Films with thin layers and a larger number of interfaces dissipate more energy, resulting in
less energy accumulated in the intermixed region. For thick films, the longer heat conduction
distance and increased number of interfaces lead to even less energy near the surface.
Consequently, tailoring the thickness of metallic multilayer thin films can be a powerful means in

the functionalization of laser-treated material systems in desired applications.
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Applying these energy distribution assumptions, we first discuss the intermixed layer formation
and the surface strengthening of laser-treated multilayers. For the 1 pm thick films, less energy is
accumulated near the surface, resulting in the formation of a smooth, thin intermixed layer. For
the 500 nm thick films, the intermixed layer is thicker due to more energy near the surface, which
also promotes the formation of intermetallics. The precipitation of intermetallics is the main factor
for improving surface strength, but also requires critical energy to initiate. There are more
interfaces in films with 4 =20 nm, and more energy is absorbed along the interfaces, leading to
less accumulated energy. As a result, higher pulse-energy is required to initiate the intermetallic
formation, when compared to the 50 nm case. That is why the intermetallic appears after laser
treatment with 75 mJ in the 20 nn/500 nm multilayers, while 50 mJ is required in the 50 nnv/500
nm multilayers. More strengthening is observed in the 20 nm case, due to more energy absorption

promoting intermetallic formation.

Next, we discuss the surface morphology in laser-treated multilayers. Available literature
attributed the periodic surface structure to the interference between the incident beam and the
scattered beam on the sample surface [122]. The competition between this optical interference and
the net thermal energy seems to dominate the formation of the LIPSS or the melted surface. For 1
pm films, less energy remains on the surface, promoting LIPSS formation for a wide range of
pulse-energies. In contrast, for 500 nm films, there is more energy and higher temperature on the
surface, so a rough melted morphology is more likely. Low thermal energy on the surface could
be the key to form LIPSS, and it is well accepted that the period A and orientation of the ripples

depend on the wavelength A, the incident angle 6 and the polarization of laser beam[114]. For
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example, after p-polarized laser beam treatment, ripple structure with orientation parallel to

polarization (vertical in current case) can be observed with a period calculated by AzL

cosf
However, none of the ripplesfound in this work agree with the prediction from the classic theory,
indicating the properties of the multilayer films play a role in the LIPSS formation in addition to
the properties of the incident laser beam. A similar phenomenon was also observed in other works
related to laser-treated multilayer films [126], and further research into LIPSS on multilayers is

required.

The surface oxidation observed in the 50nm/500nm films is likely from (1) surface segregation of
Ti and formation of TiO2 due to its affinity to oxygen, and (2) laser-induced ablation of the Ni
layer and thermal driven Ni atomic diffusions. The TiO2 phase was detected only in the 50 nnvV500
nm case after treatment with 75 mJ. In the 20 nm/500 nm case, most of the Ti material likely reacts
with Ni to form the Ti-Ni alloy before exposure on the surface. In the 1 pm films, the accumulated
thermal energy on the surface of film is too low and as a result, less Ni material is ablated and

diffused, resulting in less Ti exposure.
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6.5 CONCLUSION

In this study, a ps pulse laser was utilized to treat Ti/Ni multilayer films. Detailed microstructural
evolution and surface strengthening was investigated under a wide range of pulse-energy treatment
from 25 to 150 mJ. With increasing pulse-energy, the surface morphology was observedto change
from homogeneous grain structure to periodic surface structure, then to a rough melted surface
covered with voids, bubbles and cracks. The corresponding cross-sectional morphology evolves
from a layered structure to a partially intermixed structure, then to a fully intermixed structure.
With sufficient pulse-energy, intermetallic phases were observed to form and the precipitation of

the intermetallics can lead to surface strengthening.

Four layer thickness/film thickness combinations were studied, and it turns out that both film
thickness and layer thickness play an important role in microstructural and mechanical properties
of laser-treated Ti/Ni multilayer thin films. For films with smaller layer thickness, the increased
number of interfaces can dissipate more thermal energy, resulting in less energy confined in the
intermixed layer. As total film thickness increases, the thermal wave needs to propagate a longer
distance and travel through more interfaces, resulting in even less thermal energy confined in the

intermixed layer. The main findings can be summarized as follows:

(1) For thick films, distinct cross-hatched patterns were observed on the surface and a thin,
smooth intermixed layer uniformly overlaid the multilayers under a wide range of pulse-

energy treatments.

(2) For thin films, an indistinct ripple structure on the surface and uniform intermixing on the
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cross-section were observed after low pulse-energy treatment, while a massive melting
surface and rough, non-uniform intermixing cross-section were observed after high pulse-

energy treatment.

(3) Surface morphology results from the competition between optical interference and thermal
energy. Periodic surface structures can be observed in thick films due to less energy
accumulated on the surface, as well as in thin films with low pulse-energy, while melted
surfaces were observed on the surface in thin films with high pulse-energy, especially for

films with thick layers.

(4) Surface strengthening occurs due to the precipitation of Ti-Ni intermetallics. Without
intermetallic formation in thick films, no obvious hardness change is achieved even with
the intermixed layer. An obvious strengthening is achieved in thin films, and a more
significant strengthening is observed in films with thin layers due to more intermetallic

precipitates.

(5) Formation of the intermetallic requires a critical energy. In thick films, long heat
conduction distance and a large number of interfaces lead to insufficient energy near the
surface to initiate intermetallic formation. In thin films, for a given layer thickness, a
critical pulse-energy is required to introduce the intermetallic phase and subsequent

strengthening.
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Chapter 7. FINAL REMARKS AND FUTURE PERSPECTIVES

7.1 FINAL REMARKS

In the last two decades, more and more nanostructured materials have been reported to exhibit
ultra-strength, such as nanocrystalline materials, nanopillars, nanowires, nanoparticles, multilayer
and nanotwinned material. Although most of nanostructured materials can be routinely synthesized
nowadays, there are still some challenges for ultra-strength materials. One of the most important
challenges is how to fully understand the mechanisms of deformation behavior and material
strength. In this work, systematical studies on Ti/Ni multilayer thin films have been carried out to
understand the coupled size effect and thermal effect on strengthening mechanism for metallic
multilayered thin film material. Specifically, in this dissertation, the size effect comes from the
individual layer thickness and total film thickness, and the thermal effect from post deposition

annealing, in-situ high temperature deposition, and localized surface annealing by laser irradiation.

In as-deposited multilayer thin films, strong size effect and orientation effect are observed on the
deformation behavior and strengthening mechanisms. An obvious strengthening is obtained with
the decrease of layer thickness due to the dislocation mediated deformation behavior, such as
dislocation pile up along the interfaces and single dislocation bowing within interfaces. A
softening is followed with further reduced layer thickness due to the grain boundary mediated
motions. Both surface indentation and cross-section indentation were applied to study the loading

orientation effect on the size strengthening behavior. The size strengthening in surface indentation
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is due to dislocation pile up along interfaces while that in cross-section indentation is due to single

dislocation bowing between interfaces.

In annealed multilayer thin films, integrated effects of annealing temperature, layer thickness and
loading orientation were observed on the mechanical strength and thermal stability. Obvious
strengthening is observed for multilayer with thin layer after low-T annealing due to grain
boundary relaxation strengthening mechanism, while higher temperature is required to activate
this strengthening mechanism for multilayer with thick layer. Under the similar temperature level,
further strengthening is observed for multilayer with thin layer due to a combined strengthening
mechanism from solid solution strengthening from diffused atoms and precipitation strengthening
from intermetallic. After high-T annealing, fully intermixed and completely alloyed structure is
formed in multilayer with thin layer, and high hardness is obtained due to alloy formation, while
dramatic softening is observed in multilayer with thick layer due to recrystallization and grain

growth.

For substrate temperature study, significant texture strengthening is observed with the increase of
substrate temperature. Preferred crystallography orientations and large columnar structure
extending through layers contribute to the initial strengthening due to low substrate temperature
deposition, and further strengthening is from solid solution strengthening and precipitation
strengthening. After high substrate temperature, a columnar Ti-Ni alloying film is observed with

disintegration of layered structure.
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In laser treated multilayer thin films, laser energy was observed to play an important role in
microstructural and mechanical properties modification, with the surface morphology changing
from homogeneous grain structure to periodic surface structure, then to a rough melted surface
covered with voids, bubbles and cracks, and the corresponding cross-sectional morphology from
a layered structure to a partially intermixed structure, then to a fully intermixed structure. In
addition, strong effect from both film thickness and layer thickness were observed. In the films
with smaller layer thickness, the increased number of interfaces can dissipate more thermal energy,
resulting in less energy confined in the intermixed layer. As total film thickness increases, the
thermal wave needs to propagate a longer distance and travel through more interfaces, resulting in

even less thermal energy confined in the intermixed layer.

7.2 FUTURE PERSPECTIVES

In as-deposited multilayer thin films, the softening with decreased layer thickness when the layer
thickness is on the order of a few nanometers is still not fully understood. Two possible
mechanisms were proposed in literature: one is dislocation crossing mechanism, and another one
relates with grain boundary mediated motions. Both computational work and experimental work
can help to understand this fundamental problem better. Molecular dynamics simulation could
provide direct evidence of deformation behavior, however, the difficulty is to set up a
polycrystalline multilayer thin film model with comparable size. High resolution TEM could be

performed to capture detailed deformation before and after loading. In addition, nanoindentation
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could be applied with different constant strain rate in order to obtain the activation volume, and

thus to distinguish the dislocation and grain boundary mediated motions.

In annealed multilayer thin films, detailed study with grain boundary relaxation strengthening
mechanism is still limited. The aforementioned MD simulation, TEM and nanoindentation testing
could be appliedto understand this relaxation process. For example, if the dominating deformation
mechanism is grain boundary associated motion in as-deposited sample, after annealing, the
dominating deformation mechanism switches to dislocation mediated motion due to grain
boundary relaxation. Then, from nanoindentation results, the activation volume would display a
significant change. From our work, grain boundary plays a very important role in the deformation
behavior and strengthening mechanism in annealed multilayer thin films, however, very few

studies have been done to study the detailed interface role during annealing.

In laser treated multilayer thin films, laser energy, film thickness and layer thickness have a
significant effect on the microstructure evolution and surface strengthening, due to the thermal
energy distribution in the film. Simulation work could provide detailed analysis of heat transfer
and help understand these effects better. In addition, laser treated multilayer films could improve
the surface mechanical properties, such as wear resistance, and as a result could have large
potential applicationin micro scaled device to improve the life time. Nanoscratch testing could be

applied to study the wear properties of this laser treated multilayer films.

In addition, other factors not considered here may be important in metallic multilayer systems,

such as the residual stress in the layers. It is well known that residual stress plays an important role
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in mechanical properties of a thin film such as film cracking due to tensile residual stress or film
delamination due to compressive residual stress. The residual stress has a strong dependency on
deposition method and deposition conditions. For example, Satomi et al. found that the stress in
thin film varies from compressive to tensile, depending on the deposition rate and substrate
temperature [132]. Chang et al. reported that the residual stress in sputtered Ti films decreases as
the substrate temperature increases, in which the stress changes from tensile to compressive when
the substrate temperature increases from 25 to 150 <C [133]. Furthermore, an obviously linear
correlation was observed for both the elastic modulus and the hardness with respect to residual
stress. It shows that the elastic modulus decreases 3.33% and the hardness decreases 4.15% as the
residual stress increases 0.1 GPa [133]. Another method to reduce the residual stress in sputtered
thin film is by stacking low and high material density layers of the same material [134]. In general,
low density thin films deposited at high Ar pressure and low temperature have almost zero residual
stress, but with poor electrical properties. Low Ar pressure results in compressive residual stress
finally forming a dense tin film. The compressive stress build-up in a film can be reduced by
modulating between compliant layer and dense layer. The residual stress was also studied in
nanoscale twinned thin films. Zhang et al. found that the residual stress varies from tensile to
compressive by changing the deposition conditions, while there is no obvious change in
microstructure, including the average columnar grain size and the texture of the film. However,
the hardness of the film changes with the residual stress, from 5.5 GPa of films with residual
tension to 7 GPa of film with compressive residual stress [135]. Misra et al. studied the residual
stress in polycrystalline Cu/Cr multilayer thin films [136], and they found that the growth stress in
the Cr layers is the primary source of residual stress in Cu/Cr multilayers. With the small layer

thickness, the stress in Cr film follows the stress generation model, such as the crystalline
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coalescence mechanism, and with the large layer thickness, the residual stress is limited by the
yield strength of the film, followed by Orowan model. Zhang and Misra studied the residual stress
in copper/330 stainless steel multilayer thin films and found that both single layer and multilayer
films exhibit high tensile residual stresses that increase with decreasing layer thickness, but are
found to be lower than the yield strengths [137]. The difference is attributed to interface stress.
Although there are some observations for multilayer system, systematic studies of residual stress
effect are still limited, especially for coupled size and thermal effect. The residual stress of
multilayer thin films can be investigated in the future from the potential perspective of coupled

size and temperature effect.
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APPENDIX. ELASTIC MODULUS OF TI/NI MULTILAYERS

A.1 NANOINDENTATION PROCEDURE

Nanoindentation testing has been applied in current work to obtain the mechanical properties of
Ti/Ni multilayer thin films. In the aforementioned sections, the hardness data were analyzed to
understand the deformation behaviors and strengthening mechanisms. In current section, the
detailed nanoindentation procedure is first introduced, and then representative results are shown

by using as-deposited Ti/Ni multilayer thin film with layer thickness 25 nm (25 nm case for short).

A typical force displacement curve is shown in Fig. A.1 after indentation with maximum force
6000 N for 25 nm case. As mentioned previously, a trapezoidal loading is applied with a 10 s
loading, 5s hold at maximum load, and 10 s unloading. A continuous loading curve was observed
for this layered structure without obvious pop-up. This could be probably due to similar
mechanical properties of Ti and Ni layers. Using the standard Oliver and Pharr method, the
hardness and reduced modulus were obtained: 5.93 GPa and 139.49 GPa respectively. The contact
depth is 166 nm, indicating more than six layers were involved in this single indentation. More
layers covered, more accurate. Fig. A.2 shows the multiple force displacement curves under the
same maximum force 6000 uN for as-deposited Ti/Ni multilayers with various layer thickness: 10
nm, 25 nm, 100 nm, and 167 nm. The similar continuous loading parts were observed in all four
curves. For 167 nm case, only two layers were involved by this indentation, with one complete Ni
layer and one partial Ti layer. However, from the loading curve, there is still no obvious layered

structure-induced loading discontinuity with displacement around 167 nm.

160



6000

5000 |-

4000 |-

w
(=3
(=4
o
T

Force (uN)

2000

1000

-50 0 50 100 150 200

Displacement (nm)

Figure A.1: Typical force displacement curve after single nanoindentation testing for as-
deposited Ti/Ni multilayer thin film with layer thickness 25 nm under the maximum applied force
6000 uN. The hardness and reduced modulus are 5.93 GPa and 139.49 GPa respectively.
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Figure A.2: Force displacement curves from nanoindentation for as-deposited Ti/Ni
multilayer thin films with different layer thickness: 10 nm, 25 nm, 100 nm and 167nm. The

maximum force is the same 6000 uN for all four cases.

Fig. A.3 shows the load displacement curves with different maximum loadings for 25 nm case.
The load displacement curves could be used to distinguish the bad indents. In general, automation
method is applied to carry out multiple indents with different maximum loadings. Bad indents
might result from rough surface, debris or particle on indent position, or tip slipping during
indentation. Fig. A.4 and Fig. A.5 show the 2D and 3D topographies from SPM after this
automation indentation. These SPM images can be also used to distinguish the bad indents. From
the SPM images, the spacing between indents is large enough to avoid the overlap of indentation-

induced plastic zone.
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Figure A.3: Force displacement curves from automation nanoindentation with maximum force
changing from 6000 uN to 2500 uN for as-deposited Ti/Ni multilayer thin films with layer

thickness 25 nm. The loading paths are consistent in all cases.
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Figure A.4: 2D SPM image after one set of automation nanoindentation (5 x 5) for as-
deposited Ti/Ni multilayer with layer thickness 25 nm. The scan size is 20 um X 20 um in this

case, and the spacing between indents is large enough to avoid overlapping.
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Figure A.5: 3D SPM image after one set of automation nanoindentation (5 x 5) for as-

deposited Ti/Ni multilayer with layer thickness 25 nm.

164



By analyzing all accurate indent curves, the corresponding hardness and reduced modulus results
could be obtained with respect to contact depth, as shown in Fig. A.6 and Fig. A.7. Then the
average hardness/reduced modulus and standard derivation could be obtained as well. In addition,
the substrate effect on the hardness and modulus can be obviously observed by using this
procedure. In this case, shown in Fig. A.6 and Fig. A.7, no obvious substrate effect was observed

here, probably because the contact depth is controlled within 20% of the total film thickness.
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Figure A.6: Hardness results as a function of contact depth after automation nanoindentation

for as-deposited Ti/Ni multilayer with layer thickness 25 nm. No obvious substrate effect on

modulus is shown here.
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Figure A.7: Reduced modulus results as a function of contact depth after automation

nanoindentation for as-deposited Ti/Ni multilayer with layer thickness 25 nm. No obvious

substrate effect on modulus is shown here.
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A.2 MODULUS RESULTS

In addition to hardness, modulus is another important mechanical property. The modulus
information could be also obtained from nanoindentation testing as introduced in above section.
For metallic multilayer thin film systems, the modulus is not as sensitive as hardness with respect
to layer thickness or temperature. In current section, the modulus results are shown in different

cases related with thermal and size effect for Ti/Ni multilayer thin films.

A.2.1 Substrate Temperature Effect

Fig. A.8 shows the reduced modulus as a function of substrate temperature for Ti/Ni multilayer
thin films with layer thickness 20 nm. From the previous work discussed in Chapter 5, textured
films were formed after deposition with low substrate temperature (up to 300 <C), including
preferred crystallographic texture (XRD spectra) and distinct columnar structure extending
through layers (Cross-section SEM images). With high substrate temperature, columnar Ti-Ni
alloyed structures were formed and Ti-Ni intermetallic phases were detected. Obvious
microstructural evolution was observed with increasing substrate temperature, and a continuously
increased hardness was obtained, however, no significant change inreduced modulus was shown

as in Fig. A.8. Future work is necessary to understand this fundamental mechanism here.
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Figure A.8: Reduced modulus results as a function of substrate temperature for Ti/Ni
multilayer thin films with layer thickness 20 nm, deposited with different substrate temperature

from room temperature to 500 <C.

In addition, a coupled substrate temperature-layer thickness effect on reduced modulus was shown
in Fig. A.9 for Ti/Ni multilayer thin films with layer thickness ranged from 10 nm to 250 nm,
deposited under room temperature and with substrate temperature 100 <C and 200 <C. Layered
structure is maintained after deposition with low substrate temperature. In this case, although
obvious microstructure modification and different hardness behavior were observed, no significant
change in reduced modulus was shown with different layer thickness and substrate temperature

for multilayer thin films.
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Figure A.9: Reduced modulus results as a function of layer thickness for Ti/Ni multilayer thin
films with a wide range of layer thickness from 250 nm to 10 nm, and deposited under room

temperature and with different substrate temperature 100 <C and 200 <C.

A.2.2 Annealing Temperature Effect

Fig. A.10 and Fig. A.11 show the reduced modulus data for Ti/Ni multilayer thin films with layer
thickness ranged from 200 nm to 6 nm, annealed at temperature up to 500 <C. Obvious coupled
layer thickness-annealing temperature effect on both microstructure and material hardness was

discussed previously in Chapter 4. However, only minor change inreduced modulus was observed
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here, without any general behavior trend. Note that the reduced modulus results of multilayers in
RT case shown in Fig. A.10 are different from those shown in Fig. A.9. Berkovich indenter tip
was used in annealing temperature project, while cube corner indenter tip in substrate temperature
project. The indenter tip might resultin some difference in the modulus. After annealing, a general
increased modulus was observed in Fig. A.11, although slightly. In Fig. A.10, for samples with
thin layer (16 nm ~ 6 nm) annealed at high temperature (500 <C), much higher reduced modulus

around 170 GPa was obtained, probably due to completely Ti-Ni alloyed structure.
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Figure A.10: Reduced modulus results as a function of layer thickness (inverse of root square
of layer thickness) for Ti/Ni multilayer thin films with a wide range of layer thickness from 200

nm to 6 nm before and after annealing, with annealing temperature up to 500 <C.
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Figure A.11: Reduced Modulus results as a function of annealing temperature for Ti/Ni
multilayer thin films with a wide range of layer thickness from 200 nm to 6 nm before and after

annealing, with annealing temperature up to 500 <C.
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